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Preface 


This  book  contains  the  proceedings  of  the  International  Conference  on  Superplas¬ 
ticity  and  Superplastic  Forming,  which  was  held  in  Blaine,  Washington,  USA, 
August  1-4, 1988. 

V  Over  the  past  15  to  20  years,  superplasticity  has  progressed  from  a  laboratory 
curiosity  to  become  utilized  on  a  world-wide  basis  through  superplastic  forming 
processes  in  the  manufacture  of  parts  for  many  types  of  applications,  ranging  from 
aerospace  to  architectural.  Recent  work  has  demonstrated  that  superplasticity  can 
be  observed  in  many  types  of  material  systems,  including  ceramics,  metal-matrix 
composites,  and  intermetallic  compounds,  as  well  as  in  alloys.  The  science  and 
technology  of  superplasticity  and  superplastic  forming  are  both  intriguing  and 
challenging,  and  the  potential  benefits  to  be  gained  through  continuing  research 
and  development  have  caused  this  to  be  an  area  of  vital  interest.  . 

-  O  ,  s)  , 

Subsequent  to  the  first  international  conference  held  in  San  Diego,  California  in 
1982,  several  focused  conferences  and  seminars  have  been  held.  At  a  recent 
conference  held  in  Grenoble,  France,  in  1985,  an  ad  hoc  committee  was  convened  to 
assess  the  need  and  coordinate  scheduling  for  future  conferences.  It  was  decided  at 
that  meeting  that  there  was  significant  progress  and  interest  in  superplasticity  and 
related  forming  processes,  and  that  an  international  conference  should  be  held 
about  1988.  It  was  further  suggested  by  the  committee  that  the  conference  should 
include  papers  on  the  full  spectrum  of  superplasticity  from  fundamental  mecha¬ 
nisms  to  the  forming  and  applications,  in  order  to  provide  all  those  interested  in 
superplasticity  the  opportunity  to  develop  greater  appreciation  of  the  potential 
benefits  as  well  as  limitations  of  aspects  related  to,  but  outside,  their  field  of  specific 
interest.  This  conference  was  organized  with  consideration  of  these  suggestions. 

These  proceedings  contain  the  manuscripts  of  presentations  made  at  this  confer¬ 
ence.  The  proceedings  are  organized  in  seven  sections:  Fundamentals;  Microstruc- 
tural  Dynamics;  Rheology  and  Cavitation;  Fundamentals  of  Forming;  Alloy  Design; 
SPF  Methods  and  Diffusion  Bonding;  Design  Concepts  and  Future  Directions. 

The  conference  organizers  were  Drs.  Neil  Paton,  Rockwell  International  Corp., 
and  C.H.  Hamilton,  Washington  State  University,  who  were  supported  by  an 
International  Organizing  Committee  consisting  of  the  following: 

Dr.  B.  Baudelet,  Institute  National  Polytechnique  de  Grenoble,  France. 

Dr.  Hai  Jintao,  Beijing  Research  Institute  of  Mechanical  and  Electrical 
Technology,  Peoples  Republic  of  China. 

Dr.  O.A.  Kaibyshev,  Academy  of  Sciences,  USSR. 

Dr.  M.  Kobayashi,  Technological  University  of  Nagaoka,  Japan. 

Dr.  R.  Rqj,  Cornell  University,  USA. 

Dr.  N.  Ridley,  University  of  Manchester/UMIST,  England. 

Dr.  D.S.  Wilkinson,  McMaster  University,  Canada. 

Dr.  P.J.  Winkler,  MBB,  West  Germany. 


v 


The  Session  Chairmen  participating  in  the  conference  were  Peter  Partridge, 
Royal  Aircraft  Establishment;  Oleg  Sherby,  Stanford  University;  Peter  Winkler, 
MBB,  West  Germany;  Norman  Ridley,  University  of  Manchester/UMIST;  Amit 
Ghosh,  University  of  Michigan;  Neil  Paton,  Rockwell  International;  and  C.H. 
Hamilton,  Washington  State  University. 

The  administration,  correspondence,  and  registration  was  under  the  responsibil¬ 
ity  of  Ms.  Nancy  Mack,  Conferences  and  Institutes,  Washington  State  University, 
and  with  the  support  of  Ms.  Mary  Carloye  and  Ms.  Kreta  Johnson.  The  authors  are 
indebted  to  Washington  State  University  for  hosting  the  conference,  and  to  The 
Shaping  and  Forming  Committee  and  the  Titanium  Committee  of  TMS  for  sponsor¬ 
ing  the  conference.  Financial  support  was  provided  by: 

The  Aluminum  Company  of  America 
The  Boeing  Company 

College  of  Engineering  &  Architecture,  Washington  State  Univ. 

Research  Group  of  Superplasticity  in  Japan 
Rockwell  International 
U.S.  Air  Force  Office  of  Scientific  Research 
U.S.  Army  Research  Office-Durham 
U.S.  Office  of  Naval  Research 
Washington  Technology  Center 


The  editors  are  also  indebted  to  Mr.  Bob  Tucker,  Mr.  Binyan  Ren  and  Mr.  Brad 
Benson,  graduate  students  at  Washington  State  University,  for  their  help  with 
audio- visual  aids  during  the  presentations,  and  to  Ms.  Jan  Palmer  for  helping  with 
many  of  the  conference  on-site  needs. 

A  special  note  of  gratitude  is  extended  to  all  participants  and  to  the  authors 
without  whom  the  conference  and  this  proceedings  would  not  have  been  possible. 


C.  Howard  Hamilton  Neil  E.  Paton 

Washington  State  University  Rockwell  International 

Pullman,  Washington  Canoga  Park,  California 


December,  1988 
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Abstract 

The  current  material  science  problems  of  superplasticity 
are  reviewed  with  particular  reference  to  the  regularities  of 
fine  grain  microstructure  formation  in  commercial  alloys  and  the 
possibility  of  intermetals  and  ceramics  conversion  to  the  super¬ 
plastic  state.  During  the  hot  straining  under  certain  temperature- 
rate  conditions  the  formation  of  a  fine  grain  microstructure  in 
metals,  intermetals,  and  ceramics  is  followed  by  their  transition 
to  the  superplastic  flow.  The  phenomenological  and  structural 
changes  during  the  superplastic  flow  of  the  said  materials  are 
identical,  which  indicates  the  universal  character  of  deformation 
mechanisms  operating  under  these  conditions.  For  the  superplast¬ 
icity  effect  to  be  displayed  ,  the  enlargement  of  the  ordinary 
high  angle  boundary  regions  in  a  polycrystal  is  of  crucial  sign¬ 
ificance  . 


Supcrplasticity  and  Superplastic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Paton 
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Introduction 


The  main  significance  of  the  investigation  of  the  nature  of 
superplastic  (SP)  flow  is  that  it  has  resulted  in  the  determina¬ 
tion  of  operative  deformation  mechanisms,  the  quantitative  evalu¬ 
ation  of  their  contribution  to  the  overall  deformation,  and  the 
confirmation  of  the  universal  character  of  the  phenomenon,  i.e. 
the  ability  of  any  commercial  alloy  to  display  SP  (1-5). 


The  application  of  superplastic  treatment  to  various  materi¬ 
als  has  become  possible  due  to  the  solution  of  a  number  of  mat¬ 
erial  science  problems: 

-  the  development  of  the  ultrafine  microstructure  producing 
methods  applicable  to  commercial  alloys; 

-  the  determination  of  the  effect  of  SP  treatment  on  the 
performance  of  alloys. 


Besides,  SP  treatment  has  proved  to  be  both  an  efficient  way 
of  product  shaping  and  a  method  of  obtaining  homogeneous  micro- 
structure,  providing  a  remarkable  complex  of  physical  and  mechan¬ 
ical  properties  of  an  alloy  (4). 


The  possibility  of  conversion 
considered  to  be  strain  resistant, 
problem  to  be  solved. 


of  materials,  traditionally 
to  the  SP  state  is  another 


Some  data  obtained  during  the  study  of  ultrafine  grain  mic¬ 
rostructure  formation  regularities  in  commercial  alloys  are  pre¬ 
sented  in  this  paper.  The  possibility  of  intermetals  and  ceramics 
conversion  to  the  SP  state  is  also  considered. 


Materials  and  Experimental  Details 

The  regularities  of  the  ultrafine  grain  microstructure  for¬ 
mation  have  been  studied  on  magnesium  and  titanium  alloys.  The 
MA14  magnesium  alloy  was  selected  as  a  typical  representative  of 
the  matrix  microstructure  alloys:  it  is  practically  single-phase, 
though  there  is  a  number  of  additional  phases,  stimulating  the 
stabilization  of  microstructure.  The  VT9  titanium  alloy  with  a 
laminar  microstructure  represents  the  two-phase  alloy. 

The  composition  and  initial  treatment  of  the  studied  alloys 
were  as  follows:  for  MA14  -  6  wt%  Zn,  0.65  wt%  Zr,  balance  Mg. 

An  ingot  with  the  grain  size  of  about  150  pm,  annealed  at  390°C 
for  6  hours  in  order  to  increase  its  technological  plasticity, 
was  used  as  a  blank.  For  VT9  -  6.6  wt%  Al,  3.5  wt%  Mo,  1.7  wt% 

Zr,  balance  Ti.  The  alloy  casting  was  forged  and  annealed  in  the 
single-phase  5-region  at  1040°C.  Such  treatment  produced  a  coarse 
grain  laminar  microstructure. 

The  SP  flow  of  the  low  plasticity  materials  was  studied  on 
the  titanium  intermetals  and  magnetic  alloy  systems  of  Fe-Cr-Co 
and  Mn-Al-C. 

TiAl:  36  wt%  Al,  balance  Ti.  The  alloy  blanks  sized  90x120, 
obtained  by  the  compaction  of  granules  dusted  in  vacuum,  were 
80%  compression  strained  at  1000°C  with  the  rate  of  10'3s"  .  Then 
they  were  hold  at  925°C  for  24  hours  (state  A).  Part  of  material 
was  annealed  at  1050°C  for  24  hours  (state  B)  .  The  forgings  were 
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cooled  together  with  the  furnace.  Alongside  with  the  basic  f- 
phase  (TiAl  -  superlattice  Li0)  the  alloy  contained  about  3  vol.% 
of  flf2"Phase  (T13AI  -  DQig) . 

X30K23 :  30.5  wt%  Cr,  23  wt%  Co,  0.4  wt%  Ti,  0.4  wt%  Si, 
balance  Fe.  After  forging  in  the  temperature  interval  of  1000- 
1200°C  and  quenching  to  a  single-phase  cf-solid  solution,  the 
alloy  was  rolled  at  room  temperature  with  the  70%  straining  and 
annealed  at  950°C  for  15  min.  Such  treatment  produces  a  fine 
grain  microduplex  structure  with  a  mean  grain  size  of  about  2  pm, 
composed  of  the  following  phases:  35%  JT-f.c.c.  and  65%  ^-super- 
lattice  Lj0. 

MnygA^g  .  sCq  .  5 :  a  fine  grain  state  was  obtained  by  means  of 
70%  compression  straining  at  the  rate  of  3.1  mm/min  at  700°C 
after  preliminary  homogenization  at  1150°C  for  2  hours.  The  mean 
grain  size  in  't'-phase  (superlattice  L^0)  was  about  1  pm. 

Ceramic  materials  were  represented  by  the  ceramic  compound 
YBa2Cu307_^*  ,  which  is  a  promising  material  for  the  high-tempera- 
ture  superconductivity  research.  The  blanks  were  produced  accord¬ 
ing  to  the  technique  described  in  (8).  The  testing  of  materials 
in  a  broad  temperature  and  rate  interval  has  been  conducted  on 
the  INSTR0N  plant.  The  microstructure  was  studied  using  the  op¬ 
tical  microscopy,  high-temperature  metallography,  transmission 
and  scanning  electron  microscopy. 


Results 


The  microstructure  refining  during  hot  straininc 


Dynamic  recrystallization  is  the  process  providing  for  the 
most  efficient  refining  of  the  microstructure  of  commercial  al¬ 
loys  (4) .  A  systematic  study  of  microstructural  changes  due  to 
hot  straining  has  been  accomplished  on  the  MA14  matrix  structure 
commercial  alloy  (9).  The  MA14  alloy  stress-strain  curves  in  the 
straining  temperature  interval  of  200-500°C  are  shown  in  Fig.l. 

It  is  evident  that  after  the  rapid  increase  of  flow  stress  at  the 
initial  stage  the  alloy  deformation  at  250-450°C  is  accompanied 
by  a  slight  hardening.  During  the  deformation  at  450°C  repeated 
jumps  are  detected  on  the  <S=f(6  )  curve.  But  when  the  tempera¬ 
ture  of  deformation  is  above  450°C  no  6  oscillation  of  the 
stress-strain  curve  is  observed. 


The  investigation  of  the  prestrained  alloy  indicates  that 
the  flow  stress  at  the  25%  straining  is  in  a  linear  relation  to  the 
rates  (m<0.25),  and  after  the  40%  straining  has  been  reached  the 
alloy  starts  to  display  the  SP  flow  features  (m=0.38). 


The  metallographic  analysis  of  the  as-50%  upset  specimens 
has  revealed  the  dynamic  recrystallization  developing  in  the  al¬ 
loy  at  250-500°C.  New  grains  are  formed  non-unif ormly ,  mainly  in 
the  boundary  regions  of  original  grains.  The  recrystallization 
is  not  complete  even  at  500°C.  The  study  of  the  microstructure 
evolution  at  450°C,  with  the  flow  stress  changing  abruptly,  is 
the  most  stimulating. 

Pronounced  changes  in  the  alloy  microstructure  can  be  ob¬ 
served  even  when  the  deformation  is  quite  small.  Grain  boundaries 
become  twisted  and  migrations  of  thsir  local  regions  take  plsce. 


i. 
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Fiq.l  The  MA14  alloy  stress-strain  curves 
( k  =4.3-10‘*s-1) 

New  grains  whose  orientation  determined  in  polarized  light 
is  close  to  that  of  the  original  grains  (Fig. 2a),  appear  in  the 
vicinity  of  triple  points.  The  growth  of  straining  results  in 
the  formation  of  the  chains  of  fine  grains  round  the  original 
ones.  The  higher  is  the  strain  the  larger  is  the  number  of  re- 
crystallized  fine  grains  (Fig. 2b).  However,  this  process  will 
eventually  die  out,  for  even  after  the  75%  straining  the  recrys¬ 
tallization  never  spreads  over  the  whole  volume  of  material. 


S  b 

Fig. 2  The  as-strained  MA14  alloy 
microstructure  (t  =  450°C,  £ =4 . 3 • lO'^s" 1)  : 
a)  «  =15%;  b)  £  =50%. 

The  alloy  surface  study  during  the  plastic  flow  has  revealed 
the  multiple  slip  going  on  in  the  boundary  regions.  The  nonbasic 
slip  (wavy  slip-lines)  takes  place  alongside  with  the  basic  one. 
At  the  initial  stage  of  deformation  the  multiple  slip  results  in 
the  formation  of  cell  boundaries  in  the  boundary  region,  and  with 
further  increase  of  deformation  they  are  transformed  into  high 
angle  boundaries. 

The  formation  of  fine  grains  in  the  boundary  region  makes 
possible  the  development  of  grain  boundary  sliding  (GBS)  along 


6 


them.  The  higher  is  the  hot  straining  the  more  significant  is 
the  role  of  this  deformation  mechanism.  Meanwhile  a  sharp  de¬ 
crease  in  the  localization  of  stresses  near  the  boundaries  is  ob¬ 
served,  which  impedes  the  operation  of  nonbasic  slip  systems  and, 
consequently  stops  the  formation  of  new  grains.  This  accounts 
for  the  fact  that  the  alloy  microstructure  refining  is  incomplete 
even  when  the  straining  is  very  high. 

Let's  consider  the  laminar  microstructure  transformation 
during  the  Ti-alloy  hot  straining.  To  establish  the  role  played 
by  deformation,  the  VT9  alloy  was  annealed  in  the  ( of +0 ) -region 
at  950’iC  for  50  hours  and  also  strained  at  the  same  temperature 
(i.e.  at  the  optimum  temperature  of  SP  flow).  Annealing  causes  a 
significant  coarsening  of  microstructure  while  preserving  the 
laminar  morphology  of  eC-phase  and  the  matrix  type  of  original 
microstructure.  Moreover,  the  annealing  of  the  globular  oC-phase 
alloy  makes  the  <£-phase  grains  change  into  the  laminar-like  ones 
due  to  the  straightening  of  the  interface  boundaries. 


Fig. 3  The  as-hot-strained  VT9  alloy  microstructure 
(t  =  950°C ,  C  =  5.5-10-^s*1)  :  s)£  =  0S;  b)£=30X;  c)e=70%. 
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Only  when  the  hot  straining  is  conducted  in  the  modes  cor¬ 
responding  to  the  SP  flow,  the  transformation  of  the  matrix  type 
laminar  microstructure  into  a  microduplex  one  takes  place  (Fig. 3). 
The  structure  investigations  have  revealed  the  peculiarities  of 
this  phenomenon.  The  initial  stage  of  deformation  (£=10%)  is 
characterized  by  the  dislocation  slip  which  results  in  the  forma¬ 
tion  of  metallographic  and  sharp  crystallographic  texture  (Fig. 4). 
Besides,  at  the  initial  stage  of  deformation  the  interface  bound¬ 
ary  sliding  takes  place.  The  pi -laminae  turn  in  the  direction  of 
the  plastic  flow. 


iTKAlN,  PIKCNT 


Fig. 4  The  change  of  the  texture  maximum  intensity  of 
the  d  -phase  (1011)  plane  during  the  VT9  alloy  hot 
straining  (t=950°C,  £ =5 . 5  •  10“3s*1)  . 

It  is  important  to  emphasize  the  following  structural  fea¬ 
ture:  during  hot  straining  the  Pf-phase  reduces  quicker  than 
when  being  annealed.  Thus  the  alloy  held  at  950°C  for  an  hour 
contains  52  vol.%  of  P(-phase,  while  in  the  as-hot-strained  one 
(  e  =5. 5  •  ICTUS'"1  ,  £=85%,  for  less  than  three  minutes)  the  of-phase 
constitutes  only  41  vol.%. 

Deformation  is  accompanied  by  the  accumulation  of  disloca¬ 
tions  in  o(-laminae.  Their  entering  an  interface  boundary  makes 
its  energy  and  misorientation  increase.  The  interface  boundary 
becomes  twisted  (Fig. 3b),  mobile  and  high-angle.  The  active  de¬ 
velopment  of  grain  boundary  sliding  (GBS)  along  high  angle  inter¬ 
face  boundaries  results  in  the  decrease  of  crystallographic  tex¬ 
ture  (Fig. 4).  At  the  same  time,  due  to  the  dynamic  recovery  the 
phase  dislocation  structure  changes.  Cross  subboundaries  are  form¬ 
ed,  their  misorientation  increasing  from  1  to  10-15°C. 

The  active  division  of  ©(-laminae  (Fig. 5)  and  the  turning 
and  shearing  of  individual  fragments  due  to  the  GBS  development 
are  observed.  The  microduplex  microstructure  having  been  formed 
at  the  final  stage,  the  SP  flow  is  observed  in  the  alloy. 


The  superplasticity  of  intermetals 

The  first  alloy  to  be  considered  is  X30K23,  consisting  of 
the  65  vol.%  intermetallic  6  -phase  and  35  vol.%  metallic  y-phase . 
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Fig. 5  The  et-phase  laminae  division  during  the  hot 
straining  of  VT9  alloy  (t=950°C,  £ =5 . 5 • 10'4s“l ,  £=50%). 

Fig.  6  shows  that  at  850-1000°C  in  the  strain  rate  interval  of 
10-4  _  io-3s~l  this  alloy  displays  SP  features.  This  is  proved 
by  the  low  flow  stress  values,  high  relative  extension  to  rupture 
and  m  factor  values  in  the  said  rate  interval. 


Fig. 6  The  strain  rate  effect  on  plasticity  and  flow 
stress  of  the  fine  grain  microstructure  X30K23  alloy: 

<f  -  relative  extension  to  rupture,  65Q  -  flow  stress 
under  the  50%  straining. 

Thus,  in  spite  of  the  intermetallic  phase,  the  SP  flow  of 
this  material  is  analogous  to  that  of  the  usual  metallic  alloys 
with  microduplex  microstructure. 

The  same  conclusion  is  drawn  from  the  mechanical  properties 
analysis  of  the  MnygAlog  5CQ  g  alloy  consisting  of  the  intermet¬ 
allic  "C-phase.  At  700'C  ’  and  '  the  strain  rate  of  10"3s_1  the  alloy 
displays  an  increased  strain  rate  sensitivity:  m=0.42.  Thed=f(E) 
curve  is  characterized  by  the  absence  of  deformation  hardening 
and  low  flow  stresses.  At  the  same  time  the  SP  deformation  of 
intermetals  has  its  specific  features  which  distinguish  them  from 
metallic  materials  and  are  determined  by  the  peculiarities  of 
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their  grain  boundary  structure.  A  good  example  of  this  is  provid¬ 
ed  by  the  TiAl  internetallic  alloy. 


i 


a  b 

Fig. 7  The  TiAl  alloy  microstructure: 
a)  state  A;  b)  state  B. 


Fig. 8  The  strain  rate  effect  on  the  TiAl 
alloy  plasticity  and  flow  stress:  «f  -  re¬ 
lative  extension  to  rupture;  650  -  flow 
stress  under  the  50%  straining;  •  -  state  A; 

0  -  state  B. 

The  study  of  the  alloy  mechanical  properties  in  states  A  and 
B  which  are  close  in  their  grain  sizes  (8  and  9.5  pm  respective¬ 
ly),  but  contain  different  amount  of  twin  boundaries  (A  -  5%; 

B  -  35%),  indicates  the  following  (Fig.  7,8).  In  a  certain  strain 
rate  interval  an  increased  rate  sensitivity  is  observed  in  state 
A  as  against  state  B.  Thus  in  the  rate  interval  of  (0.83  *  1.6)- 
•10~3s~l  the  state  A  flow  stress  sensitivity  factor  (m)  varies 
from  0.33  to  0.43.  The  largest  relative  extensions  to  rupture 
(^*=200-250%)  correspond  to  the  interval  of  high  m  values.  In 
state  B  m  is  constant  throughout  the  considered  rate  interval  and 
equals  to  0.26,  while  relative  extension  to  rupture  depends  on 
the  strain  rate  only  slightly  (  ^=130+160). 
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Thus,  in  state  A  the  TiAl  alloy  displays  SP  features,  while 
in  state  B  these  features  are  less  pronounced.  Fig.  9  shows  the 
6=f(£)  curves  obtained  during  the  extension  of  the  alloy  speci¬ 
mens  in  states  A  and  B  in  the  optimum  strain  rate  interval.  It 
is  evident  that  in  the  state  A  alloy  the  steady  flow  stage  is 
preceded  by  a  prolonged  hardening  stage.  Such  a  curve  is  typical 
of  the  low  strain  rates  too.  In  state  B  the  flow  stress  peak, 
characteristic  of  the  dynamic  recrystallization  process  is  regis¬ 
tered  at  the  initial  stage  of  deformation.  With  further  straining 
the  flow  stress  decreases  monotonously  and  approaches  the  same 
level  as  that  of  state  A.  Such  a  curve  is  also  observed  at  high 
strain  rates.  From  the  study  of  GB  absorption  properties  conduct¬ 
ed  during  the  foil  annealing  in  situ  in  the  column  f  the  elec¬ 
tron  microscope  the  following  data  have  been  obtained.  The  relax¬ 
ation  temperature  (trTLD),  i.e.  the  disappearance  of  the  electron 
microscope  contrast  due  to  TLD,  of  the  twin  boundaries  has  not 
been  determined  exactly,  but  it  was  found  to  be  above  650°C.  The 

other  boundaries  have  t  TLD  in  the  interval  of  400-550°C. 

r 


Fig. 9  The  TiAl  alloy  stress-strain 
curves  of  spates  A  (11  and  B  (2) 

(t  =  1025°C ,  *=0.83-10-Js-l)  . 

The  Superplasticity  of  Ceramics 


Mechanical  testing  of  ceramics  based  on  the  ¥63200307./  com¬ 
pound  has  proved  that  at  a  temperature  below  650°C  (0.75  Tp^  ) 
the  failure  of  ceramics  occurs  in  the  elastic  region.  When  the 
temperature  is  above  650°C  the  ceramic  compound  displays  a  pro¬ 
nounced  plasticity  which  grows  with  the  rise  of  temperature.  The 
typical  rf=f(£)  curves  obtained  at  different  testing  temperatures 
are  shown  in  Fig.  10.  The  6S  flow  stress  decreases  with  the  rise 
of  temperature  and  the  form  of  the  curves  changes.  At  700  and 
800°C,  even  at  the  initial  stage  of  deformation,  6s  displays  a 
series  of  abrupt  falls,  which  is  attributed  to  the  formation  of 
vertical  cracks  in  the  lateral  surface  of  specimens  (see  curves 
1  and  2).  At  900°C  or  more  the  6=f(C)  curves  become  monotonous. 
At  these  temperatures  the  steady  flow  stage  is  preceded  by  the 
6S  peak  (curves  3  and  4).  In  the  course  of  deformation  at  900, 
930  and  950°C  the  specimen  lateral  surface  cracking  also  occurs, 
but  the  cracks  form  an  angle  of  45°  with  the  compression  axis  and 
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Fig. 10  The  stress - stra in  curves,  typical  of 
ceramics  based  on  the  YBa2Cu307_x  superconduct¬ 
ing  compound,  at  different  temperatures  of 
deformation:  1)  700°C;  2)  800°C;  3)  900°C; 

4)  930°C.  In  the  AB  interval  the  strain  rate 
is  2 • 10~4s~l . 

appear  at  relatively  high  strains  (£>25-30%).  At  the  same  time 
the  specimens  preserve  their  ability  to  resist  straining. 

The  main  feature  of  SP  deformation,  i.e.  a  high  strain  rate 
sensitivity  (m) ,  can  be  determined  at  the  steady  flow  stage  when 
the  strain  '-ate  is  changed  from  lO'^s"1  to  2-10"4s~1  (m>0.3), 
which  is  accompanied  by  the  6S  growth  from  15  to  28  MPa  (Fig. 10, 
curve  3).  Besides,  the  <Ss  value  at  the  hardening  stage  is  con¬ 
siderably  lower. 

Structural  investigations  have  indicated  that  pores  and  re¬ 
siduals  of  unreacted  components  can  be  metallographically  discov¬ 
ered  in  the  original  state  alongside  with  the  YBajCugOy  matrix 
phase  (Fig. 11a).  Their  volume  fractions  ,  specific  for  each  spec¬ 
imen,  vary  between  4-7  and  20-40  vol.%  respectively.  The  matrix 
phase  microstructure  is  essentially  laminar.  Many  laminae  have 
flat  patches  inside,  resembling  twin  boundaries  in  metals.  The 
microstructure  described  is  also  preserved  after  the  quenching 
from  the  temperature  of  deformation. 

During  the  deformation  at  900,  930,  and  950°C  the  microstruc 
tore  refining  is  observed  (Fig. lib).  The  deformation  surface  an¬ 
alysis  at  the  said  temperatures  shows  that  at  the  initial  statge 
of  deformation  (6=8%)  cross  boundaries  are  formed  in  some  laminae 
With  further  deformation  (6=20-25%)  an  equiaxial  fine  grain  micro 
structure  is  produced  in  the  matrix  phase. 

The  decrease  of  stress  after  the  4S  peak,  is  probably  caused 
by  the  microstructure  refining.  Like  in  metals,  the  said  process 
in  the  materials  in  question  can  be  termed  dynamic  recrystalliza¬ 
tion  during  the  hot  straining  of  ceramics  has  also  been  stated 
in  (6)  where  the  MgO^AlgOg  spinel  was  the  case. 

Further  deformation  is  accompanied  by  an  active  grain  bound- 


ary  sliding  (GBS)  (Fig.  lib).  The  sliding  accomodation  seems  to 
be  facilitated  by  the  existence  of  pores  in  the  original  materi¬ 
al.  A  high  strain  rate  sensitivity  indicated  by  the  strain  rate 
switch-over  experiment  and  the  development  of  GBS  testify  to  the 
SP  deformation  going  on  in  the  ceramics  under  study. 

At  a  higher  straining  degree  the  pores  were  found  to  be  mi¬ 
grating  from  the  center  of  specimen  to  its  periphery.  After  the 
50%  straining  has  been  reached,  the  central  part  of  a  specimen 
is  practically  devoid  of  pores.  The  coallescence  of  pores  in  the 
peripheral  area  results  in  the  formation  of  cracks  at  the  25-30% 
straining . 


a  b 

Fig. 11  The  microstructure  of  ceramics:  a)  in 
the  original  state  (the  metallographic  specimen 
is  chemically  etched)  ;b)  as-strained  at  t=900°C 
and£=20%  (the  deformation  surface). 


Discussion 

The  main  condition  for  the  superplasticity  to  be  displayed 
in  metals  and  alloys  is  their  having  a  fine  grain  microstructure 
(1-3).  However,  data  presented  in  this  paper  and  elsewhere  (4,  7, 
9-12)  prove  that  even  originally  coarse  grain  materials  can  be 
converted  to  the  SP  state  immediately  during  the  hot  straining. 

In  this  case  the  superplastic  flow  is  usually  preceded  by  dynamic 
recrystallization  whose  mechanism  greatly  depend  on  the  nature 
of  material.  For  example,  the  magnesium  alloy  dynamic  recrystal¬ 
lization  may  be  represented  by  a  well  known  model  which  includes 
the  migration  of  some  isolated  regions  of  originally  high  angle 
grain  boundaries,  the  formation  of  a  developed  subgrain  structure 
in  boundary  regions,  a  gradual  conversion  of  low  angle  boundaries 
to  high  angle  ones  (13).  It  should  be  emphasized  that  such  a  mech¬ 
anism  can  operate  only  if  a  multiple  slip,  enhanced  in  this  case 
by  the  local  elastic  stresses,  is  developing  during  the  deforma¬ 
tion  in  the  vicinity  of  original  boundaries.  When  the  distance 
from  the  boundaries  increases,  the  said  stresses  become  smaller 
than  fcr  for  the  nonbasic  slip  systems,  hence  no  subgrains  are 
produced . 


Another  microstructure  refining  mechanism  operates  during 
the  deformation  of  the  VT9  titanium  alloy.  As  it  has  been  already 
mentioned,  due  to  the  existence  of  semicoherent  low-energy  inter¬ 
face  boundaries  the  alloy  laminar  microstructure  is  rather  stable 
even  if  subjected  to  a  prolonged  annealing.  However,  in  the  course 
of  SP  hot  straining  the  said  microstructure  is  transformed  into 
a  duplex  one,  which  is  the  result  of  the  conversion  of  interface 
boundaries  from  semicoherent  to  high  angle  ones,  acceleration  of 
the  A — ► (3  phase  change,  division  of  the <x-laminae ,  and  develop¬ 
ment  of  GBS  (10).  A  still  more  complicated  mechanism  of  dynamic 
recrystallization  operating  during  the  material  conversion  to  the 
SP  state  has  been  observed  in  the  TiAl  intermetallic  alloy  where 
the  process  of  hot  straining  was  accompanied  by  an  active  mech- 
anicaltwinning  (11). 

The  investigation  of  ceramic  materials  has  shown  that  dynam¬ 
ic  recrystallization  and  superplasticity  consistently  develop  in 
them  during  the  hot  straining.  Thus,  in  spite  of  the  difference 
in  the  actual  mechanisms ,  determined  by  the  nature  of  crystalline 
materials,  SP  flow  is  usually  preceded  by  dynamic  recrystalliza¬ 
tion  . 


Another  important  problem  is  to  find  out  how  the  grain  bound¬ 
ary  structure  effects  SP  flow.  The  experimental  data  show  a  sign¬ 
ificant  influence  of  original  structure  on  the  mechanical  pro¬ 
perties  of  the  TiAl  intermetallic  alloy  under  SP.  Sates  A  and  B 
are  close  in  their  grain  sizes  and  have  the  same  amount,  form  and 
arrangement  of  the  oC-phase  particles,  but  their  mechanical  pro¬ 
perties  are  quite  different.  This  difference  in  the  alloy  proper¬ 
ties  in  states  A  and  B  seems  to  be  conditioned  mainly  by  the  grain 
boundary  structure,  in  particular  by  the  difference  in  the  number 
of  grain  boundaries. 

Due  to  the  high  mobility  of  GBS's  and  according  to  the  grain 
bounary  dislocation  kinetics  model,  the  GBS  rate  is  higher  in 
random  boundaries  than  in  twin  ones  (4,  5).  At  the  steady  flow 
stage  the  GBD  density  in  random  boundaries  tends  to  a  stationary 
value,  while  in  twin  boundaries  the  GBS  accumulation  takes  place. 
That  is  why  a  greater  number  of  twin  boundaries  in  state  B  as 
aginst  that  in  state  A  hinders  the  development  of  GBS  in  the  TiAl 
intermetallic  alloy.  As  a  result,  the  state  B  alloy  has  lower 
values  of  strain  rate  sensitivity  (m)  and  relative  extension  to 
rupture  ( <f )  than  those  in  state  B. 

Basing  on  the  data  obtained  we  can  now  assume  that  for  the 
effect  of  superplasticity  to  be  displayed  it  is  important  that 
regions  occupied  in  a  polycrystal  by  ordinary  grain  boundaries 
with  their  specific  structure  should  increase.  The  investigation 
of  the  GB  absorption  properties  in  TiAl  confirms  this  conclusion. 
The  low  absorption  capacity  of  twin  boundaries  in  comparison  with 
that  of  random  ones  disturbs  the  kinetic  agreement  between  the 
dislocation  nucleation  and  absorption  processes  which  is  indis¬ 
pensable  for  the  SP  flow  development. 

Thus,  the  formation  of  a  fine  grain  microstructure  in  met¬ 
als,  intermetals,  and  ceramics  eventually  causes  the  SP  flow  of 
these  materials  under  certain  temperature-rate  conditions,  the 
phenimenological  features  and  structural  changes  during  the  SP 
flow  being  identical.  These  facts  can  be  regarded  as  an  indica¬ 
tion  of  tne  universal  character  of  deformation  mechanisms  operat- 
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ing  in  these  materials  under  the  SP  flow  conditions,  no  matter 
how  different  these  materials  are  in  their  nature. 
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Absaract 

Metallographical  research  on  superplasticitv  has  been  carried  out  to 
clarify  the  role  of  the  grain  boundary  sliding  (GBS)in  the  deformation. 

The  contribution  of  GBS  to  the  total  strain  £  was  measured  first  under 
various  conditions  of  m  (o=Kim,  o:flow  stress,  etstrain  rate,  Ktconstant). 
It  has  been  revealed  that  the  contribution  £  increased  remarkably  with  an 
increase  of  m.  Then,  ratio  of  number  of  grain  boundaries  where  GBS  was 
detected,  to  the  total  number  of  grain  boundaries  observed  was  examined 
under  these  conditions.  It  increased  with  an  increase  in  the  m  value  up 
to  about  0.5.  At  larger  values  than  about  0.5,  the  ratio  was  unity. 

These  imply  that  GBS  acts  a  significant  role  in  the  superplastic  defor¬ 
mation.  The  criterion  for  the  superplasticity  will  be  also  discussed 
briefly . 
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Introduction 


It  has  been  expressed  for  a  long  time  that  the  amount  of  the  elonga¬ 
tion  in  superplastic  deformation  is  mainly  due  to  the  grain  boundary  slid¬ 
ing  (GBS)  process  (1,2).  However,  the  contribution  of  GBS  to  the  total 
strain  £  has  not  been  made  clear  as  a  fuction  of  m  (a=Kem ,  O:flow  stress, 
£:strain  rate,  K:constant).  Further,  it  is  still  unknown  whether  the  GBS 
takes  place  at  all  grain  boundaries  or  not  under  various  conditions  of  m. 
These  should  be  clarified  to  understand  and  to  establish  the  deformation 
mechanism  of  superplasticity. 

Therefore,  the  objective  of  the  present  paper  includes  the  metallo- 
graphical  examination  of  the  dependence  on  m  for  both  £  and  the  ratio  of 
number  of  grain  boundaries  where  GBS  was  detected,  to  the  total  number  of 
grain  boundaries  observed.  It  is  another  object  to  discuss  briefly  the 
criterion  for  the  superplasticity  from  points  of  view  of  the  m  value. 

Experimental 

Alloys  of  Al-33wt%  Cu  and  Sn-37.88%  Pb  were  melted  and  cast  under 
vacuum,  respectively.  Each  composition  is  close  to  the  eutectic  one.  The 
ingot  of  the  Al-Cu  alloy  was  extruded  at  about  773K  into  rods  of  10mm  in 
diameter,  machined  to  the  tensile  specimen  of  gauge  length  15mm  and  diame¬ 
ter  4mm,  and  then  annealed  at  808K  for  14.4ks.  Specimens  had  fine  and 
uniform  structures  of  equiaxed  grains  of  5ym. 

The  ingot  of  the  Sn-Pb  alloy  was  forged  and  rolled  at  room  tempera¬ 
ture,  and  then  annealed  at  438K  for  3.6ks  and  quenched  into  water.  It  was 
rolled  again  at  room  temperature  with  90%  reduction  in  thickness  resulting 
in  a  sheet  of  1mm  thickness.  Finally,  specimens  were  stored  for  2  weeks 
at  room  temperature.  These  had  also  uniform  structures  of  equiaxed  grains 
sized  6pm. 

The  contribution  of  strain  due  to  GBS  to  the  total  strain  was  meas¬ 
ured  on  specimen  which  was  scratched  and  deformed  as  described  previously 
(3;.  The  measurements  were  carried  out  on  photographs  taken  with  an  opti¬ 
cal  microscope. 


Results  and  Discussion 


Figure  1  shows  an  almost  linear  relationship  between  m  and  £  for  both 
alloys.  This  reveals  that  the  contribution  of  GBS  is  more  for  the  defor¬ 
mation  having  higher  a  value.  The  behavior  of  GBS  has  been  examined  also 
for  prestrained  specimens  during  the  further  straining  of  about  0.3.  The 
prestrain  was  less  than  1.8,  followed  by  polishing  and  scratching  before 
the  final  straining  of  0.3.  Results  suggested  that  GBS  contributed  simi¬ 
larly  to  the  deformation  in  any  prestrained  specimens  (4).  Therefore, 
with  regard  to  the  mechanism  resulting  the  high  elongation,  the  GBS  is 
considered  to  play  a  significant  role  at  any  time  during  superplastic  de¬ 
formation  at  least  up  to  several  hundred  percent  in  elongation. 

During  evaluation  of  £,  it  was  realized  that  GBS  did  not  take  place 
at  all  boundaries,  especially  under  conditions  of  low  m  value.  Therefore, 
the  number  of  grain  boundaries  where  GBS  was  detected  was  examined  for 
specimens  of  the  £  experiment  and  its  ratio  to  the  total  number  of  grain 
boundaries  observed  was  evaluated  next.  The  result  shown  in  Fig.  2  re¬ 
veals  that  the  ratio  increases  with  an  increase  in  m  and  that  GBS  takes 
place  at  all  boundaries  under  m±0.5. 

As  a  criterion  for  superplasticity,  m±0.3  is  adopted  often  (5,61 
This  nay  be  introduced  from  their  finding  that,  for  a  greater  than  about 
0.2  to  0.3  (roughly  the  upper  limit  for  "normal"  hot  materials),  necking 
resistance  increases  rapidly  with  rising  m.  "Supeplasticity"  is  charac¬ 
terized  by  the  large  elongation  and  the  high  strain  rate  sensitivity  of 
flow  stress.  It  has  been  shown  (3,7)  that  both  of  the  characteristics 
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Figure  1  -  Relationship  between  a  and  £  for  the 
the  Al-Cu  and  the  Sn-Pb  eutectic  alloys  deformed 
up  to  e=0.3  under  various  conditions. 
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Figure  2  -  Relationship  between  at  and  the  ratio 
of  number  of  grain  boundaries  where  GBS  was  de¬ 
tected  n  us  to  the  total  number  of  grain  bound¬ 
aries  observed  nt  for  the  Sn-Pb  eutectic  alloy 
deformed  up  to  £=0.3  under  various  conditions. 


resulted  from  the  GBS  of  the  significant  process  in  superplastic  deforma¬ 
tion.  Any  criterion  should  be  concerned  with  the  fundamental  of  the  mech¬ 
anism  for  a  phenomenon  considered.  Therefore,  the  criterion  for  super¬ 
plasticity  is  considered  to  be  based  on  GBS.  It  is  very  possible  that  the 
condition  of  mi0.5  recognized  reasonably  as  the  criterion  for  the  Sn-Pb 
eutectic  because  GBS  takes  place  at  all  boundaries,  as  shown  in  Fig.  2. 

More  experimental  support  for  the  criterion  may  be  needed  before  it  can  be 
recognized  as  the  generallized  one. 

Conclusions 


Metallographical  research  on  superplasticiy  was  carried  out  to  clari¬ 
fy  the  role  of  the  grain  boundary  sliding  (GBS)  in  the  deformation.  The 
contribution  of  GBS  in  the  deformation  increased  remarkably  with  an  in¬ 
crease  in  m.  Ratio  of  number  of  grain  boundaries  where  GBS  was  detected, 
to  the  total  number  of  observed  grain  boundaries  was  estimated  and  found 
to  increase  with  an  increase  in  the  m  value  up  to  about  0.5.  At  larger 
values  than  about  0.5,  the  ratio  was  unity.  These  imply  that  GBS  acts  a 
significant  role  in  the  superplastic  deformation.  The  condition  of  ®>0.5 
has  been  considered  to  be  a  possible  criterion  for  the  superplasticity. 
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Abstract 

Recent  studies  of  supeiplasticity  in  indentation  and  torsion  are  reviewed.1'3  Indentation 
results  show  that  grain  boundaries  are  vital  to  tire  enhanced  strain  rate  sensitivity  of  the  super¬ 
plastic  alloy  studied  (Sn-38wt%Pb),  but  both  studies  indicate  that  grain  boundary  sliding  is  not 
responsible  for  this  enhancement  and  may,  in  fact,  be  an  artifact  of  surface  conditions.  Torsion 
studies  further  suggest  that  a  core-mantle  model  for  superplasticity  may  be  more  appropriate,  for 
the  striking  change  in  grain  shape  during  torsional  straining  can  best  be  explained  by  two  deform¬ 
ation  mechanisms  operating  simultaneously  within  each  grain.  This  core-mantle  approach  can  also 
account  for  the  stress-strain  rate  relationship  exhibited  by  Sn-38wt%Pb  during  deformation. 
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Introduction 


The  exact  mechanism  responsible  for  superplasticity  has  long  been  debated,  but  one  of  the 
predominant  beliefs  is  that  deformation  does  not  take  place  by  the  extensive  straining  of  individual 
grains,  as  in  slip  creep,  but  by  the  simple  rearrangement  of  (essentially)  non-deforming  grains  to 
conform  to  the  macroscopic  shape  change  of  the  sample.  The  details  of  local  accommodation 
between  adjacent,  translating  grains  have  yet  to  be  convincingly  explained,  but  the  rearrangement 
process  as  a  whole,  often  termed  grain  boundary  sliding  (GBS),  is  attractive  for  two  major 
reasons.  First,  a  mechanism  that  relies  on  the  existence  of  grain  boundaries  explains  the 
universally  observed  requirement  of  small  grain  size  (many  grain  boundaries)  for  structural 
superplasticity.  Secondly,  the  GBS  mechanism  agrees  with  numerous  observations  of  relative 
grain  motion  during  superplastic  deformation  in  tension  (e.g.,  refs.  4-6). 

Recent  experiments  of  superplastic  deformation  in  indentation  and  torsion1*3  have  confirmed 
the  need  for  grain  boundaries  to  achieve  superplasticity,  but  they  have  placed  the  significance  of 
GBS  in  some  doubt  This  paper  reviews  the  findings  of  these  studies  and  demonstrates  that  super¬ 
plasticity  can  be  described  effectively  in  terms  of  a  core-mantle  model  instead  of  a  grain  rearrange¬ 
ment  mechanism. 


Grain  Boundary  Enhancement  of  Strain  Rate  Sensitivity 

The  primary  feature  of  superplastic  materials  is  their  extensive  ductility  in  the  superplastic 
regime  of  moderate  stresses,  strain  rates,  and  temperatures.  This  ductility  can  in  turn  be  attributed 
to  an  anomalously  high  strain  rate  sensitivity  (m)  in  die  regime  of  interest,  typically  m£0.5,  which 
inhibits  the  material's  tendency  to  neck  and  hence  forestalls  premature  failure.  If  a  grain  boundary- 
dependent  mechanism  is  responsible  for  superplasticity,  then  the  presence  of  grain  boundaries 
must  account  for  this  high  strain  rate  sensitivity. 

To  test  this  relationship  directly,  a  technique  was  developed  for  accurately  measuring  strain 
rate  sensitivities  on  a  sub-micron  scale  using  the  Nanoindentcr.1-2  Then,  by  varying  the  grain  size 
with  respect  to  the  indentation  size,  it  was  possible  to  obtain  strain  rate  sensitivities  for  the  interiors 
of  individual  grains  (behavior  of  the  lattice  only)  as  well  as  for  multiple  grains  Qattice  +  grain 
boundaries,  i.e.,  polycrystalline  behavior)  in  Pb,  Sn  and  superplastic  Sn-38wt%Pb.1-2  The  data 
clearly  show  that  the  presence  of  grain  boundaries  increases  the  strain  rate  sensitivity  of  the 
material.  For  example,  when  6  pm  wide  indentations  were  placed  in  the  centers  of  600  pm  grains, 
the  strain  rate  sensitivity  of  pure  Sn  was  measured  at  m=0.088.  However,  when  the  grain  size  of 
the  sample  was  reduced  to  4  pm  so  that  grain  boundaries  participated  in  the  deformation,  the 
measured  strain  rate  sensitivity  increased  to  m=0.159.  A  similar  enhancement  was  demonstrated 
by  small-grained  (1.3  pm)  Sn-38wt%Pb,  whose  strain  rate  sensitivity  was  superplastically  high  at 
m=0.5.  This  value  was  far  greater  than  would  have  been  predicted  from  the  lattice-only  behavior 
of  its  constituent  phases  (m=0.125  for  Pb  and  m=0.1 17  for  Sn).  In  further  tests,  Sn-38wt%Pb  of 
a  slightly  larger  grain  size  (3.S  pm)  showed  that  an  intermediate  number  of  grain  boundaries 
present  resulted  tn  an  intermediate  strain  rate  sensitivity,  m=0.385.  In  fact,  for  all  cases  tested,  the 
presence  of  grain  boundaries  correlated  highly  with  increased  strain  rate  sensitivity. 


Grain  Boundary  Sliding 

Despite  proving  that  grain  boundaries  contribute  significantly  to  the  high  m  values  character¬ 
istic  of  superplasticity,  the  indentation  tests1-2  also  provided  evidence  that  grain  boundary  sliding 
was  not  the  cause  of  this  enhanced  strain  rate  sensitivity.  Figure  1  shows  the  variation  in  indcnter 
descent  rate  which  is  observed  when  indenting  superplastic  Sn-38wt%Pb.  The  sudden  increase  in 
descent  rate  is  attributed  to  GBS,  for  the  depth  at  which  it  occurs  corresponds  reasonably  well  with 
the  appearance  of  dark  outlines  of  grain  shape  near  the  indentation.  Scanning  electron  microscopy 
revealed  these  to  be  grains  which  had  slid  along  their  boundaries  so  as  to  tilt  downward  toward  the 
indentation.  The  relevant  feature  of  Figure  1,  however,  is  not  that  GBS  is  seen  to  occur,  but  that  it 
seems  to  stop  almost  as  rapidly  as  it  starts:  after  its  initial  plunge,  the  indenter  comes  to  a  virtual 
halt  as  if  the  grains,  once  having  slid  and  tilted,  had  now  become  stuck  on  each  other.  If,  indeed, 
the  sudden  decrease  in  indenter  descent  rate  marks  the  cessation  of  the  GBS  mechanism,  then  it  is 
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significant  to  note  that  the  superplastic  values  of  m  for  the  Sn-38wt%Pb  sample  were  calculated 
from  data  taken  well  after  the  sliding  event  Thus  GBS  may  have  ceased,  but  not  superplasticity. 


Further  experiments  in  torsion1’3 
confirmed  that  GBS  was  not  necessary  for 
superplastic  deformation.  In  these  experiments 
the  polished,  scribed  surface  of  a  Sn-38wt%Pb 
rod  sample  was  observed  in  a  scanning  electron 
microscope  after  sequential  increments  of  strain 
in  the  superplastic  regime,  up  to  a  true  strain  of 
2.8.  Grain  boundary  sliding,  as  indicated  by 
offsets  of  scribe  lines  at  grain  boundaries,  was 
seen  to  occur  only  in  the  radial  direction,  i.e., 
only  out  of  the  surface  plane,  and  then  only  up 
o  1000  2000  3000  to  approximately  0.3  true  strain,  after  which  no 

Depth  (nm)  GBS  of  any  sort  was  observed.  The  observa¬ 

tion  was  surprising,  for  it  had  long  been  known 
Figure  1  -  Sudden  variation  in  in  den  ter  descent  that  in  tension,  GBS  is  observed  to  occur  on  the 

rate  during  indentation  of  Sn-38wt%Pb.  sample  surface  both  in  the  in-plane  and  out-of 

plane  directions  until  sample  failure.  The 

difference  between  the  two  deformation  modes,  though,  is  that  in  torsion,  grains  are  constrained  in 
the  surface  plane,  for  the  gage  section  does  not  increase  in  area  during  testing.  Unlike  tension, 
room  does  not  become  available  on  a  continual  basis  for  the  surface  grains  to  slide  past  each  other 
if  they  wish  to  do  so.  Thus  in-plane  sliding  is  prohibited  in  torsion,  and  it  is  only  in  the  radial 
direction  that  GBS  can  occur.  Even  then,  as  in  indentation,  GBS  in  this  direction  halts  when  the 
grains  have  tilted  sufficiently  to  become  "stuck”.  Nevertheless,  in  torsion  as  in  indentation,  the 
high  m  values  characteristic  of  superplastic  deformation  are  maintained  even  after  GBS  on  the 
sample  surface  is  observed  to  cease.  The  authors  speculate  that  GBS  is  simply  a  surface  artifact, 
for  its  cessation  does  not  appear  to  affect  the  deformation  behavior  of  the  sample  as  a  whole. 
Furthermore,  the  torsion  and  indentation  observations  indicate  that  GBS  occurs  only  under 
conditions  in  which  a  certain  degree  of  spatial  freedom  is  available  to  the  grains,  and  this 
requirement  is  met  primarily  at  tile  sample  surface,  and  then  most  easily  in  tensile  deformation. 


If  GBS  cannot  be  considered  responsible  for  the  high  strain  rate  sensitivities  associated  with 
superplasticity,  then  another  mechanism  is  required.  One  candidate  for  this  other  mechanism  is 
suggested  by  observations  of  grain  moiphology  conducted  on  the  superplastically  deformed  Sn- 
38wt*fcPb  torsion  samples.1-3  After  GBS  was  exhausted  on  the  sample  surface,  the  grains  took  on 
an  inverted  hourglass  shape  composed  of  a  relatively  undeformed  grain  core  and  highly  deformed 
"ligaments"  extending  from  the  grain 
boundary  region  in  die  direction  of 
maximum  elongation  (Figures  2  and  3). 


undeformed 


deformed 


Figure  2  -  Schematic  illustration  of  the  grain  Figure  3  -  Sn-38wt%Pb  microstructure  after  tor- 
shape  evolution  observed  in  torsionally  sional  deformation  to  1 . 1 8  true  strain.  Line  indi- 

deformed  Sn-38wt%Pb.  cates  axial  direction;  arrows,  the  sense  of  shear. 


23 


Ligaments  were  easy  to  recognize,  not  only  from  their  unusual  aspect  ratio,  but  also  from 
their  organic,  "gooey"  appearance.  Evidence  of  ligaments  persisted  beneath  the  sample  surface,  as 
heavily  re-polished  samples  attested,  so  it  is  unlikely  that  the  unusual  grain  morphology  was  a 
surface  artifact  The  fact  that  within  any  given  grain,  the  near-boundary,  or  mantle,  region 
seemed  to  be  deforming  much  more  rapidly  than  the  grain  core  suggested  that  two  power  law 
behaviors-two  mechanisms-were  controlling  deformation  in  the  two  different  regions. 

Additional  torsion  experiments1-3  indicated  that  at  low  stresses  and  strain  rates  (Regime  I), 
mantle  processes  dominated,  for  a  larger  proportion  of  the  grain  volume  was  devoted  to  ligament 
formation.  At  high  stresses  and  strain  rates  (Regime  HI),  ligament  formation  was  suppressed,  and 
the  grains  elongated  uniformly,  in  a  rigid  manner  visually  reminiscent  of  the  deformation  of  grain 
cores  in  Regime  n.  Thus  a  model  of  superplasticity  began  to  emerge  in  which  core  processes 
dominated  deformation  in  Regime  HI,  mantle  processes  dominated  in  Regime  I,  and  both  pro¬ 
cesses  operated  in  Regime  n,  the  superplastic  regime.  Regime  II  thus  seemed  to  be  a  transition 
between  the  other  two  regimes. 


A  Core-Mantle  Model 

A  full  core-mantle  model  accounting  for  the  observed  grain  shape  changes,  as  well  as  the 
stress-strain  rate  relationship,  exhibited  by  Sn-38wt%Pb  in  all  three  regimes  has  been  developed.1 
The  main  features  of  the  model  are  as  follows.  The  increased  rate  of  deformation  in  the  grain 
mantles  is  attributed  to  grain  boundary-enhanced  dislocation  climb,  a  suitably  fast  process  with  a 
strain  rate  sensitivity  of  m=0.25.  This  is  considered  to  be  the  mechanism  responsible  for  Regime  I 
behavior  and  is  consistent  with  Sn-38wt%Pb  data  in  that  regime.  On  die  other  hand,  the  ewe 
behavior  dominant  in  Regime  HI  is  ascribed  to  "normal"  slip  processes,  that  is,  the  slip  processes 
that  would  normally  occur  in  the  lattices  of  the  given  phases  were  no  grain  boundaries  present 
For  Sn-38wt%Pb,  die  behavior  of  the  alloy  was  estimated  from  creep  experiments  performed  on 
large-grained  (few  grain  boundary  effects)  pure  Sn,  the  dominant  phase  in  alloy  deformation.  This 
method  correctly  predicted  the  strain  rate  sensitivity  of  Regime  HI  to  be  m-0.125.  The  argument 
that  lattice  processes  alone  control  Regime  IH  behavior  is  supported  by  the  fact  that  Sn-38wt%Pb 
alloys  of  many  grain  sizes  all  converge  to  the  same  power  law  behavior  in  Regime  m.7 

In  Regime  II  the  balance  between  core  and  mantle  processes  within  a  grain  is  determined  by 
the  fraction  of  dislocations  able  to  travel  freely  to  the  grain  boundary  (and  participate  in  grain 
boundary  enhanced  dislocation  climb)  vs.  the  fraction  which  become  embroiled  in  interdislocation 
reactions  and  never  escape  die  grain  core.  Since  the  probability  of  interdislocation  reaction  is 
proportional  to  the  number  of  dislocations  already  in  the  grain,  the  fraction,  f,  of  dislocations 
which  do  not  interact  and  hence  pass  freely  to  the  grain  boundary  is  simply  f=l/N.  This  term  has 
an  inherent  stress  dependence  of  f  « <r  '2.  Finally,  the  transitional  behavior  of  Regime  II  is 
modelled  as  an  isostress  average  of  core  and  mantle  behaviors;  die  strain  rate  is  therefore  given  by 


Ellauperplastic  =  f  Semantic  +  (1-0  £lII,core .  (1) 

The  result  of  this  averaging  process  is  an  impressive  prediction  of  Sn-38wt%Pb  deformation 
behavior  in  the  superplastic  regime,  with  the  typical,  high  strain  rate  sensitivity  of  m-0.5.  The  one 
flaw  in  the  model,  as  it  currently  stands,  is  that  it  does  not  predict  the  grain  size  dependence  of 
stress  in  Regime  L  This  dependence  must  be  estimated  before  an  accurate  prediction  of  Regime  II 
behavior  can  be  made. 


Cote-Mantle  Behavior  in  Tension 

If  a  core-mantle  process  is  indeed  responsible  for  superplastic  deformation,  then  the  question 
arises  as  to  why  such  deformation,  as  characterized  by  ligament  formation,  is  so  ubiquitous  in  the 
torsional  observations  but  has  remained  largely  unnoticed  in  tension.  The  reasons  for  this  are 
several.  First,  it  is  simply  more  difficult  to  observe  superplastic  morphologies  in  tension  than  in 
torsion.  As  Figure  4  illustrates,  shear  occurs  through  the  thickness  of  a  tensile  sample  as  well  as 
along  the  sample  face.  This  shear  continually  causes  heavily  deformed  grains  from  the  specimen 
interior  to  emerge  onto  the  surface  plane,  where  they  obscure  observation.  In  torsion,  by  contrast, 
all  deformation  which  affects  the  surface  plane  is  confined  to  that  plane  (no  radial  strains),  and  a 
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cleaner,  more  easily  observed  microstructure  is  produced.  Indeed,  the  authors  have  recreated 
classic  observations  of  superplastic  deformation  in  tension1-3  and  noted  that  ligaments  are  visible 
on  the  surface  of  tensile  samples  but  that  they  are  obscured  by  the  confusing  sea  of  heavily 
deformed,  recently-emerged  grains  in  which  they  lay. 


Figure  4  -  Sheet  tensile 
specimen  viewed  in 
cross-section;  the  upper 
and  lower  edges  corres¬ 
pond  to  the  faces  of  the 
sample.  "Floating" 
grains  can  be  produced 
by  the  combined  action  of 
shear  on  alternate  planes. 


The  existence  of  ligaments  in  tension  was  also  revealed  upon  gallium- fracturing  a  sample 
previously  deformed  1,324%  in  tension.1-3  In  this  instance,  the  ligaments  were  not  as  prefer- 
ntially  oriented,  nor  as  long  in  any  particular  direction,  as  those  observed  in  torsion  or  on  the 
tensile  sample  surface.  This  was  to  be  expected,  however,  because  of  the  three-dimensional  nature 
of  straining  within  the  tensile  sample  interior. 

Thus  ligaments  do  exist  in  tension,  but  they  are  more  difficult  to  observe.  Another  reason  for 
the  historical  lack  of  ligament  observations  in  tension  may  be  that,  in  large  strain  studies,  anention 
was  centered  instead  on  "floating  grains".  Figure  4  shows  how  shear  on  alternate  planes  through 
the  specimen  thickness  can  combine  so  as  to  push  a  surface  grain  to  the  extreme  surface.  As  its 
name  implies,  this  "floating  grain"  is  now  free  to  drift  along  the  sample  surface  without  being 
constrained  by,  or  participating  in,  bulk  deformation  processes.  Since  these  floating  grains  retain 
their  pristine  shape,  they  would  tend  to  be  chosen  more  often  as  exemplars  in  large  strain  studies  in 
which  most  grains  are  too  deformed  to  be  recognizable.  Floating  grain  artifacts  do  not  exist  in 
torsion,  where  through-thickness  shear  has  been  eliminated. 

In  small  strain  tensile  studies  the  problems  associated  with  advanced  through  thickness  shear 
are  minimized,  but  ligaments  in  these  studies  would  also  be  easy  to  ignore  because  they  simply  are 
not  developed  enough  to  be  noticed  by  the  observer.  Also,  small  strain  studies  have  historically 
focussed  on  grain  boundary  sliding,  which  the  current  studies  suggest  may  be  a  surface  artifact. 
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Abstract 


Despite  numerous  studies  of  superplastic  behavior  in 
several  alloys,  the  origin  of  region  I  of  low  rate 
sensitivity  remains  uncertain.  In  this  study  the 
characteristics  of  region  I  were  investigated  in  A1  -  Ti  and 
A1 -Zn-Mg-Cu-Mn  alloys  processed  by  the  rapid  solidification  / 
powder  metallurgy  route.  Different  grain  sizes  in  a  narrow 
range  were  obtained  through  coarsening  treatments  following 
the  powder  processing  of  the  alloys ■  While  the 
microstructures  were  characterized  by  transmission  electron 
microscopy,  their  superplastic  behavior  was  assessed  by  the 
strain  rate  change  test.  Region  I  of  low  rate  sensitivity  is 
observed  to  be  dominant  in  these  ultrafine  grained  alloys.  A 
drop  in  flow  stress  as  the  grain  size  increases  and  an 
anomalously  high  activation  energy  for  flow  are  observed  in 
this  region.  Since  these  observations  are  consistent  with  the 
concept  of  a  threshold  stress  for  superplastic  flow,  the 
threshold  stress  is  estimated  making  use  of  an  extrapolation 
procedure.  The  origin  of  the  grain  size  and  temperature 
dependent  threshold  stress  is  suggested  to  be  the  inhibition 
of  grain  boundary  migration  by  fine  particles  during  grain 
boundary  sliding  in  superplastic  flow. 
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Introduction 


The  stress  -  strain  rate  plots  of  a  typical  superplastic 
material  are  divided  into  three  regions;  the  intermediate 
region  II  of  maximum  strain  rate  sensitivity  is  the 
superplastic  region.  The  loss  in  rate  sensitivity  in  regions 
I  and  III  limits  the  strain  rate  range  in  which  superplastic 
forming  is  possible.  An  understanding  of  the  factors 
responsible  for  these  regions  of  low  rate  sensitivity  is 
essential  in  exploiting  the  superplastic  forming 
characteristics.  While  the  region  III  behavior  is  a 
consequence  of  the  dominance  of  dislocation  creep,  region  I 
remains  unexplained  despite  numerous  studies.  The  suggested 
interpretations  of  region  I  are  (i)  a  threshold  stress  for 
superplastic  flow  (1),  (ii)  a  distinct  flow  mechanism  (2,3) 
and  (iii)  concurrent  grain  growth  (4)  during  deformation.  The 
concurrent  grain  growth  effect  cannot  account  for  the 
observation  of  region  I  when  the  strain  rate  change  test  is 
conducted  on  a  single  test  specimen  in  the  increasing 
sequence  of  crosshead  speeds  (5).  Moreover,  concurrent  grain 
growth  can  be  minimized  by  testing  under  stable 
mi cros t r u c t ural  condition.  In  this  regard,  A1  alloys 
processed  by  the  rapid  solidification  /  powder  metallurgy 
route  are  of  special  interest.  Making  use  of  such  powder 
processed  Al-Ti  and  Al-Zn-Mg'Cu-Mn  alloys,  wherein  an 
ultrafine  grain  size  is  stabilized  by  fine  dispersoids,  the 
characteristics  of  region  I  were  investigated  in  this  study. 


Experimental  details 


Two  alloys  (an  A1  -  4  wt7=  Ti  alloy  and  a  7075  A1  alloy 
modified  with  the  addition  of  Mn)  processed  by  the  rapid 
solidification  /  powder  metallurgy  route  were  investigated. 
Their  composition,  processing  and  microstructural  details  are 
available  elsewhere  (6,7).  Different  grain  sizes  were 
obtained  by  coarsening  the  microstructures  of  the  initially 
powder  processed  alloys.  Making  use  of  cylindrical 
compression  specimens  of  6mm  diameter  and  9mm  height,  strain 
rate  change  tests  were  performed  on  an  Instron  machine  at 
elevated  temperatures.  The  grain  size  was  assessed  by 
transmission  electron  microscopy. 


Results  and  Discussion 


A  typical  mi c r o s t rue t u r e  of  these  alloys  with  an 
ultrafine  grain  size  which  is  stabilized  by  dispersoids,  is 
illustrated  in  Fig. 1. The  elevated  temperature  response 
indicated  a  transition  from  region  I  to  superplastic  region 
II.  A  typical  stress  ($“)  -  strain  rate  ( f  )plot  and  the 
corresponding  strain  rate  sensitivity  index  (  m  *  d  log  / 
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<3  log  £ )  versus  £  plot  are  shown  in  Fig.  2.  From  grain  size 
measurements  before  and  after  the  strain  rate  change  tests, 
the  deformation  induced  coarsening  was  noted  to  be  negligible 
in  these  alloys.  The  steady  state  stress  -  strain  rate  data 
of  region  I  were  analyzed  by  the  relation 

£  =  K  (c-1/m/dP  )  exp  (  -  Q  /  RT)  (1) 


where  K  is  a  constant,  d  the  grain  size,  p  the  grain  size 
exponent,  Q  the  activation  energy,  R  the  gas  constant  and  T 
the  absolute  temperature.  The  activation  energy  for  flow  thus 
obtained  is  in  the  range  of  350  -  795  K.J/mol,  which  is 
anomalously  high  relative  to  the  self  -diffusion  activation 
energy  for  Al.  On  comparing  the  stress  -  strain  rate  plots 
for  various  grain  sizes,  there  is  a  cross-over  in  the  grain 
size  dependence  of  flow  stress  between  regions  I  and  II,  as 
illustrated  in  Fig. 3.  The  above  features  of  region  I  favor 
its  interpretation  in  terms  of  a  threshold  stress  )  for 

superplastic  flow  rather  than  a  distinct  flow  mechanism. 
Replacing  the  applied  stress  by  an  effective  stress  (0J  = •'-CJ) 
and  assuming  the  typical  value  of  m  as  0.5  for  superplastic 
region,  the  threshold  stress  was  assessed  by  an  extrapolation 
procedure  as  shown  in  Fig. 4.  The  temperature  and  grain  size 
dependence  of  the  threshold  stress  thus  obtained  was  assessed 
by  an  empirical  relation 


-  (Rj  /  dP  )  exp  (  Q  /  RT  )  (2) 


where  K  is  a  constant.  The  Q  value  thus  obtained  is  in  the 
range  of  30  -  80  KJ  /  mol,  which  is  similar  to  that  for  grain 
boundary  diffusion  in  Al.  A  grain  size  exponent  of  unity  is 
in  close  agreement  with  the  observations. 

Since  extensive  grain  boundary  sliding  (  GBS  )  occurs 
during  superplastic  flow,  the  threshold  stress  may  arise  from 
the  inability  of  the  grain  boundaries  to  act  as  perfect  sinks 
and  sources  for  point  defects  or  the  inhibition  of  GBS  by  the 
dispersoids  at  the  grain  boundaries.  The  interaction  between 
the  grain  boundary  dislocations  and  dispersoids  is  the  basic 
source  of  threshold  stress  as  per  the  above  considerations. 
The  temperature  and  grain  size  dependence  cannot,  however,  be 
predicted  on  this  basis.  Alternatively,  the  origin  of  the 
threshold  stress  may  arise  from  the  restricted  mobility  of 
the  grain  boundaries  during  grain  boundary  sliding.  It  is 
often  experimentally  observed  that  grain  boundary  migration 
accompanies  sliding.  The  results  of  computer  simulation  of 
sliding  confirm  that  GBS  and  boundary  migration  are  coupled 
processes  on  an  atomic  scale  (8)  .  The  Zener  pinning  of  the 
boundaries  by  second  phase  particles  can  then  result  in  a 
threshold  stress,  which  varies  inversely  with  the  grain  size. 
Since  the  boundary  migration  is  a  thermally  activated 
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process,  the  threshold  stress  arising  from  this  is  also 
expected  to  be  temperature  dependent.  However,  the  problem  of 
quantitative  prediction  of  threshold  stress  on  this  basis 
remains  to  be  considered. 


Conclusions 


1.  The  flow  stress  in  region  I  of  low  strain  rate  sensitivity 
is  observed  to  decrease  as  the  grain  size  increases. 

2.  The  activation  energy  for  flow  in  region  I  is  anomalously 
high. 

3.  A  grain  size  and  temperature  dependent  threshold  stress  as 
assessed  by  an  extrapolation  procedure  accounts  for  the 
above  characteristics  of  region  I.  The  threshold  stress 
is  interpreted  in  terms  of  the  inhibition  of  boundary 
migration  by  particles  during  grain  boundary  sliding. 
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Abstract 

The  very  large  anelastic  strains  observed  after  superplastic  deformation 
have  previously  been  explained  by  a  model  in  which  deformation- induced  voids 
sinter  once  the  load  is  removed.  Recent  experiments,  however,  have  shown 
that  large  anelastic  strains  can  also  be  recovered  when  cavitation  is  not 
present,  implying  that  there  is  a  second  mechanism  which  occurs  at  constant 
volume.  This  mechanism  is  believed  to  be  a  form  of  Coble  creep  driven  by  the 
reduction  in  grain  boundary  energy  as  elongated  grains  resume  their  equiaxed 
shapes.  Although  previously  discarded  on  the  grounds  that  the  resulting 
strain  rates  would  be  too  slow  and  of  the  wrong  form  unless  an  unreasonably 
large  spread  of  grain  sizes  were  present  [  1  ] ,  it  is  shown  here  that  these 
deficiencies  in  the  theory  need  not  apply  if  the  shape  changes  of  the  grains 
cure  those  necessary  to  accomplish  grain  neighbour  switching.  In  this  paper 
the  predicted  time  for  anelastic  straining  to  saturate  and  the  influence  of 
grain  size,  temperature,  stress  and  prior  loading  time  on  this  quantity  are 
tested  against  experiments  on  fine  grained  Zn-Al  eutectoid  alloy.  These 
particular  predictions  were  chosen  because  they  are  almost  independent  of 
unkncwn  details  such  as  the  exact  geometry  of  the  switching  event  and  the 
distribution  of  grains  at  different  stages  of  this  operation.  The  agreement 
found  between  theory  and  practice  indicates  that  superanelasticity  is  a 
universal  feature  of  superplastic  alloys,  being  intimately  connected  with  the 
grain  neighbour  switching  which  must  occur  during  flow,  and  is  therefore  not 
confined  to  cavitating  conditions.  Study  of  superanelasticity  provides  a 
potentially  powerful  method  of  studying  the  "unknown  details"  of  grain 
switching  mentioned  above.  Its  proportionality  to  stress,  for  example, 
indicates  that  the  number  of  grains  involved  in  switching  is  also 
proportional  to  the  stress,  or  that  the  distribution  of  grains  at  different 
stages  of  the  process  changes  significantly  with  stress.  Anelasticity  could 
also  reduce  the  tolerance  of  components  produced  using  superplastic  forming 
if  they  are  annealed  for  long  periods  afterwards.  The  same  mechanism  may 
explain  the  anelasticity  observed  in  as-cast  solder,  which  has  recently  been 
shown  to  have  a  potentially  strong  effect  on  the  fatigue  lives  of  soldered 
joints. 
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Introduction 


Schneibel  and  Hazzledine  [1]  and  Vale  [2]  showed  that  several 
superplastic  alloys  exhibit  very  large  anelastic  contractions  (>100  times  the 
elastic  strain)  upon  removal  of  a  tensile  load,  and  interpreted  it  in  terms 
of  the  sintering  of  deformation  induced  cavities.  Ridley,  Livesey  and 
Mukherjee  (3]  observed  the  same  effect  by  measuring  the  variation  in  density 
of  superplastic  alloys  after  deformation.  The  anelastic  strain,  e^,  depends 
on  stress,  o,  loading  time,  t  and  grain  size,  L,  according  to  the  approximate 
relation: 

.  n 

Ean®  where  1/4<n<1/2  (1 ) 

Seme  superplastic  alloys,  however,  show  anelasticity  under  conditions  where 
cavitation  does  not  occur  [4,5].  Recent  experiments  in  this  department  [6] 
have  proved  that  both  superplastic  and  anelastic  deformation  can  occur  at 
constant  volume,  indicating  that  a  second  anelastic  mechanism  operates. 

An  Alternative  Mechanism 


Hie  fact  that  grains  remain  approximately  equiaxed  and  retain  their 
identity  during  deformation  implies  that  grains  must  change  their  neighbours. 
At  constant  volume  this  in  turn  demands  a  transient  increase  in  grain 
boundary  area.  Hie  change  in  interfacial  energy  could  drive  a  partially 
completed  switching  event  to  completion  or  back  to  its  starting  position  by 
Coble  creep  and  grain  boundary  migration  if  the  stress  is  removed,  causing  an 
anelastic  strain.  Relaxation  from  the  "critical  position",  at  which  a  non¬ 
equilibrium  number  of  grain  boundaries  meet,  would  be  extremely  rapid  in  the 
early  stages  as  the  diffusing  atoms  would  be  removed  from  a  grain  face  of 
very  small  area.  Hie  bee  model  [7]  for  grain  switching  (fig.1 )  is  useful  for 
illustrating  this  idea  as  it  is  relatively  simple  to  analyse  and  definitely 
predicts  a  net  anelastic  strain  from  a  large  number  of  switching  events 
because  all  the  strain  takes  place  before  the  critical  position  is  reached. 
An  approximate  analysis  for  an  infinite  array  of  hexagonal  prisms  of  height 
Lq  relaxing  back  towards  position  (a)  from  a  starting  point  between  (a)  and 
(c)  gives  an  expression: 


c=  32Db<5fir 


2  ln 

-  3  In 

Lf-LJ 

3 

lL 

+  6LS 

(2) 


for  the  time  taken  for  the  grains  to  contract  from  an  initial  length  L^,  to 
L,  as  defined  on  the  figure,  1^,  being  the  equilibrium  length  of  the  grains,  T 
the  grain  boundary  energy,  and  E^,,  t,  6,  ft,  k  and  T  having  their  usual 
meanings.  Plots  of  In  AL  versus  In  t  for  various  values  of  L^,  where  AL  is 
the  change  in  grain  length  from  that  at  t=0,  are  shewn  in  fig. 2,  using 
physical  values  for  zinc  [2,10]  with  a  grain  size  of  lym  at  150°C.  As  the 
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MIGRATION 


(•)  FINAL 
POSITION 


Fig.1:  Hie  Lee  Grain  Neighbour  Switching  Mechanist!. 
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curves  show,  starting  points 
near  the  critical  position 
(Li=L0/3)  give  curves  with  a 
steadily  reducing  gradient  of 
0.5-0.25,  as  observed  by 
Schneibel  and  Vale.  The 
maximum  contraction  possible 
from  this  mechanism  is  0.55, 
which  is  about  two  orders  of 
magnitude  greater  than 
contractions  obtained  in 
practice;  this  is  not  a 
problem,  as  for  one  thing,  only 
a  small  fraction  of  the  grains 
would  be  expected  to  be 
involved  in  switching  at  any 
one  time. 

Although  the  shape  of  the 
curves  is  encouraging,  it  is 
not  a  very  good  test  of  the 
theory  because  the  precise  form 
of  measured  contractions  varies 
with  experimental  conditions, 
and  the  predicted  contraction 
must  depend  on  the  real  topological  details  of  the  grain  switching  mechanism 
and  the  distribution  of  grains  at  different  stages  of  the  process,  of  which 
nothing  is  known. 

Fortunately,  measurement  of  the  time  required  for  the  contraction 
effectively  to  cease  provides  a  simple  but  substantial  test  of  the  theory,  as 
this  removes  these  unknowns  frcm  consideration.  At  saturation  L  is  very 
close  to  Lq,  so  the  geometrical  term  in  brackets  in  eg. 2  becomes  dominated  by 
a  term  in  ln(L2-L^) ,  and  the  initial  position  of  the  grains  is  unimportant  as 
fig. 2  shows.  The  distribution  of  grains  in  different  positions  does  not, 
therefore,  affect  the  saturation  time,  which  is  proportional  to  T  and  L^, 
inversely  proportional  to  Dj,  and  independent  of  stress  and  loading  time. 
Furthermore,  this  result  holds  whatever  the  exact  geometry  of  the  switching 
mechanism,  so  the  second  unknown  is  also  dispatched. 

Testing  the  validity  of  the  suggested  mechanism  for  anelasticity  by  this 
method  also  has  considerable  experimental  benefits  in  that  the  onset  of 
steady  state  flow  and  distortion  of  the  results  by  bending  of  the  specimen 
are  unimportant  to  the  measurement  of  the  saturation  time,  so  the  substantial 
scatter  in  the  results  of  previous  experiments  should  be  improved  upon. 

Experimental 

Tensile  specimens  were  punched  from  oomnercially  produced  nominally 
eutectoid  Zn-Al  sheet.  The  actual  composition  of  the  alloy  was  found  to  be 
76.6i0.5wt%  Zn,  0.1%  Si,  0.05%Fe,  bal.Al.  The  specimens  were  annealed  under 
argon  at  363  °C  for  18  hours  and  then  quenched  into  an  ice/water  mixture. 
Different  grain  sizes  were  obtained  by  annealing  for  various  times  at 
temperatures  between  180  and  230°C;  very  fine  grain  sizes  were  used  to  give 
reasonably  small  projected  saturation  times  at  moderate  temperatures  and  to 
minimize  the  risk  of  void  formation  [4],  Specimens  were  strained  at  constant 
load  in  a  creep  rig  suspended  in  an  electrically  heated  bath  of  silicone 
fluid.  Loading  stresses  of  between  0.84  and  3.74  MPa  were  imposed  on  the 
specimens  for  times  between  30  and  1000  minutes,  at  temperatures  of  150  and 
180°C.  TWo  specimens  were  used  for  each  set  of  conditions,  one  of  which  was 
allowed  to  contract  until  the  anelasticity  had  clearly  saturated  and  the 
other  of  which  was  removed  from  the  oil  bath  inmediately  after  unloading  and 
cooled  to  -20°C.  Polished  sections  of  all  specimens  were  prepared  and  the 


Fig. 2:  Predicted  Plots  of  In  AL  versus 
In  t  for  various  initial  positions. 
Constants  for  Zn,  150°C,  L=1gm. 
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mean  linear  phase  intercepts  (MLPI)  were  estimated  from  scanning  electron 
micrographs  taken  in  backscattered  mode. 

Results 


Plots  of  In  Egjj  against  In  t  were  constructed  for  each  of  the  relaxing 
specimens,  from  which  the  saturation  time  was  estimated. 

Comparison  of  the  MLPI's  of  specimens  which  had  and  had  not  been  allowed 
to  relax  revealed  that  grain  growth  had  occurred  during  relaxation  in  all 
cases.  This  was  accounted  for  by  using  grain  growth  data  for  this  alley  [8] 
to  estimate  the  average  value  of  MLPI4  during  the  contraction  period. 

All  the  results  ware  plotted  as  In  tg  against  0.25  ln<MLPl">  as  shown  in 
fig. 3.  Each  point  is  associated  with  pessimistic  error  bars.  The  lines  of 
best  fit  (solid)  have  gradients  of  3.73  at  150°C  and  4.47  at  180°C.  Best  fit 
lines  with  the  predicted  gradient  of  4  are  shown  dashed,  and  can  be  seen  to 
lie  well  within  the  error  tars  for  all  the  points.  No  systematic  variation 
in  proximity  to  the  lines  of  best  fit  is  observable  with  loading  time  or 
stress,  as  the  theory  predicts.  An  activation  energy  of  58±13kJ/mol  can  be 
calculated  from  eq.2,  which  is  close  to  the  value  for  grain  boundary 
diffusion  in  zinc  of  61kJ/mol. 

Assuming  MLPI  is  approximately  equal  to  the  mean  linear  grain  intercept 
and  converting  this  to  a  spatial  grain  diameter  by  multiplying  by  1.74  [9] 
gives  an  upper  limit  to  the  grain  size.  Using  data  for  zinc  taken  from  Vale 
[2]  and  a  grain  boundary  energy  for  zinc  of  0.34J/m2  (10],  the  absolute 
values  of  the  theory's  predicted  saturation  times  are  within  a  factor  of  1.5 
in  excess  of  the  experimental  best  fit  lines  of  gradient  4.  This  quality  of 
agreement  is  probably  somewhat  fortuitous  when  the  errors  in  the  parameters 
used  for  the  calculations  are  considered,  but  does  at  least  demonstrate  that 
the  theory  predicts  values  of  sensible  magnitude. 


Discussion 

All  the  predictions  of  the  theory 
have  been  borne  out  by  experiment  to  a 
degree  well  within  experimental  error. 
It  would  be  very  difficult  to  explain 
this  combination  of  results  by  any  other 
known  mechanism;  the  sintering  void 
theory  in  particular,  is  incapable  of 
explaining  the  insensitivity  of  the 
saturation  time  to  loading  time  and 
stress. 

If  this  mechanism  is  accepted,  the 
study  of  anelasticity  can  be  used  to  gain 
insight  into  the  mechanism  of 
superplastic  flow.  For  instance,  the 
fact  that  the  magnitude  of  the  anelastic 
strain  (but  not  its  saturation  time) 
depends  strongly  on  the  loading  stress 
shows  that  details  of  the  deformation 
process  must  change  significantly  with 
stress;  one  possibility  that  would 
explain  the  observed  stress  dependence  is 
that  the  number  of  grains  involved  in 
switching  is  proportional  to  the  applied 
stress,  but  more  complex  possibilities 
also  exist,  such  as  a  change  in  the 
relative  number  of  grains  at  different 
stages  of  switching.  Such  changes  may 
occur  with  different  grain  sizes  or 


Fig. 3:  Log-Log  Plot  of 
Saturation  Time  vs.  Effective 
MLPI.  Solid  Line=Best  Fit, 
Dashed=Best  Fit  Gradient  4. 
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temperatures  as  well,  but  insufficient  results  are  available  at  the  present 
time  to  mate  meaningful  conclusions  in  this  respect. 

This  work  also  has  more  direct  potential  applications.  One  of  the 
advantages  of  superplastic  forming  is  its  high  tolerance,  owing  to  the  small 
elastic  strains  produced  by  the  low  forming  stresses;  if  a  prolonged  period 
of  annealing  follows  forming  this  advantage  may  be  lost  as  anelastic  recovery 
takes  place. 

Recent  work  on  the  fatigue  of  solder  joints,  such  as  occurs  in 
electronic  packages,  has  concluded  that  anelasticity  may  have  a  strong 
influence  on  joint  life  at  different  cycle  frequencies  [11].  Independent 
work  [12]  has  shewn  that  anelastic  strains  of  more  than  10  times  the  elastic 
strain  can  be  produced  in  as-cast  Sn-Pb  solder,  and  that  the  kinetics  of  the 
contraction  are  similar  to  those  observed  in  superplastic  specimens.  This 
mechanism,  albeit  on  a  more  limited  scale  could,  therefore,  also  provide  an 
explanation  for  this  observation. 
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Abstract 

In  order  to  determine  the  role  of  grain  boundary  dislocations  (GBDs) 
during  superplastic  deformation,  the  GBD  structures  in  a  fine  grained  super¬ 
duralumin  alloy  have  been  investigated  by  means  of  transmission  electron  mi¬ 
croscopy  before  and  after  superplastic  deformation.  The  results  show  that 
during  superplastic  deformation,  extrinsic  GBDs  were  created  through  the  in¬ 
teractions  between  lattice  dislocations  and  grain  boundaries.  The  strong  in¬ 
teractions  between  GBDs  and  intergranular  precipitates  and  between  GBDs  and 
grain  boundary  triple  junctions  led  to  the  formation  of  GBD  pile-ups.  GBDs 
could  move  along  grain  boundaries  by  the  glide-climb  process.  The  glide  com¬ 
ponent  of  the  motion  led  to  grain  boundary  sliding  (GBS),  while  the  climb 
component  of  the  motion  led  to  a  diffusive  flux  and  related  diffusional 
creep,  which  could  accomodate  the  grain  boundary  sliding  strain.  The  reason 
that  deformation  in  Region  II  occurred  mainly  by  GBS  while  those  occurred  in 
Region  I  and  III  are  not,  is  also  discussed. 
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Introduction 


GBS  plays  a  vital  role  in  superplastic  deformation  [1],  For  the  condi¬ 
tions  of  peak  superplastic  behavious,  GBS  contributes  up  to  80%  of  the  total 
strain  [2].  Some  models  concerning  the  mechanism  of  superplastic  deformation 
based  on  GBDs  moving  along  grain  boundaries  which  leads  to  grain  boundary- 
sliding  have  been  proposed  [3][4],  However,  very  few  structural  evidences  of 
the  motion  of  GBDs  during  superplastic  deformation  have  been  provided.  Re¬ 
cently,  we  have  chosen  LC4  super  duralumin  as  the  testing  material  in  which 
insoluble  fine  dispensoid  particles  are  present  and  can  act  as  internal  pin¬ 
ning  points  for  dislocations.  The  evidence  for  GBDs  movement  has  been 
successfully  observed  under  the  transmission  electron  microscope,  and  the 
role  of  GBDs  during  superplastic  deformation  have  been  clarified. 

Experimental  Details 

Tensile  specimens  with  a  gauge  length  of  15  mm  were  cut  along  the  roll¬ 
ing  direction  from  a  LC4  super  duralumin  alloy  sheet  of  1.5  mm  thickness  with 
an  average  grain  diameter  of  6.8  pm.  Its  chemical  composition  is  given  in 
Table  l.The  tensile  tests  were  performed  in  air  at  505  ±  3°C.  Specimens  for 
optical  and  transmission  electron  microscope  examinations  were  prepared  from 
the  deformed  tensile  specimens  within  the  gauge  length  by  standard  techni¬ 
ques.  The  H70011  type  of  TEN  with  an  operating  voltage  of  200  KV  were  used. 

Table  I.  The  Chemical  Composition  of  the  Test  Material 


Elements 

Zn 

Mg 

Cu 

Mn 

Cr 

Fe 

Si 

A1 

wt.  % 

5.7 

2.7 

1.57 

0.33 

0.11 

0.39 

0.19 

Balance 

Results  and  Discussion 


The  log*-— logt  plot  for  the  material  tested  at  505°C  is  shown  in  Fig.l. 
The  m  values  of  the  curve  in  Region  I  and  Region  III  are<0.3,  whereas  that  in 
Region  II  (the  superplastic  region)  is  about  0.5.  The  strain  rates  of  Region 
II  are  in  the  range  from  1.5  x  10-4S-1  to  2.5  x  10”-*s”l. 

A  high  temperature  micrograph  of  a  polished  but  un-etched  specimen  de¬ 
formed  superplastically  at  500°C  to  25%  strain  is  shown  in  Fig. 2.  We  can  see 
that  the  grain  boundaries  can  be  revealed  by  the  suporplastic  deformation, 
as  the  result  of  GBS  and  grain  rotation  of  the  material.  Metallographic  ob¬ 
servation  has  shown  that  superplastic  deformation  can  lead  to  the  formation 
of  precipitate-denuded  zones  adjacent  to  the  grain  boundaries  (Fig. 3).  These 
precipitate-denuded  zones  were  formed  by  diffusional  creep.  By  means  of  quan¬ 
titative  metallography,  we  found  that  the  contribution  from  diffusional  creep 
to  the  total  superplastic  strain  was  15%. 

The  structure  of  the  specimen  before  deformation  is  typical  of  recry¬ 
stallized  materials,  in  which  theve  are  no  dislocations  within  grains,  and 
grain  boundaries  have  no  peculiarities  and  look  like  sets  of  thickness  ex¬ 
tinction  contours  (Fig. 4).  After  superplastic  deformation,  there  are  some 
dislocations  distributed  within  grain  [Fig. 6  (a)],  and  GBD  pile-ups  widely 
distributed  are  observed  along  grain  boundaries  [Fig. 6  (a)  and  (b)).  Fig.b 
(a)  also  shows  that  the  GBDs  are  connected  with  the  lattice  dislocations, 
this  implies  that  the  observed  GBDs  are  the  extrinsic  GBDs  created  by  the  in¬ 
teractions  between  lattice  dislocations  and  the  grain  boundaries.  The  GBD 
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Fig.l  The  logr-logt  plot  for  the  ex¬ 
perimental  material  tested  at  505°C 


Fig. 2  High  temperature  micrograph  of 
a  polished  but  un-etched  specimen 
deformed  superplastically  at  500°C. 
Tensile  axis  horizontal. 
t=  6.66  x  10~4s_1.  d«25% 


(a)  £-80%  (b)  £-400% 

Fig. 3  The  precipitateydenuded  zones  observed  after  superplastic 
deformation.  T=505°C,i-6.66  x  lQ-^s-I.  Tensile  axis  horizontal 


Fig. 4  TEM  micrograph  of  the  experi¬ 
mental  material  before  deformation 
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Fig. 5  TEM  photograph  of  the  experi¬ 
mental  material  after  50%  tensile 
strain  in  Region  I  at  505°C. 

4-1.11  x  10-4S-1 
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pile-ups  are  formed  due  to  the  interactions  between  GBDs  and  intergranular 
precipitates  or  grain  boundary  triple  junctions  and  the  obstructing  action  of 
intergranular  precipitates  or  grain  boundary  triple  junctions  to  the  motion 
of  GBDs  along  grain  boundaries.  Under  the  obstructing  action,  the  GBDs  must 
bypass  the  intergranular  precipitates  either  through  Orowan  mechanism  of 
glide/climb  over  the  particle/matrix  interface.  In  our  research,  no 
exidence  for  the  formation  of  Orowan  loops  was  observed,  it  is  thus  implied 
that  the  bypass  must  occur  through  glide/climb  over  the  particle/matrix  in¬ 
terface.  Grain  boundary  triple  junctions  are  other  major  obstacles  to  the  mo¬ 
tion  of  GBDs,  and  can  be  described  as  follows:  when  a  GBD  passed  through  a 
triple  junction,  a  dislocation  reaction  is  generally  required.  It  includes 
decomposition  or  combination  for  forming  new  GBDs  which  are  compatible  with 
the  structure  of  one  or  both  of  the  other  two  boundaries.  Since  the  disloca¬ 
tion  reaction  may  be  energetically  unfavorable  and  the  first  formed  new  dis¬ 
locations  may  exert  a  back  stress  on  the  triple  junction,  thus  further  dislo¬ 
cation  reactions  may  be  restricted  and  the  passage  of  the  GBDs  through  a  tri¬ 
ple  junction  can  be  hindered. 

From  the  configuration  and  distribution  characteristic  of  dislocations 
in  the  GBD  pile-ups  shown  in  Fig. 6  (b),  we  can  see  that  dislocations  in  the 
GBD  pile-up  are  in  a  state  of  moving  along  the  grain  boundary  during  super¬ 
plastic  deformation.  Because  the  Burgers  vectors  of  the  GBDs  are  generally  at 
some  angle  to  the  local  grain  boundary  plane,  the  motion  of  GBDs  along  grain 
boundary  must  occur  through  a  glide/climb  process.  The  glide  component  of  the 
motion  will  lead  to  GBS,  and  the  climb  component  of  the  motion  will  lead  to  a 
diffusive  flux  and  induce  diffusional  creep,  which  will  be  able  to  accomodate 
the  GBS  strain.  For  alloys  containing  fine  dispersed  particles  on  a  solid  so¬ 
lution  matrix,  diffusional  creep  will  lead  to  the  formation  of  precipitate- 
denuded  zones  adjancent  to  grain  boundaries.  These  precipitate-denuded  zones 
can  be  used  as  a  structural  evidence  for  diffusional  creep 

We  have  also  found  that,  strain  rate  has  great  influence  on  the  GBD 
structure  of  the  deformed  specimen.  For  instance,  when  the  strain  and  defor¬ 
mation  temperature  were  50%  and  505°C  respectively,  with  an  initial 

strain  rate  of  6.66  x  10“^s-l  (Region  II)f  the  mean  spacing  of  dislocations 
in  GBD  pile-ups  was  about  0.1-0. 2  urn  [Fig. 6  (b)].  Whereas  when  an  initial 
strain  rate  of  1.11  x  10"^s-^  (Region  I)  was  adopted,  the  dislocation  de  ~i- 
ty  was  very  low,  many  grains  and  grain  boundaries  were  dislocation-free 
(Fig. 5).  On  the  contrary,  when  an  initial  strain  rate  of  1.18  x  10~2S-1  (Re¬ 
gion  III)  was  adopted,  both  intragranular  and  the  GBD  densities  were  high, 
there  were  dislocation  tangles  within  grains  [Fig. 7  (a)],  and  the  GBDs  were 
in  an  intersected  state  [Fig. 7  (b)]. 


Eig.6  TO!  photographs  of  the  experimental  material  after  superplastic 
deformation  in  Region  II  at  505°C.i»6.66  x  (a)t»20%  (b)  t«50% 
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Fig. 7  TEM  photographs  of  the  experimental  material  after  50Z 
tensile  strain  in  Region  III  at  505°C.  £=1.18  x  10-2S-1 

According  to  the  results  mentioned  above,  we  can  consider  superplastic 
deformation  as  a  process  of  GBDs  moving  along  grain  boundaries.  These  GBDs 
are  created  mainly  by  interactions  between  lattice  dislocations  and  the  grain 
boundaries.  Moving  of  GBDs  along  grain  boundaries  is  a  glide/climb  process^ 
it  not  only  leads  to  GBS  which  is  the  major  strain-providing  mechanism  during 
superplastic  deformation,  but  also  leads  to  a  diffusive  flux  and  induces  dif- 
fusional  creep  which  can  accomodate  the  GBS  strain.  The  strain  rate  of  super¬ 
plastic  deformation  is  determined  by  the  velocity  of  the  GBDs  along 

grain  boundaries  and  is  controlled  by  the  climb  process  through  self  diffu¬ 
sion  of  atoms.  When  tensile  deformation  is  performed  within  Region  I.  since 
the  flow  stress  is  too  low  to  create  enough  extrinsic  G Bis.  deformation  pro¬ 
ceeds  mainly  by  diffusional  creep  rather  than  GBS.  When  tensile  deformation 
is  performed  within  Region  III,  since  the  flow  stress  is  too  high,  intragra- 
nular  slip  must  occur  on  multiple  slip  systems  and  leads  to  dislocation  in¬ 
tersection.  As  a  result  of  this,  dislocation  tangles  will  form  within  grains, 
and  the  dislocations  within  GBD  pile-ups  will  be  in  an  intersected  state.  Un¬ 
der  this  condition,  GBS  for  the  deformation  is  difficult  and  the 
deformation  proceeds  mainly  by  dislocation  creep  rather  than  GBS.  Only  when 
the  deformation  is  performed  within  Region  II,  the  flow  stress  is  appropri¬ 
ate.  That  is  to  say,  sufficient  extrinsic  GBDs  can  be  created  by  interac¬ 
tions  between  lattice  dislocations  and  the  grain  boundaries.  Since  the  flow 
stress  is  low,  the  slip  within  grains  can  occur  only  on  one  slip  system.  Un¬ 
der  this  condition,  dislocations  both  within  grains  and  within  grain  bounda¬ 
ries  are  not  intersected.  Therefore  GBDs  can  move  along  grain  boundary  rather 
successfully  and  induce  extensive  GBS,  so  that  a  steady  superplastic  deforma¬ 
tion  process  without  apparent  strain  hardening  can  be  obtained  in  the  mate¬ 
rial. 
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THE  PHYSICAL  MOOEL  OF  SUPERPLASTICITY  BASED 


ON  THE  NOTION  OF  NONEQUIL TBRIUM  GRAIN  BOUNDARIES 
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Abstract 

Cooperative  mechanisms  of  deformation,  such  as  grain  bound¬ 
ary  sliding,  intragranular  dislocation  motion,  and  diffusion 
creep,  operating  simultaneously  under  superplasticity  (SP),  en¬ 
able  the  application  of  the  notion  of  nonequilibrium  grain  bound 
aries  to  the  description  of  the  SP  effect.  A  physical  interprets 
tion  and  quantitative  evaluation  of  the  SP  materials  mechanical 
properties  characteristic  features  has  been  given.  The  suggested 
SP  model  is  especially  important  for  the  development  of  the  SP 
materials  properties  control  methods,  and  for  the  realization 
of  the  so  cal  “d  "low  temperature"  SP  effect. 
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Introduction 


It  is  universally  acknowledged  that  such  grain  boundary  (GB) 
processes  as  sliding,  migration,  diffusion,  and  GB's  operating 
as  sources  and  sinks  of  lattice  dislocations  play  a  decisive  role 
in  the  display  of  SP.  The  nonequilibrium  state  of  GB's  due  to 
mobile  grain  boundary  dislocations  (GBD)  is  of  special  signifi¬ 
cance  here  /1,2/.  Such  nonequiliLrium  GB's  are  formed  during 
the  dissociation  of  lattice  dislocations  in  GB's  and/or  generat¬ 
ed  immediately  in  GB's.  A  sharp  acceleration  of  kinetic  proces¬ 
ses,  i.e.  sliding  and  diffusion,  occurring  in  nonequilibrium 
boundaries  is  important  for  the  realization  of  SP.  A  new  model 
of  structural  superplasticity  based  on  these  ideas  has  been  sug¬ 
gested  . 


The  SP  Model 


The  new  model  is  essentially  a  development  of  a  well-known 
hardening-and-recovery  conception  applied  to  the  description  of 
the  SP  behaviour,  based  on  the  knowledge  of  the  actual  GB  proces¬ 
ses.  From  the  puint  of  view  of  this  conception  SP  can  be  dis¬ 
played  in  case  the  hardening  is  insignificant  while  the  rate  of 
recovery  is  rather  high.  The  former  condition  can  be  met  if  the 
polycrystal  grain  boundary  sliding  (GBS)  is  accompanied  by  a 
slight  accomodation.  The  latter  condition  is  determined  by  an 
active  dynamic  recovery  developing  in  GB.  At  the  microlevel  these 
processes  can  be  represented  by  the  scheme  shown  in  Fig.l. 


Figure  1  -  Scheme  of  main  deformation 
processes  developing  during  SP  deformation. 

1:  grain  boundary  dislocations;  2:  lattice 
dislocations;  3:  local  diffusion  flow; 

6 :  applied  stress  . 

The  start  of  deformation  here  is  connected  with  the  generation 
and  motion  of  GBD's  whose  pile-ups  in  triple  points  initiate  the 
the  generation  of  lattice  dislocations.  Passing  through  the  grain 
interior  dislocations  are  again  caught  and  absorbed  by  the  bound¬ 
aries,  which  results  in  the  enhancement  of  GBS  and  diffusion. 

A  system  of  equations  describing  the  microscopic  behaviour 
/ 4/  can  be  obtained  using  the  hardening-and-recovery  conception. 
In  particular  the  traditional  plot  of  i=f{6  )  is  presented  in 
the  following  way; 

l-  0  e'Q/KT  (1) 

KT  G  d  o 
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and  for  the  SP  flow  stress  at  the  given  strain  rate  it  is: 


6T^<$i  + 


1.25  KTG*E 
oC~ 


(2) 


where  A  =  -j-;  d  *  grain  size;  Q  -  grain  boundary  diffusion 

activation  energy;  6  -  the  GBD  source  operating  stress,  equal  in 
this  case  to  the  lattice  dislocation  generation  stress- 


The  suggested  model  renders  a  possibility  to  describe  a 
number  of  SP  effects  which  had  no  satisfactory  description  before 
Among  them  are  the  considerable  non-linear  elasticity,  the  flow 
stress  drop  after  a  short  time  deformation  at  higher  rates,  the 
active  grain  growth,  etc./4/.  This  model  has  proved  to  be  of  spe¬ 
cial  importance  for  the  development  of  SP  materials  properties 
control  methods. 


Properties  Control  Methods 


The  conception  of  the  decisive  role  of  GB  processes  in  the 
display  of  SP,  which  is  being  developed,  emphasizes  the  signifi¬ 
cance  of  GB  state,  i.e.  nonequilibrium,  type  of  boundaries,  im¬ 
purities.  This  statement  agree-:-  well  with  the  data  available/5 , 6/ 
Thus,  in  / 5 /  it  has  been  shown  for  the  first  time  that  in  the 
Al-alloy  the  domination  of  boundaries,  close  to  special  ones,  re¬ 
sults  in  the  increase  of  the  flow  stress  by  more  than  30%  as 
against  the  same  alloy  with  random  boundaries  dominating  in  its 
structure,  grain  size  being  the  same  in  both  cases.  For  the  Ni- 
superalloy  the  demand  that  GB  processes  should  contribute  to  the 
display  of  SP  is  realized  in  the  fact  that  these  alloys  can  be 
converted  to  the  SP  state  under  the  condition  that,  alongside 
with  the  obtaining  of  fin-  grains,  the  coherent  Y~Y'  interface 
boundaries  should  be  transformed  into  the  random  y - y*  high  angle 
interface  ones  (Fig. 2). 


Figure  2  -  Diagram  illustrating  the  way 
Ni-superalloy  structure  is  changing  when 
converted  to  the  SP  state. 

The  suggested  physical  model  has  recently  enabled  the  pre¬ 
diction  and  discovery  of  the  "low  temperature"  SP  effect  / 7 /  . 
Taking  into  account  its  importance  for  application  we  should  like 
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to  give  a 


detailed  consideration 


of  this  phenomenon 


"Low  Temperature"  Superplasticity 

According  to  the  model  conceptions,  the  process  which  con¬ 
trols  the  SP  flow  is  grain  boundary  diffusion.  That  is  why  the 
decrease  of  the  SP  temperature  can  be  obtained  by  means  of  a  con¬ 
siderable  reduction  of  grain  size.  The  fact  is  that  the  exist  nee 
of  submicron  grains  limits  the  mass  transfer;  besides,  in  materi¬ 
als  of  this  kind  GB's  are  highly  nonequilibrious  in  their  struc¬ 
ture,  which  results  in  the  sharp  acceleration  of  grain  boundary 
diffusion  / 2 /  . 

This  statement  has  received  an  experimental  confirmation 
in  the  course  of  the  Al-4%Cu-0.5%Zr  alloy  deformation,  the  grain 
size  being  about  0.3  pm.  The  mechanical  properties  and  structur¬ 
al  changes  of  the  same  alloy  with  the  grain  size  of  about  8  pm 
have  been  profoundly  studied  in  / 5 / .  When  strained  at  500°C  and 
at  the  rate  of  10“^  •  lO'^s'^-this  alloy  displays  typical  SP  fea¬ 
tures  (see  the  Table)  . 


Table.  Al-4%Cu-Q ■ 5%Zr  Alloy  SP  Deformation  Conditions 
arid  Parameters 


Grain 

SP  Modes 

SP  Parameters 

size 

T°C 

S=  s-1  (3,  MPa 

d  lq€ 

<f,  % 

8 

500 

3 • 10~4  13 

0.50 

800 

0.3 

220 

~l0-4  27 

0.48 

>250 

In  the  initial  stage  preceeding  the  SP  deformation  the  al¬ 
loy  structure  contains  equiaxial  grains  with  the  mean  linear  size 
of  about  0.3  pm  and  practically  no  dislocations.  This  structure 
is  rather  stable;  no  grain  growth  is  observed  during  annealing 
at  220°C  for  2  hours.  It  starts  only  at  the  temperatures  above 
2bO°C . 

Mechanical  testing  has  indicated  that  at  temperatures  be¬ 
low  220°C  strain  rates  were  too  low  to  be  registered  experimental¬ 
ly  (  £  <10_6s~l) .  In  order  to  provide  strain  rates,  close  to  those 
usually  observed  under  SP,  the  following  mode  of  deformation  was 
selected;  T=220°C,  <5=27  MPa.  Oata  concerning  the  mechanical  pro¬ 

perties  parameters  measured  under  the  said  conditions  are  pre¬ 
sented  in  the  Table.  Unfortunately  we  have  failed  to  measure  the 
maximum  value  of  the  specimen  relative  extension  to  rupture  be¬ 
cause  of  the  limited  extension  travel.  Data  presented  in  the 
Table  indicate  that  the  submicron  grain  alloy  displays  typical 
SP  behaviour,  its  properties  at  220°C  being  close  to  the  SP  pro¬ 
perties  of  the  8  pm  grain  size  alloy  at  500°C. 

The  electron-microscopic  studies  have  indicated  that  struc¬ 
tural  changes  during  the  submicron  grain  alloy  straining  are  those 
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typical  of  the  SP  materials;  as-strained  grains  remain  equiaxial, 
the  structure  is  devoid  of  dislocations,  a  slight  grain  growth 
is  observed  too.  Thus,  after  the  100%  extension  the  alloy  grain 
size  was  0.5  pm. 

Thus,  due  to  the  submicron  grain  structure  formation  the 
alloy  under  study  displayed  typical  SP  behaviour.  Up  to  now  the 
SP  effect  has  never  been  observed  in  Al-alloys  at  temperatures 
below  450°C  / 6 / .  That  is  why  the  SP  effect  displayed  at  220°C  may 
be  termed  a  "low  temperature"  superplasticity.  The  generality  of 
phenomenology  and  structural  changes  during  both  the  submicron 
alloy  SP  deformation  and  "ordinary"  SP  deformation  may  imply  the 
existance  of  common  mechanisms  providing  for  the  SP  flow  in  both 
cases  and  the  possibility  of  their  description  in  the  framework 
of  the  suggested  model.  However,  it  is  the  problem  of  diffusion 
role  and  development  in  the  relatively  low  temperature  interval 
that  is  most  stimulating. 

Proceeding  from  equation  (1)  and  using  the  data  of  the  Table, 
the  ratio  of  diffusion  factors  under  both  "ordinary"  and  "low 
temperature"  deformation  can  be  evaluated.  This  ratio  is  found 
to  be  10s  .  The  decrease  of  GB  diffusion  factor  which  is  expected 
when  temperature  drops  from  500°C  to  200° C  can  easily  be  calcul¬ 
ated  too.  Taking  into  account  the  exponential  dependence  on  tem¬ 
perature  (D) ,  the  following  ratio  is  obtained:  D  /D„  no_= 

__  5*10^  OUU  L  <Lc. U  L 

Thus,  during  the  submicron  grain  alloy  deformation  we  are 
dealing  with  a  pronounced  acceleration  of  GB  diffusion  in  the  low 
temperature  interval  when  the  diffusion  factor  is  by  1.5  order 
higher  (with  reference  to  that  of  the  "ordinary"  SP  deformation). 
It  is  probably  this  abnormal  increase  of  diffusion  in  the  sub- 
micron  grain  structure  alloy  that  enables  the  display  of  low  tem¬ 
perature  SP.  Diffusion  may  also  be  caused  by  a  considerable  non- 
equilibrium  of  grain  boundary  structure  in  the  submicron  grain 
materials  due  to  the  high  density  of  GBD's.  As  has  been  stated 
above,  the  submicron  grain  structure  was  in  fact  obtained  in  the 
alloy  by  means  of  fixing  the  initial  stage  of  recrystallization, 
but  in  this  case  GB's  are  in  a  highly  nonequilibrium  state.  Be¬ 
sides,  a  sharp  acceleration  of  kinetic  processes  is  observed  in 
the  latter.  This  point  of  view  agrees  well  with  the  conception 
of  nonequilibrium  G8  structure  and  properties  / 2 / ,  but  needs 
further  justification  for  submicron  materials. 
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Abstract 

The  eutectoid  Zn-Al  alloy  modified  with  2%  Cu,  shows  superplastic  be¬ 
havior  when  tested  in  tension  at  room  temperature  at  constant  strain  rate  of 
I0~3/sec.  The  maximum  deformation  reached  was  200%  with  an  "m"  value  of  0.34. 
Scanning  electron  microscope  "in  situ"  observations  of  the  deformation, 
shows  that  some  big  grains  of  zinc  are  chopped  during  the  deformation,  and 
some  new  material  emerge  to  the  surface  to  fill  the  gap.  Some  slip  bands 
were  observed  in  a  few  zinc  grains,  making  45°  with  the  tension  axis.  Trans¬ 
mission  electron  microscopy  of  deformed  specimens,  led  us  to  conclude  that  some 
hard  aluminum  grains  break  zinc  or  aluminum  grains  during  the  deformation. 

In  this  way  an  aluminum  grain  can  surpass  another  grain  during  the  deform¬ 
ation.  Some  evidence  of  this  mechanism  is  presented. 
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Introduction 


One  of  the  basic  problems  In  superplastic  deformation  is  to  explain  the 
process  by  which  very  large  macroscopic  strains,  are  produced  in  the  specimen 
with  almost  no  microscopic  changes  in  the  shape  of  the  grains.  At  first 
sight,  the  Ashby-Verral  (1)  grain  switching  mechanism  has  been  attractive 
for  explanation  of  this  basic  problem,  although  in  its  details  it  has  been 
subject  to  criticism  (2).  The  theory  is  a  two  dimensional  model  and  as 
Gif kins  (3)  has  pointed  out,  the  grain  switching  process  must  be  modified 
to  account  for  the  increase  in  surface  area  with  strain.  The  model  proposed 
by  Gifkins  is  a  3-dimensional  model  which  matches  the  observation  that  new 
surface  is  created  during  extension  of  the  specimen  but  grain  size  remains 

unchanged.  A  new  group  of  adjacent  sliding  grains,  would  open  up  a  fissure 

on  the  free  surface,  as  the  deformation  continues  a  new  grain  emerges  at  the 
surface  to  fill  the  gap.  Grain  boundary  migration  occurs  at  the  same  time  as 
emergence  in  order  to  restore  grain  boundary  dihedral  angles;  this  result  in 
the  rounding  of  the  emergent  grain  and  curvature  of  all  other  grain  bounda¬ 
ries,  the  process  is  regenerative  to  higher  elongations.  This  process  has 
been  examined  critically  (4)  and  there  is  a  lack  of  experimental  observations. 

In  the  present  work  the  deformation  of  a  fine  grained  alloy  Zn-20  wtX 
Al-2  wt%  Cu,  was  observed  "in  situ"  by  SEM  at  room  temperature.  The  micro¬ 
structure  of  the  deformed  specimens  was  studied  by  TEM. 

Microstructure  and  Mechanical  Properties  of  the  Alloy 

Tensile  specimens  were  cut  from  sheets  of  the  Zn-20Al-2Cu  alloy.  The 
specimens  were  annealed  for  one  hour  at  533“K  to  give  an  average  grain  diam¬ 
eter  of  2  pm  and  then  tested  at  room  temperature  on  an  Instron  1125  testing 
machine  having  a  constant  rate  of  cross-head  displacement. 

The  experimental  results  are  shown  in  Fig.  la.  The  addition  of  2  to 
2.5%Cu  to  the  eutectoid  Zn-Al  alloy  increases  its  ductility  at  room  tempera¬ 
ture.  The  curve  flow  stress  as  a  function  of  the  strain  rate,  exhibits  the 
characteristic  sigmoidal  shape  of  the  superplastic  material  with  a  slope 
m  “  0,34  in  the  region  II.  The  curve  percentage  elongation  at  fracture,  as  a 
function  of  strain  rate  indicate  that  the  elongation  to  failure  increases 
from  20%  at  high  strain  rates  to  a  maximum  of  180%  in  the  middle  region,  and 
then  decreases  again  for  lower  strain  rates.  The  data  therefore  demonstrate 
very  clearly  that  this  material  shows  a  superplastic  behavior  at  room  tempera¬ 
ture.  There  is  an  optimum  range  of  strain  rate  for  maximum  ductility  in  the 
way  it  has  been  found  for  the  eutectoid  Zn-Al  at  higher  temperatures. 

In  all  cases,  during  the  deformation  the  stress-strain  curves  shows  an 
oscillatory  behavior.  Fig.  lb. 

"In  Situ"  Deformation 


Tensile  specimens  with  the  appropiate  dimensions  (16  mm  long.  2  mm 
wide,  0,5  mm  thick)  to  fit  in  the  tensile  stage  of  a  JEOL  T-20  SEM,  were  cut 
and  annealed  as  described  before.  Pictures  were  taken  as  deformation  took 
place  at  a  strain  rate  of  10  /sec.  It  was  observed  following  some  scratches 
on  the  surface  that  grain  sliding  is  a  main  mechanism  of  deformation  at  room 
temperature  of  this  alloy.  The  shape  of  the  grains  did  not  change  even  at 
high  deformations  (140%).  At  the  beginning  of  the  deformation  some  slip  lines 
were  observed  making  near  45°  with  the  tensile  axis,  when  deformation 
reaches  10%  some  fissures  are  observed  inside  of  a  conglomerate  of  zinc  grains 
and  they  become  apparent  when  deformation  reaches  21%,  Fig.  2b.  These  fissures 
do  not  propagate  by  the  specimen  to  produce  fracture.  As  the  deformation 
progress,  they  get  wider  without  increasing  its  length  by  the  migration  of 
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the  two  parts  of  the  fractured  grain  in  opposite  directions  parallel  to  the 
tensile  axis.  After  80%  deformation  Fig.  2c,  several  small  grains  of  less 
than  2  microns  coming  from  the  bottom  of  the  crack  start  to  fill  up  the  region 
in  between  the  two  parts  of  the  grain.  Higher  deformations  (up  to  140%)  ex¬ 
poses  a  bigger  portion  of  the  boundary  facet  and  more  grains  are  observed  to 
move  to  the  surface  Fig.  2d.  In  addition  to  these  grains  that  emerge,  the 
lateral  contraction  of  the  specimen  pushes  some  grains  from  the  rim  of  the 
fissure,  contributing  to  restore  the  surface.  A  similar  behavior  was  observed 
in  the  c racks  produced  in  a  Fe-Al  phase  present  in  a  few  places  of  the  spec¬ 
imen  Fig.  3.  It  is  noteworthy  the  fact  that  the  cracks  originated  in  this 
brittle  phase  do  not  affect  the  fracture  behavior  of  this  material.  The  same 
mechanism  is  expected  to  work  in  fissures  originated  by  the  separation  of 
smaller  grains,  although  it  was  not  clearly  observed.  In  order  to  study  the 
emergence  of  the  grains  under  a  more  controllable  conditions,  some  small 
cracks  were  induced  on  the  surface  of  a  set  of  specimens  using  a  razor  blade. 
In  all  cases,  the  artificial  cracks  were  ignored  by  the  material  and  in  some 
occasions  the  rupture  of  the  specimen  was  initiated  at  the  place,  indicating 
that  a  fissure  on  the  surface  is  not  enough  for  the  emergence  of  new  grains. 

Transmission  Electron  Microscopy  Observations 

Specimens  for  TEM  were  prepared  from  the  deformed  specimens  and  observed 
in  a  JEOL-200B  electron  microscope.  In  all  the  observed  specimens  the  grains 
were  equiaxed  and  almost  free  of  dislocations  Fig.  4.  The  number  of  subgrain 
boundaries  is  higher  in  the  deformed  specimen  than  in  the  non-deformed  one. 

The  way  in  which  this  subgrain  boundaries  were  produced  can  be  explained 
from  Fig.  5a.  In  this  figure  an  aluminum  grain  hits  a  zinc  grain.  The  stress 
concentration  at  the  contact  point,  induces  a  subgrain  boundary  in  the  target 
grain,  in  other  cases  Fig.  5b  the  target  grain  is  fractured.  Using  this  type 
of  mechanism  a  hard  grain  can  surpass  an  obstacle  during  the  superplastic 
deformation,  the  stress  concentration  can  produce  either,  grain  fracture  or 
activation  of  a  slip  plane.  In  both  cases  grain  refinement  is  produced.  This 
mechanism  is  very  likely  to  occur  in  this  two  phase  alloy  where  one  phase  is 
very  weak  (Zn-rich  phase)  and  the  other  is  a  precipitation  hardened  alloy 
(Al-rich  phase).  The  precipitates  that  strength  the  aluminum  has  been  observed 
by  high  resolution  transmission  electron  microscopy  (5). 

Discussion  and  Conclusions 

Copper  additions  of  some  2  to  2.5%  to  the  eutectoid  Zn-Al  increases  its 
ductility  at  room  temperature.  The  observed  deformation  mechanism  and  its 
stress  vs  strain  rate  and  strain  vs  strain  ’•ate  behavior,  indicates  that  the 
alloy  behaves  superplastically  at  room  temperature.  ''In  situ"  observations  of 
the  deformation  show  that  a  mechanism  similar  to  that  proposed  by  Gitkins 
for  superplastic  deformation  takes  place  in  this  alloy.  The  initiation  of  the 
proposed  fissure  can  be  located  at  regions  where  the  grains  move  apart  by 
grain  boundary  sliding  or  cracks  originated  inside  brittle  phases  produced 
by  impurities  such  as  Fe  or  Si. 

In  the  studied  alloy,  the  material  that  fills  the  fissure  between  grains 
is  not  a  single  grain,  as  was  originally  proposed  by  Gifkins,  but  a  conglom¬ 
erate  of  fine  grains  that  moves  to  the  surface.  These  grains  are  smaller  than 
the  original  grain  size  observed  before  deformation.  Fig.  2d  shows  that  all 
the  surface  of  the  specimen  after  deformation  is  composed  of  grains  that  are 
finer  than  the  initial  ones.  A  mechanism  that  could  explain  this  "grain 
refinement"  inside  the  specimen  is  the  grain  cutting  produced  when  a  hard 
grain  is  stopped  by  a  weaker  grain.  The  stress  concentration  produced  on  the 
weak  grain  can  fracture  it  or  induces  slip.  At  any  case  the  hard  grain  will 
surpass  the  obstacle  producing  grain  refinement. 
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It  is  possible  that  the  observed  oscillatory  stress-strain  behavior,  be 
originated  by  a  simultaneous  cutting  of  soft  grains  by  a  set  of  hard  grains 
distributed  in  the  specimen. 
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Figure  1  -  (a)  Deformation  to  failure 
(upper)  and  flow  stress  (lower)  vs 
strain  rate  for  Zn-20Al-2Cu;  (b) 
Oscillatory  stress-strain  behavior 
shown  during  the  deformation  of  this 
alloy. 
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Tensile  Axis 


(b) 


Cc)  (d) 

Figure  2  -  "In  situ"  observation  of  the  deformation  stages,  a)  Initial  struc¬ 
ture.  b)  e“  0,21.  The  grain  separation  is  apparent.  Some  slip  lines  are 
observed  at  "A",  c)  £  *  0,80.  Several  small  grains  emerge  to  fill  the  gap 
between  grains,  d)  €■  1,40.  The  surface  is  almost  restored. 


Figure  3  -  Fe-Al  phase  oroduced  by 
impurities.  Deformation  induces  a 
crack  in  this  brittle  phase  and  new 


grains  emerge  to  restore  the  surface 
in  the  same  way  shown  in  figure  2. 


Figure  4  -  After  140%  deformation  the 
grains  remain  equiaxed.  Several  sub¬ 
grain  boundaries  (s.b.)  are  produced 
by  the  deformation.  (TEM) 
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(a)  (b) 

Figure  5  -  a)  An  aluminum  grain  induces  a  subgrain  boundary  on  a  zinc  grain, 
b)  Fracture  (F)  induced  on  an  aluminum  grain  (dark  field).  Any  of  these 
mechanism  permits  a  grain  surpass  another  grain  during  superplastic  deform¬ 
ation.  (TEM) 
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ABSTRACT 

Over  the  last  several  years,  superplasticity  has  been  developed  in  fine 
microstructures  in  a  range  of  aluminum  alloys  including  aluminum-lithium 
alloys,  mechanically  alloyed  aluminum,  silicon  carbide  whisker-reinforced 
aluminum  alloys,  and  aluminum-magnesium  alloys.  In  some  cases,  the 
phenomenon  is  observed  at  extremely  high  strain  rates  by  comparison  with 
most  superplastic  alloys.  In  other  areas  of  interest,  true  ceramic 
materials  have  been  shown  to  be  superplastic  in  tension  tests  and 
superplasticity  has  been  developed  in  laminated  composites. 
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Introduction 


Superplasticity  is  the  capability  of  certain  polycrystalline  materials 
to  undergo  extensive  tensile  plastic  deformation,  often  without  the 
formation  of  a  neck,  prior  to  failure.  In  certain  metal  alloy  systems, 
tensile  elongations  of  thousands  of  percent  have  been  documented  as 
described  in  recent  reviews  (1,2).  Most  superplastic  alloys,  however, 
exhibit  optimum  tensile  elongations  of  about  300  to  1000%  but  this  is 
sufficient  to  make  complex  shapes.  High  values  of  the  strain  rate 
sensitivity  exponent,  m,  are  also  required  in  order  for  uniform  thinning 
to  accompany  high  tensile  elongations.  The  principal  alloy  systems  which 
have  been  exploited  commercially  for  superplastic  forming  are  those  based 
on  nickel,  titanium,  and  aluminum.  Interest  in  superplasticity  and 
superplastic  forming  is  on  the  increase.  Since  the  1982  International 
Conference  on  Superplastic  Materials  in  San  Diego  (3) ,  at  least  six  other 
international  symposia  have  been  held  (2) .  Advances  have  been  made  in 
fine  structure  3upe rpl a s t icit y  in  a  number  of  alloy  systems.  A 
significant  amount  of  this  work  has  centered  on  aluminum-ba3ed  alloys; 
very  recently,  superplasticity  has  also  been  demonstrated  in  ceramics  and 
in  laminated  composites. 

Superpla3tic  Aluminum-Based  Alloys 

There  is  considerable  current  research  and  development  activity  in  Al¬ 
ii  based  alloys,  Al-Mg  alloys,  SiC/Al  alloys  and  mechanically  alloyed  (MA) 
A1  alloys.  Development  of  superplasticity  in  the  Al-Li  alloy  system  has 
principally  been  of  interest  in  the  aerospace  industry  because  lithium 
simultaneously  and  significantly  increases  both  the  elastic  modulus  (E) 
and  decreases  the  density  (p)  of  Al.  Superplasticity  studies  in  Al-Li 
alloys  at  the  Lockheed  Palo  Alto  Research  Laboratory  have  centered  on  work 
on  both  model  systems  and  commercially-oriented  compositions.  In  the 
latter  case,  alloys  based  on  Al-3Cu-2Li-lMg-0 . 2Zr  have  been  produced  by 
both  ingot  metallurgy  (IM)  and  rapidly  solidified  powder  metallurgy  (PM) 
processing.  Optimum  superplasticity  of  1000%  was  found  at  500°C  at  strain 
rates  of  about  5  x  10-^s-1.  These  optimum  superpla3tic  properties  are 
more  attractive  than  those  in  the  Al  7475  alloy  in  which  the  optimum  rate 
is  only  2  x  lO-^-1 .  This  difference  in  3train  rate  between  these  alloy 
groups  is  attributed  to  the  fine  grain  sizes  in  the  Al-Li  alloys  (2-4 
microns)  by  comparison  with  those  in  the  Al-7475  alloy  (15  microns) . 
Lockheed  has  recently  collaborated  with  Reynolds  Metal3  and  Superform  USA 
(5)  to  produce  a  complex  shape  by  superplastic  forming  a  specially- 
processed  2090  alloy  (Al-2 . 6%Cu-2 . 4%Li-0 . 18%Zr) .  This  component  is  shown 
in  Fig.  1. 

Considerable  effort  ha3  also  been  devoted  to  superpla3ticity  studies 
in  Al-Mg  base  alloys.  Watanabe,  Ohori,  and  Takeuchi  have  modified  an 
existing  Al-Mg  alloy  (AA  5083)  by  the  addition  of  Cu;  the  grain  size  of  a 
0.6%Cu  alloy  was  less  than  10  pm  and  an  elongation  of  700%  was  obtained  at 
a  strain  rate  of  2.8  x  10“^  3_1  at  550°C.  Salama  and  McNelley  (7)  have 
been  studying  the  properties  of  an  Al-lOMg  alloy  containing  small 
additions  of  either  Zr  (0.2%)  or  Mn  (0.5%).  These  authors  show  that 
superplasticity  can  be  achieved  at  relatively  low  temperatures  (300°C)  in 
contrast  to  the  high  temperatures  required  in  other  superplastic  Al  alloy 
systems  (typically  475  to  550°C)  .  Finally,  superplasticity  in  PM  Al-5Mg- 
1.5Cr  has  been  studied  by  Shin,  et .  al.  (8).  After  consolidation  by  hot 
compaction,  followed  by  thermal-mechanical  processing,  a  fine-grained  (d  - 
2  pm)  condition  was  developed.  The  Al-Mg-Cr  material  exhibited 
superplastic  elongations  (>1000%)  at  high  strain  rates  (2  x  10“^  s-1)  at 
550°C . 
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A  drawback  of  superplastic  forming  of  commercial  alloys  is  the 
relatively  slow  strain  rates  (~10-4s_1)  at  which  optimal  superplasticity 
is  often  found.  In  general,  this  strain  rate  is  closely  related  to  grain 
size.  It  was  recently  discovered  (9)  that  a  composite  of  Al-2124 
containing  20  vol%  of  Sic  whiskers  behaves  in  a  superplastic-like  manner 
(up  to  300%  elongation)  at  the  high  strain  rate  of  3  x  10-1s~*.  This 
strain  rate  is  orders  of  magnitude  faster  than  that  for  most  of  the 
aluminum  alloys  described  above.  A  similar  phenomenon  was  recently 
observed  in  ultraf ine-grained,  MA  Al  9021  ( 4 . 2%Cu-- . 0%Mg-l . 1%C-Q . 8%0) 
alloy  (10) .  In  this  latter  case,  maximum  elongations  of  500%  were  found 
at  high  strain  rates  of  up  to  2.Ss_1  and  tests  have  been  performed  up  to 
340s-*.  Work  to  identify  the  precise,  operative,  deformation  mechanisms 
in  these  alloys  is  continuing.  The  observation  is  believed  to  be 
consistent  with  the  extremely  fine  (submicron)  grain  size  in  these  complex 
composites  and  alloys.  This  high  strain  rate  phenomenon  has  previously 
been  observed  in  a  study  of  the  mechanically  alloyed  (MA)  nickel  based 
3uperalloys,  MA  754  and  IN  6000  (11)  .  An  overview  of  the  superplastic 
behavior  of  the  alloys  described  in  this  section  is  given  in  Fig.  2  in 
which  elongation-to-f allure  is  plotted  as  a  function  of  strain  rate.  The 
grain  sizes  for  each  of  the  alloy  groups  is  indicated  on  the  figure. 

Superplastic  Ceramics 

The  mechanism  of  superplasticity  is  not  fully  understood.  Despite 
this,  grain  boundary  sliding  is  often  experimentally  observed,  and  the 
major  structural  prerequisite  for  grain  boundary  sliding  is  a  stable,  very 
fine  (<10|lm) ,  grain  size;  this  requirement  for  stability  usually 
necessitates  the  presence  of  a  finely-dispersed  second  phase.  In 
addition,  the  grains  need  to  be  equiaxed  and  the  grain  boundaries  are 
required  to  be  mobile,  high-angled,  and  to  resist  tensile  separation  (1) . 
An  interesting  observation  is  that  ceramics  fulfill  many  of  these 
structural  prerequisites.  In  nearly  all  cases,  however,  despite 
exhibiting  high  values  of  strain  rate  sensitivity  (m  is  often  equal  to  1), 
fine-grained  ceramics  usually  show  very  limited  tensile  ductility. 

In  the  past  few  years,  a  number  of  reports  have  appeared  in  the 
literature  of  apparent  observations  of  superplasticity  in  ceramic  systems 
(see  Ref.  2).  Critical  evaluation  (1)  of  these  observations  has  led  to 
the  conclusion  that  until  very  recently  no  categorical  evidence  has  been 
produced  for  true  superplasticity  in  ceramics  (i.e.,  large  tensile 
elongations)  .  We  believe  that  the  first  true  demonstration  of 
superplasticity  in  a  fine-grained  polycrystalline  ceramic  has  recently 
been  demonstrated  by  Wakai,  Sakaguchi  and  Matsuno  (12)  using  tension  tests 
at  1450<>C  on  a  yttria  stabilized  tetragonal  (microduplex)  zirconia 
polycrystal  (Y-TZP) .  A  maximum  value  of  elongation  to  failure  of  200%  was 
found.  The  grain  size  of  the  material  wa3  extremely  fine  (d  0.3  )im)  . 
Current  work  at  the  Lockheed  Research  and  Development  Division  has 
reproduced  and  improved  upon  the  work  on  Y-TZP  (13) .  An  example  from  this 
work  illustrating  an  elongation  of  350%  in  Y-TZP  is  shown  in  Fig.  3. 

Superplastic  Laminated  Composites 

It  is  possible  to  make  non-superplastic  mild  steel  behave  in  a 
superplastic-like  manner  at  intermediate  temperatures  by  lamination  to 
superplastic  ultrahigh  carbon  steel  (14).  Strain-rate  sensitivity 
exponents  over  0.30  and  elongations  to  fracture  of  over  400%  have  been 
obtained.  The  strain  rate-stress  results  show  good  agreement  with 
constitutive  equations  for  creep  based  on  an  isostrain  deformation  model. 
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This  model  was  also  used  to  predict  the  conditions  of  strain  rate, 
temperature,  and  percentage  of  non-superplastic  component  required  to 
achieve  nearly  ideal  superplasticity  in  a  ferritic  stainless  steel  clad  to 
an  ultrahlgh  carbon  steel.  Daehn,  Kum,  and  Sherby  (15)  have  shown  that 
the  predicted  conditions  are  achieved  for  a  UHC  steel  clad  with  a  ferritic 
stainless  steel  (12%  by  volume) .  This  combination  of  components  and  test 
conditions  leads  to  the  unexpected  result  that  coarse-grained  stainless 
steels  can  be  made  superplastic  (>800%  elongation  at  825°C  and  at 
i  -  10"3  s_1)  . 
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Figure  1  Superplast ically  formed  Al- 
Li  (A12090)  alloy  component. 
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Figure  2  Overview  of  superplastic  behavior  as  a  function  of  strain  rate. 
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Abstract 

This  paner  is  shown  that  the  sunerrlastic  deformation  of 
G'j-1  .<J3e-0.2Ni  alloy  is  caused  by  simultaneous  operation  of 
three  cooperation  mechanism  ( GBS , DS , DC  ) .  Dislocation  slit  is 
-lay  the  role  in  both  accomodation  mechanism  and  the  process 
brin"  about  the  IPS  development.  Diffusion  creep  also  makes  con 
tri bution  to  accomodation  process  of  IBS.  The  creates*  ccntriru 
tion  to  total  strain  is  made  by  GBS  under  condition  of  ortir.um 
sunerrlasti ci ty.  The  second  phase  particle  is  an  effective 
snurse  of  lattice  -’irlocation  errited  into  grain  by  rarticle  and 
.-•rain  bcu  idary  dislocation  movement.  There  also  exists  correla¬ 
tion  between  the  intrarrranular  particle  and  lattice  dislocation 
On  ti.e  basis  of  present  experimental  results,  a  codie  of  surer- 
rlastie  flow  mechanism  is  proposed  to  describe  the  deformation 
process  of  Cu-1.9Re-0.2Ni  alley. 
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Introduction 


As  yet,  the  majority  of  studies  on  mechanism  of  superplas¬ 
tic  deformation  have  been  made  in  quasi- single  phase  alloys  (1, 
2)  or  duplex  phase  alloys  (3.4).  For  age  strengthening  alloys, 
large  valume  fraction  second  chase  particles  existed  in  the 
alloys,  which  result  in  sune rpla sti ci ty  decreased  by  voids  for¬ 
mation  in  early  stage  of  deformation  and  r  de  study  on  mechanism 
complicate.  Recently,  some  reports  indicated  that  high  strength 
alloys,  e.g,  7475  alumanium  alloy  (5),  can  manifest  large 
elongation  by  controling  and  utilizing  second  phase  particles  in 
nretreatment.  The  flow  behavior  of  this  kind  of  alloy  is  similar 
with  other  superrlastie  alloys.  The  Durpose  of  present  paper  is 
to  investigate  the  superplastic  flow  mechanism  of  an  age  streng¬ 
thening  alloy  and  the  reasons  of  manifesting  large  elongation  . 
’’he  effects  of  second  phase  particles  in  deformation  were  exa¬ 
mined  as  well. 


Experimental  Procedures 


For  the  reason  that  superplasticity  of  received  state  ma¬ 
terial  was  rather  poor,  the  maximun  elongation  was  only  265'  , 
three  kinds  of  nretreatment  process  were  employed  to  improve  su- 
nerrlas ti ci ty  of  the  material.  They  are  (a)  quenching  (740°C)  + 
aging( 320°C , 2 . 5hr ) ,  (b)  quenching( 780°C ) + cold  rolling(e=55?)  , 
(c)  ouenching(780OC)  +  cold  roll ing( e = 55? ) +ageing( 320°C , 2 . 5hr) . 

The  material  treated  by  the  third  kind  of  nretreatment  manifests 
the  masimum  elongatin,  1  300:?,  at  550°C  with  1.67x10*3s_1  and 
selected  to  investegate  mechanism  of  superplastic  deformation. 

Specimens  were  cut  from  the  plate  of  material  along  rolling 
direction  and  machined  to  final  size.  The  gauge  demension  of 
specimen  was  16x16x2  mm. 

Tensile  deformation  tests  in  vaccun  were  carried  out  on  a 
71eeble-1  500  test  machine.  Optical  microscope,  SF.M  and  TSM  were 
used  to  observe  and  analyze  the  deformed  m i cro s  t  rue t.u res .  Tex¬ 
ture  measurement  and  dislocation  density  determination  were  con¬ 
ducted  by  x-ray  diffractometer. 

Results  and  Discussion 


Texture  measurement.  Pole  figures  for  the  specimens  were 
determined  by  x-ray  diffractometer.  The  major  texture  component 
of  received  state  spicinnen  was  (110)(223).  The  (111)  role  fi¬ 
gures  for  specimens  deformed  to  50?  at  strain  rate  of  region  I, 
II  and  III  show  that  the  components  of  texture  were  similar  with 
the  major  texture  component  of  received  state  specimen,  but  the 
relative  intensities  of  three  regions  were  different.  The  rela¬ 
tive  indensities  in  all  three  regions  decreased  after  deforma¬ 
tion,  especially  in  region  I.  Tn  regin  II,  IPS  and  rotating 
changed  initial  preferred  orientation  in  the  material,  diffusion 
process  also  made  a  con tr i bu ti on  to  the  change.  In  the  region 
III,  dislocation  slip  played  the  major  role  in  deformation,  so 
the  relative  intensity  of  texture  waf  hieer.  lo  new  texture  was 
formed  in  all  three  regions  during  deformation. 

dislocation  density  estimation.  Pislocati  or.  density  was  es¬ 
timated  by  mesearin.g  real  width  of  diffracted  ray  and  clonic- 
ting  from  enuaption  (1).  The  values  calculated  were  given  in 
Table  1.  "here  values  show  that  the  dislocation  density  in  re- 


64 


grains,  especially  at  tin  of  particles,  so  dislocation  were  emi¬ 
tted  from  the  particles  to  relax  the  stres  concentration.  Par¬ 
ticles  both  at  grain  boundary  and  within  grains  are  dislocation 
sources  and  were  correlative  with  other  dislocation,  i.e.,  the 
dislocation  tangled  and  help  up  around  the  particles  with  grains 
when  they  were  blocked  by  the  particles.  As  grain  boundary  di¬ 
slocation  motion  was  blocked  by  some  obstacles,  e.g.,  triple 
points,  particles  at  grain  boundary  or  step  of  grain  boundary, 
lattice  dislocation  were  emitted  into  grains  to  relax  stress 
concen tra  ti on . 

A  mechanism  modle.  In  terms  of  above  results,  a  mechanism  m 
modle  was  proposed  to  describ  the  process  of  G3S  with  accommoda¬ 
tion  of  dislocation  motion.  The  scheme  of  the  modle  was  shown  in 
Fig. 2.  In  the  figure: 

1 - grain  boundary  dislocation  pile 
up  at  particle; 

2- dislocation  emmited  by  particle 
at  grain  boundery; 

3- resolving  of  lattice  diloca¬ 
tion  at  opposite  grain  boun¬ 
dary  ; 

4- triole  point  become  a  grain 
boundary  dislocation  source 
and  dislocation  pile  up  at 
grain  boundary  particle: 

5- grain  boundary  particles  beca¬ 
me  grain  boundary  dislocation 
source : 

6- lattice  dislocation  emitted  by 
triple  point; 

7- particle  within  grains  became 
a  dislocation  source  and  emi¬ 
tted  dislocation. 


Pig. 2  The  scheme  of  the  su- 
perplactic  deformation 
mechanism  modle  in  Cu- 
1  .  93e-0. 2M i  alloy. 
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Abstract 

The  mechanism  of  superplastic  deformation  are  being  developed  and 
perfected.  Research  workers  have  put  forwarded  many  models.  This  paper  is 
to  furthur  probe  the.  superplastic  deformation  mechanism  for  two  selected 
alloys,  coarse  and  superfine  grain,  by  means  of  advanced  techniques.  The 
result  shows  that  features  of  superplastic  deformation  differ  from  plastic 
deformation  and  diffusion  creep.  The  mechanism  of  diffusion  creep 
coordinating  grain  boundary  sliding  tallies  with  the  model  suggested  by 
Ashby  and  the  mechanism  of  dislocation  slip  coordinating  grain  boundary 
sliding  tallies  with  the  model  suggested  by  Gifkins.  According  to  the  facts 
that  DC  and  DS  occur  together  in  mantle,  authors  consider  that  the  process 
of  superplastic  deformation  Is  composed  of  macro  grain  rearrangement  and 
micro  coordinating  of  DC  and  OS.  The  beneath  grains  may  progressively 
emerge  in  the  site  on  which  the  cavities  along  the  transverse  grain 
boundaries  appeared  during  superplastic  deformation.  Thus,  the  number  of 
grains  along  the  tensile  axis  may  be  increased  cont inous ly . Ff na 1 ]y ,  this 
paper  advanced  a  complex  model  in  which  three  models  suggested  respectively 
by  Ashby,  Gifkins,  Geckinli  are  combined.  This  mode]  can  explain  sati- 
factortly  the  appearances  during  superplastic  deformation. 
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Introduction 


Up  to  now,  the  mechanism  on  superplastic  deformation  may  be  devided  into 
two  typiesr  one  is  the  model  that  diffusion  creep  coordinates  grainboundary 
sliding  (1,2),  another  is  the  model  that  dislocation  slip  coordinates  grain 
boundary  sliding  (3-8).  The  aim  of  this  paper  is  to  probe  and  verify  (a) 
GBS,OC,DS  exist  simultaneously  during  superplastic  deformation,  (b)  the 
relations  between  GBS,  DC  and  DS,  (C)  the  reason  why  large  elongation  can 
be  obtained  under  the  condition  of  superplastic  deformation. 


Materials  and  Experimental  Procedure 

Mg-4.3Al-0.4Mn-l.0Zn  and  Mg-5.3Zn-0.5Zr  alloys  were  selected  as  the 
test  materials.  Their  grain  sixes  are  16.7  m  and  3.8  m  respectively.  The 
two  alloys  were  elongated  using  Simazu  test  machine.  The  micro  structures 
after  deformation  were  analyzed  with  the  help  of  a  transmission  electron 
microscope.  The  microstructure  changes  during  tensile  process  were  also 
observed  with  a  high  temperature  optical  microscope.  Meanwhile,  the 
desities  of  dislocation  were  measured  with  a  X-ray  diffractometer. 


Experimental  Results 

1 . The  changes  of  mean  grain  diameter  (d)  and  the  grain  diameter  ratio  of 
longitudinal  to  transversal  £dt/d*)-  In  the  suitable  superplastic 
deformation  conditions,  the  d  and  dv/d*  of  two  alloys  were  measured.  The 
results  are  listed  in  table  1. 


Table  1.  d  and  dt/dt  of  two  alloys 


item 

original 

aging/2h 

20% 

50% 

100% 

rupture 

dt 

I 

— 

_ 

1.21 

1.27 

1.29 

1.36 

dt 

II 

— 

— 

1.22 

1.22 

1.23 

1.38 

I 

16.67 

14.  12 

14.58 

15.00 

18.80 

25.70 

d 

II 

3.81 

2.57 

6.  14 

6.51 

6.62 

7.35 

1 

- 

Mg-4.3Al-0.4Mn-l.0Zn  alloy  deformed  at  375’c 

i  =8. 33x10'* s"' 

II 

Mg-5.3Zn-0.5Zr  alloy  deformed  at  300wc,  £  =  1 

67x10  '^s  7' 

2.  The  observation  of  mfcrostructure  on  the  surfaces  of  specimen 
deformed.  We  found  that  the  grain  boundaries  which  emerge  during 
superplastic  deformation  result  from  the  uneven  areas.  With  the  strain  rate 
increasing,  the  uneven  areas  change  from  transversal  grainboundaries  to 
around  grainboundaries.  Finally,  they  spread  to  grains.  See  the  pictures 
of  Fig. 1  (a), (b). 
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close  packed  structure  is  not  introduced  in  much  literatures.  So  this  paper 
adrops  the  relative  density  of  dislocation  to  express  the  changes  .  See  the 
formula  (3). 


P  =  A  p1  (2) 

»P  /  P»=  <  **-  £)  /p*  (3) 

where  the  is  defined  the  density  of  dislocation  before  deformation.  The 
results  calulated  with  formula  (3)  are  listed  in  table  3. 


Table  2,  Relative  concentrations  of  atom  in  Mg-4.3Al-0.4Mn-l.0Zn 
alloy  deformed  to  50%  . 


element 

Sx 

intracryst . 

transversal  GB 

longitudinal  GB 

II 

I* 

II 

lx 

II 

Mn 

0.245 

1.0 

1.0 

0.8 

0.8 

1.5 

1.6 

Zn 

0.200 

2.0 

2.5 

1.5 

1.9 

2.2 

2.9 

Mg 

0.  150 

47.0 

79.5 

50.0 

84.4 

46.0 

81.1 

A1 

0.075 

5.0 

16.9 

4.0 

13.5 

4.0 

14.0 

Table 

3,  The 

variation 

of  relative  density  of  dislocation 

deformation 

a 

fi 

b 

B ' 

a  *  w  b 

uP/P. 

a  b 

300  c/15min 

0% 

9.8 

96.04 

0.00 

375  c/15min 

0% 

10.2 

104.04 

0.00 

3.33x10  s 

50% 

10.8 

10.  1 

116.64 

102.01 

0.12  0.06 

8.33x10  s 

50% 

11.0 

121.00 

0.  16 

1.67x10  s 

50% 

10.3 

106.  1 

0.  10 

1.67x10  s 

50% 

12.0 

11.5 

144.  00 

132.3 

0.38  0.38 

a  Mg-4.3Al-0.4Mn-1.0Zn  alloy 
b  Mg-5.3Zn-0.5Zr  alloy 


Analysis  and  Discussion 

The  role  of  DC  during  superplastic  deformation.  Authors  consider  that 
the  diffusion  creep  at  low  strain  rate  occurs  as  Nabarro-Herring  model  , 
ie,  takes  place  over  a  long  distance.  At  the  suitable  strain  rate,  the 
diffusion  creep  takes  place  a  short  distance. In  deformation  process,  DC 
can  play  the  role  as  follow  :  (1)  it  can  be  helpful  in  retaining  continuity 
between  grains  in  combination  with  GBS;  (2)  it  can  relieve  the  stress 
concentration  produced  by  GBS;  (3)  it  makes  GBS  take  place  continuously. 

The  role  of  GBS  during  superplastic  deformation. The  boundaries  between 
grains,  that  are  uneven  areas,  are  general  weak  bands  in  the  strength.  So 
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(a)  (b) 

Fig.l,  Two  stage  replica  of  (a)  Mg-4.3Al-0.4Mn-l.0Zn  alloy 
deformed  to  50*  at  375  “c  with  £=  8. 33xl0~*s"‘,  (b) 
Mg-5.3Zn-0.5Zr  alloy  deformed  to  50%  at  300“c  with 
j,  =  1.67xlO_1s-‘. 

3.  The  dynamic  observation  of  microstructure.  The  result  shows  that  the 
transversal  grainboundarles  extend  and  the  new  grains  emerge  onto  specimen 
surface  from  transversal  grain  boundaries  with  the  elongation  increasing. 
See  the  pictures  of  Fig. 2. 


(a)  (b) 

Fig. 2,  The  microstructures  of  Mg-4.3Al-0.4Mn-l.0Zn  alloy  deformed  at 
375®c  with  t  =8.33xl0'*s"  ,  (a)  to  7%  ,(b)  to  30%. 

4.  The  experiment  of  microanalysis  with  Auger  Scanning  Microscope.  According 
to  the  curves  obtained  from  Auger  scanning  microscope,  the  lx  of  each 
element  was  measured  and  put  in  formula  (1). 

Cx=Ix/SxDx/Ii/SiDi  (1) 

The  relative  concentration  (Cx)  of  atom  can  be  gotten  .  The  results  are 
listed  in  the  table  2. 

5.  The  results  from  the  X-ray  diffractometer.  The  density  of  dislocation 

can  be  estimated  with  the  formula  (2), if  the  width  of  X-ray  diffraction 
peak  (£)  has  be  known.  The  A  in  formula  (2)  is  a  experimental 
coefficiet.  But  it  is  unfortunate  that  the  A  value  of  metal  with  hexagonal 
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cavities  are  easily  formed  in  this  bands.  For  this  reason,  authors  point 
out  that  the  seats  where  the  internal  grains  emerge  preferentially  onto 
specimen  surfaces  are  the  grain  boundaries  in  which  cavities  are  formed 
easily. Therefore  the  number  of  grain  along  the  direction  of  the  tensile  axis 
are  increasing  continuously  in  the  deformation  process.  So  the  large 
extensibility  of  specimen  are  obtained. 

The  role  of  DS  during  superplastic  deformation.  According  to  the 
relative  densities  of  dislocation  and  the  observation  of  transmission 
electron  micrograph,  it  is  demonstrated  that  the  DS  is  almost  concentrated 
in  or  near  grain  boundary.  The  role  of  DS  is  to  relieve  the  stress 
concentration  produced  by  GBS  and  make  GBS  take  place  progressively. 

A  complex  mechanism.  As  above  results  and  analysis,  a  complex 
deformation  mechanism  containing  GBS,  DC,  DS  has  been  suggested  in  this 
paper  ,  in  which  GBS  is  taken  as  a  dominant  role.  Meanwhile,  GBS  obtains 
DC,DS  coordinating.  Fig. 3  is  a  sketchmap  of  the  complex  deformation 
mechanism. 


Coaplex 

■echanisa 


Fig.  3,  The  sketchmap  of  complex  deformation  mechanise.. 
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Abstract 

Experimental  data  have  shown  that  specially  processed  fine  grain  Inconel  718  can 
exhibit  superplastic  properties.  However,  evaluation  of  these  results  indicated  that 
Inconel  718  did  not  respond  in  a  manner  characteristic  of  classical  superplastic  alloys. 
The  strain  rate  sensitivity  decreased  rapidly  with  increasing  strain  while  the  grain  size 
was  observed  to  first  increase,  then  refine,  then  again  increase  in  size.  Results 
presented  in  this  manuscript  illustrate  that  during  superplastic  flow  of  Inconel  718, 
dynamic  recrystallization  occurs.  This  grain  morphology  change  has  implications  with 
regard  to  the  controlling  mechanisms  for  high  temperature  superplastic  flow  in 
Inconel  718. 


Supcrplasticity  and  Supcrplastic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Pnton 
The  Minerals,  Metals  &  Materials  Society,  1988 


73 


Introduction 


There  has  been  considerable  controversy  over  the  mechanisms  of  superplastic 
deformation  and  accordingly  over  the  past  20  years  theories  have  been  proposed  that 
attempt  to  describe  superplastic  metal  flow  in  terms  of  either  single  or  several  deforma¬ 
tion  mechanisms.  The  experimental  evidence  now  indicates  that  several  processes  can 
occur  during  superplastic  deformation  including  grain  boundary  sliding,  dislocation 
motion,  diffusional  processes  and  dynamic  recrystallization. 

In  a  previous  publication  (1),  superplasticity  was  reported  in  a  specially  processed 
fine  grain  Inconel  718.  Because  of  the  limited  experimental  information  available,  the 
mechanisms  controlling  superplastic  flow  in  this  alloy  were  not  well  understood. 
Additional  results  on  microstructural  changes  that  occurred  during  superplastic  forming 
in  this  fine  grain  Inconel  718  are  now  available  and  contribute  to  a  better  understanding 
of  metal  flow  in  this  alloy.  Accordingly,  this  manuscript  combines  superplastic  property 
results  with  microstructural  observations  to  provide  evidence  for  the  supposition  that 
superplastic  metal  flow  in  fine  grain  Inconel  718  progresses  through  cycles  of  diffusion 
control  and  dynamic  recrystallization. 

Fine  Grain  Inconel  718 


Fine  grain  Inconel  718  was  specially  fabricated  to  0.05  cm  thick  by  the  Huntington 
division  of  INCO  Alloys  International.  Fabrication  procedures  to  produce  the  very  fine 
grain  size  are  proprietary  to  INCO  Alloys  and  as  such  are  not  presented  in  this 
manuscript.  Metallography  illustrating  the  fine  grain  size  microstructure  is  presented  in 
Figure  la  where  grain  size,  measured  by  a  linear  intercept  technique,  is  <  6  um. 
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Figure  1  -  Grain  morphology  for  increasing  strain  in  SPF  tested  Inconel  718,  strain 
and  grain  size  are  shown. 


Results 


In  previous  work  (1),  superpiastic  flow  characteristics  were  determined  by  a  number 
of  approaches  including  step  strain-rate  tests,  whereby  strain  rate  was  incrementally 
increased  each  time  the  load  reached  a  maximum,  by  constant  strain  rate  tests  to 
measure  total  elongation  and  by  measurement  of  m  as  a  function  of  strain  by  periodically 
increasing  the  strain  rate  40%  and  establishing  the  flow  stress  and  again  returning  to  the 
original  strain  rate.  Evaluation  of  these  results  indicated  that  Inconel  718  did  not 
respond  in  a  manner  characteristic  of  classical  superpiastic  alloys. 

Testing  under  superpiastic  conditions  for  the  <  6  tun  grain  size  Inconel  718  showed 
elongations  to  be  relatively  limited  with  an  average  true  strain  at  fracture  of  -  1.8.  Even 
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at  this  low  level  of  strain,  necking  occurred  along  the  gage  length  indicating  only 
moderate  strain  rate  sensitivity.  This  result  is  shown  quantitatively  in  Figure  2  where  m 
is  shown  to  decrease  rapidly  as  a  function  of  accumulated  strain.  This  rapid  decrease  in 
strain  rate  sensitivity  behavior  is  not  characteristic  of  a  highly  superplastic  material  and 
indicates  that  a  change  in  flow  behavior  might  be  occurring  with  increasing  strain. 


Figure  2  -  Strain  rate  sensitivity  of  fine  grain  Inconel  718  with  increasing  strain 
at  2  x  10"“  s">. 

Optical  microscopy  shown  in  Figure  la-d  illustrates  a  sequence  of  micrographs  with 
increasing  strain  for  a  sample  tested  at  980°C  and  a  strain  rate  of  2  *  10~4  s'*.  This 
constant  strain  rate  test  was  interrupted  at  an  intermediate  level  of  strain  (0.8)  where 
the  sample  was  aged  at  980°C  for  1  h  prior  to  continued  loading  at  2  x  I0*4  s'1.  This 
aging  step  was  introduced  to  enhance  any  recrystallization  process  occurring  under  these 
conditions.  From  this  series  of  micrographs,  a  number  of  observations  can  be  made 
concerning  the  changing  microstructural  morphology.  The  initial  grain  size  is  small  with 
an  approximately  equiaxed  grain  shape.  At  low  levels  of  strain  (0.68)  grains  begin  to 
increase  in  size  and  continue  to  increase  in  size  up  to  a  true  strain  of  -  1.14.  At  higher 
levels  of  strain  (1.39)  the  grain  size  decreases  reaching  a  minimum  at  a  strain  of  ~  1.61. 
At  even  higher  levels  of  strain  (2.12)  grains  again  increase  in  size  and  continue  to 
increase  up  to  the  fracture  strain  of  2.71.  The  grain  shape  remains  essentially  equiaxed 
throughout  the  test  but  the  micrograph  in  Figure  1c  shows  a  bimodal  grain  size 
distribution  indicating  initiation  of  grain  refinement. 

A  note  concerning  data  collection  is  in  order.  It  is  not  possible  to  quantitatively 
equate  the  results  in  Figures  1  and  2  because  of  the  different  way  the  data  were  collec¬ 
ted.  Data  in  Figure  2  were  continuously  and  analytically  derived  during  testing  assuming 
uniform  flow,  i.e.,  no  necking.  These  results  illustrate  an  average  true  strain  over  the 
entire  gauge  length.  Strain  measurements  from  Figure  l  were  measured  directly  from 
the  sample  and  accurately  reflect  the  local  level  of  strain  for  the  microstructure  shown 
at  that  precise  location.  Since  necking  did  occur,  Figure  2  can  be  used  only  to  illustrate 
a  trend,  i.e.,  true  strains  are  higher  than  shown  for  a  given  value  of  m. 

In  superplastic  materials,  it  is  common  for  grains  to  grow  and  to  elongate  in  the 
stress  direction.  This  grain  growth  and  shape  change  have  been  explained  by  diffusional 
processes  whereby  vacancies  diffuse  to  grain  boundaries  approximately  parallel  to  the 
tensile  axis,  while  there  is  a  corresponding  counterflux  of  atoms  to  boundaries 
perpendicular  to  the  tensile  axis.  Results  illustrated  in  Figure  1  show  grain  growth  up  to 
some  intermediate  level  of  strain,  where  grain  refinement  occurs,  followed  again  by 
grain  growth.  Initial  grain  growth  behavior  can  be  explained  by  diffusional  flow  but  to 
explain  the  equiaxed  grain  structure  and  grain  refinement  other  mechanisms  must  also 
become  active. 

To  explain  an  equiaxed  and  smaller  grain  size,  other  investigators  have  suggested 
that  dynamic  recrystallization  can  be  an  important  component  of  superplastic 
deformation  (2,3).  In  fact,  there  is  evidence  that  in  a  few  cases  recrystallization  may  be 
important  (4,5).  Dynamic  recrystallization  can  occur  in  materials  with  low  stacking  fault 
energies  which  have  limited  dislocation  mobility  and  tend  to  develop  localized,  high 
dislocation  densities  during  deformation.  When  local  differences  in  dislocation  density 
are  sufficiently  high,  recrystallization  proceeds  by  the  migration  of  high  angle  boundaries 
(6).  Results  from  the  present  study  show  that  dynamic  recrystallization  is  active  in 
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superplastic  flow  of  Inconel  718.  The  transmission  electron  micrographs  in  Figure  3,  for 
a  sample  strained  to  a  true  strain  of  1.6,  show  high  angle  boundaries  of  recrystallized 
grains  bowed  into  the  grain  (on  the  lower  left)  which  contains  a  relatively  large  number 
of  dislocations.  This  is  typical  of  dynamic  recrystallization  where  dislocation  densities 
drop  to  very  low  levels  just  behind  moving  boundaries. 


Figure  3  -  Grain  boundary  morphology  in  SPF  tested  (1.63  true  e)  Inconel  718. 

Further  evidence  for  dynamic  recrystallization  is  shown  by  comparing  Figures  4  and 
5.  Figure  4  illustrates  grain  boundary  misorientation  in  as  received  Inconel  718  while 
Figure  5  provides  misorientations  after  a  true  strain  of  1.63.  The  number  of  twin 
boundaries  (59  to  60°)  decreases  but  also  there  is  an  increase  in  the  number  of  low  angle 
boundaries,  illustrating  stored  energy  available  for  dynamic  recrystallization. 

Referring  back  to  Figure  I,  it  should  be  remembered  that  only  the  portion  of  the 
sample  strained  above  -  1.4  true  strain  exhibited  dynamic  recrystallization.  This  can  be 
explained  by  the  results  of  Sakai  and  Jonas  (7).  They  have  shown  that  the  strain  to 
initiate  dynamic  recrystallization  in  Inconel  718  is  high  (0.7  at  975°C)  and  to  produce 
complete  recrystallization  is  much  higher  than  that  for  less  heavily  alloyed  materials. 

The  above  results  have  shown  grain  refinement  (Figure  1)  and  yet  the  strain  rate 
sensitivity  continues  to  decrease  (Figure  2).  If  recrystallized  grain  boundaries  are  high 
angle  boundaries,  then  flow  should  again  be  controlled  by  diffusion  with  a  corresponding 
increase  in  m.  This  apparent  inconsistency  can  possibly  be  explained  in  two  ways.  First, 
with  a  bimodal  grain  distribution,  as  shown  in  Figure  1c,  Ghosh  and  Raj  (8)  suggest  that  a 
distributed  grain  size  in  a  polycrystal  can  lead  to  mixed  mode  deformation,  in  this  case, 
the  microstructure  may  not  be  conducive  to  diffusion  control  because  of  the  bimodal 
grain  size  and  the  increased  number  of  small  angle  boundaries  (compare  Figures  4  and 
5).  Another  explanation  could  be  the  test  procedure  itself.  Because  of  necking  in  the 
gauge,  the  sample  is  unable  to  re-establish  a  uniform  strain  rate.  Thus  nonuniform  strain 
continues  even  after  grain  refinement.  If  in  fact  superplasticity  can  be  enhanced  in  situ 
via  dynamic  recrystallization,  then  novel  forming  procedures  could  possibly  be  developed 
to  accumulate  strain  when  the  microstructure  is  most  receptive  to  uniform  elongations. 

Conclusions 

Metallographic  and  properties  results  show  that  dynamic  recrystallization  is  active 
during  superplastic  flow  of  fine  grain  Inconel  718.  During  superplastic  strain,  stored 
energy  associated  with  high  localized  dislocation  densities  becomes  sufficient  to  activate 
dynamic  recrystallization,  resulting  in  grain  refinement.  This  results  in  superplastic 
metal  flow  in  Inconel  718  that  progresses  through  cycles  of  diffusion  control  and  dynamic 
recrystallization. 
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Figure  4  -  Grain  boundary  misorientation  distribution  in  as  received  Inconel  718. 


Figure  5  -  Grain  boundary  misorientation  distribution  in  SPF  tested  wrought  Inconel  718. 


References 


1.  M.W.  Mahoney  and  R.  Crooks,  "Superplastic  Forming  of  Inconel  718,"  Proceedings, 
Superplasticity  in  Aerospace  AIME  117th  Annual  Meeting,  Phoenix,  Arizona, 
25  January  1988,  Editors,  T.  McNelley  and  C.  Heikkenen,  to  be  published. 

2.  C.M.  Packer,  R.H.  Johnson  and  O.D.  Sherby,  "Evidence  for  the  Importance  of 
Crystallographic  Slip  During  Superplastic  Deformation  of  Eutectic  Zinc-Aluminum," 
Trans.  AIME,  242  (1968)  2485. 

3.  R.H.  Johnson,  C.M.  Packer,  L.  Anderson  and  O.D.  Sherby,  "Microstructure  of  Super¬ 
plastic  Alloys,"  Phil.  Mag.,  18  (1968)  1309. 

4.  G.  Herriot,  M.  Suery  and  B.  Baudelet,  "Superplastic  Behavior  of  the  Industrial 
Cu7W&96P  Alloy,"  Scripta  Met.,  6  (1972)  657-662. 

5.  M.J.  Stowell,  J.L.  Robertson  and  B.M.  Watts,  "Structural  Changes  During  Super¬ 
plastic  Deformation  of  the  Al-Cu  Eutectic  Alloy,"  Metal  Sci.  3.,  3(1969)  41. 

6.  D.  Apelian,  B.H.  Kear,  H.W.  Schadler,  "Spray  Deposition  Processes,"  Rapidly 
Solidified  Crystalline  Alloys,  (Warrendale,  PA,  the  Metallurgical  Society,  AIME, 
1985)  93-109. 

7.  T.  Sakai  and  J.J.  Jonas,  "Dynamic  Recrystallization:  Mechanical  and  Microstruc- 
tural  Considerations,"  Acta.  Metall.,  32  (1984)  189-204. 

8.  A.K.  Ghosh  and  R.  Raj,  "The  Evolution  of  Grain  Size  Distribution  During  Super¬ 
plastic  Deformation,"  Superplasticity,  Ed.  B.  Baudelet  and  M.  Suery  (Paris,  France, 
Centre  National  de  la  Recherche  Scientif ique,  1985),  1  I. l-l  1.19. 


77 


MICROSTRUCTURAL 


DYNAMICS 


I 


MICROSTRUCTURAL  INSTABILITY  DURING  SUPERPLASTIC  FLOW 


D.  S.  Wilkinson 

Department  of  Materials  Science  and  Engineering 

and 

Institute  for  Materials  Research 
McMaster  University 
Hamilton,  Ontario  L8S  4L7 
Canada 


Abstract 


Super p 1  as tic i ty  relies  on  the  development  and  maintenance  of  a 
fine-grained  mic rostruc ture  .  However,  such  mic ros t rue tures  tend 
to  be  unstable.  In  particular,  many  materials  undergo  strain- 
enhanced  grain  growth  during  superplastic  deformation.  This  is 
a  process  whereby  the  rate  of  grain  growth  is  greatly  enhanced 
over  that  which  occurs  in  the  absence  of  deformation.  The 
process  is  thought  to  be  linked  directly  to  grain  boundary 
sliding,  and  models  have  been  developed  which  are  consistent 
with  the  bulk  of  the  experimental  data.  Borne  new  experiments  on 
the  effect  of  strain  reversal  during  superplastic  deformation 
shed  additional  light  on  the  operative  mechanisms.  We  find  that 
strain  reversals  inhibit  grain  growth  in  a  microduplex  alloy 
but  not  in  "quasi"  single  phase  alloys.  A  model  to  explain 
this  behaviour  has  been  developed  by  assuming  that  grain  growth 
is  enhanced  by  the  effect  of  sliding  on  the  Zener  drag  process. 
The  model  predicts  a  delay  in  the  onset  of  grain  growth 
following  each  strain  reversal  for  a  strain  of  1/D,  1  being  the 
particle  spacing  and  D  being  the  grain  size.  The  model  accounts 
qualitatively  for  the  difference  in  behaviour  between  the  two 
types  of  materials. 
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Introduction 


Structural  superplasticity  is  exhibited  only  in  materials  of 
fine  grain  size.  Typically  a  grain  size  of  less  than  10  pm  is 
required,  although  in  many  materials  much  more  refined  grain 
structures  are  used.  It  remains  one  of  the  major  challenges 
then  in  superplasticity,  to  find  processing  methods  which 
enable  the  development  and  stabilization  of  a  fine  grained 
structure.  Two  basic  approaches  have  been  taken.  The  first 
involves  the  development  of  a  suitable  microstructure  prior  to 
superplastic  forming  by  an  appropriate  thermomechanical 
treatment,  typically  involving  extensive  plastic  deformation 
combined  with  static  rec rys ta 1 1 i za tion .  The  other  method 
involves  the  development  of  a  heavily  deformed  microstructure 
which  is  then  recrystal  1 ized  during  the  early  stages  of 
superplastic  deformation. 

The  first  of  these  approaches  has  been  traditionally  used  to 
develop  superplastic  behaviour  in  a  wide  range  of  materials, 
including  dispersion  and  precipitation  strengthened  alloys, 
microduplex  alloys  ,  and  ceramic  materials.  However,  it  does 
not  lend  itself  to  all  materials.  For  example,  it  is  found  that 
the  first  method  works  well  for  a  range  of  age  hardenable 
alloys  including  the  7075  and  7475  A1  alloys  (1).  However,  the 
same  method  does  not  work  nearly  as  well  when  applied  to  Al-Li 
alloys.  Instead,  Ghosh  and  Ghandi  (2)  have  shown  that  by 
eliminating  the  final  recrysta 1 1 i zat ion  step,  a  fine  subgrain 
structure  can  be  developed  by  means  of  dynamic 
recrystal  1 i zat ion  shortly  after  the  onset  of  high  temperature 
deformation.  Continued  deformation  leads  to  both  an  increase  in 
the  subgrain  misorientation  and  a  continuous  increase  in  the 
(sub)-grain  size. 

Whichever  of  the  two  processing  routes  is  used  it  is  clear  that 
a  fine  grain  size  eventually  develops,  and  that  this  is 
responsible  for  the  superplastic  behaviour.  However,  this 
structure  is  not  generally  stable  during  deformation.  Both 
grain  growth  and  grain  refinement  are  known  to  occur  depending 
on  the  material  and  the  test  conditions.  In  particular,  it  is 
now  clear  that  in  most  materials  deformed  at  strain  rates  below 
that  at  which  the  peak  strain  rate  sensitivity  is  observed, 
strain-enhanced  grain  growth  occurs.  There  is  now  considerable 
evidence  that  at  higher  strain  rates,  in  excess  of  the  peak 
strain  rate  sensitivity,  grain  refinement  by  dynamic 
recrystallization  occurs.  At  intermediate  strain  rates  (one 
imagines)  both  processes  will  occur  simultaneously. 

It  is  the  main  purpose  of  this  paper  to  review  our  current 
understanding  of  these  processes  and  to  consider  a  range  of 
models  which  are  available  to  explain  this  behaviour. 


Tensile  Stability 

One  of  the  prime  motivations  for  the  use  of  super pi ast l c i ty 
comes  from  the  high  degree  of  stability  which  is  exhibited. 
This  allows  the  forming  of  parts  in  which  relatively  large 
strains  (and  strain  variations)  are  achieved  without  developing 
large  variations  in  part  thickness.  The  most  important 
consideration  in  achieving  tensile  stability  and  gradual  neck 
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development  is  a  high  strain  sensitivity,  m  (as  illustrated  by 
Woodford's  classical  m  vs.  ductility  plot)  (3).  However,  other 
factors  are  also  important.  For  example,  two  commercial  Zn-Al 
alloys  containing  different  minor  alloy  additions  exhibit  very 
different  tensile  stability  at  low  strain  rates  (in  region  I  of 
superp  1  astic  i  ty )  .  One  alloy,  containing  about  0.5’/.  copper 
exhibits  much  greater  tensile  stability  at  low  strain  rates 
than  a  copper-free  alloy.  It  has  been  shown  (4)  that  this  is 
due  to  the  greater  degree  of  strain-enhanced  deformation  in  the 
copper-containing  alloy.  The  reason  for  this  can  be  traced  to 
the  effect  of  grain  size  on  flow  strength  through  a  simple 
model . 

We  start  by  adopting  a  constitutive  law  for  superplastic 
deformation  of  the  form 

a  =  K  €">  Dprn  (1) 

where  D  is  the  grain  size,  while  K,  m  and  p  are  measured 
material  parameters.  If,  as  is  commonly  found,  the  grain  size 
increases  at  a  rate  which  depends  on  strain  then  the  flow 
itself  becomes  strain-dependent.  To  model  this,  we  adopt  the 
simplest  possible  relationship  for  grain  growth,  namely 

D  =  Da  +  Ce  (2) 

This  relationship  is  both  simple  and  (based  on  experimental 
observation)  justifiable  (5).  By  substituting  eq .  (2)  into  eq . 
(1)  it  is  possible  to  determine  the  rate  of  strain  hardening 
T,  due  to  grain  growth  alone,  namely 

T  =  Cpm  /  (D„  +  Ce)  (3) 

It  is  clear  from  eq .  (3)  that  the  hardening  rate  due  to  grain 
growth  is  initially  high  but  that  it  diminishes  as  deformation 
continues.  The  tensile  stability  can  be  analyzed  to  a  first 
approximation  by  an  instability  parameter  of  the  form  (6) 

I=(l-T-m)/m  (4) 

The  larger  the  value  of  I  the  more  unstable  deformation  will 
be.  Thus  at  low  strain  rates  (i.e.  region  1)  a  large  value  of 
T  can  compensate  for  the  relatively  low  strain  rate 
sensitivity.  Thus  grain  growth  decreases  tensile  instability  at 
low  strain  rates.  On  the  other  hand,  as  noted  by  Hamilton  (7), 
it  can  increase  the  tensile  instability  at  higher  strain  rates 
near  the  region  I / 1  I  boundary.  This  is  due  the  effect  of  grain 
size  on  flow  stress  and  strain  rate  sensitivity  in  this  region. 

The  development  of  tensile  instabilities  during  superplastic 
flow,  incorporating  both  strain  and  strain  rate  dependent 
effects,  has  been  analyzed  in  considerable  detail  by  Hamilton 
(7)  and  by  Senkov  and  Likhachev  (B).  These  models  are  now 
capable  of  predicting  the  development  of  necks  within  a  tensile 
specimen  under  a  range  of  testing  conditions.  It  should 
therefore  be  possible  to  use  a  detailed  knowledge  of  strain- 
enhanced  grain  growth  and  of  the  grain-size  sensitivity  of  the 
flow  stress  to  develop  computer  codes  which  will  set  the 
optimum  conditions  for  superplastic  forming  with  regard  to 
minimizing  the  forming  time  while  ensuring  the  best  final 
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mic rostruc ture  and  the  most  uniform  part  thickness.  It  is 
therefore  of  both  practical  and  fundamental  value  to  develop  a 
sound  understanding  of  strain-enhanced  grain  growth. 


Experimental  Observations 

There  is  now  a  very  large  body  of  experimental  work  in  which 
strain-enhanced  grain  growth  during  superplastic  flow  has  been 
observed.  The  effect  is  seen  in  both  metals  and  ceramics. 
Moreover,  the  vast  majority  of  superplastic  materials  appear  to 
show  this  behaviour.  Several  recent  reviews  can  be  consulted  to 
obtain  a  complete  list  of  these  materials  (5,9,10,11,12).  It 
contains  a  wide  range  of  materials,  including  microduplex 
alloys,  single  phase  alloys  containing  a  fine  dispersion  of 
either  precipitates  or  dispersoids,  and  a  range  of  ceramic 
materials.  There  are  however,  a  significant  number  of  materials 
in  which  significant  strain-enhanced  grain  growth  is  not  observed.  The 
most  notable  amongst  these  are  ceramic  materials  containing  a  layer  of  glass 
along  the  grain  boundaries  (13). 


In  materials  which  do  exhibit  strain  enhanced  grain  growth,  the 
main  observations  can  best  be  summarized  by  a  plot  such  as  Fig. 
1  . 


Fig.  1;  A  plot  of  the 
grain  growth  rate 
normalized  by  the  initial 
grain  size,  as  a  function 
of  the  strain  rate,  for  a 
range  of  metallic  systems. 


This  illustrates  the  three  regions  of  behaviour  typically 
observed.  At  intermediate  strain  rates  the  rate  of  grain 
growth  depends  linearly  on  the  strain  rate.  Moreover,  the  grain 
growth  seems  to  obey  a  very  simple  relationship  of  the  form 

D  =  a  Do  e  (5) 

At  low  strain  rates  the  rate  of  grain  growth  is  very  low.  At 
sufficiently  low  strain  rates  it  becomes  dominated  by  the 
static  annealing  grain  growth  rate  (i.e.  the  rate  of  grain 
growth  at  the  same  temperature  in  the  absence  of  deformation). 
At  high  strain  rates  there  is  a  decrease  in  the  rate  of  grain 
growth  per  unit  strain,  denoted  on  Fig.  1  by  a  decrease  in  the 
slope  of  the  curves.  It  is  interesting  to  note  that  this 
decreasing  slope  occurs  at  relatively  modest  strain  rates.  This 
is  clearly  seen  in  Fig.  2,  in  which  the  strain-enhanced  grain 
growth  per  unit  strain  is  shown.  The  strain  rates  at  which  the 
peaks  in  the  strain  rate  sensitivity  are  observed  are  marked  by 
arrows  on  the  plot.  Thus  it  is  clear  that  the  strain  rate 
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independent  regime  occurs  in  region  I  of  superplastic 
behaviour . 


Fig.  2:  A  plot  of  the 
strain-enhanced  grain 
growth  rate  per  unit 
strain  as  a  function  of 
strain  rate,  obtained  by 
subtracting  the  static 
grain  growth  rate  from 
that  observed  during 
deformation . 


c  («H) 

Plots  of  the  type  just  shown.,  obscure  much  of  the  detailed 
behaviour  that  is  useful  for  understanding  the  mechanisms 
involved.  For  example  the  plotted  grain  growth  rates  are 
actually  average  values  measured  over  relatively  large  strains. 
Detailed  observations  indicate  that  the  grain  growth  rate  is 
not  constant.  Moreover  the  variation  in  the  rate  of  grain 
growth  with  strain  differs  for  different  materials.  Some  of  the 
models  for  this  process  (discussed  in  the  next  section) 
suggest  that  in  the  intermediate  strain  rate  regime,  the  grain 
growth  rate  should  increase  linearly  with  the  current  grain 
size.  Thus  6  In ( D/D= ) / 6e  should  be  constant.  Our  observations  on 
the  Zn-Al  eutectoid  alloy  suggest  that  this  is  indeed  the  case 
(14).  However,  similar  work  on  Coronze  638  (a  sinqle  phase 
copper  alloy  containing  a  fine  dispersion  of  CoSi  particles) 
shows  a  gradual  decrease  in  6  In ( D/D0 ) with  increasing 
strain  (14).  A  similar  decreasing  grain  growth  behaviour  has 
been  documented  by  Nes  (12)  for  a  range  of  aluminum  alloys.  The 
reason  for  this  behaviour  is  not  clear.  It  is  possible  however 
that  the  distribution  of  particles  which  pin  grain  boundaries 
may  be  altered  by  deformation.  In  particular,  if  particles  are 
swept  up  by  the  grain  boundaries  as  they  migrate  then  they  will 
act  as  increasingly  effective  barriers  to  grain  boundary 
migration.  Detailed  electron  microscopy  is  required  to  resolve 
this  question. 

Additional  insight  into  the  mechanism  of  strain-enhanced  grain 
growth  is  obtained  from  tests  in  which  samples  are  cyclically 
loaded.  The  first  experiments  of  this  type  were  performed  by 
Clark  and  Alden  (15)  on  Sn  containing  IV.  Bi  .  More  recently  we 
have  performed  an  extensive  series  of  such  tests  on  two 
superplastic  alloys  -  Coronze  638  and  Zn-22V.A1  (14).  The 
results  are  interesting,  primarily  because  of  the  difference  in 
behaviour  between  the  microduplex  alloy  (Zn-Al)  and  the  quasi¬ 
single  phase  alloys  (Coronze  and  Sn-Bi).  In  the  latter  case, 
there  is  no  effect  of  cyclic  deformation  on  grain  growth.  After 
each  test  the  measured  grain  size  is  the  same  as  that  which 
would  have  resulted  in  a  monotonic  test  taken  to  the  same 
cumulative  strain.  No  effect  of  strain  amplitude,  for  values 
between  0.05  and  0.65,  was  observed.  The  Zn-Al  alloy  on  the 
other  hand,  showed  a  marked  influence  of  cyclic  deformation  on 
the  grain  growth  behaviour.  The  results  are  summarized  in  Fig. 
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3,  in  which  the  grain  growth  trajectories  for  different  strain 
amplitudes  are  shown. 


CUMULATIVE  STRAIN 


Fig.  3  :  A  plot  showing  the 
amount  of  grain  growth  in 
the  Zn-Al  eutectoid  alloy 
after  cyclic  deformation 
with  different  strain 
amplitudes.  The  monotonic 
result  is  also  shown  for 
comparison . 


It  is  clear  that  cyclic  deformation  retards  the  process  of 
strain-enhanced  grain  growth  in  this  alloy  and  that  the  effect 
is  stronger  for  small  strain  amplitudes.  The  effect  is  still 
significant  for  rather  large  strain  amplitudes  of  0.5.  The 
nature  of  the  effect  is  seen  more  clearly  in  Fig.  4. 


'■  i  *  £  tJ 

CUMULATIVE  STRAIN 


Fig.  4  :  Grain  growth  is 
plotted  vs.  cumulative 
strain  for  a  set  of 
experiments  in  which 
cyclic  deformation  is 
followed  by  monotonic 
tensile  deformation.  These 
tests  were  always  begun  in 
compression . 


From  these  tests  it  is  clear  that  on  each  reversal  of  the 
direction  of  straining,  grain  growth  is  interrupted.  In  this 
particular  case  of  strain  rate  equal  to  10_®/s  and  a  strain 
amplitude  of  0.5,  the  strain  required  to  restart  the  grain 
growth  process  is  about  0.3.  Clearly  any  model  for  the  process 
of  strain-enhanced  grain  growth  must  be  able  to  explain  this 
effect  and  to  rationalize  the  difference  in  behaviour  between 
single  phase  and  microduplex  alloys. 


Mechanisms  of  Strain-Enhanced  Grain  Growth 

It  is  clear  from  data  of  the  type  presented  in  Fig.  1,  that 
strain-enhanced  grain  growth  during  superplastic  flow  is 
governed  by  the  deformation  process  itself,  at  least  during  the 
intermediate  regime  on  the  plot.  The  process  appears  to  be 
athermal  in  the  sense  that  the  rate  of  grain  growth  depends 
only  on  the  current  strain  rate  and  not  directly  on 
temperature.  The  results  conform  to  a  relationship  of  the  form 
given  by  eq .  (5),  and  any  model  for  the  process  must  lead  to  a 
result  of  this  type.  In  fact  such  a  model  is  rather  easy  to 
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fabricate,  and  one  can  obtain  the  correct  result  by  a  simple 
dimensional  analysis  along  the  following  lines.  Superplastic 
deformation  is  known  to  be  due  to  grain  boundary  sliding,  and 
thus  the  strain  rate  is  proportional  to  the  sliding  rate 
divided  by  the  grain  size.  Any  geometrical  model  of  sliding 
induced  grain  growth  results  in  a  rate  of  grain  growth 
proportional  to  the  sliding  rate.  Putting  these  two  ideas 
together  leads  to  an  eguation  of  the  form  of  eg.  (5).  The 
actual  physical  mechanism  merely  influences  the  parameters 
which  make  up  a,  which  must  be  of  order.  Previous  work  on 
modelling  supports  this  idea  (6). 

The  experiments  on  strain  reversal  offer  more  insight  into  the 
operative  mechanisms.  In  particular,  it  is  clear  that  the 
behaviour  of  single  phase  and  microduplex  alloys  are  quite 
different.  The  most  logical  cause  of  a  difference  in  grain 
growth  on  strain  reversal  lies  in  the  difference  in  the  size 
and  spacing  of  the  particles  which  pin  grain  boundaries.  The 
"quasi"  single  phase  alloys  such  as  Coronze  638  contain  fine 
particle  dispersions  in  which  the  size  and  spacing  of  the 
particles  is  much  less  than  the  grain  size.  The  microduplex 
contain  particles  whose  size  and  spacing  is  comparable  to  the 
grain  size  of  the  matrix.  A  model  which  incorporates  particle 
size  and  spacing  into  grain  growth  can  be  developed  based  on 
the  Zener  drag  process.  Zener,  through  a  private  communication 
with  C.  S.  Smith  (16),  developed  the  first  model  for  the  grain 
boundary  pinninq  force  exerted  by  particles.  According  to  this 
picture,  grain  boundaries  moving  towards  their  centre  of 
curvature  must  bow  out  in  order  to  escape  from  particles,  as 
illustrated  in  Fig.  5.  We  now  imagine  what  happens  when  this 
boundary  undergoes  rapid  sliding  during  the  stochastic  process 
associated  with  superplastic  deformation.  Since  there  is 
insufficient  time  for  relaxation  to  occur  sliding  distorts  the 
grain  boundary  -  particle  interaction  as  illustrated  in  Fig.  6. 
The  angle  6  subtended  by  the  grain  boundary  at  the  particle 
decreases  during  sliding  and  eventually,  the  grain  boundary  is 
pulled  from  the  particle  and  migration  occurs.  When  the 
direction  of  strain  is  reversed  the  direction  of  grain  boundary 
sliding  also  changes.  A  delay  will  therefore  occur  before  the 
grain  boundary  is  again  in  a  position  to  undergo  unpinning  and 
grain  growth.  This  requires  a  boundary  displacement  s,  which 
must  be  comparable  to  the  particle  spacing  1.  Since  the  strain 
rate  is  proportional  to  the  sliding  rate,  the  strain  increment 
during  which  no  grain  growth  will  occur  is  about  1/D,  where  D 
is  the  grain  size.  For  materials  containing  a  fine  particle 
dispersion  l/D  is  very  small  and  the  effect  on  strain  reversal 
will  be  insignificant.  However,  for  microduplex  materials,  in 
which  1  and  D  are  roughly  equal,  a  significant  delay  should  be 
experienced,  as  indeed  occurs. 
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a) 


Fig,  5s  a)  A  schematic 
illustration  of  a  grain 
boundary  bowing  away  from 
a  particle. 


b)  A  schematic 
illustration  of  a  sliding 
grain  boundary  pinned  by 
a  particle. 


This  model  may  also  provide  the  explanation  for  the  lack  of 
strain-enhanced  grain  growth  in  some  materials.  If  the 
operative  process  involves  Zener  drag  then  only  those  materials 
in  which  grain  growth  is  controlled  by  particles  (or  porosity) 
should  exhibit  this  effect.  For  example,  glassy  ceramics  do  not 
contain  grain  boundaries  as  such.  Instead,  the  grains  are 
separated  by  a  thin  glass  film.  Grain  growth  therefore  requires 
the  diffusion  of  matter  through  this  film,  a  process  which 
should  not  be  deformation  sensitive.  In  other  high  density- 
high  purity  ceramics  which  contain  neither  porosity  nor 
particles  to  pin  grain  boundaries,  the  grain  size  may  simply  be 
kinetically  limited,  and  no  enhancement  of  grain  growth  by 
deformation  may  occur. 


Summary 

Superplasticity  relies  the  development  and  maintenance  of  a 
fine-grained  microstruc ture .  However,  such  mic ros true tures  tend 
to  be  unstable,  and  undergo  strain-enhanced  grain  growth  during 
superplastic  deformation.  The  process  is  thought  to  be  linked 
directly  to  grain  boundary  sliding.  Experiments  on  the  effect 
of  strain  reversal  during  superplastic  deformation  suggest  that 
grain  growth  is  enhanced  by  the  effect  of  sliding  on  the  Zener 
drag  process.  A  model  for  this  process  has  been  developed  which 
accounts  qualitatively  for  the  difference  between  "quasi” 
single  phase  and  microduplex  alloys. 
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Introduction 


One  of  the  ways  of  obtaining  a  fine  grain  microstructure  in 
a  magnesium  alloy  is  hot  straining  (1),  the  microstructure  forma¬ 
tion  being  conditioned  by  the  dynamic  recrystallization (2-4)  . 

This  paper  deals  with  the  study  of  the  alloy  mechanical  pro¬ 
perties  and  microstructure  changes  during  hot  straining  and  deter 
mination  of  the  conditions  of  the  Mg-6  Zn-0. 65  Zr  alloy  conver¬ 
sion  to  the  SP  state. 

An  alloy  casting  with  the  mean  grain  size  of  140  pm  was  used 
as  a  blank,  subjected  to  the  homogenization  annealing  in  order 
to  increase  its  manufacturing  plasticity.  Mechanical  testing  was 
performed  on  the  INSTRON  dynamometer.  Metallographic  investiga¬ 
tions  were  conducted  on  the  NEOPHOT-2  microscope  and  EPIQUANT 
automatic  structure  analyser.  The  electron-macroscopic  studies 
were  performed  on  the  TESLA  8S-540  microscope. 


Experimental  Results 

The  strain-stress  curves  in  the  150-500°C  interval  are  shown 
in  Fig.l.  One  can  see  that  the  alloy  deformation  is  accompanied 
by  a  slight  hardening  which  decreases  with  the  rising  temperature 


i!  a  n  <o  i.x 


Fig.l  Flow  stress-deformation  curves 
(  f  =4.3*10-3s“l) 

The  magnesium  alloy  mechanical  properties  after  different  de 
formations  are  shown  in  Fig. 2.  After  the  25%  preliminary  strain¬ 
ing  at  450°C  the  alloy  shows  the  linear  dependence  of  flow  stress 
on  strain  rate:  m  does  not  excede  0.25.  When  preliminary  deforma¬ 
tion  reaches  40%,  SP  features  are  displayed.  The  value  of  m  at 
E=10'3i2-10"2s-l  f 5  0.3.  When  the  strain  rate  decreases  the  m 
value  becomes  0.38,  and  at  the  85%  straining  and  10'3S-1  strain 
rate  a  maximum  value  of  m  is  reached.  The  alloy  displays  a  hiqh 
SP  performance.  Flow  stresses  change  with  the  ' ••  _• 


The  metallographic  analysis  of  specimens  has  been  performed 
in  order  to  establish  the  regularities  of  microstructura  1  changes 
under  hot  straining  (Table  I - 1 1 1 )  .  The  volume  fracture  of  recrys¬ 
tallized  grains  and  their  mean  grain  sizes  depend  to  a  great  ex¬ 
tent  on  the  temperature  and  strain  rate,  this  dependence  being  of 
an  ordinary  character  (5).  The  volume  • r  n  ‘ '  n  of  recrystallized 
grains  increases  in  proportion  to  deformation,  but  even  after 
the  75%  straining  recry s t a  1 1 i z a t ion  does  not  embrace  the  whole 
volume  of  material.  At  the  80%  straining  only  the  most  active  do- 
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Fig. 2  Flow  stress  ( <5  }  and  rote  sensitivity 
factor  (m)  dependence  on  strain  rate  during 
the  Mg-6  Zn-0.65  Zr  alloy  upsetting. 

formation  zone,  i.e.  the  specimen  center  is  recrystallized. 

Significant  changes  in  the  microstructure  can  be  observed 
already  after  the  5%  straining.  Grain  boundaries  in  the  vicinity 
of  some  triple  points  become  undulated,  and  new  grains  appear 
with  the  orientation  close  to  that  of  the  original  ones.  At  the 
original  boundaries  the  growth  of  deformation  results  in  the 
nucleation  of  new  grains  with  a  large  misorientation  as  refer¬ 
red  to  the  matrix.  A  mixed  structure  is  produced,  consisting  of 
original  grains  stretched  in  the  direction  of  deformation  and 
surrounded  by  fine  grains. 

Table  I .  The  Recrystallized  Grains  Mean  Size  (drec)  and 
Volume  (Vrpr)  at  Different  Temperatures  of 
Deformation  (  £=50%) 


The  Microstructure 

Temperature 

of 

Deformation,  C° 

Parameters 

250 

300 

350 

400 

450 

500 

5.0 

7 . 5 

10 

14 

16.5 

drec  ’ 

m  * 

2 . 5 

375 

5  .  5 

7.5 

9 

11 

^rec  ’ 

% 

20 

24 

30 

43 

52 

54 

Table  II.  The  r,  '.i  .  Grains  Wean  Size  (drRC)  and 

Volume  ( VrR[. )  at  Different  Degrees  of  Deformation 


...  _  Deqree  of  Deformation,  % 

The  Microstructurr  _  a  _  _  _ 

Parameters  5  15  5"5  4(3  50  75 

~T7  T5  T4  HP  TOTo 
drec  m _ _ _ 14 _ 12  10  "9  _  7  .  5 

Vrec,  X _  14  28  _ 42  52  _ 72 _ 

*  numerator  is  longitudinal  size,  denominator  is  lateral  size 
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Table  III.  The  Recrystallized  Grains  Mean  Size  (drpr.) 

and  Volume  (Vpec)  at  Different  Strain  Rates 
( T=450°C ,  £=50%) 


The 

Strain 

_  1 

Rates,  s 

Microstructure 

Parameters 

1 

o 

C\i 

4-10" 

4  8-10* 

4  4 ■ io*3 

9  •  10'3 

2  •  10'2 

ZB 

24 

19 

14 

12 

1U 

^rec*  111  * 

17 

15 

11 

“5 

W 

“7 

vrec-  % _ 

61 

60 

57 

52 

46 

38 

*  numerator  is  longitudinal  size,  denominator  is  lateral  size 


The  specimen  surface  during  deformation  displays  a  single 
slip  developing  inside  coarse  grains.  Multiple  slip  develops 
mainly  in  the  vicinity  of  boundaries.  The  process  is  character¬ 
ized  by  the  shift  of  marks  in  neighbouring  grains  when  a  large 
number  of  recrystallized  grains  is  formed. 

The  fine  structure  analysis  after  deformation  has  indicated 
that  at  the  initial  stage  of  deformation  a  2-3  pm  cell  structure 
is  produced.  When  deformation  increases  the  dislocation  walls 
are  formed  in  the  majority  of  grains,  the  spacings  between  them 
being  1-2  pm.  During  deformation  the  shift  of  one  part  of  fine 
grains  against  the  other  occurs,  the  density  of  dislocations 
entering  subgrain  boundaries  increases,  the  twisted  character 
of  the  latter  becomes  more  pronounced.  Subgrain  boundaries  are 
found  in  the  recrystallized  grains  too. 

The  character  of  microstructural  changes  during  the  deforma¬ 
tion  under  the  optimum  temperature-rate  conditions  (  £=4.3-10*3, 
T=450°C)  depends  on  the  original  structure  of  material.  The  de¬ 
formation  of  specimens,  with  recrystallized  grains  making  25% 
of  their  original  structure,  results  in  the  further  increase  of 
the  volume  fracture  of  newly  formed  grains,  but  the  structure 
remains  partially  recrystallized. 

Structural  changes,  observed  in  the  specimens  after  the 
40%  preliminary  straining,  produce  a  fully  recrystallized  struc¬ 
ture.  No  significant  changes  in  the  microstructure  of  the  speci¬ 
mens  cut  from  the  center  of  the  upset  blanks  (  t  =80%,  T=450°C) 
have  been  observed. 


Discussion 


The  mechanical  testing  and  microstructural  studies  of  the 
Mg-6  Zn-0.65  Zr  alloy  have  indicated  that  the  fine  grain  micro- 
structure  formation  under  the  considered  hot  straining  conditions 
is  due  to  the  dynamic  recrystallization.  The  dependence  of  the 
size  of  recrystallized  grains  on  temperature  and  strain  rate  may 
be  accounted  for  by  the  different  sizes  of  the  nuclei  and  dif¬ 
ferent  rates  of  their  growth.  The  experimental  data  presented 
in  this  paper  may  be  interpreted  by  means  of  the  well  known 
scheme  of  fine-grain  microstructure  formation  (3)  > hich  implies 
the  creation  of  a  developed  subgrain  structure  in  the  boundary 
regions  and  a  gradual  transformation  of  low  angle  boundaries 
into  high  angle  ones. 
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The  local  stresses  in  the  vicinity  of  grain  boundaries 
cause  the  development  of  multiple  slip  there.  The  interaction  of 
different  slip  system  dislocations  results  in  the  formation  of 
subgrain  boundaries  which  are  gradually  transformed  into  high 
angle  ones.  When  the  25%  deformation  is  reached,  the  chains  of 
fine  grains  are  formed  round  the  original  ones.  Under  these  con¬ 
ditions  the  development  of  grain  boundary  sliding  becomes  pos¬ 
sible,  which  results  in  the  sharp  decrease  of  local  stresses  at 
the  original  and  recrystallized  grain  boundaries  due  to  the  ac¬ 
celeration  of  the  absorption  of  dislocations  in  grain  boundaries. 
Multiple  slip  in  the  boundary  region  is  impeded.  However,  a  small 
volume  of  recrystallized  grains  is  not  enough  to  provide  for  the 
SP  flow  of  material.  Only  at  the  40%  straining  (Vr-g  S»40%)  the 
alloy  SP  deformation  starts,  localized  in  the  fine  grain  regions. 
The  absence  of  local  stresses  during  the  SP  flow  impedes  the  sub¬ 
grain  structure  formation,  because  dislocation  sliding  occurs 
mainly  over  the  basal  plane.  The  transition  from  the  ordinary 
hot  straining  to  the  SP  deformation  hinders  the  development  of 
recrystallization. 

The  application  of  magnesium  alloys  in  the  SP  state  is  pos¬ 
sible  when  their  structure  contains  no  less  than  40%  of  recrystal¬ 
lized  grains.  Blanks  with  homogeneous  microstructures  are  needed 
in  case  a  low  flow  stress  and  homogeneous  deformation  are  requir¬ 
ed  to  produce  parts  by  forming. 
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Abstract 

A  hot  torsion  method  of  grain  refinement  and  realizing  superplasticity 
for  two  kinds  of  high  strength  AL-alloys  LC'Uclose  to  7075)  and  LC9(close 
to  7475)  has  been  studied  experimentally.  It  is  observed  that  initial 
coarse  columnal  grains  are  cradualiy  changed  into  the  near-eq”i ax  i » 1  grains 
with  about  15  micrometer  dia. .  The  tensile  tests  of  specimen  machined  from 
torqued  rod  show  that  the  maximum  elongation  of  LC4  and  LC9  is  580%  and 
470%  respectively,  the  value  m  is  over  0.5  in  a  wide  range  of  strain  rate, 
the  flow  stress  is  only  as  1/5  as  that  of  the  original  materials  under  the 
same  tensile  conditions ,  and  the  fine  grains  are  very  stable  at  the  elevated 
temperature . 

Based  on  the  investigation  into  refinement  mechanisms,  it  is  pointed  out 
that  the  grain  refinement  is  a  process  of  dynamic  recrystallization.  The 
effects  of  torsion  temperature,  torsion  speed  and  shear  strain  on 
refinement  result  are  discussed. 
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Introduction 


It  is  well  known  that  fine  grain  is  necessary  for  the  structure  super- 
plasticity.  The  warm  rolling  method  developed  first  by  Hamilton  (1)  is 
being  used  for  grain  refinement  of  the  commercial  high  strength  aluminium 
alloy,  and  an  excellent  superplastic  behavior:  total  elongation  of  1200X 
for  alloy  7975  and  total  elongation  of  155 0%  for  alloy  LC9(close  to  7075) 
(2)  has  been  obtained.  But  this  method  is  applicable  only  for  the  sheet,  so 
it  is  desired  to  find  a  new  refinement  method  to  apply  for  the  materials 
in  other  shapes.  Erdmann  reported  that  grain  refinement  of  AL  and  Cu  can  be 
realized  by  means  of  hot  torsion  (3)  which  is  suitable  for  rod  and  tube. 

The  presented  investigation  aims  to  propose  a  hot  torsion  method  of 
grain  refinement  in  order  to  realize  superplasticity  for  two  kinds  of  high 
strength  aluminium  alloys  LC9(close  to  7075)  and  LC9(close  to  7975).  and  to 
discuss  the  refinement  mechanism  and  the  influences  of  torsion  deformation 
conditions  on  refinement  and  superplasticity. 

Experimental  Details 

The  torsion  specimen  with  diameter  of  19mm  and  gauge  length  of  150mm 
was  machined  from  the  commercial  aluminium  alloys  I.C9  and  LC9,  whose 
chemical  components  are  shown  in  Table  1.  After  a  solution  treatment  at 
753K  for  3  hfs  and  over-aging  at  673K  for  8  hrs,  the  specimen  was  hot  torqued 
and  then  was  quenched  into  cold  water  as  soon  as  it  was  removed  from  the 
split  furnace. 


Table  1 

Chemical 

Components! % ) 

materials 

Cu 

Mg 

Zn 

Cr 

inclusions 

LC9 

1. 9-2.0 

0.2-0. 6 

5. 0-7.0 

0.10-0.25 

<1.1 

LC9 

1 .2-2.0 

/ 

5. 1-6.1 

0.16-0.30 

/ 

Further  microscopic  analysis  of  a  specimen  cut  from  torqued  rod  was  made 
to  determine  the  precise  grain  size.  Finally,  at  793  K,  the  superplastic  tensile 
test  of  specimen,  with  diameter  of  5  mm  and  gange  length  of  15  mm,  machined 
from  torqued  rod  was  carried  out  in  order  to  observe  superplasticity  of 
above  alloys  after  refinement. 

Results  and  Discuss 


Experimental  Results 

After  torsion  at  the  angular  speed  of  0.02/s  and  at  the  temperature  of 
719K  (for  LC9 )  or  763K-773K  (for  LC9),  the  initial  coarse  columuar  grain 
with  diameter  more  than  100  micrometer  has  become  finer  grainlwith  average 
diameter  of  15  micrometers  for  LC9  after  torsion  at  773K).  From  two 
sectional  views  of  grain! Fig . 1  ) ,  it  can  be  seen  that  the  refined  grain 
looks  like  an  elliptical  cake  with  a  thickness-to-length  ratio  of  1:2,  and 
its  long  axis  is  parallel  to  the  tensile  direction. 

The  tensile  tests  of  torqued  specimens  show  that  at  793K  and  at  cross¬ 
head  speed  0.2mm/min,  the  maximum  elongation  of  LC9  and  LCh  is  580*  and 
970S  respectively,  the  stain  rate  sensitivity  index  m  is  over  0.5  in  a  wide 


98 


1<r 


range  of  strain  rates  and  the  flow  stress  is  1A5  of  that  of  the  original 
material  under  the  same  tensile  conditions.  The  microstructure  of  extended 
specimens  shows  that  the  fine  grain  is  rather  stable  in  the  elevated 
temperature,  and  original  near-equiaxial  grains  have  been  changed  into 
equiaxial . 

Re finement  Process 


A  group  of  microstructures  corresponding  to  different  torsion  deformations 
shown  in  Fig. 2  explains  the  grain  refinement  process  by  means  of  hot 
torsion.  At  the  beginning,  the  coarse  columnal  grain  is  twisted  and  the 
substructure  near  coarse  grain  boundary  increases.  When  increasing 
deformation,  number  of  finer  grain  formed  along  coarse  grain  boundary 
increases  gradually.  The  finer  grain  i-  developing  from  the  boundary  to  the 
center  of  the  coarse  grain.  At  last  tne  coarse  grain  boundary  disappears 
and  is  replaced  by  a  great  deal  of  finer  grains  arranged  parallel  with 
each  other.  The  refinement  is  found  to  develop  from  surface  to  center  of 
the  rod.  Since  shear  strain  increases  with  radius,  the  refinement  result  is 
directly  dependent  on  shear  strain. 

Grain  Refinement  Mechanism 

Obviously,  both  deformation  and  recrystallization  take  place  concurrent¬ 
ly  during  the  hot  torsion .which  is  exactly  a  dynamic  recrystallization.  In 
addition,  the  higher  temperature  and  the  lower  strain  rate,  at  which  the 
specimen  is  torqued,  provide  the  conditions  for  recrystallization. 

During  the  hot  torsion,  subgrains  are  produced  from  coarse  grain's 
breaking.  As  the  nucleous  of  recrystallization,  they  can  develop  into  finer 
grains,  that  is  just  as  general  recrystallization  process.  On  the  other 
hand,  in  superplastic  deformation  grain  boundary  sliding,  grain  rotation, 
subgrain  boundary  sliding  and  subgrain  rotation  may  be  concurrent.  Then 
subgrain  movement  can  change  the  low  angle  grain  boundary  into  high  angle 
grain  boundary,  and  subgrains  into  finer  grains.  The  change  from  subgrain  to 
riner  grain  is  gradually  developing  from  boundary  to  the  interior  of  the  coarse 
grain.  The  coarse  grain  may  be  also  broken  up  into  several  finer  grains. 

Fig. 3  shows  some  finer  grains  formed  from  subgrains  near  the  coarse  grain 
boundary  and  that  formed  through  breaking  coarse  grain  up. 

Temperature  Effect 

Fig. 4  shows  the  effect  of  torsion  temperature  on  the  refinement  result. 
Fig. 4(a)  indicates  that  the  torsion  at  room  temperature  caused  only  extension 
of  the  coarse  grains  in  the  deformation  direction  and  an  increase  of  the 
density  of  the  substructure  on  the  grain  boundary.  From  Fig.^tb)  and  (c)  it 
can  be  seen  that  under  the  same  deformation  the  grain  refinement  at  673K  is 
not  so  significant  as  at  773K,  but  the  cavities  produced  at  673K  are  much 
more  serious  than  at  773K- 

A  dynamic  recrystallization  is  a  complex  process  where  the  coarse  grain 
breaking,  subgrain  moving,  finer  grain  forming  and  other  variations  must  be 
coordinated  by  some  external  conditions,  among  which  a  good  match  of 
temperature  and  strain  rate,  especially  higher  temperature,  is  principle. 

Only  at  such  high  temperature,  atoms  have  stronger  diffusion  capability 
for  aiding  the  speed  of  forming  finer  grains  keep  up  with  the  speed  of 
de format  ion  and  breaking  of  coarse  grains.  Thus,  the  internal  stress 
accumulated  during  deformation  is  released,  and  uniform  refinement  process 
continues.  But  at  lower  temperature,  it  is  very  easy  to  cause  stress 

concentration  and  to  form  a  great  deal  of  cavities  too  early.  The  release 
of  the  internal  stress  by  the  cavities  interrupts  the  refinement  process. 
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Fig.l  Microstructure  of  torqued 
specimen(753K ,21 . 12  turns) 

a)  cross  section, 

b)  vertical  section. 


Fig. 4  Effect  of  temperature  on  grain 
refinement(l  mm  from  specimen  surface) 
a)room  temp. ,2  turns ,  b)673K,6  turns, 
c  )773K,6  turns. 


>  •  as# 

'•>?.  '■  i  -  r 

*r  />  P'  i 

a)  b)  c) 

Fig. 2  Refinement  sequence. 


Fig. 3  Both  ways  of  fine 

grain  forming  being 
shown  (753K.21.12 
turns ) . 


Lcl  SM°C  ‘orsion 


Lc9  520“C  extension 
V— su-ss  ■«/*<« 
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*  "  ul‘  i'i 

in/t  (y... | 

Fig. 5  Variation  of  grain  size(a) 
and  cavity  growth(b)  with 
shear  strain. 

Fig. 6  Effect  of 
elongation 
stress  in 

shear  strain  on 
,  value  m  and  flow 
tensile  test. 

Deformation  Effect 


Not  only  temperature  and  torsion  speed  but  also  deformation  are  rather 
important  parameters  which  effect  grain  refinement  and  cavity  formation  for 
above  cavity  sensitive  alloys.  Fig. 5  presents  the  variations  of  average 
grain  size  and  cavity  area  fraction  with  shear  strain.  The  curves  show  that 
grain  refinement  needs  certain  deformation;  but  when  deformation  is  over  a 
certain  value  it  is  no  longer  significant.  On  the  other  hand,  an  excessive 
deformation  would  cause  cavity  growth  and  an  increase  of  their  number. 
Therefore  it  is  important  to  control  the  torsion  deformation  in  such  way 
that  grain  refinement  is  better  and  cavities  are  not  too  serious.  In  fact, 
the  optimal  range  of  strain  is  existential.  The  deformation  effect  has  been 
supported  by  tensile  test  results  shown  in  Fig. 6,  where  the  curves 
demostrate  three  basic  superplastic  parameters  are  improved  with  the 
increasement  of  shear  strain. 

The  Possibility  of  Omitting  Heat  Treatment 

Table  2  gives  a  comparison  of  tensile  test  results  after  three 
different  refinement  processes.  The  comparison  shows  that  the  contribution 
of  hot  torsion  for  grain  refinement  is  much  greater  than  that  of  heat 
treatment.  Omitting  heat  treatment  before  torsion  would  not  make  final 
superplasticity  drop  too  much. 


Table  2  Effect  of  Refinement  Process  on  Superplasticity  (LC9) 


heat  treatment 

shear  strain 

elongation! X ) 

flow  stress  (Kg/mir 2 1 

M 

yes 

2.37 

580 

0.28 

0.58 

No 

2.13 

400 

0.36 

0.42 

yes 

0.00 

155 

1.10 

0.29 

Conclusions 

From  presented  experimental  study,  it  is  concluded  that: 

1. For  high  strength  aluminium  alloy,  the  hot  torsion  under  proper 
conditions  can  change  the  original  coarse  columnar  grains  into  the  stable 
near-equiaxied  grains .  The  refined  alloy  has  excellent  superplasticity. 

2.  The  technical  process  of  the  grain  refinement  is 

solid  solution  -  over-ageing  -  hot  torsion 

3.  The  mechanism  of  the  hot  torsion  refinement  is  dynamic  recrystalli¬ 
zation  . 
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Abstract 

of  the  laminar  microstructure  evolution  into  an 
uring  hot  straining  has  been  performed  on  the 
5.4  Al-2.8  Sn  alloy.  The  acceleration  of  the 
cture  transformation  during  hot  straining  as 
ng  is  shown  to  be  conditioned  by  the  formation 
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changing  in  favour  of  the  latter  during  the 
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Introduction 


Laminar  microstructures  in  Ti-alloys,  contrary  to  the  per¬ 
lite  in  steels,  are  thermodynamically  equilibrious  (1).  This  is 
indicated  by  the  laminar  shape  being  preserved  in  the  oc-phase, 
and  its  being  approached  by  the  original  globular  phase,  subject¬ 
ed  to  a  prolonged  annealing  in  the  ( c<-  +  B)  region.  The  stability 
of  laminar  microstructures  is  accounted  for  by  the  low  energy 
semicoherent  boundaries  existing  in  the  alloys. 

The  laminar  microstructure  transformation  in  titanium  alloys 
is  considerably  accelerated  during  hot  straining.  Meanwhile  it 
should  be  admitted  that  the  main  stages  and  mechanisms  of  micro- 
structure  globularization  during  hot  straining,  especially  its 
kinetics  in  different  alloys,  have  been  studied  insufficiently. 
The  results  of  the  laminar  microstructure  evolution  study  during 
the  od-titanium  Ti-5.4  Al-2.8  Sn  alloy  hot  straining  are  present¬ 
ed  in  this  paper. 


Experimental  Details 

Specimens  with  the  diameter  of  about  10  mm,  and  15  mm  high, 
were  upset  on  the  dynamometer  and  then  quenched  in  water  to  room 
temperature  in  1  second  or  less. 


Materials 


According  to  Fig.l,  the  flow  stress  )  in  the  e>f-region 
decreases  monotonously  with  the  rise  of  temperature  of  deforma¬ 
tion. In  the  alloy  duplex  state,  the  reduction  of  6  is 

pronounced,  but  in  the  B-region  it  becomes  monotonous  again. 
Extrapolating  the  alloy  Of-state  curve  onto  the  B-region  temper¬ 
ature,  one  can  evaluate  the  flow  stress  of  each  phase  during  the 
alloy  deformation  in  the  duplex  phase  region:  4,  almost  six  times 
excedes  6p 


’B- 


Fig.l  The  flow  stress  depend¬ 
ence  on  temperature  at  £  = 

E  =50%. 


J TRAIN,  PERCENT 

Fig. 2  The  flow  stress  and  m  fac¬ 
tor  dependence  cn  straining  at 
the  following  strain  rates: 


•  -  5.5-10' 
X  -  5.5-10' 


•1 . 
-1’ 


a  -  5.5-10-4s'1 


The  study  of  the  <5=f(E  )  curves  at  1000°C  has  revealed  the 
existence  of  the  flow  stress  peak  at  the  initial  stage  of  defor¬ 
mation  (Fig. 2).  Further  increase  of  straining  reduces  £  ,  which 
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is  followed  by  the  steady  flow  stage.  At  the  same  time,  it  is 
evident  that  at  f =5 . 5  •  lO'^s"*  the  decrease  of  S  due  to  soften¬ 
ing  is  much  greater  than  at  other  strain  rates.  It  turned  out 
that  at  this  rate  and  with  increasing  deformation,  the  m  factor  per¬ 
manently  increases  reaching  0.33  at  the  70%  straining.  At  higher 
and  lower  strain  rates  the  m  values  decrease. 


In  the  original  state,  the  alloy  microstructure  grain  size  is 
about  500  pm.  At  1000°C  the  microstructure  is  two  phase  with 
about  12  pm  thick  o£-laminae. 

Consider  the  alloy  microstructure  evolution  at  1000°C  and 
E =8 . 5 • 10'^s .  At  the  initial  stage  of  deformation  (  £=15%), 
^-laminae  become  curved  and  divide  into  fragments,  and  some  of 
them  shift  against  the  others.  Recrystallized  grains  appear  in 
the  0-phase  (Fig. 3a). 


Fig. 3  The  as-strained  alloy  microstructure: 
a)  6  =15%;  b)  €  =30%. 

With  further  straining  (  £  =30%)  the  amount  of  recrystallized 
grains  in  the  0-phase  considerably  increases.  The  oC-phase  dis¬ 
plays  recrystallization  features.  The  laminae  turn  in  the  direc¬ 
tion  of  deformation.  Interface  boundaries  become  curved.  The  ben¬ 
ding  of  laminae  occurs  at  the  site  where  they  enter  the  interface 
of  cross  grain  boundaries  formed  during  the  of-phase  recrystal¬ 
lization.  Besides,  O-particles  which  are  not  connected  with  the 
matrix  0-phase  by  means  of  grain  boundaries,  are  found  in  the  «*• - 
phase  (Fig. 3b).  At  the  50%  straining  a  strong  metallographic  tex¬ 
ture  is  produced.  Recrystallization  embraced  practically  the  whole 
of  the  0-phase  volume,  as  well  as  much  of  the  of-phase.  In  the 
course  of  deformation  the  Ot -  and  0-phase  grains  will  grow  and 
reach  the  interface  boundaries.  The  bending  of  the  latter  towards 
both  the  Ot -  and  0-phase  regions  increases.  The  laminae  fragments 
shift  against  one  another.  The  volume  fraction  of  equiaxial  ot  - 
precipitations  considerably  increases.  By  £=80%  a  qlnbular  micro- 
structure  is  produced  in  the  alloy,  the  volume  fraction  .  of  equi¬ 
axial  CC-phase  particles  reaches  78%.  The  olloy  hot  straining 
is  accompanied  by  the  changes  in  the  ot-phase  volume.  At  the  50% 
straining  it  decreases  from  42  to  30%,  while  at  the  80%  straining 
it  increases  up  to  35%. 
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Results  and  Discussion 


From  the  above  described  experiments  it  follows  that,  due 
to  the  formation  of  a  microduplex  microstructure  at  the  final 
stage  of  deformation,  the  alloy  displays  superplastic  (SP)  fea¬ 
tures,  and  its  flow  stresses  increase.  The  laminar  microstructure 
transformation  is  conditioned  by  the  dislocation  slip  (DS)  and 
grain  boundary  sliding  (GBS)  ,  the  relation  between  them  changing 
in  the  course  of  plastic  flow  in  favour  of  the  latter  alongside 
with  the  enhancement  of  diffusion. 

Due  to  the  difference  of  deformation  characteristics  of 
phases,  at  the  initial  stage  of  deformation  DS  concentrates  in  a 
"softer"  11-phase.  That  is  why  the  cx-phase  recrystallization 
starts  with  some  delay.  The  growth  of  the  (1-phase  grains,  fol¬ 
lowed  by  that  of  the  cX-phase  ones,  results  in  the  interaction 
of  high  angle  grain  boundaries  with  interface  ones,  and  trans¬ 
formation  of  the  latter  into  noncoherent  boundaries.  The  forma¬ 
tion  of  high  energy  interface  and  grain  boundaries  accelerates 
the  diffusion  processes  and  sharply  increases  the  boundary  mobil¬ 
ity,  which  makes  them  curved.  On  the  other  hand  such  boundaries 
provide  a  better  site  for  GBS,  which  is  indicated  by  the  turn 
and  shift  of  both  the  laminae  and  their  fragments,  and  the  SP 
flow  is  observed  in  the  alloy. 

The  CC-*’fl  phase  conversion,  occurring  during  the  alloy  de¬ 
formation,  is  probably  a  mechanism  of  DS  and  GBS  accomodation. 
This  conversion  may  be  induced  by  different  causes  (4,5),  though 
none  of  them  can  account  for  the  (1-phase  developing  inside  the 
©(-phase  particles. 

The  data  available  makes  it  possible  to  suggest  a  scheme 
of  the  alloy  laminar  microstructure  conversion  to  an  equiaxial 
one  during  hot  straining.  Consider  the  behaviour  of  aC-  and  11- 
phase  fragments  oriented  normal  to  the  load  applied  (P) 

(Fig. 4).  It  is  evident  that  due  to  the  difference  in  the  deforma¬ 
tion  characteristics  of  phases  the  plastic  flow  mostly  effects 
a  "softer"  (1-phase.  The  aggregate  of  ©t-  and  B-phase  fragments 
will  certainly  be  effected  by  contraction  and  compression  stres¬ 
ses.  Then,  according  to  the  Nabarro-Herring  diffusion  creep  mech¬ 
anism,  vacancies  from  a  more  contracted  (1-phase  will  flow  in  the 
interface  boundary,  and  the  basic  alloy  element  atoms  (i.e.  Al) 
which  are  the  most  mobile  in  both  oC-  and  (1-phase  will  have  to 
move  towards  the  (1/(1  grain  boundary.  The  withdrawal  of  the  Al 
atoms  from  the  interface  will  produce,  firstly,  the  ei-*t 1  poly¬ 
morphous  conversion  and,  secondly,  their  diffusion  in  the  bound¬ 
ary  rec  ions  in  order  to  restore  the  original  concentration  The 
latter  process  may  eventually  deplete  the  Al  ©(-laminae  body  and 
convert  some  isolated  regions  to  (5-pha.>e.  It  is  only  natural 
that  Al  atoms  most  actively  withdraw  from  the  interface-grain 
boundary  junctions  where  the  increase  of  surface  energy  is  ob¬ 
served,  which  results  in  the  formation  of  "grooves".  The  shift 
of  fragments  along  the  grain  boundary  also  accelerates  conver¬ 
sion,  for  it  enlarges  the  interface  and,  consequently,  causes  the 
local  increase  of  its  energy.  With  the  formation  of  equiaxial 
microstructure  the  GBS  contribution  sharply  increases,  which 
diminishes  the  role  of  diffusion  creep  in  deformation  (3). 

The  discussed  mechanisms  may  also  be  used  with  the  laminar 
aggregates  of  other  alloys.  The  comparison  of  the  presented  data 
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Fig. 4  The  CL-  and  (3-phase  laminae  division  scheme. 

with  those  in  (1)  indicates  that  the  basic  difference  in  the  be¬ 
haviour  of  «-  and  (ot+  (3)  alloys  is  determined  by  the  difference 
of  the  high  energy  interface  and  grain  boundary  formation  mechan¬ 
isms.  This  is  accounted  for  by  the  peculiarities  of  their  alloying 
and  its  influence  on  the  deformation  characteristics  of  phases. 
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Abstract 

In  the  paper  the  results  of  the  deformation  behaviour  and  microstructu- 
ral  study  in  a  fine-grained  Zn-1.1  wt%  A1  and  in  an  Al-6wt%  Cu-0.5  wt%  Zr 
alloy  are  presented.  The  influence  of  strain  rate  ranging  from  1.2  x  1D~5 
to  A. 2  x  10-2g-l  on  ductility  and  the  strain  rate  sensitivity  of  the  flow 
stress  was  investigated  over  a  wide  temperature  range.  The  increase  in 
temperature  improved  the  superplastic  properties  and  shifted  the  region  of 
Ihe  superplastic  flow  to  higher  strain  rates.  The  best  superplastic  proper¬ 
ties  of  a  Zn-1.1  wt%  A I  a  i  loy ductility  A  =  1020%  and  parameter  m  =  0.72  were 
established  at  520  K  in  a  sample  with  the  grain  size  d  =  17  ^m  deformed  at 
£  o'  10~4s-l.  The  grain  size  was  observed  to  increase  during  the  deformation 
at  higher  temperatures.  Taking  into  account  the  effect  of  grain  growth  a 
satisfactory  correction  of  flow  stresses  is  possible.  The  grain  growth  was 
also  found  to  be  responsible  for  differences  in  the  strain  rate  sensitivity 
parameter  obtained  from  the  log  C  vs  log  £  plots  and  from  the  strain  rate 
changes.  Experiments  on  the  Zn-1.1  wt%  A1  were  completed  by  a  study  of  the 
texture  changes  accompanying  superplastic  flow  and  by  an  investigation  of 
acoustic  emission  associated  with  strain  for  samples  with  different  grain 
size  deformed  at  various  strain  rates.  These  experimental  results  confirm 
the  contribution  of  lattice  dislocations  to  deformation  in  the  superplastic 
region.  The  microstructural  investigation  of  the  Al-6wt%  Cu  -  0.5  wt%  Zr 
showed  evidence  for  intergranular  dislocation  movement.  The  most  important 
mechanisms  in  the  superplastic  deformation  seem  to  be  the  grain  boundary 
sliding  and  the  movement  of  matrix  dislocations. 
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Introduction 


A  great  deal  of  attention  has  been  paid  the  past  decades  to  the  problem 
of  superplasticity.  Generally,  it  is  assumed  that  superplastic  behaviour  is 
observed  in  materials  having  a  stable  fine-grained  structure  (usually  d&lQpm) 
deformed  at  temperatures  T>  0.4  Tm,  Tm  being  the  melting  point,  in  a  certain 
strain  rate  range.  The  total  elongation  and  the  strain  rate  sensitivity  of 
the  flow  stress,  m,  are  considered  as  a  measure  of  superplasticity.  The  para¬ 
meter  m  is  defined  as 


m  =  (d  log  <j~5/(d  log  £  ) 
where  (T is  the  stress  and  £  is  strain  rate. 

Experimental  results  (1,2)  indicate  that  extensive  grain  boundary 
sliding  is  dominant  during  optimal  superplastic  flow.  Some  evidence  for 
diffusional  flow  have  been  reported  (2).  It  has  been  established  that  dislo¬ 
cation  slip  occurs  during  superplastic  deformation  (3).  In  the  present  paper 
we  have  made  an  attempt  to  have  a  better  insight  into  the  role  of  a  intergra¬ 
nular  dislocation  motion  in  the  superplastic  deformation. 

Material  and  experimental  procedure 

Zn-1.1  wt%  A1  alloy  was  prepared  from  very  pure  metals  (99.999%  Zn  and 
99.999%  Al).  In  order  to  avoid  structure  changes  that  could  occur  at  room 
temperature  the  material  was  set  immediately  after  rolling  into  dry  ice.  The 
mean  grain  size  d  was  1.1  ^m  (4).  Annealing  at  various  temperatures  for  a 
certain  time  was  used  to  prepare  samples  with  variations  in  grain  size  (5,  12, 
21,  and  55  pm).  Tensile  tests  were  carried  out  on  an  Instron  testing  machine 
at  an  initial  strain  rate£o  from  the  range  of  1.2  x  10-5  to  4.2  x  10~2s-l. 

The  acoustic  emission  pulses  were  detected  by  piezoelectric  transducer 
with  a  resonance  frequency  of  180  kHz.  The  whole  amplification  was  about 
82  dB.  Acoustic  emission  was  characterized  by  parameter  Nc-  number  of  pulses 
higher  than  definite  treshold  voltage  (5). 

The  mechanical  properties  of  Al-6  wt%  Cu-0. 5  wt%  Zr  were  investigated 
at  temperatures  between  573  and  777  K  (i.e.  0.6  -  0.85  Tm).,  Samples  (with 
d  =  1.5  -  10  ,pm)  were  deformed  at  the  initial  strain  rate  £0  -  1-4  x  10-5s-l. 
The  microstructure  of  specimens  was  investigated  by  means  of  TEM. 

Results  and  discussion 


The  fine  grained  Zn-1.1  wt%  Al  alloy  exhibits  superplastic  behaviour 
already  at  room  temperature.  The  maximum  ductility  A  =  600%  and  the  maximum 
value  of  m  =  0.36  were  observed.  Figure  1  shows  the  strain  rate  dependence  of 
ductility  A  for  Zn-1.1  wt%  Al  samples  deformed  at  two  temperatures  (6).  The 
increase  in  deformation  temperature  to  375  K  caused  an  increase  in  ductility 
(A  =  700%)  and  in  the  parameter  m  (=  0.48).  Figure  2  shows  the  temperature 
dependence  of  the  maximum  values  of  the  strain-rate  sensitivity  parameter  m 
obtained  by  strain  rate  changes  for  Zn-1.1  wt%  Al  samples  deformed  at  various 
initial  strain  rates  (7).  The  value  of  m  obtained  from  the  slope  of  the  logs' 
vs  log  &  plot  are  smaller  than  those  estimated  from  strain  rate  changes.  The 
parameter  m  increases  with  the  strain  (4,6,7).  The  maximum  values  of  m  seem 
to  be  independent  of  the  strain  rate  at  higher  temperatures.  Superplastic 
behaviour  of  this  alloy  is  observed  in  a  broad  interval  of  temperatures 
between  0.4  and  0.9  Tm.  The  best  superplastic  characteristic  A  =  1020%  and 
m  =  0.72  were  established  at  T  =  520  K  in  a  sample  with  the  grain  size 
d  =  17  jjm  deformed  at  the  strain  rate  £0  =  10"4s~l  (6,7).  The  true  stress  vs 
true  strain  curves  at  various  temperatures  for  several  strain  rates  exhibit 
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Figure  1  -  The  strain  rate  Figure  2  -  The  temperature 

dependence  of  ductility  A.  dependence  of  the  parameter  m. 

a  nearly  steady  state  character.  The  deviations  from  the  steady  state  charac¬ 
ter  oi  these  curves  may  be  explained  considering  the  grain  growth  and  the 
decrease  in  the  true  strain  rate  during  the  deformation.  The  grain  growth  is 
also  found  to  be  responsible  for  differences  in  the  values  of  m  obtained  by 
different  techniques. 

Considering  the  experimental  data  one  may  suggest  that  the  superplastic 
deformation  of  the  Zn-1.1  wt%  A1  alloy  results  probably  from  a  combination 
of  more  deformation  mechanisms  rather  than  from  a  single  one.  The  study  of 
deformation  structure  revealed  typical  marks  of  grain  boundary  sliding  (7). 

On  the  other  hand,  slip  lines  were  observed  in  some  grains  (7),  which  gives 
evidence  for  the  motion  of  lattice  dislocations. 

The  influence  of  grain  size  on  ductility  is  shown  in  Fig.  3  (5).  It  is 
seen  that  ductility  of  samples  with  grain  size  of  5  ^m  and  12/ jm  is  high. 
Ductility  of  samples  with  grain  sizes  of  21  and  55  /jm  has  values  corresponding 
to  the  plastic  deformation  of  polycrystals.  In  all  cases  the  values  of  para¬ 
meter  m  decrease  with  increasing  grain  size. 

Figure  4  shows  a  variation  of  acoustic  emission  with  strain  Cat  the 
beginning  of  deformation)  for  samples  with  different  grain  size  deformed  at 
room  temperature  (5).  Acoustic  emission  is  increasing  with  increasing  grain 
size.  Our  experimental  observations  are  in  agreement  with  the  observation  of 
acoustic  emission  during  the  superplastic  deformation  (8).  The  experimentally 
observed  grain  size  dependences  can  be  explained  assuming  the  microstructural 
mechanisms  change  with  the  variation  of  grain  size.  The  main  deformation 
mechanisms  of  samples  with  grain  size  of  21  and  55  ,um  is  dislocation  glide. 
Superplasticity  occurs  for  samples  with  grain  size  smaller  than  12  ^im. 

These  experimental  results  confirm  the  contribution  of  lattice  disloca¬ 
tions  to  deformation  in  the  superplastic  region,  too.  This  conclusion  is  also 
in  agreement  with  texture  studies  on  this  alloy.  The  formation  of  the  new 
texture  peak  in  the  centre  of  the  (0002)  pole  figure  may  be  explained  as  a 
result  of  some  intergranular  dislocation  movement  in  basal  plane.  The  move¬ 
ment  of  lattice  dislocations  in  the  superplastic  region  is  in  accordance  with 
other  measurements  (9,10).  It  should  be  mentioned  that  in  the  non-superplastic 
region  at  very  high  temperatures  no  signs  of  grain  boundary  sliding  were 
observed. 

The  above  mentioned  observations  and  conclusions  may  be  further  suppor¬ 
ted  by  the  detailed  measurements  of  the  microstructure  prior  to  deformation 
and  after  testing  in  the  Al-6wt%  Cu  -  0.5  wt\  Zr  alloy  examined  by  TEM  (11). 
Figure  5  shows  the  strain  rate  dependence  of  ductility  for  samples  deformed 
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Figure  3  -  Ductility  as  a  function  Figure  4  -  Variation  of  AE  with  strain 
of  grain  size.  for  different  grain  size. 

at  698  K.  The  maximum  ductility  achieved  at  strain  rate  of  1.4  x  10~3S-1 
is  a  strain  of  508?:.  A  typical  dislocation  configuration  for  samples  deformed 
at  strain  rate  of  1.4  x  10*3  at  698  K  at  the  strain  of  200%  is  shown  in  Fig. 6. 
The  dislocation  density  measured  in  sample  deformed  at  698  K  is  about 
2  x  10l3(n-2.  Measurements  of  the  dislocation  density  show  that  the  numbers  of 
dislocations  in  the  matrix  increase  with  increasing  deformation.  Thus,  the 
microstructural  investigations  show  evidence  for  intergranular  dislocation 
movement. 

On  the  basis  of  the  experimental  results  we  can  conclude  that  the  rate- 
-controlling  mechanisms  in  the  superplastic  deformation  are  grain  boundary 
sliding  and  the  movement  of  lattice  dislocations. 


Figure  5  -  The  strain  rate  Figure  6  -  Dislocation  structure 

dependence  of  ductility  for  for  an  A1  alloy  ( T =698  K,6=200%). 

an  A1  alloy. 
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SUPERPLASTIC  DEFORMATION  INDUCED  GRAIN  GROWTH 
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The  Institute  of  Space  and  Astronautical  Science, 
3-1-1,  Yoshinodai,  Sagamihara-shi,  Kanagawa  229, 
Japan 


Abstract 

The  behavior  of  grain  growth  during  superplastic  deformation  is 
studied,  which  consists  of  a  deformation  induced  component  and  a  static 
component.  The  former  stabilizes  the  deformation  itself  through  flow 
hardening.  A  method  to  separate  these  components  is  developed  analytically. 
The  grain  growth  behavior  is  examined  experimentally  using  microduplex  Zn- 
22XA1  alloy  and  second  phase  dispersed  Al-5%Mg-0 . 6%Mn  alloy.  The  deforma¬ 
tion  induced  grain  growth  in  these  alloys  is  independent  of  strain  rate, 
initial  grain  size  and  deformation  temperature,  and  can  be  expressed  by 
ln(5/Da)«<*t,  where  the  values  of  «f  are  0.3  and  0.6  in  Zn-Al  and  Al-Mg-Mn 
alloys,  respectively. 
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Introduction 


In  structural  super plasticity,  it  Is  desirable  that  the  material  has 
fine  and  equiaxied  grain  structure.  Many  superplastic  alloys,  therefore, 
have  two-phase  or  second  phase  particle  dispersed  structures,  whose  grain 
growth  rate  is  relatively  small.  Rapid  grain  growth,  however,  has  often 
been  observed  during  superplastic  deformation.  As  flow  stress  of 
superplasticity  is  sensitive  to  grain  size,  Caceres  et  al  [1]  pointed  out 
that  grain  growth  influences  and  stabilizes  deformation  itself.  Their 
suggestion  is  important  in  clarifying  the  role  of  grain  growth,  but  lacks 
consideration  to  the  static  grain  growth. 

Recently,  Hamilton  [2]  pointed  out  that  only  the  strain  dependent 
component  (deformation  induced  grain  growth)  has  an  effect  on  the  stability. 
He  also  pointed  out  that  flow  stress  increase  due  to  the  deformation  Induced 
grain  growth  is  distinguished  as  "flow  hardening"  from  the  usual  work 
hardening.  Nevertheless,  he  has  not  given  a  method  to  separate  the  whole 
grain  growth  into  these  two  components. 

In  the  present  study,  at  first,  the  separation  of  the  two  components 
are  discussed  analytically.  To  examine  the  grain  growth  behavior  experimen¬ 
tally,  two  types  of  alloys  are  prepared,  that  is,  microduplex  and  second 
phase  dispersed  alloys.  Zn-22?A1  eutectoid  alloy  is  used  as  an  example  of 
the  former,  and  Al-5%Mg-0.6%Mn  alloy  for  the  latter.  The  deformation 
induced  grain  growth  behaviors  of  both  alloys  are  not  affected  by  the  magni¬ 
tude  of  the  static  grain  growth,  and  they  are  similar  to  each  other  except 
the  magnitude  per  unit  strain.  Behavior  of  stress  increase  is  examined 
under  constant  strain  rate  condition. 


Separation  of  the  Two  Grain  Growth 


In  this  section,  a  method  is  developed  analytically  to  separate  the 
whole  grain  growth  into  the  two  components.  If  these  two  components  are 
Independent  of  each  other,  the  rate  of  the  latter  is  equal  to  the  rate  in 
static  annealing  without  deformation,  which  can  be  predicted  theoretically 
according  to  the  rate  control  process.  As  for  the  former,  an  experimental 
equation  (eq.4)  is  used.  The  whole  grain  growth  rate  is  the  summation  of 
these  two  and  expressed  as 


dlnD 


(2iE2)  i  + 


/  ?lnlK 
'  qt 


*e+|-Trr, 


(1) 


where  B,  £.,  i  and  t  are  grain  size,  strain,  strain  rate  and  time,  respec¬ 
tively,  and  k,  r  and  « <  are  constants.  In  a  two-phase  alloy,  r  is  3  or  4, 
and  in  a  second  phase  particle  dispersed  alloy,  r  is  2  or  3  for  bulk  or 
grain  boundary  diffusion  control,  respectively. 

Equation  1  la  a  differential  equation  with  respect  to  B,  and  can  be 
solved  under  the  boundary  condition  of  constant  strain  rate  as 

^  <2> 
where  TSq,  B,  Bs  and  D,j  are  grain  sizes  before  deformation,  after  defor¬ 
mation,  after  static  annealing  without  deformation  and  after  deformation  in 
absence  of  static  grain  growth,  respectively. 

If  it  is  possible  to  ignore  the  interaction  between  the  first  and 
second  terms  of  eq.l,  the  approximation 

ln<TJ5>  »  +  (3) 

is  obtained.  Of  course,  this  approximation  is  perfectly  accurate  when  the 
static  grain  growth  is  absent.  The  calculated  deviation  between  eqs.2  and  3 
is  shown  in  Table  I  for  both  cases  of  r-3  and  4.  Comparing  the  exact 
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Table  I 


Deviation  of  the  approximation 


r  -  4 

r  -  3 

"~-ISk/Eg 

D 

1.6 

2.0 

1.2 

n 

2.0 

1.2 

1.38 

1.44 

1.77 

1.92 

2.16 

2.40 

1.39 

1.44 

1.79 

1.92 

2.19 

2.40 

E/Eg 

Ed/Bo*Es/!Jo 

1.4 

1.58 

1.68 

1.97 

2.24 

2.37 

2.80 

1.59 

1.68 

1.99 

2.24 

2.40 

2.80 

E/Eg 

VBo-Es/Bg 

solution  (D/Do)  an<*  the  approximation  (Eg/Do)(D,j/Do),  it  is  recognized  that 
the  deviation  becomes  greater  when  both  grain  growth  become  greater,  but 
that  the  error  of  the  approximation  is  within  about  10%  at  least  in  the 

region  of  this  table,  _  _  _ 

The  deformation  induced  component  (Dj/Dg)  can  be  estimated  as  (D/Ds) 
using  eq.3  in  case  the  static  grain  growth  is  not  so  great.  D  and  Ds  can  be 
measured  at  the  gage  length  and  the  shoulder  of  a  specimen,  respectively. 


Experimental 


In  this  section,  deformation  induced  grain  growth  is  evaluated 
experimentally.  One  of  the  specimen  used  here  is  microduplex  Zn-22%A1 
eutectoid  alloy,  which  is  a  well  known  superplastic  alloy  and  was  made  from 
99.99%  Zn  and  Al.  The  other  is  second  phase  dispersed  Al-4.8%Mg-0.6%Mn- 
0.6%Cu-0.15%Cr  alloy,  which  is  newly  developed  superplastic  alloy  [3].  Both 
alloys  had  fully  recrystallized  equiaxied  structures  before  deformation. 

Deformation  was  carried  out  for  both  constant  elongation  rate  and 
constant  strain  rate  conditions  using  a  programmed  stepping  motor.  During 
deformation,  the  microstructure  maintained  equiaxied,  and  no  structural 
change  except  grain  growth  was  observed  in  both  alloys. 


Results  and  Discussions 


Grain  Growth  Behavior 


_  Figures  1  and  2  show  the  deformation  induced  component  of  grain  growth 
(D/Da)  against  the  given  strain  in  Zn-Al  and  Al-Mg-Mn_alloys,  respectively. 
In  Fig. 2,  since  no  static  grain  growth  is  observed,  Ds  equals  to  Eg.  The 
grain  growth  behavior  in  these  figures  are  expressed  by  respective  lines 
independent  of  strain  rate,  initial  grain  size  and  deformation  temperature. 
It  means  that  the  deformation  induced  grain  growth  is  independent  of  the 
magnitude  of  the  static  grain  growth. 

The  dependence  of  grain  growth  on  strain  is  expressed  by 

ln(B/D8)  (4) 

where  the  values  of*  are  0.3  and  0.6  in  Zn-Al  and  Al-Mg-Mn  alloys,  respec¬ 
tively.  This  discrepancy  is  probably  ascribed  to  the  difference  between 
two-phase  and  second  phase  dispersed  structures. 

Equation  4  is  valid  up  to  the  strain  rate  where  m  shows  the  peak  value. 
Above  that  strain  rate,  the  deformation  induced  grain  growth  becomes  small 
due  to  the  change  of  deformation  mechanism. 

Figure  3  shows  the  evaluated  values  of  deformation  induced  grain  growth 
in  Zn-Al  alloy  based  on  eq.3  using  the  data  reported  previously  [4-6],  They 
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are  expressed  by  a  common  line  with  a  slope  of  0.3,  which  is  consistent  with 
Fig.l.  On  the  other  hand,  Caceres  et  al  reported  that  the  deformation 
induced  grain  growth  is  large  in  Cu  containing  Zn-Al  alloy  [7],  In  the 
present  study,  however,  there  is  no  difference  in  the  grain  growth  behavior 
between  Zn-22ZA1  and  Zn-22ZAl-0.5%Cu  alloys. 


Flow  Hardening 


The  experiments  of  different  initial  grain  size  shows  that  flow  stress 
is  proportional  to  u  ",  where  m p-1,3  and  2.0  in  Zn-Al  and  Al-Mg-Mn  alloys, 
respectively.  From  eq.4,  the  flow  hardening  parameter  X  is  given  by 


1  =  t  "  npe<- 


(5) 


In  Zn-Al  and  Al-Mg-Mn  alloy,  the  expected  values  of  X  from  grain  growth  are 
0.4  and  1.2,  respectively. 

Figures  4  and  5  shows  the  stress-strain  curves  at  constant  strain  rate 
tests  in  Zn-Al  and  Al-Mg-Mn  alloys,  respectively.  As  for  Al-Mg-Mn  alloy, 
because  the  static  grain  growth  can  be  Ignored,  observed  flow  hardening  has 
constant  value  of  1.2.  On  the  other  hand  in  Zn-Al  alloy,  which  has  rather 
small  grain  size,  the  apparent  stress  increase  becomes  greater  when  strain 
rate  becomes  smaller.  The  flow  hardening,  however,  must  have  constant 
value  of  0.4.  The  great  discrepancy  of  the  values  of  Jf  is  deduced  from  the 
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Fig. 4  Stress-strain  curves 
of  Zn-Al  alloy. 


Fig. 5  Stress-strain  curves 
of  Al-Mg-Mn  alloy. 


differences  of  the  values  of  o(  and  mp  between  these  alloys. 


Conclusions 


1)  Grain  growth  during  superplastic  deformation  can  be  divided  into  two 
components,  and  the  deformation  induced  grain  growth  can  be  estimated 
approximately  by  (B/Dg). 

2)  Deformation  induced  grain  growth  is  independent  of  strain  rate,  initial 
grain  size  and  temperature,  and  is  expressed  as  ln(B/Bs)««tt,  in  both  Zn-Al 
and  Al-Mg-Mn  alloys,  though  the  values  of  «(  are  different  of  each  other. 

3)  Stress  increase  under  constant  strain  rate  condition  is  consistent  with 
the  result  deduced  from  the  grain  size  dependence  of  flow  stress. 
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ABSTRACT 

The  dynamic  recrystallization  process  of  an  Al-Li-Zr  based  alloy  (  Al-2.4Li-l.2Cu- 
0.6Mg-0.1Zr )  was  investigated  by  performing  constant  strain  rate  tensile  tests.  The  mi- 
crostructural  changes  which  occur  during  the  initial  stage  of  superplastic  deformation  were 
examined  by  general  optical  metallography  and  transmission  electron  microscopy(TEM). 
Particular  attention  was  given  to  the  parameters  of  high  temperature  deformation  under 
which  the  dynamic  recrystallization  process  is  expected  to  occur.  The  effect  of  the  finely- 
dispersed  intermetallic  compound  particles  on  recrystallization  process  was  considered. 
The  result  of  experiments  demonstrated  that  the  dynamic  recrystallization  behavior  of 
the  material  is  effected  mainly  by  the  parameters  of  deformation.  Strain-enhanced  dy¬ 
namic  recrystallization  was  observed  under  high  temperature  and  constant  strain  rate 
tensile  tests.  The  strain  rate  was  found  to  have  a  strong  effect  on  the  dynamic  recrystal¬ 
lization  behavior. 


INTRODUCTION 

It  has  been  found  that  aluminum- based  alloys  may  be  superplastically  deformed  in 
one  of  two  microstructural  conditions:  1.  a  fully  recrystallized  condition(l-6)  and  2.  a 
cold  worked  or  warm  worked  condition(7-10). 

In  the  second  case,  the  Al  alloys  generally  contain  Zr  which  forms  a  fine  dispersoid 
of  A^Zr  particles  which  interfere  with  static  recrystallization.  It  has  recently  been  shown 
that  Al  alloys  containg  Li  as  well  as  Zr  also  can  exhibit  this  characteristic^- 10).  These 
alloys  undergo  recrystallization  during  the  superplaslic  deformation,  and  do  so  usually 
by  a  continuous  reaction  which  has  been  termed  continuous  dynamic  recrystallization 
(11,12).  It  has  been  observed  that  these  alloys  develop  a  small  sub-grain  on  heating 
to  the  superplastic  temperature;  and  subsequently  the  sub-grain  structure  grows  during 
deformation  and  the  boundary  misorientation  angle  increases,  resulting  in  fully  recrystal- 
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lized  microstruc:  ure  after  about  40  to  100%  deformation  (13,14).  While  the  continuous 
recrystallization  can  also  take  place  in  the  absence  of  superplastic  deformation,  little  in¬ 
formation  is  available  on  the  kinetics  of  this  recrystallization  process  under  both  static 
and  deformation  conditions. 

In  the  research  reported  here,  the  recrystallization  kinetics  as  evidenced  by  opti¬ 
cal  metallographic  techniques  were  determined.  It  was  the  objective  to  determine  the 
extent  of  full  recrystallization  observed  to  take  place  after  exposure  to  both  static  and 
superplastic  deformation  conditions,  and  to  indicate  the  affect  of  the  deformation  on  this 
recrystallization  characteristic. 


EXPERIMENTAL  PROCEDURE 

The  commercial  Al-Li-Zr  based  alloy  used  in  this  study  was  produced  by  British 
ALCAN  Co.,  was  processed  by  hot  and  warm  working.  The  final  thickness  of  the  alloy 
sheet  is  2.5  mm.  The  chemical  composition  of  the  alloy  supplied  is:  Al-2.4Li-l.2Cu-0.6Mg- 
O.lZr. 

The  high  temperature  constant  strain  rate  tensile  tests  were  performed  in  air  using 
a  computer-controlled  screw-driven  Instron  testing  machine,  equipped  with  a  three-zone 
furnace  capable  of  heating  test  specimens  to  temperatures  in  excess  of  600°C.  The  tem¬ 
perature  was  controlled  to  within  ±1°C  by  an  ATS  series  2010  three  zone  furnace  control 
system.  The  experimental  test  parameters  are  as  follows:  strain  rates  of  10~J  to  10"4 
sec-1,  strains  of  0.1  to  0.9,  and  temperatures  of  450°C  to  500°C.  To  determine  the  effect 
of  the  deformation  on  the  microstructure  and  to  understand  the  relationship  among  strain, 
strain  rate,  temperature  and  dynamic  recrystallization,  the  changes  that  occurred  during 
the  initial  stage  of  deformation  were  studied  in  detail.  This  was  achieved  by  interrupting 
the  tensile  test  and  unloading  the  specimens  after  deformation  to  a  pre-determined  strain 
for  different  constant  strain  rates  and  temperatures. 

Both  optical  and  electron  microscopy  were  utilized  in  this  study  for  evaluating  the  mi- 
crostructural  changes  during  the  recrystallization  processes.  After  the  conventional  met¬ 
allographic  sample  preparation  procedure,  the  specimens  were  electrochemically  etched  to 
create  an  optically  active  anodized  surface,  and  the  microstruclures  were  examined  under 
polarized  light  on  the  Olympus  MG  optical  microscope.  The  Hitachi  H — 300  transmission 
electron  microscope  operating  at  75KV  was  utilized  to  view  the  internal  structure  of  the 
aluminum  foil. 


RESULTS  AND  DISCUSSION 

The  structure  of  the  as-received  alloy  sheet  was  that  of  a  heavily  deformed  alloy 
as  shown  in  the  electron  micrograph  in  Figure  1.  On  heating  to  the  superplastic  test 
temperature,  500  C,  the  structure  recovered  and  a  small  sub-grain  structure  developed 
which  was  approximately  2  microns  average  diameter.  While  this  sub-grain  structure 
formed  quickly  on  heating  to  this  temperature,  it  was  apparently  stabilized  by  the  presence 
of  second  phase  particles,  and  further  growth  under  static  conditions  was  comparatively 
quite  slow. 


122 


Figure  1.  Electron  micrograph  of  the  internal 
structure  of  the  as-received  alloy. 


Figure  2.  Stress  vs.  strain  curves  at  various 
constant  strain  rates  for  the  alloy 
tested  in  tension  at  500°C . 


Figure  2  shows  a  series  of  typical  stress-strain  curves  of  this  alloy  deformed  at  d;f- 
ferent  strain  rates.  The  stress  rises  initially  with  strain  exhibiting  strain  hardening,  and 
subsequently  the  flow  stress  stabilizes  showing  little  change  with  continuing  deformation. 
Figure  3  presents  the  sequence  of  the  microstructural  change  with  increasing  strain  at 
strain  rate  of  10_2sec_I,  a  sequence  which  is  similar  at  strain  rate  of  10~3  and  10-*sec-1. 
The  characteristics  of  the  alloy  and  the  results  of  the  microstructural  examination  indi¬ 
cate  that,  under  the  conditions  of  constant  strain  rate,  this  alloy  exhibits  “deformation- 
induced”  dynamic  recrystallization  occurring  during  high  temperature  deformation.  The 
microstructural  change  during  high  temperature  deformation  is  closely  related  to  the 
change  of  the  mechanical  behavior. 

The  recrystallization  kinetics  of  the  alloy  under  both  static  and  deformation  condi¬ 
tions  are  shown  in  Figure  4  where  the  percent  recrystallization  is  graphed  as  a  function 
of  time  for  the  various  deformation  conditions.  It  is  clear  that  the  superplastic  deforma¬ 
tion  has  a  very  strong  influence  on  the  rate  of  recrystallization.  Also  noteworthy  is  the 
observation  that  static  recrystallization  will  proceed  in  the  absence  of  deformation,  aind 
the  superplastic  characteristics  of  the  statically  recrystallized  material  may  be  expected 
to  differ  from  that  of  the  dynamically  recrystallizing  material. 

The  deformation-induced  recrystallization  was  found  to  be  strongly  dependent  on 
the  strain  as  shown  in  Figure  5,  and  the  strain  for  apparent  nucleation  was  about  0.1  to 
0.2.  The  recrystallization  does  occur  at  slightly  increasing  strains  with  increasing  strain 
rates. 

Fxamination  of  the  intermetallic  compound  particle  density  indicated  that  there  was 
some  dissolution  of  the  particles  and  an  increase  in  inter-particle  spacing  with  time  and 
strain.  It  is  these  changes  that  are  believed  to  be  the  source  of  the  onset  of  recrystal¬ 
lization.  During  the  high  temperature  deformation,  the  subgrain  size  increases  while  the 
density  of  the  intermetallic  compound  particles  decreases  with  increasing  strain.  Flic 
finely  dispersed  intermetallic  compound  particles  within  the  alloy  hinder  both  the  rear¬ 
rangement  of  the  dislocations  necessary  for  recrystallization,  as  well  as  the  migration  of  the 
recrystallization  fronts.  Nes(l)  reported  that  the  decrease  in  particle  density  was  caused 
by  a  discontinuous  dissolution  of  these  particles  at  a  migrating  sub-boundary.  Nes  sug¬ 
gest  that  the  migrating  boundary  force  the  AljZr  particles  to  loss  coherency,  and  thereby 
redissolve,  driven  by  the  surface  tension  of  the  particle.  The  high  temperature  dcforma 
tion  forces  thereby  cause  small  particles  to  dissolve  into  matrix,  further  destabilizing  the 
boundaries,  and  further  facilitating  subgrain  boundary  migration.  This  enhances  the  dy¬ 
namic  recrystallization  process  during  the  initial  stage  of  high  temperature  deformation, 
resulting  in  the  relatively  rapid  kinetics  observed  under  deformation  conditions. 


CONCLUSIONS 

a.  At  a  temperature  of  .r)00nC  and  strain  rate(10_l  to  10  .»rc~  ).  the  recrystalliza¬ 

tion  is  significantly  accelerated  by  deformation.  There  is  a  critical  strain  value  of  about  0.2 
at  which  the  dynamic  recrystallization  nucleates.  The  higher  the  strain  rate,  the  higher 
the  critical  strain  value  although  the  difference  is  not  large  . 

b.  The  finely  dispersed  intermetallic  compound  particles  play  important  role  in 
effecting  the  recrystallization  process  of  the  alloy,  and  recrystallization  proceeds  as  these 
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Figure  3.  Microstructural  change  with  strain  at  constant  strain  rate  of 

10-J»ec-’  and  500°C.  (a).  f=0.1  (b).  r=0.2.  (c).  <=0.3.  (d).  *=0.1. 
(e).  *=0.5.  (f).  <=0.9.  100*. 


125 


LOG  TIME  (sec) 

Figure  4.  Percent  recrystallization  as  a  function 
of  time  for  various  strain  rates  at 
500°C . 


STRAIN 

Figure  5.  Percent  recrystallization  as  a  function 
of  strain  for  various  strain  rates  at 
500°C . 
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particles  are  decreased  in  volume  fraction  or  interparticle  spacing  is  increased. 
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Abstract 


A  great  number  of  alpha  grain  boundaries  in  annealed  and  superplastical- 
ly  deformed  Ti-6Al-4V  alloy  were  examined  with  transmission  electron  micros¬ 
cope.  There  are  lack  of  extrinsic  dislocations  in  most  of  the  annealed  boun¬ 
daries.  And  the  near-coincidence  grain  boundaries  are  characterized  by 
straight  and  well  lined  intrinsic  grain  boundary  dis locat ions(GBDs ) .  A  vari¬ 
ety  of  extrinsic  dislocation  moving  configurations  were  observed  in  the  de¬ 
formed  alpha  grain  boundaries.  The  local  reactions  between  intrinsic  GBDs  have 
been  noticed.  It  is  suggested  that  a  local  grain  boundary  structure  transfor¬ 
mation  followed  by  its  spreading  could  induce  grain  boundary  sliding  and  mig¬ 
ration  in  superplastic  deformation. 


Supcrplasticity  and  Supcrplastic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Paton 
The  Minerals,  Metals  &  Materials  Society,  1988 


129 


Introduction 


It  is  well  known  that  grain  boundary  sliding  and  migration  play  an  impor¬ 
tant  role  in  superplastic  deformation.  The  contribution  of  grain  boundary 
sliding  to  total  superplastic  strain  is  typically  50%-70°4(l),  and  almost  all 
theoretical  models  are  based  on  the  presumptions  of  grain  boundary  sliding  ac¬ 
comodated  by  different  mechanisms ( 2 ,3 ) .  Grain  boundaries  and  interfaces  are 
also  the  preferential  sites  for  cavitation( 1 ) .  However  only  less  attention 
was  paid  to  the  details  of  grain  boundary  in  superplasticity.  Using  transmis¬ 
sion  electron  microscope,  we  examined  a  great  number  of  alpha  grain  boundaries 
in  annealed  and  superplastically  deformed  Ti-6A1-4V  alloy  to  approach  a  better 
understanding  about  the  mechanisms  of  grain  boundary  sliding  and  migration. 

Observation  Results  and  Analyses 


Annealed  State 


Most  of  the  annealed  alpha  grain  boundaries  are  lack  of  extrinsic  dislo¬ 
cations.  The  straight'  and  well  lined  intrinsic  grain  boundary  dislocations  can 
be  observed  in  near-coincidence  grain  boundaries,  see  Figure  1.  Only  small 
amounts  of  relaxed  dislocations  exist  in  a  few  annealed  boundaries.  These  facts 
imply  that  most  of  the  annealed  alpha  grain  boundaries  have  a  well  periodic 
structure. 

Superplastically  Deformed  State 

_4 

^The  specimen  was  tens! led  at  900°C  and  at  initial  strain  rate  of  4.25x10 
sec  to  100%,  then  quenched  to  room  temperature. 

Figure  2  -Figure  4  show  the  curved  alpha  boundaries  in  which  the  extrin¬ 
sic  grain  boundary  dislocations  were  emitted  from  triple-boundary  point  and 
moved  along  these  boundaries.  It  can  be  noticed  that  this  movement  induced  a 
grain  boundary  migration  in  the  arrow  direction.  It  is  suggested  that  such 
process  could  effectively  relax  the  stress  concentration  at  the  triple-boun¬ 
dary  point  caused  by  grain  boundary  sliding.  Futher  examine  shows  that  in  Fig¬ 
ure  4  there  also  exist  intrinsic  GBDs  which  however  may  not  be  directly  in- 
voled  in  the  migration  inducement. 

The  movement  of  extrinsic  lattice  dislocations  along  a  near-coincidence 
alpha  grain  boundary  is  shown  in  Figure  5.  The  intrinsic  GBDs  were  obsorbed 
by  these  moving  lattice  dislocations,  which  results  in  a  series  of  deviations 
in  the  boundary  plane  from  near-coincidence  orientation.  Hence  some  grain 
boundaries  may  partly  twist  with  sliding  to  meet  a  geometric  requirement. 

Figure  6  and  Figure  7  show  the  reactions  between  intrinsic  GBDs  happened 
in  the  deformation.  In  the  small  angle  boundary  shown  in  Figure  7,  some  of 
the  grain  boundary  dislocations  were  partly  combined  to  form  stronger  defects. 
In  Figure  6,  the  intrinsic  GBDs  reacted  forming  dislocation  network.  It  is 
suggested  that  such  reactions  imply  a  local  grain  boundary  structure  transfor¬ 
mation  . 

The  emission  of  lattice  dislocations  from  a  near-coincidence  grain  boun¬ 
dary  ledge  is  indicated  in  Figure  8.  It  can  be  noticed  that  the  boundary  ledge 
consists  of  facets  A,  B  and  boundary  plane  C,  in  which  the  intrinsic  GBDs 
oriente  in  different  derections.  The  emitted  lattice  dislocations  were  gene¬ 
rated  by  the  interaction  between  GBDs  at  the  intersections  of  A-B  and  B-C. 
Stress  concentration  at  the  boundary  ledge  can  be  relaxed  by  such  dislocation 
emission. 


Discussion  and  Summary 
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The  TEM  investigations  indicate  that  there  exist  a  variety  of  extrinsic 
dislocation  moving  configurations  which  may  be  related  to  grain  boundary  sli¬ 
ding  and  migration.  However  the  most  interesting  results  are  the  reactions 
between  intrinsic  grain  boundary  dislocations.  We  have  also  noticed  that  there 
are  a  lot  of  deformed  alpha  grain  boundaries  which  are  still  lack  of  extrinsic 
or  even  intrinsic  grain  boundary  dislocations.  It  is  hard  to  say  that  such 
grain  boundaries  will  maintain  unmovable  during  superplastic  deformation.  In 
general , a  local  grain  boundary  structure  transformation  followed  by  its  sprea¬ 
ding  which  may  effectively  occur  at  both  the  superplasticity  temperature(  0.55t 
Tm)  and  the  applied  stress  could  induce  grain  boundary  sliding  and  migration. 
And  such  process  would  be  accompanied  with  vacancy  obsorbtion  or  emittion.  The 
observed  extrinsic  dislocation  moving  along  grain  boundary  is  only  one  special 
case  of  the  process. 

The  investigation  results  are  summarized  as: 

1.  There  is  a  well  structure  state  in  annealed  alpha  grain  boundaries. 

2.  There  exist  a  variety  of  extrinsic  dislocation  moving  configurations 
which  may  be  related  to  grain  boundary  sliding  and  migration. 

3.  Local  reactions  between  intrinsic  grain'  boundary  dislocations  occured 
during  superplastic  deformation. 

References 


1.  A.  H.  Chokshi  and  T.  G.  Langdon,  Super plasticity (15,  Quai  Anatole  France, 
PA:  Centre  National  de  la  Recherche  Scient if ique ,  1985),  2.1-2.15. 

2.  R.  C.  Gifkins,  Superplastic  Forming  of  Structural  Alloys  (New  York,  NY: 
The  Metallurgical  Society  of  A1ME,  1982),  3-26. 

3.  B.  P.  Kashyap  and  A.  K.  Mukherjee,  Superplasticity  (15, Quai  Anatole 
France,  PA:  Centre  National  de  la  Recherche  Scientif ique,  1985),  4.1. 


Figure  1  -  Annealed  grain  boun¬ 
daries  in  which  there  exist 
straight  and  well  lined  intrin¬ 
sic  GBDs. 


Figure  2  -  Grain  boundary  mig¬ 
ration  through  extrinsic  GBD 
moving  (dark  field  image). 
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Figure  3  -  Grain  boundary  mig¬ 
ration  through  extrinsic  GBD 
moving. 


Figure  4  -  Grain  boundary  mig¬ 
ration  through  extrinsic  GBD 
moving. 
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Abstract 


Superplastic  alloys  are  highly  resistant  to  macroscopic  neck 
development  owing  to  their  high  strain  rate  sensitivity  of  stress  (m)  and 
this  leads  generally  to  large  tensile  elongations.  High  m  values  are 
however  not  sufficient  and  several  factors  can  influence  greatly  the 
ductility.  These  factors  include  the  geometry  of  the  specimen,  the 
uniformity  of  temperature  along  the  gauge  length  and  the  structural 
evolutions  of  the  alloy  such  as  grain  growth  and  cavitation.  The  aim  of 
this  paper  is  to  analyse  the  influence  of  several  of  these  factors  on 
plastic  stability  and  strain  to  fracture  with  particular  attention  to 
cavitation.  Uniaxial  and  biaxial  deformations  are  considered  and 
quantitative  prediction  of  tensile  elongation  on  thinning  development 
during  circular  sheet  bulging  is  given.  The  effect  of  superimposed  pressure 
on  fracture  is  also  examined.  It  is  shown  that  the  fracture  mode  can  be 
changed  by  superimposed  pressure,  from  fracture  without  external  necking 
for  cavity  sensitive  alloys  at  zero  pressure,  to  fracture  with  necking 
development  and  extensive  thinning  at  pressure  large  enough  to  completely 
suppress  cavity  growth.  Fracture  mechanism  diagrams  are  then  presented 
which  enable  prediction  of  the  fracture  mode  as  a  function  of  material 
parameters  and  pressure  conditions  for  uniaxial  tension  and  bulging. 
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Introduction 


Superplastic  alloys  are  now  used  quite  extensively  in  several 
applications  and  one  main  problem  is  concerned  with  the  fabrication  of 
parts  with  an  uniform  thickness  distribution  and  a  low  level  of  internal 
defects.  A  high  strain-rate  sensitivity  value  of  stress  (m)  is  one  key 
parameter  which  has  to  be  controlled  for  obtaining  a  high  plastic  stability 
of  flow  during  forming  but  several  other  factors  can  influence  greatly  the 
ductility,  essentially  the  uniformity  of  temperature  and  grain  size  in  the 
specimen  and  the  structural  evolutions  (grain  growth  and  cavitation)  that 
are  taking  place  during  deformation.  The  influence  of  some  of  these  factors 
has  already  been  studied  quite  extensively  in  our  laboratory  and  elsewhere 
so  that  the  aim  of  this  paper  is  essentially  to  summarise  what  was  done  on 
the  subject  very  recently  but  also  to  present  some  new  results.  Uniaxial 
tension  is  considered  first  by  analysing  the  influence  of  the  previously 
mentioned  factors  on  plastic  stability  and  neck  development.  Thinning  of 
the  sheet  during  bulging  is  studied  thereafter  with  particular  reference  to 
cavitation,  temperature  uniformity  and  thickness  distribution  in  the  sheet. 

Influence  of  material  parameters  under  uniaxial  stress  state  (1) 

The  Hart's  expression  : 

6(lncr)='y6€+m6(ln€)  (1) 

will  be  used  in  the  present  analysis  (2)  ;  in  the  derivation,  both  m  and  y 
are  considered  to  be  constant  except  for  the  final  equations  where  y  =  n/ef 
is  used  for  a  power  law  hardening  material. 

Geometrical  defect 

In  a  specimen  unde-  tension  the  initial  cross  section  and  length 
are  A0  and  L0  respectively  and  the  corresponding  instantaneous  values  are  A 
and  L.  On  the  assumptions  that  there  is  an  initial  geometrical  defect 

SAo 

f  (=  - — )  and  that  only  the  plastic  deformation  is  considered,  from  the 

Ao 

constant-volume  condition  and  the  load  equilibrium  condition,  it  is 
obtained  from  (1)  : 

m  6(ln  A)  =  (m  +  y  -  1)  5(ln  A)  -  •y  6(ln  A0)  (2) 

&  expresses  the  differential  along  the  tensile  axis. 

At  the  stable  or  quasi-stable  stage  of  deformation,  as  the 
difference  between  the  two  sections  (the  homogeneous  section  and  the  neck 
section)  is  not  great,  the  difference  in  y  between  these  two  section  (if  y 
=  n/«  is  accepted)  is  also  not  great  ;  therefore,  it  can  be  considered  that 
both  the  homogeneous  section  and  the  necking  section  have  the  same  y  and  m 
values.  So  we  integrate  eqn.  (2)  along  the  tensile  axis  from  the 
homogeneous  section  A  to  the  necking  section  AN  and  define  the  integral 

constant  by  putting  A  =  AN  while  A  =  .  This  integration  gives  : 


and  by  introducing  f,  cNand  e  : 

(1  -  f)1/ffl  expj — ^ - -  |  deN  =  expj— e j  dc  (4) 

For  the  description  of  necking  development,  assuming  also  that  y  is 
constant  during  the  deformation  (see  later  for  comments)  by  integration 
from  e  =  cN  =  0  : 

(1  .  f)i/m  jexp^-"i^-j  -1  J  =  expjllllglj  -i  (5) 

Equation  (5)  shows  that,  when  there  is  a  geometrical  defect  f,  the  necking 
will  develop  but  will  be  controlled  by  m  and  "r. 

When  failure  occurs  at  eN  -*  »  (3-6),  the  strain  in  the  homogeneous 
section  to  failure  is  obtained  : 

«f  =  M*  -  (1-f)1'"}  (6) 

This  is  an  m-Tr-cf  relationship.  For  a  power-law  hardening  material,  the 
final  y  (=  n/ef)  value  is  used  in  eqn.  (6)  as  an  "average"  y  value  (4).  We 
obtain  : 


cf  =  n  -  m  ln{l  -  (1-f)1/1"}  (7) 

Because  f  is  very  small,  we  have  a  simpler  expression  : 

ef  a  n  +  m  ln(|-5  (8) 

If  the  contribution  of  the  neck  section  to  elongation  is  neglected,  the 
total  elongation  (the  engineering  strain)  for  both  eqn.  (7)  and  (8)  is  : 

ef  =  {1  -(l-f)1/ra}-m  exp(n)  -  1  (9) 

or  ef  =  exp(n)  -  1  (10) 


Deformation  defect 

All  the  derivations  carried  out  for  a  geometrical  defect  are  repeated  using 
for  a  deformation  defect  Sc  =  -  Sin  A  (2,  6,  7).  This  gives  : 

exp(-  £n  ^~ )  d«N  •  exp^-  c  de  (11) 

A  deformation  defect  can  be  considered  as  a  predeformation  in  a  local 
region  of  the  specimen,  which  is  the  initial  place  for  necking.  So  eqn. 
(11)  is  integrated  beginning  at  e  =  0  and  €„  =  c0 ,  this  gives  : 
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or,  with  a  power- law  materia) , 


€f 


1  -  exp 


(13) 


Comparison  between  eqn.  (12)  and  (6),  shows  that  the  difference  between  the 
equation  for  a  geometrical  defect  and  that  for  a  deformation  defect  is  that 
the  former  has  a  (1  -  f)1/m  term  and  the  latter  an  exp{-  e0  (1  -  -Y)/m} 
term. 


Comparison  with  other  theories  and  experiments 

Table  shows  the  various  relationships  given  by  other  theoretical 
analyses  and  the  present  one.  From  the  viewpoint  of  theoretical  analysis, 
those  of  Hutchinson  and  Neale  (8)  or  Ghosh  and  Ayres  (3)  are  accurate 
integral  analyses  of  the  "long-wavelength  approximation"  of  one  dimension. 
However,  unfortunately,  the  resultant  equation  of  Hutchinson  and  Neale  is 
an  integral  one  which  cannot  be  solved  in  an  analytical  form.  The  analyses 
given  by  Nichols  (4),  Lin  et  al.  (5),  Semiatin  and  Jonas  (9)  or  Lian  and 
Baudelet  (1)  based  on  Hart's  approach  are  a  linearized  or  first-order 
perturbation  in  which  the  necking  phenomenon  is  described  by  a  gradient 
approach.  The  present  analysis  is  based  on  Hart's  constitutive  equation  of 
differential  form. 


Table.  Various  relationships  of  theoretical  analyses 


Relationship 


Reference 


Tear 


ef =  {(1-f)1/™  }-■  -1 
P  (c,  )k 
kT 


Ghosh  and  Ayres 


(3) 


V  (S€f)k 

exp(-S€f )  2.  — — — =  (1  -( 1-f )s ) 


k=0 


1  n 

s  =  — ,  p  =  - 
m  m 


ef  =  If 


lW(l-T) 


ef  =  (1  +  e0)A  ■/<*- r)  -  1  ;  A  =  67 

ef  =  exp(n)  -  1 

ef  =  {l-(l-f )' exp(n)-l 


Hutchinson  and  Neale  (8) 

Nichols  (4) 

Lin  et  al.  (5) 


{?} 


1976 

1977 


ef  =  j  m  exp(n)-l 


kf  =  n-m  ln<l  -  exp 


(--vi) 


Semiatin  and  Jonas 
Lian  and  Baudelet 

present  work  (when  n=0, 
this  gives  the  relationship 
of  Ghosh  and  Ayres) 

present  work 


present  work 


1980 

1981 

1984 

1986 
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Figure  1  is  plotted  using  eqn.  10  and  eqn.  (13)  with  n  =  0  and  n  = 
0.2  labelled  L-B  ;  Woodford's  experimental  data  (10)  and  Hutchinson  and 
Neale's  theoretical  results  (labelled  H-N)  are  also  plotted  for  comparison. 
From  fig.  1,  we  can  define  that  for  m  >  0.1,  the  strain-hardening  exponent 
n  has  a  small  influence  on  the  elongation,  and  both  theoretical  lines  are 
in  agreement  with  the  experimental  data  of  Woodford.  For  m  <  0.1,  the 
strain-hardening  effect  has  an  increasing  influence  on  total  elongation  and 
the  lines  for  n  =  0  and  n=  0.2  include  most  of  the  experimental  data. 

Figure  1  shows  that  the  present  analysis  gives  the  same  result  as 
that  of  Hutchinson  and  Neale  when  n  =  0  (which  is  also  the  same  as  that 
given  by  Ghosh  and  Ayres),  and  for  n  =  0.2  this  analysis  gives  a  good 
approximation  to  Hutchinson  and  Neale's  integral  analysis.  When  m  is  small 
(e.g  between  0.01  and  0.1),  eqns.  (10)  and  (13)  do  contain  some  errors  in 
contrast  with  Hutchinson  and  Neale's  results.  The  errors  may  arise  from  the 
assumption  in  the  integrations  of  the  above  derivation  that  *r  is  constant, 
especially  in  the  integration  of  eqn.  (4),  which  is  in  fact  not  true. 

However,  for  a  material  having  a  large  strain  rate  sensitivity,  the 
strain  at  fracture  is  larger  than  the  strain-hardening  exponent  n  ;  for  the 
deformation  process  where  e  >  n,  the  variation  in  y  with  e  becomes  smooth 
and  in  this  case  the  assumption  that  v  is  a  constant  is  quite  reasonable. 
This  is  why,  for  large  m,  the  result  of  this  analysis  give  quite  a  good 
approximation  in  comparison  with  Hutchinson  and  Neale's  numerical  results. 

Influence  of  variation  of  strain  rate  sensitivity  on  limit  strain  -  case  of 
geometrical  defect  (111 

Ghosh  and  Ayres  (3)  have  shown  that  an  Al-Cu  alloy  with  an  initial 
m-value  of  0.9  exhibits  only  a  700%  elongation  while  an  alloy  with  an 
initial  0.2  m-value  exhibits  a  1200%  elongation.  Ghosh  and  Ayres  indicated 
that  these  two  elongations  are  more  related  to  their  final  m-values,  0.28 
and  0.49  respectively.  Based  on  this  fact,  they  suggested  that  the  terminal 
m  is  the  most  important  parameter  in  controlling  total  elongation. 

To  obtain  a  quantitative  estimate  of  the  effect  of  the  variation  of 
m  on  limit  strain,  cf  has  been  numerically  calculated  with  variable  m  in  the 
form  of  either  a  linear  or  an  arbitrary  variation. 

Figure  2  shows  that  a  good  agreement  is  observed  between  the 
numerically  calculted  limit  strain  (ef)  and  the  final  average 
mf  (=(mHf  +  mHf)/2),  where  m^f  and  m,,,  are  the  final  values  of  m  in  the 
homogeneous  and  necked  zones  respectively.  Furthermore,  it  seems  that  the 
relation  between  ef  and  mf  follows  approximately  the  relation  (7),  assuming 
n  equal  to  0. 

Influence  of  the  other  parameters  under  uniaxial  stress  state 

The  first  part  of  the  paper  was  concerned  with  the  prediction  of 
the  strain  to  failure  as  function  of  the  strain-rate  sensitivity 
coefficient  by  considering  the  development  of  an  initial  geometrical 
imperfection  in  the  cross  section  of  the  specimen.  However,  other  factors 
than  m  can  greatly  influence  the  ductility.  These  factors  are  the  geometry 
of  the  specimen,  the  uniformity  of  temperature  and  grain  size  along  the 
gauge  length  and  the  structural  evolutions  of  the  alloy  such  as  grain 
growth  and  cavitation.  Analysis  of  the  influence  of  these  factors  on 
plastic  stability  and  strain  to  fracture  in  uniaxial  tension  is  the  aim  of 
this  part. 
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Figure  1  -  The  theoretical  results  of 
the  m-ef  relationship  calculated  from 
eqns.  (10)  and  (13)  (Lian-Baudelet 
(L-B))  and  from  Hutchinson  and 
Neale's  (8)  analysis  (H-N)  in 
comparison  with  the  experimental  data 
collected  by  Woodford  (10)  (f  =  0.005 
for  n  =  0.2  (eqn.  (13))  ;  e0  = 
0.005).  (from  (l)) 


o.oo  o.ao  0.40  o.60  o.ao  i.oo 

1  /2 


Figure  2  -  Relation  between  limit 
strain  and  final  average  value  of  m 
(from  (11)) 


Geometry  of  the  specimen 

The  influence  of  the  geometry  of  the  specimen  on  strain  to  failure 
is  often  ignored  and  no  detailed  investigation  has  been  performed  to 
quantify  it.  The  importance  of  this  parameter  was  first  recognized  by 
Morrison  (12)  who  expressed  the  elongation  to  failure  in  the  case  of  Sn-Pb 
eutectic  alloy,  by  the  relation  : 

ef=  b  m2  (5^)  (14) 

where  b  =  constant  (~  280) 

Do  =  initial  diameter 
lo  =  initial  gage  length 

The  elongation  is  thus  greater  for  large  diameter  and  small  gage 
length.  In  this  case,  a  non  negligible  part  of  the  elongation  comes 
generally  from  the  heads  of  the  sample  which  can  introduce  some  error  in 
the  determination  of  the  real  strain  experienced  by  the  specimen.  Another 
empirical  relation  for  failure  strain  in  sheet  specimens  has  been  proposed 
(13)  in  the  case  of  the  T i -6A1 -4V  : 


B  m  (e  f ) 
(w/t) 


(15) 


Where  w  and  t  are  the  width  and  thickness  of  the  specimen 
respectively,  m(ef)  is  the  strain  rate  sensitivity  measured  just  before 
failure  and  the  constant  B  =*  32  for  this  alloy. 

Non  uniformity  of  temperature  and  grain  size 

One  source  of  inhomogeneity  of  deformation  which  can  be  considered 
to  be  likely  in  superplastic  forming  is  that  due  to  some  temperature 
gradient  along  the  gauge  length  of  the  specimen.  Since  the  strain-rate  is  a 
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strong  function  of  temperature,  such  gradient  can  result  in  a  significant 
inhomogeneity  of  deformation.  Another  source  of  inhomogeneity  can  be  that 
induced  by  a  localized  grain  size  variation.  This  variation  may  result 
either  from  inhomogeneous  recrystal  1 ization  as  in  the  case  of  alloys  which 
become  superplastic  after  some  prestraining  or  from  abnormal  local  grain 
coarsening. 

The  analysis  of  plastic  stability  taking  into  account  these  two 
types  of  inhomogeneity  was  performed  recently  (14)  and  equivalence  between 
geometrical  defect  and  a  local  temperature  or  grain  size  imperfection  was 
established.  Indeed,  the  geometrical  defect  feq  T  equivalent  to  a 
temperature  difference  ST/T  for  the  same  limit  strain  is  : 

feq.r  =  f1  +  Y^]m  exP  ('  m  C  r)  (16) 


where  C  =  — , 
K  1 


Q  being  the  activation  energy. 


Similarly  for  the  grain  size  inhomogeneity,  we  have  ; 


f 


eq  .  d 


=  1  - 


mp 


(17) 


Where  p  is  the  grain  size  exponent  in  the  grain  size  dependence  of  the 
strain-rate. 

The  comparison  between  these  defects  is  given  in  figure  3  for  m  = 
0.5  where  it  is  shown  that  6d/d  (with  p  =  1,  2  and  3)  has  approximately  the 
same  effect  on  limit  strain  as  the  geometrical  defect  f.  The  limit  strain 
is  also  very  sensitive  to  a  local  temperature  variation  &T/T.  Indeed,  a 
small  local  increase  of  temperature  of  0.1%  has  the  same  effect  as  a 
geometrical  defect  of  about  1%.  This  result  leads  to  the  conclusion  that 
precise  control  of  temperature  along  the  gauge  length  is  necessary  to  get 
large  elongation.  This  control  is  easier  on  short  samples  which  confirms 
the  importance  of  the  gauge  length  on  strain  to  fracture. 

Grain  growth 

As  deformation  of  superplastic  materials  takes  place  at  elevated 
temperatures,  grain  coarsening  frequently  occurs  which  results  in  apparent 
hardening  in  the  stress  strain  curves.  However,  such  an  hardening  can  be 
compensated  by  some  flow  softening  when  straining  is  performed  not  at 
constant  strain-rate  but  at  constant  extension  rate.  The  influence  of 
grain-growth  and  strain-rate  path  was  detailed  recently  by  Hamilton  (15) 
and  Baudelet  and  SuSry  (16)  so  that  this  parameter  will  not  be  considered 
in  details  in  this  paper. 

Grain  growth  may  thus  have  a  stabilizing  effect  in  the  tensile 
deformation  by  introducing  a  strain  hardening  parameter  in  the  equation 
(9).  It  may  also  lead  to  earlier  fracture  especially  when  the  imposed 
strain-rate  is  close  to  region  III.  In  this  case,  grain  growth  will  lead  to 
a  rapid  decrease  of  the  m  value  and  according  to  the  results  presented  in 
the  first  part  of  this  paper,  smaller  elongations  will  be  obtained.  It  is 
however  possible  to  avoid  this  problem  by  deformina  the  material  while 
decreasing  continuously  the  strain-rate  (or  the  stress)  so  that  deformation 
will  always  take  place  under  optimum  conditions  of  superplasticity.  This 
procedure  was  applied  to  a/p  brasses  and  found  to  be  successful  for 
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increasing  elongation  to  rupture  compared  to  usual  tests  at  constant 
strain-rate  (16). 

Cavitation 

One  of  the  main  problem  of  superplastic  deformation  of  many  alloys 
is  the  development  of  internal  cavities  which  have  an  important  influence 
on  strain  to  fracture.  This  phenomenon  was  considered  by  Jonas  and  Baudelet 
(17)  who  demonstrated  that  the  generation  of  spherical  cavities  during 
straining  increases  the  tendency  towards  tensile  instability  by  reducing 
the  effective  values  of  the  strain-rate  sensitivity  and  the  strain 
hardening  coefficient.  Cavity  generation  also  diminishes  the  reduction  in 
area  at  fracture,  so  that  failure  of  the  material  can  occur  when  the 
external  cross-section  is  still  appreciable. 

The  influence  of  cavitation  on  neck  development  was  studied 
recently  by  Lian  and  Su&ry  (18)  assuming  that  the  volume  fraction  of 
cavities  increases  with  strain  according  to  the  relation  : 

Cv  =  Cvo  exp  (r,  e)  (18) 

Where  Cv0  is  assumed  to  be  the  initial  cavity  volume  fraction  in  the 

specimen,  ti  is  a  parameter  which  depends  on  material  and  testing  conditions 
namely  the  stress  state. 

The  model  of  neck  development  assumes  a  geometrical  defect  to  be 
present.  However,  since  cavity  growth  decreases  the  effective  area  of  the 
cross-section  of  the  specimen,  the  basic  equation  (4)  must  take  into 
account  the  evolution  with  strain  of  the  cavity  volume  fraction  which  is 
different  in  the  necked  region  and  outside  the  neck.  The  following, 
expression  was  thus  obtained  when  the  strain-hardening  coefficient  is  zero: 

exp(-€/m)  €1/m  [1-C  exp  ti  d«  =  (l-f)‘1/m  exp(-eH/m)  ei/m 

(19) 

x  (1-CV0  exp  T!  €N)I/m  dcN 

In  the  calculations,  specimen  failure  was  assumed  to  occur  when  either 
«,,/€  =  2  or  Cv  =  0.30  in  the  necked  region. 

Figure  4  shows  the  influence  of  m  on  the  variation  of  fracture 
strain  cf  vs  cavity  growth  rate  m.  The  value  of  m  greatly  affects  ef ,  but 
only  when  ri  is  not  too  great.  As  ti  increases,  cf  decreases  whatever  the 
value  of  m  and  it  becomes  almost  completely  independent  of  m  in  the  range  m 
>  0.5,  if  ti  is  greater  than  ~  3.  This  value  of  -n  corresponds  approximately 
to  the  transition  between  the  region  where  fracture  occurs  with  pronounced 
external  necking  (low  n)  and  that  where  the  fracture  mode  is  controlled  by 
cavity  growth  (great  n),  as  shown  in  figure  5.  This  figure  represents  the 
variations  of  the  necking  parameter  p  (  =  (Af -AN f )/Af  x  100,  %)  and  the 
cavity  volume  fraction  outside  the  necked  region  as  a  function  of  the 
cavity  growth  rate  n.  Af  and  ANf  are  respectively  the  area  of  cross-section 
in  the  uniform  region  and  the  necked  region  of  the  specimen  when  fracture 
occurs.  At  low  t)  value,  the  fracture  criterion  eH/e  =  2  is  satisfied 
whereas  that  corresponding  to  Cv  =  0.30  holds  at  large  n  values. 

The  transition  from  fracture  by  external  necking  to  fracture  by 
cavity  growth  can  be  easily  visualized  on  fracture  mechanism  diagrams  in 
which  isostrain  curves  at  fracture  are  plotted  as  functions  of  m  and  t).  An 
example  of  this  diagram  is  shown  in  figure  6  taking  for  Cv0  an  f  typical 
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Figure  3  -  Comparison  between  initial  Figure  4  -  Calculated  fracture  strain 
grain  size  inhomogeneity  or  tempera-  £f  versus  cavity  growth  rate  n  for 
ture  difference  and  initial  geometri-  various  values  of  m  ; 
cal  imperfection  for  their  influences  c  „  =  10'3.  f  =  5  x  lO'3  (from  (18)). 
on  limit  strain  (from  (14)).  v0 


Figure  5  -  Influence  of  cavity  growth 
rate  n  on  external  necking  and 

internal  cavity  volume  fraction  Figure  6  -  Superplastic  fracture 
outside  neck  section  mechanism  diagram, 

(p  =  (Af  -  ANf )/AfxlOO,%)(from  (18))  Cv0  =  10'3,  f  =  5  x  10'3  (from  (18)). 


values  for  superplastic  alloys,  10"3  and  5  x  10'3  respectively. 

The  previous  analysis  thus  clearly  demonstrates  that  cavity  growth 
has  a  strong  influence  on  the  fracture  strain  of  superplastic  materials 
which  justifies  the  various  attempts  which  were  experimented  to  eliminate 
or  at  least  reduce  cavitation  during  straining,  essentially  by  using 
superimposed  hydrostatic  pressure.  Indeed,  theoretical  models  of  cavity 
growth  (when  it  is  plasticity  controlled)  predicts  that  n  will  be  zero  when 
pressures  greater  than  <r  /3  are  superimposed  to  the  tensile  stress  a . 
Figure  7  shows  the  influence  of  the  pressure  on  the  position  of  the 
isostrain  curves  in  the  fracture  mechanism  diagrams.  The  cavity  growth  rate 
n0  is  defined  here  as  n  »  n0  F  where  F,  function  of  the  stress  state,  is 
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assumed  to  be  given  by  the  Rice  and  Tracey  model  (19)  (0.3  in  uniaxial 
tension).  It  is  shown  that  increasing  superimposed  pressure  increases  the 
fracture  strain  for  given  values  of  m  and  ti0  and  consequently  shifts  the 
region  of  fracture  by  external  necking  towards  greater  ti0  values. 


AYERACC  TH1CXNCSS  STRAIN  Kj4V) 


Figure  7  -  Influence  of  pressure  Ph 

on  the  position  of  the  isostrain  Figure  8  -  Calculated  thinning  para- 

curves  in  the  fracture  mechanism  meter  a  versus  average  thickness 

diagram  ;  Cv0  =  10~3  f  =  5  x  10'3.  strain  (-e3av)  for  various  m-values. 

(from  results  of  (21)).  No  cavitation,  (from  (21)). 

ph  :  - 0  ; - .2<re  ;  -  -  -  .4ae 


Influence  of  some  parameters  under  biaxial  stress  state  . 

Since  superplastic  forming  is  now  quite  extensively  used  for 
aerospace  applications,  deformation  is  not  only  limited  to  uniaxial  tension 
but  often  performed  under  more  complex  stress  states.  In  fact,  the  basic 
superplastic  forming  operation  is  the  bulging  of  a  clamped  sheet  into  a 
shaped  mould  by  applying  one-side  gas  pressure  and  for  this  process  a 
number  of  theoretical  and  numerical  analyses  have  been  developed.  The  main 
calculations  have  been  concerned  with  the  influence  of  the  m  value  on  the 
thickness  profile  for  the  free  bulging  of  a  circular  diaphragm  and  it  was 
shown  that  the  larger  the  m  value,  the  more  uniform  is  the  thickness 
distribution.  However,  as  for  uniaxial  tension,  other  parameters  may 
influence  this  distribution  and  lead  to  premature  failure  of  the  material. 
In  this  part,  cavitation  and  temperature  inhomogeneities  are  considered 
together  with  initial  thickness  distribution  of  the  sheet.  The  basic 
results  for  the  free  bulging  of  an  homogeneous  circular  clamped  sheet  will 
be  first  briefly  reported. 

Influence  of  it  in  superplastic  bulging 

The  more  recent  calculation  dealing  with  this  problem  is  that 
developed  by  Zhou  and  Lian  (20)  using  the  rigid-viscoplastic  element 
method,  the  material  being  isotropic  with  a  constant  value  of  m.  Figure  8 
shows  the  influence  of  this  parameter  on  the  thinning  development  during 
bulging.  This  thinning  development  is  described  here  by  a  parameter 

a  «=  €$/€!v  where  «§  is  the  thickness  strain-rate  at  the  pole  and  «3V 

the  average  thickness  strain-rate  along  the  meridian.  It  can  be  seen  from 


this  figure  that  the  non-uniform  thinning  process  is  restrained  by  a  large 
m  value.  Moreover  the  thinning  rate  increases  very  rapidly  with  average 
thickness  strain  leading  to  heavy  strain  localisation  at  the  pole  and  then 
rupture  of  the  material.  As  for  uniaxial  tension,  an  arbitrary  criterion 
for  the  prediction  of  limit  strain  during  bulging  was  used,  namely  that 
failure  occurs  when  a  =  5. 


Cavitation 

The  previous  prediction  was  made  assuming  that  no  cavitation 
develops  in  the  material  so  that  failure  occurs  by  local  thinning.  For 
cavitating  alloys,  fracture  can  be  due  also  by  cavity  growth  and  for  its 
prediction  the  same  criterion  as  for  uniaxial  tension  have  been  used  that 
is  the  cavity  volume  fraction  at  the  pole  Cj}  =  30%  (21).  The  influence  the 
cavity  growth  rate  n0  on  the  limit  thickness  strain  (-  «3f)  is  shown  in 
figure  9  for  various  values  of  m.  When  n0  is  small  <  4)  large  limit 
thickness  strains  can  be  obtained  depending  on  the  value  of  m.  In  this 
case  the  failure  criterion  a  =  5  is  satisfied  which  means  that  the  failure 
of  the  sheet  occurs  by  geometrical  thinning.  When  ti0  is  large  (■%  >  8)  a 
smaller  and  almost  constant  limit  strain  is  obtained  by  the  criterion 
Cp  =  30%.  The  influence  of  both  m  and  ti0  on  limit  strain  allows  fracture 
mechanism  diagrams  to  be  constructed  for  superplastic  bulging  (figure  10). 
The  diagram  is  divided  into  three  regions  corresponding  to  thinning 
fracture  mixed  fracture  and  cavitation  fracture  respectively. 


CAVITY  GROWTH  RATE 


Figure  9  -  Calculated  limit  average  Figure  10  -  Superplastic  bulging 
thickness  strain  -«3f  versus  cavity  fracture  mechanism  diagram, 
growth  rate  ii0  for  various  m-values.  C„0=  10‘3  (from  (21)). 

Cw0  =  10' 3  (from  (21)). 


In  order  to  reduce  cavitation,  bulging  can  be  carried  out  with 
superimposed  back  pressure  P),,  the  effect  of  which  is  predicted  in  figure 
11.  In  this  figure,  the  isostrain  curves  (-  «3f  =  constant)  at  fracture  are 
plotted  as  function  of  n0  and  Pt ,/ore.  For  a  given  value  of  ti0,  fracture  by 
cavity  growth  progressively  changes  to  fracture  by  thinning  when  pressure 
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Figure  11  -  Superplastic  fracture 
mechanism  for  bulging  for  various 
superimposed  hydrostatic  pressures 
and  cavity  growth  rates, 
m  =  0.5,  Cv0  =  10'3.  (from  (21)). 
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RATIO  or  COWriNINC  PRESSURE  to  effective  stress  <Ph/o  I 


increases  with  a  corresponding  increase  of  the  limit  strain.  Moreover,  it 
has  been  shown  that,  when  the  pressure  exceeds  2/3  ae  ,  cavity  growth  is 
theoretically  suppressed  and  the  material  behaves  as  without  cavitation. 

Non  uniformity  of  temperature 

As  for  uniaxial  tension,  non  uniformity  of  temperature  in  the  sheet 
plane  has  a  very  strong  influence  on  the  thinning  development  and  it  is 
then  interesting  to  get  an  idea  of  the  difference  of  temperature  between 
the  edge  (  T  )  and  the  pole  (Tp)  which  may  either  lead  to  earlier  fracture 
(Te  <  Tp)  or  inversely  to  more  uniform  thickness  distribution  (Te  >  Tp). 

This  problem  was  considered  recently  (22)  for  the  case  of  the 
circular  bulging  of  Al-7475  sheets,  assuming  that  the  deformed  sheet  is 
always  a  portion  of  a  sphere.  The  temperature  Tp  and  Te  are  maintained 
constant  during  the  process  with  a  temperature  distribution  in  agreement 
with  the  Fourier's  law.  Figure  12  shows  the  results  of  the  calculation,  the 
optimal  temperature  for  superplasticity  being  516°C,  taken  as  the 
temperature  at  the  pole  Tp.  A  higher  temperature  at  the  edge  by  only  10°C 
is  sufficient  to  obtain  almost  complete  homogeneity  of  deformation  whereas 
a  lower  temperature  by  10°C  leads  to  heavy  strain  localization  at  the  pole. 
This  result  thus  demonstrates  that  precise  control  of  temperature  is 
necessary  to  reduce  the  thinning  development  during  bulging. 

Thickness  distribution 


In  the  same  way  as  controlled  temperature  distribution,  difference 
of  thickness  between  the  edge  and  the  center  of  the  sheet  can  delay  strain 
localization  at  the  pole  and  lead  to  more  uniform  thickness  distribution 
during  bulging.  Experiments  with  sheets  of  Ti-6A1-4V  of  non-uniform 
thickness  were  performed  (23)  and  figure  13  shows  the  various  initial 
thickness  profiles  used  and  the  corresponding  thickness  distribution  after 
forming  of  half  a  sphere.  With  profile  (3),  almost  homogeneous  thinning  is 
obtained  which  needs  only  little  machining  for  complete  uniform  thickness. 
Moreover  the  process  allows  weight  reduction  of  the  starting  material  since 
the  maximum  initial  thickness  is  only  7  mm. 
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Figure  12  -  Influence  of  temperature 
Te  at  the  edge  of  the  sheet  on  the 
thickness  distribution  after  bulging 
of  half  a  sphere.  Tp  is  the 
temperature  at  the  pole,  (from  (22)). 


Figure  13  -  Influence  of  the  initial 
thickness  distribution  on  the 
thickness  after  bulging  of  half  a 
sphere  for  Ti  -  6  A1  -  4  V  sheets  of 
450  mm  diameter,  (from  (23)). 


Conclusion 


Other  factors  than  the  strain-rate  sensitivity  parameter  m  influence 
greatly  the  ductility  of  superplastic  materials.  In  this  paper,  the 
uniformity  of  temperature  and  grain  size  and  the  structural  evolutions, 
mainly  cavitation,  were  considered  in  uniaxial  and  biaxial  deformations. 
Temperature  gradient  dramatically  reduces  tensile  ductility  whereas  it  can 
have  either  a  stabilizing  or  destabilizing  effect  during  sheet  bulging. 
Cavitation  always  reduces  strain  to  fracture  which  justifies  the  use  of 
superimposed  pressure  during  deformation  for  eliminating  cavity  growth  and 
increasing  failure  strain  in  alloys  particularly  prone  to  cavitation. 
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Abstract 

Superplastic  alloys  generally  exhibit  very  large  elongations  to  failure 
by  virtue  of  their  high  strain  rate  sensitivities,  m.  A  high  value  of  m 
provides  these  alloys  with  a  considerable  resistance  towards  flow 
localization,  and  it  has  been  shown  that  the  total  elongation  to  failure 
is  influenced  also  by  the  occurrence  of  strain  hardening  due  to  concurrent 
grain  growth  and  specimen  geometry.  Most  superplastic  alloys  cavitate 
during  deformation,  and  in  some  materials  extensive  cavitation  may  lead  to 
premature  failure.  The  experimental  observations  on  cavity  nucleation  and 
growth  are  sumnarized  and  compared  with  the  relevant  theoretical  mechanisms. 
Techniques  to  reduce  cavitation  during  superplastic  deformation  are 
outlined,  with  emphasis  on  the  superimposition  of  hydrostatic  pressure 
during  superplastic  deformation  and  alloy  design  considerations. 


Superplasticily  and  Supcrplastic  Forming 
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1.  Introduction 


Most  metals  and  alloys  exhibit  elongations  to  failure  of  less  than  -50% 
when  pulled  in  tension  at  elevated  temperatures.  Superplastic  alloys  are 
capable  of  exhibiting  very  large  elongations  to  failure,  typically  greater 
than  -500%.  Although  superplasticity  was  demonstrated  strikingly  by  Pearson 
[1]  as  early  as  in  1934,  with  an  elongation  of  1950%  in  a  Sn-Bi  eutectic 
alloy,  and  there  have  been  many  detailed  studies  on  the  mechanical 
properties  of  these  alloys  since  the  1960's,  it  is  only  recently  that  the 
possibility  of  using  this  phenomenon  to  form  complex  shapes  for  aerospace 
applications,  with  sibstantial  savings  in  both  weight  and  costs,  has  aroused 
commercial  interest  in  this  process  [2], 

It  is  now  widely  recognized  that  there  are  three  major  requirements  for 
superplasticitys  (i)  a  fine  and  reasonably  stable  grain  size,  typically  less 
than  _10  ym,  (ii)  an  elevated  besting  temperature,  typically  greater  than 
-0.5  T  ,  where  Tm  is  the  absolute  melting  temperature,  and  (iii)  a  high 
value  of  strain  rate  sensitivity,  typically  greater  than  -0.3.  The 
requirement  of  a  fine  and  stable  grain  size  at  elevated  testing  temperatures 
has  restricted  the  observation  of  superplasticity  to  microduplex  alloys 
based  typically  on  a  eutectic  or  eutectoid  composition,  and  quasi-single 
phase  alloys  with  fine  precipitates  pinning  the  grain  boundaries.  Most 
commercial  applications  of  superplasticity  involve  alloys  with  a 
quasi  single  phase  microstructure. 

Superplastic  alloys  usually  exhibit  a  sigmoidal  relationship  between  the 
flow  stress  and  the  strain  rate,  on  a  logarithmic  scale,  and  these  data  may 
be  divided  conveniently  into  three  regions,  each  of  which  is  represented 
frequently  in  the  form  a  =  Be  ,  where  ois  the  flow  stress,  B  is  a  constant, 
e  is  the  strain  rate  and  m  is  the  strain  rate  sensitivity.  Superplastic 
elongations  to  failure  are  detained  at  intermediate  strain  rates  in  region 
XX,  where  the  value  of  m  is  typically  greater  than  -0.4,  and  the  elongations 
to  failure  decrease  at  lower  strain  rates  in  region  1  and  at  higher  strain 
rates  in  region  ill,  where  the  respective  values  of  m  are  typically  less 
than  _0.3. 

At  elevated  testing  temperatures,  failure  in  tension  may  occur  by  two 
processes:  (a)  external  necking  and  (b)  internal  cavitation.  It  is  now 
widely  known  that  a  high  value  of  m  provides  superplastic  alloys  with  a 
resistance  towards  external  flow  localization  [3],  It  is  also  being 
recognized  increasingly  that  most  superplastic  alloys  cavitate  during 
deformation  [4-7] ,  and  although  these  materials  are  generally  capable  of 
withstanding  extensive  cavitation  before  failure,  recent  studies  have  shown 
that  even  small  levels  of  cavitation  lead  to  a  deterioration  in  the 
subsequent  room  temperature  properties  of  superplastically  formed  components 
[8] .  Clearly,  in  order  to  decrease  the  rate  of  cavitation  damage  accumulation 
during  superplastic  deformation,  it  is  necessary  to  develop  a  good 
understanding  of  the  processes  leading  to  cavitation  failure;  this  is 
particularly  important  for  many  of  the  more  recently  developed  marginally 
superplastic  commercial  quasi-single  phase  A1 -based  alloys. 

This  paper  reviews  briefly  the  processes  involved  in  the  failure  of 
superplastic  alloys.  The  following  section  describes  the  occurrence  of  flow 
local ization  in  superplasticity,  and  the  subsequent  section  deals  with  the 
important  role  of  cavitation  in  the  failure  of  superplastic  alloys.  The 
final  section  discusses  some  experimental  procedures  and  alloy  design 
considerations  that  may  inhibit  the  occurrence  of  cavitation  during 
superplastic  deformation. 
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2.  Flow  Localization  during  Superplastic  Deformation 


In  general,  superplastic  alloys  do  not  exhibit  much  external  necking 
when  tested  under  optimum  conditions,  so  that  even  in  specimens  exhibiting 
elongations  to  failure  of  several  thousands  of  percent,  there  is  very  little 
evidence  of  flow  localization  [4].  The  importance  of  strain  rate 
sensitivity  in  imparting  superplastic  alloys  with  resistance  towards  flow 
localization  has  been  demonstrated  experimentally  by  measuring  with 
increasing  deformation  the  variation  in  the  local  strain  along  the  gauge 
length  [9] . 

Mohamed  and  Langdon  [9]  conducted  experiments  to  determine  the  onset 
and  degree  of  flow  localization  in  a  superplastic  Zn-22%  A1  eutectoid  alloy. 
Tensile  specimens  were  tested  at  strain  rates  representative  of  region  1  (m 
=  0.22),  region  11  (m  =  0.5)  and  the  onset  of  region  ill  (m  _  0.2), 
respectively.  The  specimen  gauge  lengths  were  divided  into  equal  segments, 
with  an  initial  length  1.,  and  the  local  strain  along  the  gauge  length, 

A  1/ lrfwas  measured  at  different  total  specimen  elongations  AL/L.,  where  Al 
is  the  change  in  the  length  of  a  given  segment,  AL  is  the  change  in  the 
total  gauge  length  and  L„  is  the  initial  gauge  length  of  a  specimen.  The 
variation  in  the  local  elongation  at  different  sections  along  the  gauge 
length  is  shown  in  Figs.  1  and  2  for  specimens  tested  in  regions  1  and  II, 
respectively.  Inspection  of  Figs.  1  and  2  reveals  that,  in  contrast  to 
region  I  where  the  deformation  becomes  non-uniform  at  elongations  of  >100%, 
the  deformation  in  region  II  is  fairly  uniform  up  to  elongations  of  _800% 
and  non-uniform  flow  is  observed  only  at  large  elongations  of  >1000%.  These 
results  demonstrate  clearly  that  an  increase  in  the  strain  rate  sensitivity 
delays  the  onset  of  flow  localization  to  higher  strains. 


Figure  1  -  Variation  in  local 
strain  during  deformation  in 
region  I  (m  =  0.22)  [9] . 


Figure  2  -  Variation  in  local  strain 
during  deformation  in  region  II 
<m  «  0.5)  [9]. 


Following  the  general  analyses  of  flow  localization  during  testing,  it 
is  anticipated  that  the  occurrence  of  strain  hardening  may  also  contribute 
to  the  stability  of  tensile  deformation  [3J.  Ibe  overall  stability  of  tensile 
deformation  is  related  to  a  conbination  of  m  and  y,  where  y  is  the  strain 
hardening  coefficient.  Caceres  and  Wilkinson  [10]  examined  in  detail  the 
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influence  of  strain  hardening  due  to  grain  growth  on  fracture  in  a 
superplastic  quasi  single  phase  Cu  alloy,  and  they  danonstrated  that 
concurrent  grain  growth  at  low  strain  rates  in  region  1  may  provide  a 
substantial  contribution  to  the  stability  of  tensile  deformation.  However, 
concurrent  grain  growth  also  tends  to  decrease  the  strain  rate  for  a 
transition  from  region  11  to  region  ill.  Therefore,  as  anphasized  recently 
by  Hamilton  [11],  concurrent  grain  growth  may  also  have  a  destabilizing 
effect  on  tensile  deformation  if  the  tensile  experiments  are  conducted  close 
to  the  transition  from  region  11  to  ill. 

Several  attempts  have  been  made  to  express  the  elongation  to  failure  in 
a  tensile  test  analytically  in  terms  of  the  specimen  dimensions  and 
parameters  such  as  m  and  y,  and  they  were  surrmarized  recently  by  Hamilton 
[11] .  It  suffices  to  note  here  that,  while  most  of  these  expressions 
predict  the  correct  trend  in  increasing  ductility  with  increasing  m,  they  do 
not  predict  the  exact  ductility  of  any  given  material  satisfactorily.  In 
this  context,  it  is  to  be  noted  that  some  recent  experimental  studies 
suggest  that  the  ductility  is  affected  not  only  by  the  size  of  a  geometrical 
defect  (local  neck)  but  also  by  the  defect  gradient  [12]. 

3,  Cavitation  Failure  in  Superplastic  Alloys 

Although  a  high  value  of  m  is  generally  considered  to  be  a  pre-requisite 
for  the  observation  of  superplasticity,  a  close  inspection  of  the  available 
data  suggests  that  cavitation  frequently  plays  an  important  role  in  the 
failure  of  superplastic  alloys  to  such  an  extent  that  in  some  alloys 
excessive  cavitation  may  lead  to  premature  failure  [4,5].  In  addition,  it 
is  now  reasonably  well  established  that  even  small  levels  of  cavitation  have 
a  deleterious  effect  on  the  subsequent  room  temperature  properties  of 
superplastically  formed  components,  and  this  may  impose  a  substantial 
limitation  on  the  commercial  use  of  superplastic  alloys. 

It  is  clear  that  a  fundamental  understanding  of  cavitation  in 
supetplasticity  may  lead  to  the  development  of  better  materials,  processing 
or  experimental  conditions,  so  that  cavitation  damage  may  be  controlled,  if 
not  eliminated.  Cavitation  failure  involves  the  nucleation,  growth  and 
interlinkage  of  cavities.  Cavity  interlinkage  will  not  be  discussed  in  the 
present  paper,  except  to  note  that  a  recent  model  study  has  shown  that  an 
increase  in  the  strain  rate  sensitivity  delays  the  onset  of  interaction 
effects  and  the  interlinkage  of  cavities  in  a  direction  perpendicular  to  the 
tensile  axis  [131. 

3.1  The  Nucleation  of  Cavities 


It  has  been  suggested  in  many  investigations  on  cavitation  failure  that 
cavities  may  pre-exist  prior  to  deformation  in  many  alloys  because  of  the 
extensive  thermo-mechanical  treatment  used  to  develop  a  fine  grain  size  in 
superplastic  alloys  [5-7].  it  is  shown  below  that  there  is  very  little 
direct  or  indirect  evidence  regarding  pre-existing  cavities. 

Indirect  evidence  on  the  occurrence  of  pre-existing  cavitation  was 
reported  in  same  studies  from  an  extrapolation  to  zero  strain  of 
semi-logarithmic  plots  of  the  variation  in  the  total  level  of  cavitation 
with  imposed  strain  [5].  However,  as  noted  elsewhere  [14],  since  cavitation 
is  plotted  on  a  logarithmic  scale,  an  extrapolation  of  such  plots  to  zero 
strain  will  always  give  a  positive  offset,  irrespective  of  whether  cavities 
pre-existed  or  not.  Thus,  it  is  noted  that,  while  such  plots  may  be  useful 
in  examining  the  increase  in  the  total  level  of  cavitation  damage  with 
strain,  they  do  not  provide  any  evidence  for  pre-existing  cavitation. 
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An  important  point  to  note  in  this  context  is  that,  although  there  have 
been  numerous  microstructural  studies  on  superplastic  alloys,  there  have 
been  no  direct  observations  of  pre-existing  cavities.  However,  in  view  of 
the  sampling  and  resolution  limitations  of  the  available  microstructural 
techniques,  it  is  not  possible  to  rule  out  the  presence  of  very  small 
cavities  with  dimensions  of  less  than  -0.1  urn  prior  to  superplastic 
deformation.  If  very  small  cavities  are  present  in  the  material,  it  is 
important  to  evaluate  their  stability  at  elevated  temperatures,  prior  to 
superplastic  deformation.  It  is  known  that  only  cavities  with  dimensions 
greater  than  a  critical  value  rD  (=2v/o,  where  v  is  the  surface  energy)  are 
stable  at  elevated  temperatures,  so  that  cavities  with  radii  less  than  Cq 
will  tend  to  sinter  under  the  action  of  surface  tension.  The  time  necessary 
to  sinter  out  cavities  completely,  t,  in  the  absence  of  any  internal  gas 
pressure,  may  be  determined  from  the  following  expression  [15] : 


t 


r4  k  T 


S26D  .  v 
gb 


(1) 


where  S2  is  the  atomic  volume,  6  is  the  grain  boundary  width,  D  .  is  the 
grain  boundary  diffusion  coefficient,  $  is  a  constant  equal  to  jL.6,  k  is 
Boltzmann's  constant,  T  is  the  absolute  temperature  and  r  is  the  radii  of 
pre-existing  cavities.  This  equation  was  developed  by  using  the  Speight  and 
Beere  [16]  expression  for  diffusion  cavity  growth  under  conditions  where 
cavities  are  small  and  fairly  well  separated,  and  by  putting  a  =  0. 

An  evaluation  of  Eqn.  1  under  typical  superplastic  conditions  reveal 
that  the  cavities  with  radii  less  than  0.1  um  will  be  completely  sintered  at 
the  test  tenperatures  in  time  intervals  of  less  than  -1  second  [15].  Since  most 
superplastic  alloys  are  maintained  at  test  temperatures  for  a  period  of  -30 
minutes  to  allow  for  temperature  stabilization,  in  addition  to  any  annealing 
treatment,  it  is  clear  from  these  calculations  that  all  small  cavities  will 
be  completely  sintered  prior  to  superplastic  deformation. 

In  view  of  the  above  analysis  it  is  noted  that,  cavities  generally  do 
not  pre-exist  prior  to  superplastic  deformation,  so  that  it  may  be  concluded 
reasonably  that  all  of  the  microstructurally  observed  cavities  are  nucleated 
during  superplastic  deformation.  Furthermore,  the  observed  range  of  cavity 
sizes  at  a  given  strain,  the  increase  in  the  nunber  density  of  cavities  with 
increasing  strain  and  the  volumetric  size-distribution  of  cavities  at 
different  strains,  as  determined  from  Quantimet  analyses,  all  suggest  that 
cavities  nucleate  continuously  during  superplastic  deformation. 

It  is  well  known  that  grain  boundary  sliding  (GBS)  plays  an  important 
role  in  the  deformation  of  superplastic  alloys  and  careful  measurements 
reveal  that  CBS  contributes  more  than  -50%  of  the  total  strain  during 
superplastic  deformation  [13],  It  is  clear  that  GBS  will  lead  to  the 
development  of  stress  concentrations  at  irregularities  along  a  boundary, 
such  as  particles,  ledges  and  triple  points,  and  cavities  may  nucleate  if 
these  stress  concentrations  are  not  relieved  sufficiently  rapidly. 

Quasi  single  phase  alloys,  which  are  stabilized  agoinst  grain  growth  by 
a  distribution  of  fine  precipitates,  frequently  contain  coarse  agglomerated 
precipitates,  such  as  ZrAl,  in  Al-Cu-Zr  alloys,  or  other  coarse  constituent 
or  impurity  particles,  sucn  as  the  Al-Fe-Si  particles  in  some  7000  series  A1 
alloys.  In  these  alloys,  cavity  nucleation  occurs  predominantly  at  coarse 
grain  boundary  particles.  It  is  important  to  note  that  cavities  are  not 
nucleated  at  fine  precipitates  pinning  the  grain  boundaries,  presumably 
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because  the  stress  concentrations  at  these  sites  are  relieved  rapidly  by 
local  diffusion.  A  detailed  investigation  of  cavitation  in  a  copper 
alloy  revealed  cavities  at  coarse  particles  and  also  a  tendency  for  some 
cavities  to  form  at  grain  boundary  triple  junctions  [17] .  These 
observations  are  consistent  with  a  transmission  electron  microscopy  study 
that  revealed  dislocation  pile-ups  at  grain  boundary  particles  and  triple 
grain  junctions  [18]. 


Figure  3  -  Cavitation  in  a  copper 
alloy  tested  with  gauge  length 
parallel  to  rolling  direction: 
e  =  1.3  x  10*" J  s  ,e  =  125%  [19]. 


Figure  4-Cavitation  in  a  copper 
alloy  tested  with  gauge  length 
transverseto  rolling  direction: 
e  =1.3  x  lO-'*  s  ,  e  =  245%  [17]. 


Microstructural  inspection  of  superplastically  deformed  alloys  reveals, 
in  many  instances,  the  alignment  of  cavities  in  stringers  parallel  to  the 
tensile  axis  [19],  A  possible  explanation  ^or  this  observation  is  that  large 
agglomerated  particles  are  broken  up  along  the  extrusion  or  rolling 
direction  and  cavities  are  nucleated  subsequently  at  these  sites  [20],  In 
order  to  examine  this  possibility  critically,  experiments  have  been 
conducted  on  a  quasi-single  phase  Cu  alloy  with  specimen  gauge  lengths 
either  parallel  or  perpendicular  to  the  rolling  direction  (R.D.)  [17,20]. 

It  was  shown  that  the  mechanical  properties  of  the  Cu  alloy  were  not 
influenced  significantly  by  the  change  in  the  orientations  of  the  tensile 
specimens  [17],  but  there  was  a  marked  difference  in  the  orientation  of 
cavity  stringers,  as  shown  in  Figs.  3  and  4.  The  tensile  axis  is  horizontal 
in  both  these  micrographs,  and  R.D.  is  horizontal  in  Fig.  3  but  vertical  in 
Fig.  4.  These  micrographs  clearly  support  the  conclusion  that  the  alignment 
of  cavity  stringers  is  caused  by  the  nucleation  of  cavities  at  coarse  grain 
boundary  particles,  which  are  aligned  in  stringers  along  the  rolling 
direction. 


Cavities  have  been  observed  also  in  microduplex  superplastic  alloys 
which  do  not  contain  coarse  particles.  The  observation  of  cavities  in  a 
high-purity  laboratory  grade,  15  ppm  impurity  content,  Zn-Al  eutectoid  alloy 
by  Miller  and  Langdon  [21]  suggests  that  grain  boundary  particles  are  not 
always  necessary  to  nucleate  cavities,  in  a  recent  study,  Zn-22%  Al 
eutectoid  alloy  specimens  were  tested  with  gauge  lengths  perpendicular  to 
the  rolling  direction  [22],  Figure  5  is  a  micrograph  of  a  specimen  pulled  to 
failure;  here,  the  tensile  axis  is  horizontal  and  R.D.  is  vertical. 

Inspection  of  Fig.  5  reveals  that,  in  contrast  to  the  quasi-single  phase  Cu 
alloy,  the  cavities  remain  aligned  in  stringers  parallel  to  the  tensile 
axis.  This  observation,  in  conjunction  with  previous  reports  of  cavity 
stringers  parallel  to  the  tensile  axis  in  specimens  with  gauge  lengths 
parallel  to  R.D.  [4],  suggests  strongly  that  cavities  are  not  nucleated  at 
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Figure  5  -  Cavitation  in  the  Zn-22%  A1  alloy  tested  with  the  gauge  length 
transverse  to  the  tensile  axis:  e  =  3.3  x  10”  s'1,  e  =  1400%  [22], 

aligned  grain  boundary  particles.  Microstructural  inspection  of  the  Zn-Al 
eutectoid  alloy  revealed  the  presence  of  cavities  at  triple  points  and  at 
interphase  boundaries,  without  any  apparent  association  with  impurity 
particles  [22].  Recently,  the  nucleation  of  cavities  at  ledges  was  modeled 
theoretically  and  conditions  favorable  for  cavity  nucleation  at  grain 
boundary  ledges  were  identified  [15],  It  was  demonstrated  that  the  analysis 
is  consistent  with  the  experimental  results  on  the  Zn-Al  eutectoid  alloy. 

It  is  therefore  concluded  that,  in  the  absence  of  grain  boundary  particles, 
cavity  nucleation  in  microduplex  alloys  occurs  at  grain  boundary  ledges  and 
at  triple  points. 

3.2  Cavity  Growth  in  Superplastic  Alloys 

Cavity  growth  has  been  modeled  extensively  for  conditions  of  high 
temperature  creep  deformation,  and  the  process  is  reasonably  well 
understood  [23],  In  general,  cavity  growth  may  occur  by  the  stress-directed 
diffusion  of  vacancies  into  cavities  or  by  the  plastic  (power-law) 
deformation  of  the  material  surrounding  a  cavity. 

For  superplastic  deformation,  the  relevant  cavity  growth  mechanisms  are 
quasi-equilibrium  diffusion  [16]  and  power-law  growth  [24].  Analyses  of 
these  mechanisms  indicate  that  below  a  critical  radius,  r  ,  cavities  grow  by 
a  diffusion  mechanism  whereas,  above  r  ,  cavities  grow  byca  power-law 
mechanism  [4,13].  In  fine-grained  superplastic  alloys,  cavities  are 
observed  frequently  with  dimensions  substantially  larger  than  the  grain 
size.  Under  these  conditions,  cavity  growth  may  occur  also  by  a 
superplastic  diffusion  mechanism,  in  which  vacancy  diffusion  into  cavities 
occurs  along  the  many  grain  boundaries  intersected  by  large  cavities  [25]. 

The  cavity  growth  rate  equations  for  the  diffusion,  superplastic 
diffusion  and  the  power-law  growth  mechanisms  have  been  presented  elsewhere 
[7,13,25,26],  Analyses  of  these  mechanisms  and  inspection  of  the 
appropriate  cavity  growth  maps  [26]  indicate  that  the  superplastic  diffusion 
mechanism  is  important  only  in  fine-grained  alloys,  typically  with  grain 
sizes  of  <5  wn,  deformed  at  low  strain  rates,  typically  <10~3  s  .  For  most 
alloys  deformed  under  typical  superplastic  conditions,  cavities  with 
dimensions  greater  than  .2  inti  grow  predominantly  by  a  power-law  mechanism. 

Several  attempts  have  been  made  to  quantitatively  compere  the 


experimental  observations  with  the  theoretical  predictions  [4-7].  In  this 
context  it  is  important  to  note  that  the  theoretical  cavity  growth 
mechanisms  do  not  take  into  account  the  experimental  observations  of  either 
continuous  cavity  nucleation  or  cavity  interlinkage. 


Figure  6  -  Comparison  between  theoretical  cavity  growth  mechanisms  and 
experimental  results  in  a  superplastic  7475  Al  alloy. 

Recently,  Franklin  et  al .  [27]  examined  cavitation  in  detail  in  a 
commercial  quasi-single  phase  7475  Al  alloy.  Tensile  specimens  were  tested 
to  different  strains  at  748  K  and  a  strain  rate  of  5  x  10  s  .  The 
size-distribution  of  cavities  at  different  strains  was  obtained  using  a 
Quantimet,  and  the  experimental  cavity  growth  rates  were  determined  from  the 
slopes  of  a  plot  of  the  variation  in  the  average  radii  of  the  largest  1% 
population  against  the  true  strain.  Figure  6  shows  the  variation  in  cavity 
growth  rate  with  cavity  radius  for  the  theoretical  diffusion,  superplastic 
diffusion  and  pover-law  mechanism  along  with  the  experimental  data. 
Inspection  of  Fig.  6  shows  that  there  is  good  agreement  between  theory  and 
experiment  at  low  cavity  radii,  corresponding  to  low  strains.  At  radii 
greater  than  -10  pm,  the  experimental  cavity  growth  rates  are  higher  than 
the  theoretical  predictions  due  to  the  occurrence  of  interaction  effects  and 
extensive  cavity  interlinkage. 

For  raicroduplex  alloys,  with  the  two  phases  having  substantially 
different  flow  properties,  Shang  and  Suery  [28]  developed  a  power-law  cavity 
growth  model,  where  cavity  growth  is  controlled  by  deformation  in  the  softer 
phase.  This  model  leads  to  a  cavity  growth  rate  equation  having  the  same 
form  as  that  determined  by  Hancock  [24]  for  single  phase  alloys,  pilling 
[29]  modeled  the  influence  of  cavity  interlinkage  on  cavity  growth  and 
cavity  size  distributions,  and  obtained  good  agreement  with  the  experimental 
results.  Caceres  and  Wilkinson  [30]  examined  the  effect  of  strain  hardening 
on  cavity  growth  by  a  power-law  mechanism. 

4,  Techniques  to  reduce  cavitation  during  superplasticity 

Several  different  procedures  have  been  developed  to  reduce  cavitation 
damage  during  superplasticity;  these  include  (a)  annealing  superplastically 
formed  components  at  elevated  temperatures,  (b)  hot  isostatically  pressing 
superplastically  formed  components  and  (c)  super  imposition  of  hydrostatic 
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pressures  during  superplastic  forming.  The  first  technique  listed  above 
relies  on  the  sintering  of  cavities  at  elevated  temperatures  to  reduce  the 
cavitation  damage.  However ,  as  shown  by  Eqn.  1,  the  time  to  completely 
sinter  cavities  is  proportional  to  r  ,  this  Eqn.  implies  that  although  small 
cavities  may  be  conveniently  sintered  by  this  procedure,  larger  cavities 
cannot  be  removed  because  of  the  prohibitively  long  time  intervals  required. 
Hot  isostatic  pressing  essentially  enhances  the  sintering  rate  by  the 
addition  of  stress  at  elevated  temperatures,  and  it  may  be  somewhat  more 
effective  in  reducing  the  sizes  of  larger  cavities.  However,  it  is  to  be 
noted  that  in  the  presence  of  gas  pressure  within  cavities,  the  collapsed 
cavities  may  grow  again  at  elevated  temperatures. 

By  far,  the  most  effective  and  commercially  viable  technique  to  reduce 
cavitation  substantially  is  to  superimpose  hydrostatic  pressure  during 
superplastic  forming.  Following  the  work  of  Bampton  et  al_.  [31], 
there  have  been  many  experimental  investigations  using  this  technique,  and 
the  results  were  reviewed  recently  by  Pilling  and  Ridley  [7].  The 
experimented  results  suggest  that  hydrostatic  pressures  reduce  both  the 
nunber  density  of  cavities  and  the  sizes  of  the  largest  cavities,  thereby 
implying  that  this  procedure  reduces  both  the  cavity  nucleation  rate  and  the 
cavity  growth  rate  [27].  Although  the  precise  role  of  hydrostatic  pressures 
on  cavitation  is  not  completely  understood,  this  procedure  offers  a  simple 
and  attractive  means  of  reducing  cavitation  damage  and  it  is  being  utilized 
in  the  commercial  applications  of  superplastic  forming.  Pilling  and  Ridley 
[7]  have  examined  in  detail  the  influence  of  stress  state  on  experiments 
conducted  under  hydrostatic  pressures,  but  an  examination  of  their  analysis 
shows  that  the  stress  state  has  a  rather  minor  effect,  and  hydrostatic 
pressures  of  the  order  of  the  flow  stress  are  necessary  to  decrease 
cavitation  during  superplastic  forming. 

While  the  imposition  of  hydrostatic  pressures  of  the  order  of  _4  MPa  to 
reduce  cavitation  is  satisfactory  for  many  of  the  current  A1  -based  alloys,  it 
is  anticipated  that  the  development  of  higher  strength  Al -based  alloys,  which 
may  be  superplastic  at  higher  strain  rates,  will  require  significantly  higher 
levels  of  hydrostatic  pressures,  and  this  may  not  be  commercially  feasible 
for  many  large  components.  Therefore,  it  is  useful  to  consider  alternative 
techniques,  such  as  superplastic  alloy  design  [15] ,  to  reduce  cavitation 
damage.  Theoretical  studies  of  cavity  nucleation  at  elevated  temperatures 
predict  a  cavity  nucleation  rate  that  depends  very  strongly  on  the  shape 
factor,  F  [32],  The  shape  factor  essentially  defines  the  volume  of  a 
critical  Cavity  nucleus,  and  its  value  depends  on  the  energies  of  the 
interfaces  involved  in  cavity  nucleation.  Analysis  of  cavity  nucleation  in 
superplasticity  reveals  that  in  commercial  quasi-single  phase  alloys,  Fv  may 
be  decreased  by  designing  superplastic  alloys  with  a  low  energy 
particle/rnatr ix  interface,  and  this  will  tend  to  reduce  the  cavity  nucleation 
rate  substantially  [15].  Also,  a  decrease  in  the  sizes  of  large  particles 
will  bend  to  reduce  cavitation  because  local  diffusion  across  particles  may 
alleviate  stress  concentrations  and  prevent  cavity  nucleation  [5,15). 

5.  Summary  and  Conclusions 

A  high  value  of  strain  rate  sensitivity  m  enhances  the  resistance  to  flow 
localization  and  leads  to  large  elongations  to  failure  in  superplastic 
alloys.  The  elongation  to  failure  is  influenced  also  by  the  strain  hardening 
coefficient  and  the  gradient  in  geometric  defects  (local  necks).  Cavitation 
plays  an  important  role  in  the  failure  of  many  superplastic  alloys,  and  even 
small  levels  of  cavitation  lead  to  a  deterioration  in  the  subsequent 
properties  of  superplastic  alloys.  It  is  shown  that  most  cavities  observed  in 
superplastically  deformed  alloys  nucleate  during  the  deformation  process. 
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although  there  is  a  possibility  that  cavities  may  pre-exist  in  same 
commercial  alloys.  In  quasi-single  phase  alloys,  cavities  tend  to  nucleate 
predominantly  at  coarse  grain  boundary  particles.  Experimental  results 
indicate  that,  in  microdiplex  alloys,  cavities  nucleate  at  grain  boundary 
ledges  and  at  triple  points.  In  general,  cavity  growth  may  occur  by  the 
diffusion,  superplastic  diffusion  and  power-law  mechanisms.  In  commercial 
quasi-single  phase  superplastic  alloys,  the  growth  of  cavities  with 
dimensions  greater  than  -2  \m  is  controlled  by  the  power-law  mechanism.  The 
level  of  cavitation  may  be  decreased  substantially  by  superimposing 
hydrostatic  pressures  of  the  order  of  the  flow  stress.  Cavitation  dartege  may 
be  reduced  also  by  suitable  alloy  design  considerations. 
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Abstract 

The  tensile  behavior  of  IN90211  was  characterized  at  strain  rates  between 
0.0001/sec  and  340/sec  at  temperatures  between  425  and  475  “C.  At  strain 
rates  below  0.1/sec,  the  strain  rate  sensitivity  m  is  low  (<  0.03),  with 
corresponding  low  elongation  (<100%).  At  strain  rates  above  0.1/sec,  the 
strain  rate  sensitivity  increases  to  0.3  (n=3-4).  A  maximum  elongation  of 
500%  was  obtained  at  475  ”C  at  a  strain  rate  of  2.5/sec.  Fracture  surfaces 
of  the  highly  elongated  specimens  exhibits  intergranular  fracture  and 
cavitation.  Grain  boundary  sliding  and  rotation  was  observed  in  the  deformed 
specimens.  Analysis  of  the  experimental  data  in  the  high  strain  rate  regime 
(superplastic)  revealed  the  existence  of  a  temperature  dependant  threshold 
stress.  The  analyzed  results  are  also  consistent  with  direct  measurements 
from  stress  relaxation  experiments.  The  results  differ  from  the  kind  of 
behavior  expected  from  established  superplasticity  and  creep  theories. 
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Introduction 


Superplastic  forming  of  commercial  alloys  usually  occurs  at  relatively  slow 
strain  rates.  In  general,  this  strain  rate  is  inversely  related  to  grain 
size.  It  was  recently  discovered  [1]  that  composites  of  Al-2124  containing 
20  volX  of  SiC  whiskers  behave  in  a  superplastic-like  manner  with  up  to  300% 
elongation  at  a  high  strain  rate  of  0.3/s.  Similarly,  a  high  strain  rate 
superplasticity  phenomenon  was  observed  in  an  ultrafine  grained,  mechanically 
alloyed  IN9021  alloy  [2],  where  maximum  elongations  were  found  at  strain 
rates  greater  than  1/s.  The  observation  of  superplastic  like  behavior  at 
these  unusually  high  strain  rates  is  nonetheless  believed  to  be  consistent 
with  the  extremely  fine  (submicron)  grain  sizes  in  these  complex  composites 
and  alloys.  The  micromechanisms  that  govern  superplastic  deformation  of  the 
IN90211  specimens  reported  in  [2]  are  discussed  below. 

Experimental  Procedures 

Specimens  of  IN90211  were  produced  by  Novamet  Aluminum,  further  processed  and 
then  deformed  between  425“C  and  475°C  at  strain  rates  between  0.0001  and 
340/sec,  as  described  in  [2].  The  alloy  contains  about  7  vol%  oxide  and 
carbide  dispersions  of  approximately  30  nm  in  diameter  with  an  interparticle 
spacing  of  about  60  nm,  as  well  as  the  Al.Cu  s  phase  precipitates.  Selected 
specimens  were  examined  using  optical,  scanning  and  transmission  electron 
microscopy,  and  X-ray  diffraction  prior  to  and  after  deformation. 


Results  and  Discussion 

The  elongation-to-failure  for  IN90211  alloy,  as  a  function  of  strain  rate,  is 
shown  in  Figure  la  for  temperatures  between  425  and  475°C.  A  maximum  elonga¬ 
tion-to-failure  of  505%  was  recorded  at  a  test  temperature  of  475°C  and  a 
strain  rate  of  2.5/s.  The  peak  true  stress  is  plotted  as  a  function  of  true 
strain  rate  in  Figure  lb.  Each  of  these  regimes  has  a  particular  value  of 
stress  dependence  upon  strain  rate.  For  superplastic  studies  it  is  conven¬ 
ient  to  use  the  simple  equation  a  -  kc  where  a  is  the  true  flow  stress  at  a 
true  strain  rate,  c,  k  is  a  constant,  and  m  is  the  strain  rate  sensitivity 
exponent.  At  strain  rates  between  0.0001  and  0.1/sec,  m  =  0.027,  but  at 
strain  rates  above  0.1/s  m  =  0.26.  The  exponent  changes  to  m  =  0.15  at 
strain  rates  above  50/s. 


Threshold  stresses  are  commonly  invoked  in  the  analysis  of  stress-strain 
behavior  of  0DS  materials,  especially  at  low  stress  and  strain  rates.  Theor¬ 
etically  the  strain  rate  can  be  expressed  in  terms  of  an  applied  stress  a, 
and  a  threshold  stress  a 

o  'lt  /  ,n  ^  j  j 


-  aMoV 
D^Eb  E  °J 


where  c  is  strain  rate,  kT  are  Boltzman's  constant  times  the  absolute 
temperature,  0,  is  the  temperature  dependant  lattice  bulk  diffusivity 
(145  kJ/mol),  E1  is  temperature  dependant  Young's  modulus,  b  is  the  Burger's 
vector,  A  is  a  mechanism  dependant  constant  that  includes  the  grain  size,  and 
n  is  the  stress  exponent  (where  n-l/m).  An  effort  was  made  to  determine 
whether  a  threshold  stress  is  operative  by  conducting  a  stress  relaxation 
experiment  at  450-C.  After  a  few  seconds,  an  apparent  steady  state  stress  of 
9  ±  1  MPa  was  reached  and  it  remained  constant  for  several  hours. 
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A  threshold  stress  can  also  be  estimated  from  the  data  of  Figure  lb  using  the 
approach  suggested  by  Mohamed  [3].  A  threshold  stress  can  be  obtained  from  a 
plot  of  the  cube  root  (i.e.  n=3.0)  of  strain  rate  versus  stress  [2],  using 
the  data  from  the  high  strain  rate  regime  of  Figure  lb  (the  low  strain  rate 
data  fell  off  the  extrapolated  line).  These  data  were  linear,  providing 
extrapolated  threshold  stress  values  of  5  and  16  MPa  for  the  475“C  and  425*C 
data,  respectively.  These  extrapolated  values  are  consistent  with  the  9  MPa 
value  obtained  from  the  stress  relaxation  measurement  at  450',C.  The 
introduction  of  this  temperature  dependant  threshold  stress  (to  replace  the 
flow  stress  with  an  effective  stress)  in  the  normalized  plot  of  Figure  2 
caused  the  data  in  the  high  strain  rate  regime  to  superpose  with  a  slope  of 
n«3.  The  apparent  activation  energy  of  the  superplastic-like  regime  was 
estimated  using  constant  strain  rate  data,  and  the  value  of  n>3.  The 
activation  energy  thus  determined  is  160  ±  40  kJ/mol  using  the  peak  true 
stresses  and  125  ±  25  kJ/mol  using  the  effective  stress  data  (including 
temperature  dependant  shear  modulus  corrections).  The  bulk  diffusion 
activation  energy  for  pure  aluminum  is  145  kJ/mol,  within  the  tolerances 
given.  Also,  the  threshold  stress  does  not  affect  the  abrupt  change  in  the 
stress  exponent  at  lower  strain  rates,  contrary  to  the  results  of  others  [3]. 

The  change  in  stress  sensitivity  at  high  stresses  and  strain  rates  occurs  at 
a  stress  near  200  MPa.  An  Orowan  stress  of  about  200  MPa  can  be  estimated 
from  30  nm  particles  60  nm  apart.  The  change  in  deformation  mechanism  in  the 
highest  rate  data  suggests  a  stress  exponent  around  8,  a  value  consistent 
with  other  dispersion  strengthened  alloys  [4].  Thus  the  change  in  the  stress 
exponent  may  result  from  dislocation  generation  and  motion  by  Orowan  looping. 
The  change  in  behavior  may  also  be  due  to  power-law  breakdown.  More  data  are 
needed  to  confirm  the  deformation  behavior  at  high  stresses. 

Microscopy  was  reviewed  in  detail  in  [2],  and  is  summarized  as  follows: 
Transmission  electron  microscopy  of  an  undeformed  sample  revealed  30  nm 
oxides  and  carbides,  and  S  phase  (Al-CuMg)  precipitates  notably  on  grain 
boundaries.  The  grain  size  was  determnted  to  be  0.5  ±.3  ^m.  The  grain  size 
and  microstructure  of  samples  after  deformation  appeared  to  be  similar  to  the 
undeformed  microstructure,  indicating  high  stability  at  elevated  tempera¬ 
tures.  Grain  boundary  sliding  and  rotation  was  observed  by  placing  markers 
on  highly  polished  specimen  surfaces  and  observing  the  deformed  specimen 
surface  in  SEM.  Fracture  surfaces  from  superplastically  deformed  1N90211 
specimens  exhibited  an  intergranular  fracture  mode.  The  sizes  of  the 
granular  features  were  similar  to  the  grain  size  of  the  untested  material 
observed  by  TEM.  This  fracture  surface  is  quite  different  from  the 
observation  in  IN9021  by  Shaw  [5],  where  a  fibrous  fracture  surface  was 
observed.  This  differences  is  difficult  to  explain  since  the  testing 
temperature  used  by  Shaw  was  400°C,  close  to  the  temperatures  of  the 
specimens  in  the  present  study. 


X-ray  analysis  was  conducted  on  a  Siemens  Diffraktometer  using  Cu-K 
radiation.  Specimens  were  oriented  so  that  the  X-ray  beam  was  perpendicula? 
to  the  tensile  axis,  with  diffraction  from  the  originally  rolled  surfaces. 
In  addition  to  the  strong  peaks  for  aluminum,  about  35  small  peaks  were 
noted.  Al.Cu  (e  phase),  was  clearly  identified,  and  correspondence  was  made 
for  Al.C,,  AlpO,,  and  Al-CuMg  (S  phase,  accounting  for  no  more  than  20*  of 
the  Mg*.  AltroUgh  energetically  favored  over  A1,0,,  MgO  was  not  observed,  as 
has  been  reported  for  other  aluminum-magnesium  rlroys  with  oxide  phases  [6] . 
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Mg  reacts  with  A1?03  in  the  presence  molten  A1  to  form  MgO  at  interfaces, 
which  was  precludedJby  the  solid  state  processing.  The  2  wt%  Mg  did  not 
appear  in  X-ray  or  TEM  diffraction,  except  for  the  small  amount  associated 
with  the  CuMgAl«.  Its  absence  indicates  that  it  is  dissolved  in  the  matrix, 
as  phase  diagrams  would  indicate.  Auger  spectroscopy  of  Al-Mg  alloys 
indicate  that  Mg  increasingly  segregates  to  boundaries  with  decreasing 
temperature  [7].  This  is  consistent  with  the  TEM  observation  of  the  S  phase 
on  grain  boundaries.  With  increasing  temperature,  the  Mg  concentration  in 
the  lattice  increases,  dissolving  the  S  phase.  Mg  Solute  atoms  can  cause 
locking  and  unlocking  behavior  of  dislocations,  resulting  in  serrated  flow 
curves.  Serrations  occur  in  solution  treated  samples  deformed  at  room 
temperature  [8]  and  elevated  temperature  deformation.  The  high  relative 
intensity  of  (200)  planes  in  the  1N9021 1  sample  Indicated  that  rolling  caused 
a  preferred  orientation  of  {001}  poles  parallel  to  the  rolling  direction, 
increasing  the  number  of  {111}  planes  oriented  for  slip.  The  {200}  peak 
intensity  increased  to  twice  the  usual  {200}  peak  Intensity  with  superplastic 
deformation,  indicating  that  slip  plays  an  important  role  in  the  super¬ 
plastic-like  deformation.  The  value  of  n-3  from  the  high  temperature  super¬ 
plastic-like  regime  thus  seems  to  be  associated  with  solute  drag  mechanisms. 


The  exact  deformation  mechanisms  that  operate  at  high  strain  rates  in 
materials  like  MA  alloys,  such  as  ODS  materials,  are  generally  uncertain. 
Shaw  [5]  suggested  that  the  elongation  phenomenon  may  not  be  related  to  a 
fine  grain  size,  but  rather  the  result  of  dynamic  recrystal ization  during  the 
high  rate  of  deformation.  His  theory  however,  does  not  explain  the  observa¬ 
tion  of  grain  boundary  sliding  and  the  retention  of  the  same  grain  size 
distribution  before  and  after  superplastic  deformation.  Gregory,  et  al.,  [9] 
have  argued  that  a  combination  of  slip  with  Coble  creep  (in  which  the  Coble 
creep  exhibits  a  threshold  stress)  can  explain  the  phenomenon  in  a  mechani¬ 
cally  alloyed  nickel  based  superalloy.  However,  the  IN90211  has  a  stress 
dependance  of  3  where  superplastic  behavior  was  observed,  while  Gregory 
measured  a  slope  near  1,  consistent  with  Coble  creep  theory.  The  majority  of 
superplastic  deformation  theories  have  grain  boundary  sliding  as  a  major 
feature,  but  predict  a  stress  dependance  of  2  [10],  The  behavior  of  IN90211 
differs  from  the  behavior  predicted  by  superplastic  deformation  theories. 


Cpncliisipns 

Tensile  elongation  in  excess  of  500%  were  obtained  with  IN9021 1  mechanically 
alloyed  aluminum  at  strain  rates  between  1  and  10/s  at  475'C.  The  super- 
plastic-like  behavior  at  high  strain  rates  appears  to  be  associated  with  the 
fine  grained  (0.5  /im)  microstructure  in  the  alloy.  There  was  evidence  for  a 
threshold  stress  associated  with  superplastic  behavior,  but  this  threshold 
stress  is  apparently  unrelated  to  the  observed  low  stress-low  strain  rate 
behavior.  Grain  boundary  sliding  was  clearly  observed,  but  instead  of  the 
stress  exponent  usually  associated  with  grain  boundary  sliding,  a  stress 
exponent  of  3  was  obtained  in  the  superplastic-like  regime.  This  stress 
exponent  is  consistent  with  the  serrated  flow  observed  and  solute  drag  from 
Cottrell  atmospheres.  Current  superplastic  theories  do  not  fully  account  for 
the  combination  of  slip  with  solute  drag  and  grain  boundary  sliding  observed 
In  this  alloy.  At  the  highest  stresses,  the  change  in  mechanism  to  n  =  8  is 
consistent  with  Orowan  bowing  around  dispersions  as  commonly  seen  in  ODS 
materials. 
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True  Strain  Rate  (1/sec) 


Figure  1--Experimental  Data 


Figure  2--Normal ized  strain  rate-stress  plot 
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Abstract 

An  extension  of  diffuse  necking  criterion  to  materials  obeying  a=K£men 
predicts  a  delay  of  the  attainment  to  the  maximum  load  point  when  the  rate 
of  change  of  the  strain  rate  is  positive,  that  is,  testing  for  accelerated 
strain  rate.  Experimental  verification  for  the  prediction  was  made  on 
some  non-ferrous  metal  sheets  including  superplastic  alloy.  Extended 
analysis  of  Hill's  local  necking  and  StSren-Rice  theory  to  a»Kfmr.n-materials 
also  reveals  a  significant  role  of  accelerated  strain  rate  for  increasing 
fracture  strain.  Much  dependency  of  ductility  upon  the  rate  of  change  of 
the  strain  rate  was  demonstrated,  while  the  evaluation  on  the  effect  of 
acceleration  on  fracture  strain  involves  cumbersome  and  complex  factors 
such  as  G.L.  for  measuring  strain,  variation  of  m  value  with  the  strain 
rate  and  non-uniform  deformation  in  G.L.. 

In  deep  drawing,  on  the  other  hand,  where  the  elongation  of  materials 
is  of  little  concern,  the  influence  of  accelerated/decelerated  punch  speed 
on  Limiting  Drawing  Ratio  (LDR)  was  also  examined.  Improved  Instron 
machine  with  revised  die  assembly  was  used.  It  was  found  that  the  rise  of 
formability  due  to  continuous  change  of  punch  speed  was  not  so  remarkable. 
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Introduction 


Sheet  metal  forming  problem  has  been  investigated  so  far  with  respect 
to  strain  hardening  index  n  and  anisotropy  r.  The  prediction  of  form- 
ability  from  these  material  characteristics,  however,  is  not  neccessarily 
complete  and  in  A1  and  Al  alloys,  for  instance,  poor  correlation  between 
r  value  and  formability  is  found  in  many  works.  An  constitutive  equation 
a=Kemen  expressed  in  explicit  form  for  flow  stress  was  adopted  in  this  work 
consistently.  Swift's  diffuse  necking  criterion  for  strain  hardening 
materials  was  extended  to  this  material.  The  analytical  prediction  empha¬ 
sizes  the  earlier  occurrence  or  the  delay  of  the  attainment  to  the  maximum 
load  point  in  uniaxial  tensile  test  according  to  the  rate  of  change  of  the 
strain  rate  (1). 

Local  instability  strain  for  o=Kemen-materials ,  on  the  other  hand,  can 
be  also  estimated  by  appling  Hill's  (2)  or  Storen-Rice  theory  (3),  which 
shows  again  the  significant  role  of  the  rate  of  change  of  the  strain  rate 
in  the  discussion  on  ductility  measured.  When  the  rate  of  change  of  the 
strain  rate  is  positive,  testing  for  accelerated  strain  rate,  the  higher 
the  rate,  the  more  the  elongation  measured.  Caution  should  be  paid, 
however,  that  these  modified  analyses  do  not  involve  any  diffuse  necking 
process,  therefore  the  nature  of  predicted  local  instability  strain  may  be 
experimentally  verified  in  detail. 

In  uniaxial  tensile  testing  ductility  of  materials  may  be  examined, 
while  formability  in  deep  drawing  by  means  of  flat  headed  punch  is  not 
directly  related  to  ductility.  Although  the  factors  which  control  deep 
drawing  process  are  quite  evident,  they  interact  in  such  a  complex  way  that 
precise  ma thema tical  description  is  not  possible  in  simple  terms.  It  is 
of  practical  interest  to  consider  deep  drawability,  Limiting  Drawing  Ratio 
(LDR)  representing  the  largest  blank  that  can  be  drawn  without  tearing,  in 
relation  to  the  magnitude  of  punch  speed  or  the  rate  of  change  of  punch 
speed.  The  discussion  of  deep  drawability  will  be  limited  to  the  effect 
of  punch  speed  and  continuous  change  of  punch  speed. 

Theoretical  Remark 


In  uniaxial  tensile  test,  if  the  constitutive  equation 

o  =  K  em  en  (1) 

holds,  the  maximum  load  point  dP=0  leads  to  instability  strain 

eu  =  n  /  (  1  —  ym  )  =  n  +  ym  ,  (2) 

where 

m  =  31no  /31ne,  n  =  31no  /31ne  ,  (3) 

and 

Y  •  dine  /de  ,  Y  =  dine  /dine  ,  (4) 

are  both  strain  rate  paths  specifing  the  rate  of  change  of  the  strain  rate 
during  deformation.  Whichever  the  strain  is  taken  in  Eq.(2),  instability 
strain  can  be  influenced  by  strain  rate  path.  For  positive  m  value, 
accelerated  strain  rate  can  delay  the  onset  of  the  instability  limit. 

It  should  be  noticed  that 

Y  “  EY  •  (5) 

Both  local  necking  theories  of  Hill  and  Storen-Rice  state  that  the 
larger  n  value  makes  Foming  Limit  Diagram  (FLD)  larger.  Even  if  o*Kemen, 
by  using  the  value  of  n’  instead  of  simple  n 
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n,=  dlnC  /dint 


-  n  +  ym  ,  (6) 

these  analyses  can  be  reserved  as  they  are.  Simple  conclusion,  therefore, 
can  be  obtained  that  in  this  materials  acceleration/deceleration  of  the 
strain  rate  is  much  responsible  for  total  ductility  measured. 

Tensile  Test 


Testing  Mode 

The  experiment  was  carried  out  by  computer-aided  Instron  testing 
machine  (20tonf).  The  system  block  diagram  is  shown  in  Fig.l.  Four  types 
of  testing  mode  were  taken;  1)  the  pulling  rate  becomes  higher  gradually 
according  to 

Al/1  -A(l/t)2  (accelerated),  (7) 

o 

where  Al/1  is  engineering  strain  e  in  Gauge  Length  (G.L.=1  =10, 25mm), 

A  is  a  arb?trary  constant  specified  prior  to  the  test  (7.),  T  is°testing 
duration  (sec)  and  t  total  testing  time  specified  prior  to  the  test  (sec), 

2)  the  pulling  rate  becomes  lower  continuously, 

Al/1  =  —  A  (t  /  t  —  1  )2+  A  (decelerated),  (8) 

o 

3)  engineering  strain  in  G.L.  increases  lineally, 

Al/1  =  A  (  T  /  t  )  (constant  extension  rate),  (9) 

o 

in  this  case  strain  rate  path  y  in  Eq.(4)  takes  a  constant  value  of  —1, 

4)  conventional  constant  cross  head  speed  ranging  from  5  to  200mm/min. 

The  use  of  extensometer  is  an  essential  element  when  controlling  the 
system  and  two  strain  gauge  type  extensometers ,  1  =10mm  Max. strain  50%  and 

1  =25mm  Max. strain  1007.,  were  used, 
o 

Materials 

Supplied  sheet  materials  are  pure  aluminum  A1050-0  (m=0 . 003-0 . Oil ,  n= 
0.275,  r=0.68),  superplastic  alloy  SPZ2  (Zn-22Al-0.5Cu-0.01Mg,  m=0. 087-0. 165 
,  n=0.013,  r=0.40)  and  pure  zinc  (m=0. 056-0.085 ,  n=0.116,  r=0.25). 

Strain  Hate  Path 

The  test  results 
are  shown  in  Fig. 2. 

The  displacement  of  j 
the  maximum  load  point 
can  be  experimentally 
confirmed.  Strain 
rate  path  should  be 
considered  as  a  kind 
of  material  properties 
when  cross  head  speed 
is  not  controlled ,  but 
it  takes  a  certain 
value  and  changes  as 
specified  when  con¬ 
trolled.  Bold  lines 
were  determined  for 
only  constant  cross 
head  speeds.  In 
comparison  with  constant 
cross  head  speed , 
acceleration  according 
to  Eq.(7)  did  not  make 
y  larger  and  the  high¬ 
est  value  of  y  for 


Fig.l  The  system  block  diagram. 
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a)  pure  aluminum,  annealing 


o  0.  I  0.2  0.3  0. 4  0.  S  0. 6 

Strain  In  C.  L  (2Sa»)  , 

b)  superplastic  material 


constant  cross  head  speed  near  the 
fracture  limit  makes  fracture  strain 
highest  in  the  result. 

At  the  same  strain  (e  =457,)  and 
strain  rate  (e  =3-4xl03  sec”1  )  but  the 
different  strain  rate  path,  the  non- 
uniform  strain  distributions  along  the 
length  of  the  specimen  were  measured(Fig. 3 
a),b)).  The  ductility  evaluation  from  the 
strain  distributions  can  be  more  explicit¬ 
ly  if  caution  is  paid  to  the  back  ground 
component  and  the  difference  between  peak 
strain  value  and  the  back  ground  component 
of  the  strain  distribution.  It  readily 
can  be  seen  that  the  excellent  strain 
distribution  is  the  one  for  constant  cross 
head  speed  and  the  inferior  for  deceler¬ 
ated.  Good  correlation  between  these 
observation  and  the  strain  rate  paths  at 
t  =457,  can  be  found. 


c)  pure  zinc 

Fig. 2  Instability,  fracture  limits 
and  strain  rate  paths. 
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a)  the  tests  were  interrupted 
at  the  same  strain 


b)  measured  axial  strain  dis t ribu t ion; 
Fig. 3  Influence  of  strain  rate  path  on  axial  strain  distributions. 
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The  apparatus  shown  in 
Fig.l  was  improved  so  that 
controlling  punch  speed  was 
made  by  using  the  extensometer 
(1  =25mm).  The  maximum  punch 
stroke  was  250mm.  Chosen 
punch  speeds  and  changes  of 
punch  speed  are;  Low  speed,  2 
mm/min;  High  speed,  200mm/min 
:  Accelerated,  2-200mm/min,  A 
=50%,  t=50sec:  Decelerated, 
200-2mm/min,  A=40?o,  t=50sec. 


Drawing  Ratio  DR 

a)  pure  aluminum, annealing 


Materials 

Materials  are  pure 
aluminum  A1100-0  (m=0.005,  n= 
0.236,  r=0.95),  pure  half  hard 
aluminum  A1100-H24  (m=-0.015, 
n=0.076,  r=1.07)  and  super¬ 
plastic  alloy  SPZ  (Zn-22A1,  m= 
0.113,  n=0.084,  r=0.53). 

LDR 

Fig. 4  shows  the  relation¬ 
ships  between  probability  P 
and  drawing  ratio  DR. 

Accelera tion/decelera t i on  of 
punch  speed  does  not  exhibit 
any  increases  of  LDR.  The 
transition  range  of  P  from  100 
to  07.  which  means  uncertainty 
in  success  of  deep  drawing, 
is  broader  in  SPZ,  especially 
for  high  speed.  It  can  be 
deduced  that  one  of  features 
in  deep  drawing  of  rate 
dependent  materials  is  broader 
transition  range  due  to  un¬ 
stable  strain  rate  field  in 
the  circular  blank  at  each 
trial. 


Drawing  Ratio  DR 

b)  pure  aluminum,  half  hard 


c)  superplastic  material 


Fig. 4  Probability  P^  and  drawing  ratio  DR. 
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Introduction 


Superplastic  alloys  exhibit  very  high  elongations  to  failure  under 
optimum  conditions,  and  in  early  investigations  it  was  generally  considered 
that  void  formation  was  not  prevalent  in  these  materials  [1],  More  recently, 
it  has  been  established  that  internal  cavities  are  formed  during  the  super¬ 
plastic  deformation  of  most  materials,  even  including  highly  superplastic 
alloys  such  as  the  Zn-22%  A1  eutectoid  [2]  and  the  Al-33%  Cu  eutectic  [3]. 

As  a  result  of  these  observations,  it  is  now  considered  that  the  requirement 
for  optimum  superplasticity  is  the  suppression  of  significant  cavity  inter¬ 
linkage  rather  than  the  suppression  of  cavity  nucleation  [4], 

To  date,  the  experimental  observations  of  cavitation  in  superplastic 
materials  have  related  almost  exclusively  to  the  nucleation  and  growth  of 
isolated  cavities  [5].  Early  experiments  on  a  superplastic  Cu  alloy  showed 
that  the  appearance  of  the  cavities  was  markedly  dependent  upon  strain  rate, 
with  many  small  cavities  elongated  along  the  tensile  axis  at  high  strain 
rates  and  a  small  number  of  large  rounded  cavities  at  low  strain  rates  [6]. 
The  change  in  cavity  morphology  with  strain  rate  was  interpreted  in  terms  of 
a  transition  in  the  dominant  cavity  growth  process  from  diffusion  growth  (DG) 
at  low  strain  rates  to  plasticity  controlled  growth  (PCG)  at  high  strain 
rates  [7].  This  approach  has  been  used  in  many  subsequent  analyses  and,  more 
recently,  the  model  for  diffusion  growth  was  improved  for  superplastic 
materials  by  noting  that  the  growth  rate  is  enhanced  when  the  cavity  size 
exceeds  the  grain  size.  The  latter  process,  termed  superplastic  diffusion 
growth  (SPDG) ,  leads  to  a  growth  rate  which  is  independent  of  the  instanta¬ 
neous  cavity  radius  and  inversely  proportional  to  the  square  of  the  grain 
size  [8], 

The  present  experiments  were  designed  to  investigate  in  more  detail  the 
occurrence  of  cavitation  in  four  different  superplastic  materials:  the 
two-phase  Zn-22%  A1  eutectoid  alloy,  a  Cu  alloy  containing  a  Co-rich  phase, 
an  Al-Li  alloy  containing  AI3H  precipitates  and  an  Al-Cu-Zr  alloy  with  a 
dispersion  of  AljZr.  The  observations  show  that  there  is  also  an  additional 
cavity  growth  process  in  superplastic  materials,  not  previously  recognized, 
whereby  the  cavities  grow  by  the  propagation  of  cracks  along  the  grain 
boundaries  to  form  reasonably  stable  crack  networks.  This  process  of  growth 
was  observed  in  each  of  the  four  experimental  materials  selected  for  this 
investigation  but,  due  to  space  limitations,  this  paper  will  be  restricted 
specifically  to  a  description  of  some  of  the  results  obtained  using  the  Al-Li 
alloy. 


Experimental  Material  and  Procedures 

The  material  used  for  this  investigation  was  an  Al-Li  alloy  containing, 
in  wt  %,  2.32%  Li,  1.3%  Cu,  0.8%  Mg,  0.13%  Zr,  0.056%  Fe,  0.04%  Si,  0.016% 

Ti  and  the  balance  Al.  The  alloy  was  received  in  the  form  of  a  sheet,  1.6 
mm  in  thickness,  and  tensile  specimens  were  machined  parallel  to  the  rolling 
direction  with  a  gauge  length  of  6.4  mm  and  a  gauge  width  of  5.1  mm. 

Prior  to  testing,  specimens  were  solution  heated  at  793  K  for  45 
minutes,  quenched  in  cold  water,  and  then  annealed  at  a  temperature  of  463  K 
for  3  hours.  This  procedure  produced  a  banded  structure  with  grains  which 
were  essentially  pancake-shaped:  the  linear  Intercept  grain  sizes  were 
estimated  as  v5-300  pm  in  the  longitudinal  direction  along  the  tensile  axis, 
''-5-300  pm  in  the  long  transverse  direction,  and  6.3  ±  0.5  pm  along  the 
short  transverse  direction  through  the  thickness  of  1.6  ran.  The  large  range 
of  sizes  in  the  longitudinal  and  long  transverse  directions  is  due  to  the 
non-uniformity  of  the  microstructure,  and  these  measurements  exclude  the 
layer  of  exceptionally  large  grains  at  the  upper  and  lower  specimen  surfaces 
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Figure  1  -  Elongation  to  failure  versus  initial  strain  rate  for  three 
different  testing  temperatures. 

due  to  the  depletion  of  Li  and,  to  a  lesser  extent.  Mg. 

All  specimens  were  pulled  to  failure  on  an  Instron  testing  machine 
operating  at  a  constant  rate  of  cross-head  displacement.  The  tests  were 
conducted  at  initial  strain  rates  from  3.33  x  10"  5  to  2.67  x  10“  2  s_1  and 
at  temperatures  in  the  range  from  733  to  813  K.  After  failure,  specimens 
were  carefully  examined  using  optical  and  scanning  electron  microscopy. 

Experimental  Results  and  Discussion 

Figure  1  shows  the  variation  in  the  elongation  to  failure,  6L/L0 ,  with 
the  initial  strain  rate,  e,  for  the  three  absolute  testing  temperatures,  T, 
of  733,  773  and  813  K,  where  AL  is  the  total  change  in  the  gauge  length  at 
fracture  and  L0  is  the  initial  gauge  length.  Each  point  represents  a 
different  specimen,  and  the  plot  shows  that  (i)  the  maximum  elongations 
occur  at  intermediate  strain  rates  in  the  vicinity  of  'v3  *  10-1*  s-1  and 
(li)  the  elongations  to  failure  increase  with  increasing  temperature  at  any 
selected  strain  rate.  The  maximum  elongation  under  the  present  experimental 
conditions  was  ''-475X  at  813  K  with  e  -  3.33  x  10-1*  s-1. 

An  examination  of  specimens  after  testing  revealed  the  occurrence  of 
extensive  dynamic  recrystallization  so  that  the  banded  structure  was 
replaced  by  a  reasonably  equiaxed  configuration  of  grains  having  a  linear 
Intercept  size  of  'vlO-60  pm.  There  was  also  evidence  for  extensive 
cavitation  and,  by  lightly  etching,  it  was  established  that  cavities  were 
nucleated  at  the  grain  boundaries  and  especially  at  triple  points. 

An  example  of  cavitation  is  shown  in  the  photo-montage  in  Fig.  2  for 
the  specimen  tested  at  e  *  6.67  x  10"3  s-1  at  the  highest  testing  temperature 
of  813  K.  This  specimen  failed  at  AL/L0  =  382%  and  Fig.  2  is  a  top  view  of 
the  polished  fracture  tip  with  the  tensile  axis  lying  horizontal.  This 
specimen  shows  many  large  cavities  near  the  fracture  tip  but  there  is  a 
decrease  in  the  density  of  cavities  with  increasing  distance  from  the  tip. 
There  is  also  evidence  for  cavity  interlinkage  in  Fig.  2,  with  the 
interlinkage  occurring  both  along  the  tensile  axis  and,  in  the  vicinity  of 
the  fracture  tip,  in  a  direction  perpendicular  to  the  stress  axis. 

The  cavities  in  Fig.  2  appear  to  be  reasonably  isolated  from  each  other 
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Figure  2  -  Cavitation  in  the  specimen  pulled  to  failure  at  i  =  6.67  x  10-3 
s-3  at  813  K:  the  tensile  axis  is  horizontal. 


Figure  3  -  Internal  cavitation  and  grain  boundary  cracking  in  the  specimen 
pulled  to  failure  at  e  »  3.33  x  10~3  s_1  at  813  K:  the  tensile  axis  is 
horizon tal. 

but  Inspection  of  several  specimens  at  higher  magnifications  revealed  also 
the  development  of  cracking  along  some  of  the  grain  boundaries.  An  example 
of  boundary  cracking  is  shown  in  Fig.  3  for  the  specimen  tested  to  failure 
at  i  “  3.33  *  10-5  s"1  and  813  K  with  AL/L0  =  312%:  this  photomicrograph  was 
taken  on  the  polished  top  surface  of  the  specimen  after  lightly  etching  and 
again  the  tensile  axis  is  horizontal.  Figure  3  shows  several  examples  of 
the  development  of  cracks  along  the  grain  boundaries.  By  Inspection  of 
Fig.  3  and  other  similar  photomicrographs,  it  was  possible  to  identify  three 
specific  crack  configurations:  there  are  cracks  which  appear  to  propagate 
between  adjacent  cavities  along  grain  boundaries  lying  approximately 
perpendicular  to  the  tensile  axis  (as  at  points  A  in  Fig.  3),  there  are 
cracks  originating  at  cavities  but  apparently  not  influenced  by  adjacent 
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cavities  (as  at  B) ,  and  there  are  grain  boundary  cracks  which  appear  to 
exist  in  isolation  and  without  association  with  any  rounded  cavities  (as  at 
C). 


It  is  a  standard  procedure  in  investigations  of  cavitation  in  super¬ 
plasticity  to  plot  the  rate  of  change  of  the  cavity  radius,  r,  with  the 
total  strain,  e,  as  a  function  of  the  instantaneous  cavity  radius.  As  noted 
earlier,  there  are  three  basic  mechanisms  of  cavity  growth:  diffusion  growth 
(DG)  where  dr/d e  is  primarily  proportional  to  1/r2  [9],  superplastic 
diffusion  growth  (SPDG)  where  dr/dc  is  independent  of  r  but  proportional  to 
1/d2  where  d  is  the  grain  size  [8],  and  plasticity  controlled  growth  (PCG) 
where  dr/de  is  primarily  proportional  to  r  [10].  However,  it  is  clear  from 
the  evidence  in  Fig.  3  that  a  plot  of  these  three  mechanisms  is  incomplete 
because  it  fails  to  include  the  possibility  of  grain  boundary  cracking. 

The  latter  mechanism  may  be  incorporated  into  the  plot  by  using  the  non¬ 
equilibrium  model  for  the  growth  of  a  cavity  in  a  narrow  crack-like  manner 
[11].  The  result  is  shown  in  Fig.  4  for  the  Al-Li  alloy  tested  at  e  =  3.33 
x  10"5  s-1  and  at  a  temperature  of  813  K:  the  corresponding  value  of  the 
maximum  stress,  o,  under  these  conditions  was  2.6  MPa,  the  grain  size  was 
taken  as  the  average  of  the  measured  recrystallized  grain  size  after  100% 
deformation  (vl0.4  pm)  and  the  final  grain  size  at  failure  (,v32.7  pm),  and 
the  experimental  conditions  correspond  to  Fig.  3.  The  plot  shows  the  curves 
for  DG,  SPDG  and  PCG,  and,  in  addition,  crack-like  growth  for  the  two 
conditions  of  long  cylindrical  crack  growth  (LCCG)  and  axisymmetric  crack 
growth  (ASCG),  respectively  [11].  In  practice,  the  rates  for  LCCG  and  ASCG 
are  similar,  and  they  become  infinite  at  r  «  d/2  »  11  um  because  it  is 
assumed  that  the  cavities  are  located  at  adjacent  triple  points  on  a  grain 
boundary  lying  perpendicular  to  the  tensile  axis  and  that  they  grow  towards 
each  other  in  a  crack-like  manner  along  the  boundary.  This  type  of  growth 
appears  reasonably  consistent  with  the  cracks  labelled  A  in  Fig.  3. 


Figure  4  -  Cavity  growth 
rate  versus  cavity  radius 
for  the  experimental 
conditions  shown  in  Fig. 

3:  the  growth  processes 
are  diffusion  growth  (DG) , 
superplastic  diffusion 
growth  (S^DG) ,  plasticity 
controlled  growth  (PCG) , 
long  cylindrical  crack 
growth  (LCCG)  and 
axisymmetric  crack  growth 
(ASCG) . 
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Summary  and  Conclusions 


1.  Experiments  on  several  superplastic  alloys  show  the  possibility  of 
cavities  growing  in  a  crack-like  manner  along  the  grain  boundaries.  This 
process  is  illustrated  for  an  Al-Li  alloy. 

2.  The  standard  plot  of  dr/ds  versus  r  incorporates  diffusion  growth 
(DG),  superplastic  diffusion  growth  (SPDG)  and  plasticity  controlled  growth 
(PCG) ,  where  r  is  the  cavity  radius  and  e  is  the  total  strain.  This  plot  is 
extended  to  include  crack-like  growth  under  the  two  conditions  of  long 
cylindrical  crack  growth  (LCCG)  and  axisymmetric  crack  growth  (ASCG) , 
respectively. 
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Abstract 

A  theory  of  superplastic  deformation  (SPD)  processes  based  on 
the  suggested  rheological  model  of  elastoviscoplastic  (EVP)  medium 
allows  to  estimate  an  expedience  of  SPD  advantages  use  in  metal 
working  by  means  of  rheological  parameters  from  the  corresponding 
constitutive  equation.  These  advantages  as  simple  analysis  shows  are 
rather  the  consequences  of  viscous  behaviour  of  superplastic  (  SP) 
materials.  This  paper  reports  general  results  of  analysis  of  some  SPD 
processes  obtained  with  the  application  of  mathematical  and  physical 
simulation  methods  and  use  of  various  modeling  materials  including 
special  polymers.  Possibility  of  proportioned  application  of  superplas¬ 
ticity  based  on  estimation  of  expedience  of  structure  refining  and  con¬ 
trol  of  temperature  /  strain  rate  regimes  of  SPD  is  discussed. 
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Introduction 


The  use  of  SP  regimes  in  drop  forging,  sheet  forming  as  well  as 
in  specialized  metal  forming  processes  is  known  to  provide  essential 
metal  saving,  reduction  of  necessary  pressure  and  energy  consumption, 
better  quality  of  produced  parts  (1,2).  At  the  same  time  realization  of 
SP  state  in  meted  forming  makes  working  techniques  more  complicated 
and  expensive  because  of  necessity  to  provide  ultrafine  grain  structure 
of  preforms  (3)  and  to  control  temperature  and  stredn  rate  regimes  of 
SPD.  The  latter  problem  deals  with  creatio'n  of  expensive  equipment 
and  instruments  (4). 

Therefore  in  order  to  use  superplasticity  in  metal  working  more  ef¬ 
ficiently  it  is  important  to  discuss  principles  which  should  be  taken  into 
consideration  when  making  decision  concerning  an  expedience  to  rea¬ 
lize  technology  based  on  use  of  SPD  advantages  in  proportioned  man¬ 
ner.  These  advantages  as  analysis  shows  (1,4)  are  rather  the  conse¬ 
quences  of  SP  materials  viscous  behaviour. 

Rheological  Criteria  of  SPD 

Rheological  model  of  EVP  medium  suggested  to  describe  SPD  (1,5) 
allows  to  formulate  the  relation  between  effective  stress  6c  and  effec¬ 
tive  strain  rate  £,e  by  SPD  of  a  material  with  stable  structure  and 
constant  temperature  for  any  complex  deformation  scheme  as  follows: 

6-e  -  fli  (  60  ♦  Ky  4emrV(  6s  ♦  Ky  S,enr)  (  1 ) 

where  S”g  ,  0"0  ,  Kv,  m  v  are  invariant  to  strain  rate  rheological  para¬ 
meters  of  the  material  deformed. 

The  capability  of  a  material  for  viscous  flow  can  be  estimated  with 
the  value  of  strain  rate  hardening  coefficient  HI  v  which  for  SP  materi¬ 
als  exceeds  .3  and  in  some  cases  approaches  the  unity. 

The  influence  of  SP  material  structure  state  on  the  relationship 
between  6e  and  4®  can  be  described  in  the  first  approach  (5)by 
the  parameter  Kv  if  it  would  be  introduced  as  a  function  of  the  mean 
grain  size  L  by: 

Ky  -  exp[dtL(&eq  -  (2) 

where  fe,  eq,  g  eq  are  parametric  values  of  strain  rate  and  stress 
which  correspond  to  the  oquicohesive  state  of  SP  material. 

At  least  three  consequences  of  SP  materials  viscous  flow  can  be 
considered  as  advantages  of  SPD  used  for  metal  working:  l)  The  gre¬ 
ater  the  fTl  v  value  the  greater  is  the  ability  to  reduce  deformation  force 
and  consequently  energy  consumption  by  reducing  strain  rate.  2)  De¬ 
formation  stability  in  form  of  localization  resistance  during  linear  and 
plane  tension  also  increases  with  fH  v.  3)  Equation  (1)  shows  that  SP 
material  flow  begins  when  6 e  >  60  .  The  threshold  stress  6"0  of  SP 
material  seems  to  be  at  least  100...1000  times  less  than  its  standard 
yield  stress  6s  .  Therefore  yield  criterion  should  be  modified  for  SP 
material  as  follows: 

6e  -0/V2)  V(61-6g)%(6e-6j)*+(65 -6t)a'  -60  (3) 

It  results  in  significant  reduction  of  "dead"  zones  area  in  vicinity  of 
contact  surfaces  between  SP  workpiece  deformed  and  the  instrument 
compared  with  deformation  field  of  plastic  material  workpiece  which  be¬ 
gins  to  flow  when  6e  >  6g  .  It  makes  deformation  more  homogeneous 
and  facilitates  filling  deep  die  cavities  e.g.  sharp  corners  by  metal 
deformed,  see  Pig,  1. 
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Figure  1  -  Schematic  illustration  of  the  deformation  inhomogeneity 
in  different  processes  of  drop  forging  of  plastic  (left)  and  SP 
(right)  materials:  a)  upsetting  (grid  distortion),  b)  extrusion 
(grid  distortion),  c)  filling  of  closed  die  corners  ("dead"  zones 
are  white). 


These  regularities  have  been  confirmed  by  the  results  of  mathema¬ 
tical  and  physical  simulations  of  SPD  processes.  Polymers  such  as 
monodisperse  polyisoprene,  monodisperse  polybutadiene  and  its  modifi¬ 
cations  are  proved  to  be  promising  modelling  materials  for  such  cases. 


Types  of  SPD  Processes 

All  metal  working  processes  using  SPD  can  be  divided  into  two 
groups:  non-traditional  processes  of  metal  working  by  pressure  which 
can  be  realized  exclusively  on  the  basis  of  SPD  and  traditional  pro¬ 
cesses  such  as  isothermal  drop  forging  using  SPD  regimes  to  increa¬ 
se  their  efficiency.  There  are  also  processes  based  on  conbinations 
of  different  deformation  schemes  both  traditional  and  non-traditional. 

There  is  a  certain  tendency  to  use  working  schemes  of  nonmetallic 
viscous  materials  (hot  glass,  thermoplastics)  in  development  of  non- 
traditional  SPD  processes.  Thus  one  of  the  early  SPD  processes  of 
dieless  drawing  (1,6)  is  similar  to  production  of  optical  fibres.  Some 
of  non-traditional  processes  such  as  SP  forming  of  sheets  (2),  ther¬ 
moelastic  stamping  of  thin  ribbed  shells  (1,4),  multichannel  extrusion 
into  closed  cavities  (4,6)  seem  to  have  good  prospects  for  a  wide 
application  in  metal  working  industry. 

SP  Forming  of  Hollow  Parts  has  been  performed  by  bulding  of 
sheets  and  tubes  with  compressed  gas  using  negative  and  positive 
schemes  of  thermoplastics  working  processes  as  prototypes.  A  rela¬ 
tively  small  gas  pressure  (usually  less  than  .1  MPa)  as  well  as  ext¬ 
remely  high  localization  resistance  of  SPD  at  plane  tension  resulting 
in  high  local  elongations  is  required  to  form  SP  sheets  into  complica¬ 
ted  parts.  These  processes  have  been  widely  used  for  production  of 
complex  components  in  machinery  and  construction  industry,  tricky 
wares  of  applied  art  (see  Fig.  2)  etc.  The  combination  of  SP  forming 
and  diffusion  bonding  seems  to  be  especially  promising  for  fabrication 
of  big  advanced  complex  parts  and  structures  (2). 

Thermoelastic  Stamping  of  Ribbed  Shells  is  based  on  the  high 
fluidity  of  SP  materials  resulting  in  their  ability  to  fill  in  deep  die  ca¬ 
vities  (4).  Thermoelastic  press,  see  Fig.  3,  right,  is  a  special  stam¬ 
ping  device  where  thermal  energy  transforms  directly  into  mechanical 
deformation  energy.  The  working  stroke  comes  as  a  result  of  thermal 
expansion  of  mandrel  inside  the  heated  container.  SPD  regime  in  this 
case  makes  forming  of  ribs  perfect  without  defects,  see  Fig.  3,  left. 
Traditional  fabrication  of  such  parts  by  machinning  leads  to  material 
waste  of  80  to  95%, 
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Figure  2  -  Decorative  ash-tray- 
formed  from  Zn-22%A1  alloy. 


Figure  3  -  Thermo- 
elastic  stamping  of 
a  ribbed  shell  from 
aluminium  alloy  (left); 
scheme  of  thermo- 
elastic  press  (right); 

1)  stamped  part, 

2)  mandrel,  3)  con¬ 
tainer,  4  )  furnace, 

5)  thermocontroller. 


Multichannel  Extrusion  Processes  appear  to  be  rational  for  fabri¬ 
cation  of  extremely  complex  parts  such  as  turbine  disk  with  blades  as 
a  unit  (7)  by  filling  in  deep  die  cavities  through  radial  channels.  Ob¬ 
vious  similarity  of  such  processes  to  foundry  schemes  allows  to  call 
them  "solid  state  foundry1'. 

Isothermal  Drop  Forging  in  Hydraulic  Presses  can  also  be  made 
more  efficient  by  utilization  of  SPD  rheological  advantages  such  as 
decreasing  deformation  force,  more  precise  forming  of  parts  and  lower 
material  waste.  The  best  result  can  be  achieved  thus  by  drop  forging 
of  big  thin— wall  parts  from  less  ductill  materials  such  as  the  panel 
shown  in  Fig.  4. 

SPD  Rational  Use  Principles 

The  expedience  of  SPD  use  in  metal  working  can  be  estimated  by 
the  comparision  of  expenses  and  profits  related  to  realization  of  cer¬ 
tain  SPD  processes.  The  following  ideas  could  be  taken  into  conside¬ 
ration  in  this  case. 

The  expenses  for  preparation  of  ultrafine -grain  structure  is  known 
to  be  proportional  to  the  refining  grade.  Thus  it  would  be  rational  in 
some  cases  to  avoid  structure  preparation  and  to  arrange  SPD  regime 
for  the  material  as  supplied,  i.e.  the  temperature/strain  rate  regimes 
related  to  maximum  mv  for  this  structure  state.  In  other  cases  such 
as  SP  forming  there  is  essentially  necessary  ultrafine -grain  structure 
which  allows  to  reach  absolute  maximum  of  Wy  value  and  maximum 
efficiency  of  SPD  for  a  given  material. 

The  control  of  temperature  regime  is  carried  out  by  means  of  iso¬ 
thermal  set  (8)  which  is  very  expensive  equipment.  But  the  drop  for¬ 
ging  of  big  parts  from  light  alloys  can  be  arranged  isothermally  without 
such  sets  utilizing  accumulated  heat  in  massive  changeable  die  blocks. 

Low  strain  rate  of  SPD  is  considered  as  a  disadvantage  telling  on 
productivity  of  SPD  processes.  But  it  has  been  already  experienced 
that  SPD  strain  rate  is  necessary  only  during  the  final  stage  of  wor¬ 
king  process  when  an  ordinary  regime  results  in  excessive  deformation 
pressure  or  lack  of  the  material  plasticity.  Thus  the  rational  strain 
rate  regime  seems  to  be  of  two  stages,  as  shown  in  Fig.  5;  the  first 
stage  is  carried  out  with  standard  cross-head  speed  and  the  second 
relatively  short  one  should  be  accomplished  with  SPD  strain  rate  by 
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Figure  4  -  Thin-wall  panel 
stamped  from  magnesium  alloy 
MA  2—1  in  SPD  regime. 

Figure  5  -  Variation  of  stam¬ 
ping  force  P  and  stamping  time 
f  of  the  panel,  see  Fig,  4, 
with  press  stroke  ah  ( compu¬ 
ted  curves):  l)  ordinary  defo¬ 
rmation  rate,  2)  and  3)  two  sta¬ 
ges  regimes  with  different  du¬ 
rations  of  stages,  4 )  full  scale 
SPD  regime 
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Abstract 

Superplastic  materials  show  very  high  fracture  elongations  when 
pulled  in  tension  under  optimum  conditions.  It  has  been  widely  observed 
that  the  fracture  elongations  are  closely  related  with  the  strain  rate 
sensitivity  m  and  increase  with  increasing  m.  It  has  been  observed  that 
the  m-value  depends  not  only  on  a  given  strain  rate  but  on  the  width 
(  \/(A  log  £  )J  )  and  the  sign  of  the  change  in  strain  rate  i  ±  \/(&lo?,  i.  )2  ) 
from  the  given  strain  rate  when  the  m-value  is  measured  by  the  strain 
rate  change  method.  The  strain  rate  in  a  necking  portion  of  a  specimen 
increases  one  after  another  from  start  of  deformation  to  fracture,  and 
it  has  been  proposed  that  fracture  occurs  when  the  necking  portion  gets 
the  strain  rate  where  the  a  is  equal  to  zero  on  the  higher  strain  rate 
side.  So,  the  m-value  (m  +  )  for  the  positive  change  in  strain  rate 
(  +  \/(  Alog  i  Y  )  should  be  taken  into  consideration  when  the  fracture 
elongation  is  analyzed.  It  has  been  observed  in  several  superplastic 
alloys  that  the  greater  part  of  the  fracture  elongation  is  produced 
in  the  strain  rate  region  where  the  m  is  not  so  much  different  from 
that  for  the  given  strain  rate.  Based  upon  the  result  the  fracture 
elongation  (  ef)  is  analyzed  by  using  the  m+-value.  Then  the 
following  expression  is  obtained: 

ej  =  A  m  [exp(m  /(I  -  m  +  )l  -  1], 

where  m+  is  the  m-value  for  the  maximum  strain  rate  deviation  within 
the  limits  of  the  possibility  (i.e.  log2/m),  m  is  that  for  the  strain 
rate  change  ratio  (N=1.5-2),  and  A  is  a  constant  which  depends  on  the 
strain  rate  dependence  of  m.  The  calculated  results  are  compared 
with  experimental  ones  for  Zn-22XA1  eutectoid  and  Al-33%Cu  eutectic 
(massX)  alloys. 
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INTRODUCTION 


The  fracture  elongations  in  superplastic  materials  are  closely  re¬ 
lated  with  the  strain  rate  sensitivity,  m,  and  it  is  well  known  that 
they  increase  with  increasing  m  (l)-(3)*  The  strain  rate  change  method 
is  one  of  the  methods  of  in-measurement,  and  it  has  been  proposed  that 
this  method  is  the  favorable  one  in  accordance  with  the  definition  of  m 
(4).  The  m-values  measured  by  this  method,  however,  depend  not  only  on 
the  given  strain  rate  but  on  the  width  and  the  sense  of  the  change  in 
strain  rate  (4).  Therefore,  we  cannot  judge  which  m-value  should  be 
used,  for  example,  when  the  fracture  elongation  is  calculated  as  a 
function  of  m.  In  this  study,  the  fracture  elongation  is  calculated  in 
consideration  of  the  characteristic  of  m  and  the  calculated  results 
obtained  are  compared  with  the  experimental  results  and  discussed. 

FRACTURE  ELONGATION  AND  m-VALUE 


There  are  many  deriving  methods  for  the  m-value  in  superplastic 
materials.  In  this  study,  the  m-value  means  the  one  for  the  strain  rate 
change  method.  The  strain  rate  in  the  local  portion  (i.e.  necking 
portion)  of  a  specimen  increases  one  after  another  from  start  of 
deformation  to  fracture,  and  it  has  been  proposed  that  fracture  occurs 
when  the  necking  portion  gets  the  strain  rate.G^^,  where  the  m  is  equal 
to  zero  on  the  higher  strain  rate  side  (5).  Therefore,  it  is  considered 
that  the  m-value  (m+)  for  the  positive  strain  rate  change  (  A  log  £  += 
+v(Alog  t  )2  )  takes  an  important  role  in  the  deformation  process.  From 
this,  it  is  necessary  to  obtain  the  width  of  the  change  in  strain  rate 
in  the  local  portion  of  a  specimen. 

Now  consider  the  case  where  the  strain  rate  in  the  local  portion  of 
a  specimen  changes  macroscopically.  Figure  1  shows  the  schematic  stress- 
strain  curve  in  the  local  portion.  If  the  barrier  energy  (AF)  for  the 
change  is  larger  than  the  driving  energy  (F)  for  the  change,  no 
macroscopic  strain  rate  change  takes  place.  The  generating  condition  of 
macroscopic  strain  rate  change  can  be  expressed  as: 

AF  / F<  1  (1) 

Using  the  stress-strain  rate  equation  o  =K  era  and  the  elastic  energy- 
stress  relation  F=(  1  /(2E) )  a  2  (E:  Young's  modulus),  Eq.(l)  is  rewritten 
as  follows: 

a  2  /a  ,  =  (e  2/  e  ,  ) m  <  2  .  ( 2 ) 

From  this,  the  strain  rate  change  A  log e  +  is  written  in  the  form: 

A  loge+=  log(c2/g  ,)  <  log2/m  ,  (3) 

where  the  log  means  not  common  logarithms  but  a  logarithm. 

As  mentioned  before,  it  is  considered  that  fracture  occurs  at  the 
strain  rate  where  m  is  equal  to  zero  on  the  higher  strain  rate  side.  If 
the  strain  rate  change  in  the  local  portion  is  the  utmost  limit  of 
deviation  (log2/m),  the  local  portion  can  reach  the  point  of  fracture 
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most  quickly,  but  the  energy  density  in  the  local  portion  increases  most 
quickly,  so  that  the  force  which  prevents  the  change  is  the  largest  of 
all  the  strain  rate  change  processes.  The  actual  change  is  considered 
to  be  smaller  than  the  utmost  limit  of  deviation  (log2/m).  However,  it 
is  expected  that  the  change  which  is  about  to  occur  is  the  utmost  limit 
of  deviation  (log2/m).  Therefore,  the  value  of  m  (m+)  for  the  utmost 
limit  of  deviation  (log2/m)  is  considered  an  important  parameter  which 
controls  the  deformation  process. 

In  this  study,  for  simplicity,  the  m+-value  is  measured  using  the 
normal  m-log e curve  with  the  strain  rate  ratio  N  of  1.5-2  (we  call  it 
the  reference  curve  of  m)  as  shown  in  Fig. 2  since  the  strain  rate 
dependence  of  m  (J  =  3  m/  3  log£  )  and  the  dependence  of  m  on  the  width 
of  the  change  in  strain  rate  (J  =  3m/  3  \/( A  log  i  )2  )  show  a  similar 
tendency  (6).  In  this  figure,  for  example,  the  m-value  for  the  strain 
rate  change  (log2/m)  from  is  indicated  with  m+(  and  it  is 
plotted  for  the  e i . 

The  fracture  life  time  can  be  obtained  if  we  can  calculate  the 
residence  time  for  each  state  of  strain  rate.  The  residence  time  t^  in  a 
strain  rate  state  is  given  by  the  following  form  using  the  expression, 
m+/(1-m+),  instead  of  the  expression,  m/(l-m),  as  the  energy  barrier  for 
the  state  change  (5): 


tj_=  CoGT^t  exp(  m|/(l-mt)  )-i  ] ,  (4) 

where  Co  is  a  proportional  constant,  G  the  reciprocal  of  the  element 
number  of  a  specimen  (=  l/(n  +  1)),  the  period  of  deformation  (i.e.  the 
period  of  the  fluctuation  in  strain  rate).  The  fracture  lifetime  tf  is 
the  sum  total  of  the  residence  time  t^  in  each  strain  rate  state  up  to 
fracture.  Using  eq.(4),  the  fracture  lifetime  tf  can  be  expressed  as  the 
following  equation: 

tf  =1^  =  l  CoGT!  ( exp(  mj7(l-mt)  )_i  ).  (5) 

Therefore,  the  fracture  elongation  can  be  expressed  as: 

ef  =  Vtf/Lo  =  (V/Lo)  t  CoGT*[exp(mt/(1+mp)-1  ],  (6) 

where  Lo  is  the  initial  length  of  a  specimen,  V  the  tensile  speed.  The 
values  of  T^  and  m^  change  one  after  another  up  to  fracture  because  of 
their  dependence  on  the  strain  rate.  Therefore,  the  estimation  of  e  j. 
cannot  readily  be  carried  out. 

Since  the  greater  part  of  the  fracture  elongation  is  produced  in 
the  strain  rate  region  where  the  m  is  not  so  much  different  from  that 
for  the  given  strain  rate,  the  fracture  elongation  e  j.  can  be  estimated 
by  the  elongation  which  is  produced  in  the  strain  rate  region.  Then,  the 
c  p  can  be  expressed  as  (5): 

Ef  =  A  i  [  exp(  m+/(1 -m  +  ) ) -1  ] ,  (7) 

where  A  is  a  constant  which  depends  on  the  strain  rate  dependence  of  m, 
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Figure  1  -  Schematic  stress-strain 
curve  in  local  portion  of  specimen 
when  the  strain  rate  changes  macro- 
scopically . 


Figure  2  -  Method  of  measurement  of 
m+,  where  m+(  is  the  m-value 
for  the  strain  rate  change  (log2/m) 
from  ^ 


Figure  3  -  Dependence  of  a,  m+  and  fracture  elongation  on  strain  rate 
for  (a)  Al-33%Cu  eutectic  and  (b)  Zn-22%A1  eutectoid  alloys. 


Figure  4  -  Dependence  of 
the  ratio  of  strain  rate, 
ln(  jn/c  )*  on  the  length 
of  non-uniform  region, 
lo/Lo,  for  various  m- 
values . 
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Fracture  Elongation  (V.) 


and  it  becomes  larger,  the  lower  the  strain  rate  dependence  of  m. 


RESULTS  AND  DISCUSSION 


The  calculated  results  of  eq.(7)  is  shown  in  Fig. 3(a)  and  (b)  for 
Al-Cu  eutectic  and  Zn-Al  eutectic  alloys,  respectively.  From  this,  it 
can  be  seen  that  the  m+-log  g  curve  shifts  to  the  lower  strain  rate  side 
compared  with  the  m-log g  curve  (the  reference  curve  of  m),  and  the 
strain  rate  at  the  maximum  point  of  fracture  elongation  is  lower  than 
that  of  m-value.  The  calculated  values  agree  quite  well  with  the 
experimental  results.  The  constant  A  for  the  Zn-Al  eutectoid  alloys 
which  have  a  smaller  strain  rate  dependence  of  m  is  higher  than  that 
for  Al-Cu  eutectic  alloys.  This  also  agrees  quite  well  with  the 
theoretical  prediction. 

Figure  4  shows  the  relationship  between  the  strain  rate  ratio 
ln(  jn/g)  and  the  length  of  non-uniform  region  lo/Lo  in  non-uniform 
specimens  (4),  where  a  (=0.81)  is  the  initial  ratio  of  the  cross- 
sectional  area  of  non-uniform  region  to  that  of  uniform  region,  £  is 
the  average  value  of  strain  rate  over  the  elongation  interval  0<6<_25Z, 
the  solid  and  open  symbols  represent  the  results  obtained  under  the 
condition  of  the  higher  and  the  lower  strain  rate  side  than  the  strain 
rate  at  the  maximum  m-value,  respectively,  and  the  m  -value  for  each  m- 
value  is  added  in  this  figure.  Compared  with  the  same  m-value,  the 
strain  rate  deviation  in  the  non-uniform  region  from  a  given  strain 
rate,  A  lne  (=  ln(gn/f;  ))>  is  smaller  in  the  lower  .train  rate  side 
(open  symbol),  but  compared  with  the  m  +  -value,  there  is  a  good 
correlation  between  the  A  Int  (  =  ln(  £  n/j  ))  and  the  m  -value.  It  is 
suggested  from  these  results  that  the  m+-value  is  the  important 
parameter  which  controls  the  fracture  elongation  and  the  uniformity  of 
deformation. 
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Abstract 

The  nucleation  of  cavities  during  superplastic  deformation  is  difficult  to  point  out 
since  it  is  necessary  to  distinguish  between  truly  nucleated  cavities  and  preexisting  cavities 
formed  during  prior  processing  treatments.  In  order  to  quantify  the  impact  of  strain-induced 
nucleation  on  cavitation,  the  evolution  with  strain  of  an  initial  distribution  of  cavities  is  cal¬ 
culated.  From  the  discrepancy  between  predicted  change  of  the  shape  of  the  distribution  and 
the  experimental  results  obtained  with  aluminum  alloys,  the  importance  of  the  nucleation  pro¬ 
cess  during  straining  can  be  concluded.  However  most  models  of  plasticity  controlled  cavity 
growth  were  developed  for  creeping  materials  and  did  not  include  grain  boundary  sliding 
which  can  modify  cavity  growth  rate.  This  process  must  therefore  be  taken  into  account  in 
the  modelling  of  damage  development  during  superplastic  deformation.  Such  an  approach  leads 
then  to  emphasize  on  the  average  number  of  moving  grains  during  straining,  the  viscosity  of 
the  grain  boundaries  and  the  ability  of  cracks  to  nucleate  and  grow  by  diffusion. 
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Edited  by  C.H.  Hamilton  and  N.E.  Paton 
The  Minerals,  Metals  &  Materials  Society,  1988 


191 


Introduction 


Cavitation  during  superplastic  straining  can  cause  the  premature  failure  of  many  com¬ 
mercial  alloys  when  forming  is  performed  under  atmospheric  pressure.  From  the  numerous 
studies  dealing  with  this  topic  the  following  points  were  concluded: 

1)  There  are  three  stages  in  cavity  development:  nucleation,  growth  and  coalescence. 

2)  The  nucleation  process  remains  quite  unknown  owing  to  the  difficulty  of  obtaining  ex¬ 
perimental  data.  Laws  for  nucleation  rate  have  been  proposed,  dealing  with  thermodynamical 
probability  of  vacancy  condensation  (1,2). 

3)  There  are  two  main  controlling  processes  in  cavity  growth.  When  the  cavity  radius  is 
small,  the  diffusion  controlled  growth  is  predominant.  When  the  cavity  radius  reaches  a  criti¬ 
cal  value,  the  cavity  growth  is  then  controlled  by  plasticity  of  the  matrix. 

4)  Several  criteria  for  coalescence  have  been  proposed  (3),  based  on  interspacing  distances 
between  cavities,  but  none  of  them  are  fully  satisfactory. 

However,  cavities  may  preexist  in  the  material  as  a  consequence  of  the  thermome¬ 
chanical  treatment  applied  to  develop  a  fine  grain  structure.  Such  cavities  are  present  in 
aluminum  alloys  (4).  Another  problem  is  concerned  with  strain-induced  nucleation.  This  phe¬ 
nomenon  occurs  concurrently  with  cavity  growth  so  that  measurements  of  the  change  in  cavity 
volume  fraction  with  strain  can  not  easily  be  compared  with  theoretical  prediction  of  cavity 
growth  rate  which  usually  assumes  that  cavities  are  all  the  same  size.  Moreover  modelling  of 
cavity  growth  in  superplastic  alloys  does  not  generally  take  into  account  the  effect  of  grain 
boundary  sliding  which  can  be  another  source  of  disagreement  between  experimental  data  and 
theoretical  prediction. 

The  aim  of  this  paper  is  the  two-fold  -  first  to  theoretically  quantify  the  influence  of 
continuous  nucleation  on  the  variation  of  the  cavitation  level  with  strain  by  considering  the 
evolution  of  an  initial  distribution  of  cavities;  second  to  propose  an  approach  of  the  cavita¬ 
tion  problem  in  superplastic  alloys  which  takes  into  account  grain  boundary  sliding.  Results  of 
cavitation  obtained  with  Al-alloys  will  be  considered  for  comparison  with  theoretical  prediction. 

Evolution  of  an  initial  damage 

Cavities  are  assumed  to  preexist  in  the  material  with  an  initial  distribution  given  by  a 


gaussian  law: 

dN/dr  =  *  exp[-A(r-rm..n)]  (1) 

However  the  cavities  whose  radius  is  smaller  than  the  critical  one  defined  as  r=  =  2t/ct,  are 
not  taken  into  account.  The  cavity  growth  is  supposed  to  be  controlled  by  lattice  diffusion 
(1)  and  plasticity  of  the  matrix  (5),  according  to  the  relations: 

dr/dt  =  [2npDv/TtkTrz]  [(a-2T/r)/(4ln(p/2r)-[l-(2r/p)z][3-(2r/p)z])]  (2) 

dr/de  =  [m+l/2m]  sinh[(2-m/2+m)(l/3  -  P/o„)]  r  (3) 


In  these  relations,  t  is  the  surface  tension,  S  is  the  cavity  spacing,  and  all  the  other  para¬ 

meters  have  their  usual  meaning.  Grain  boundary  diffusion  is  assumed  to  be  negligible  com¬ 
pared  to  lattice  diffusion,  as  shown  for  a  7475-AI  alloy  superplastically  deformed  at  optimum 

temperature  (6). 

Figure  1  shows  the  evolution  with  strain  of  the  shape  of  an  initial  distribution  of  ca¬ 
vities  if  nucleation  does  not  occur.  This  initial  distribution  was  chosen  according  to  experi¬ 
mental  observations  assuming  a  mean  radius  equal  to  0.75  p.m  and  a  maximum  radius  of 
1.5p.m.  It  can  be  seen  that  the  variance  of  the  distribution  decreases  with  strain.  Such  a 
result  is  obtained  because  the  initial  distribution  deals  with  cavities  whose  radius  is  smaller 

than  the  transition  radius  r,  between  diffusion  controlled  and  plasticity  controlled  growth,  r,  is 

defined  as: 

(dr/dt)<nvv  =  (dr/dt)Pi.,t  for  r=rt  (4) 
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and  is  equal  to  about  3  p.m  for  Al-alloys.  This  narrowing  of  the  distribution  is  not  observed 
experimentally  and  this  can  be  explained  by  strain-induced  nucleation.  A  confirmation  of  the 
importance  of  nucleation  can  be  obtained  by  image  analysis  of  superplastically  deformed 
samples.  Figure  2-a-b-c  shows  experimental  results  of  the  variation  with  strain  of  cavity  area 
fraction  C.,  equivalent  radius  R.„  and  number  of  cavities  per  unit  area  n.  for  7475  Ai-alloy 
deformed  under  optimum  conditions.  R«a  is  defined  here  as  the  radius  of  the  spherical 
cavities  which  would  have  the  same  volume  as  that  determined  experimentally  from  the  mea¬ 
sure  of  the  area  and  the  perimeter  of  the  cavity  (7).  The  main  result  shown  in  the  figure 
is  the  constancy  of  R.Q  with  increasing  strain  whereas  C.  and  n.  continuously  increase, 
which  can  be  explained  by  continuous  nucleation  during  deformation.  This  constancy  of  R„„ 
with  increasing  strain  is  also  observed  from  the  results  of  Cho  and  al.  (8). 


Figure  2  -  Variation  with  strain  of  experimental  parameters  concerning  cavitation: 
a)  area  fraction  of  cavities;  b)  equivalent  radius;  c)  number  of  cavities  per 
unit  area. 


Another  experimental  confirmation  of  the  importance  of  cavity  nucleation  can  be  given 
by  considering  the  calculated  cavity  volume  fraction  and  its  variation  with  strain.  Figure  3 
shows  the  result  of  such  a  calculation  for  an  Ai-CuLi-Mg  alloy  together  with  the  experi¬ 
mental  results.  For  the  calculation,  the  previous  distribution  was  considered  and  the  parameter 
<J>  in  relation  (1)  was  determined  according  to  the  initial  level  of  cavitalion.  Moreover,  (he 
effect  of  the  heating  time  of  the  sample  before  deformation  on  possible  cavity  sintering  was 
taken  into  account  (7).  An  important  gap  is  observed  between  the  calculated  and  (he  expe¬ 
rimental  curves  beyond  a  strain  —  0.5.  Figure  3  shows  also  the  variation  with  strain  of  Cv 
including  continuous  nucleation.  For  this  curve,  the  following  law  of  nucleation  rale  (1,2)  was 
used: 
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dN/dt  =  C(Nm.K-N) 


(5) 


where  N„„  is  the  total  number  of  possible  nucleation  sites  (taken  as  the  number  of  grains) 
and  C  is  a  parameter.  Good  agreement  with  experimental  results  is  obtained  with  a  value  of 
C~  lO'3.  This  parameter  in  fact  depends  on  the  flow  stress  and  several  expressions  have 
been  proposed  for  this  dependence  (1,2).  They  show  that  stress  concentrations  are  needed  to 
reach  non-zero  C-values,  even  if  cavities  are  assumed  to  nucleate  with  non-spherical  shape. 
However,  no  stress  evaluation  is  possible  from  the  knowledge  of  the  value  of  the  nucleation- 
rate  coefficient  C  owing  to  the  steplike  dependence  of  C  on  stress. 

The  previous  results  demonstrate  that  continuous  nucleation  of  cavities  is  very  impor¬ 
tant  in  superplastically  deformed  Al-alloys,  in  opposition  for  example  to  ajfi  brasses  for  which 
growth  only  occurs  during  deformation  as  soon  as  cavities  have  been  nucleated  in  the  first 
stage  of  straining  (9).  This  continuous  nucleation  allows  an  interpretation  of  the  discrepancy 
observed  between  the  experimentally  determined  cavity  growth  rate  and  that  expected  through 
theoretical  models.  However,  it  has  to  be  noted  that  these  theoretical  models  used  for 
superplastic  materials,  were  initially  developed  for  creeping  materials.  One  main  deformation 
process  is  thus  completly  ignored,  ie.  grain  boundary  sliding  which  can  reach  70%  of  the 
total  strain.  This  process  can  influence  cavity  growth. 


Figure  3  -  Comparison  between  predicted 
and  experimental  results  of  damage 
evolution. 


Figure  4  shows  a  cavity  in  an  Al-Cu-Li-Mg  alloy  and  it  is  clear  that  the  growth  of 
this  cavity  is  correlated  with  the  motion  of  the  grains  in  its  neighbourhood  and  sliding  along 
grain  boundaries.  A  damage  process  dealing  with  grain  movement  has  thus  to  be  considered. 
Figure  5  depicts  schematically  this  process  with  a  group  of  Five  grains.  Sliding  at  (1-2)  inter¬ 
face  generates  normal  tractions  on  [1-3J  grain  boundary.  This  stress  profile  generates  an  elas¬ 
tic  crack  at  the  triple  junction  (fig.  5-a).  Because  of  stress  concentration  on  [1-3]  grain 
boundary,  growth  of  the  crack  occurs.  The  evolution  of  the  shape  of  the  crack  depends  on 
respective  values  of  surfacic  and  grain  boundary  diffusivities.  Moreover  the  presence  of 
precipitates  in  grain  boundary  can  affect  the  development  of  the  void.  Whatever  the 
conditions,  the  kinetics  of  growth  is  controlled  either  by  vacancy  emission  and  annihilation  or 
by  vacancy  diffusion  if  the  grain  boundary  is  assumed  to  operate  as  perfect  source  and  sink 
of  vacancies.  If  the  crack  reaches  the  triple  junction  /1-3-4/,  grain  {1}  separates  from  grain 
{3}.  If  the  same  process  occurs  at  interface  [1-4],  damage  evolution  is  then  controlled  by 
the  motion  of  grain  {1}  (fig.  5-b),  which  strongly  depends  on  viscosities  of  [1-2]  and  [1-5] 
grain  boundaries.  Another  important  parameter  affecting  macroscopic  damage  evolution  is 
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therefore  the  average  number  of  moving  grains  at  every  moment  during  superplastic 
deformation.  Calculations  are  now  underway  to  get  quantitative  evaluation  of  local  damage 
evolution  according  to  this  approach. 


lOfim 


Figure  4  -  Correlation  between  cavitation 
and  grain  boundary  sliding  in  a  super- 
plastically  deformed  Al-Cu-Li-Mg  alloy. 


Figure  5  -  a)  Development  of  a  crack 
at  a  triple  junction;  b)  Control  of 
damage  growth  by  sliding  rate  of  grains. 


Conclusion 

The  evolution  of  an  initial  distribution  of  cavities  during  superplastic  straining  was  cal¬ 
culated  according  to  classical  laws  for  diffusion  and  plasticity  controlled  growth.  The  compari¬ 
son  with  experimental  results  confirms  the  importance  of  strain-induced  nucleation  for  super- 
plastic  aluminum  alloys.  Cavity  growth  can  also  be  affected  by  grain  boundary  sliding.  In 
order  to  account  for  this  process,  an  approach  of  damage  development  during  superplastic 
deformation  is  proposed,  pointing  out  structural  parameters  which  are  generally  ignored  in 
cavity  evolution. 


References 


1.  R.  Raj  and  M.F.  Ashby,  "Intergranular  fracture  at  elevated  temperature",  Acta  Met..  23 
(1975)  653-666. 

2.  M.H.  Yoo  and  H.  Trinkaus,  "Crack  and  easily  nucleation  at  interfaces  during  creep", 
Metallurgical  Transactions.  14A  (1983)  547. 

3.  MJ.  Stowell,  D.W.  Livesey  and  N.  Ridley,  "Cavity  coalescence  in  superplaslic  deformation", 
Acta  Met.  32  (1984)  35-42. 

4.  A.  Varloteaux,  J.J.  Blandin  and  M.  Sudry,  "How  to  control  cavitation  in  aluminum  alloys", 
To  be  published. 

5.  A.C.F.  Cocks  and  M.F.  Ashby,  "Intergranular  fracture  during  power-law  creep  under 
multiaxial  stresses",  Met.  Sci.  14  (1980)  395-402. 

6.  A.  Varloteaux,  "Superplasticitd  et  endommagement  des  alliages  d’aluminium  k  haute 
rdsistance  -  7475-"  (Thesis,  Institut  National  Polytechnique  de  Grenoble,  1987). 

7.  JJ.  Blandin,  "Endommagement  des  alliages  d’aluminium  au  lithium  lors  d’une  ddformation 
superplastique"  (Thesis,  Institut  National  Polytecunique  de  Grenoble,  1988). 

8.  C.W.  Cho,  B.A.  Cheney,  DJ.  Lege  and  J.I.  Petit,  "Superplastically  of  2090  SPF  sheet  at 
hot  rolled  gauge",  Proc.  of  the  4th  International  Al-Li  Conference,  Paris  (F),  10-12  June 
1987,  277-283. 

9.  J.  Belzunce  and  M.  Sudry,  "Analysis  of  cavity  growth  and  fracture  in  superplastic  aJ P 
brasses",  Acta  Mel..  31  (1983)  1497-1504. 


195 


AN  EXPERIMENTAL  INVESTIGATION  OF  HOLE  GROWTH  AND  INTERLINKAGE 


IN  THE  SUPERPLASTIC  Zn-22%  A1  EUTECTOID  ALLOY 


Norio  Furushiro't’  and  Terence  G.  Langdon® 

^Department  of  Materials  Science  and  Engineering 
Faculty  of  Engineering,  Osaka  University 
Suita,  Osaka  565,  Japan 

^Departments  of  Materials  Science  and  Mechanical  Engineering 
University  of  Southern  California 
Los  Angeles,  CA  90089-1453,  U.S.A. 


Abstract 

Experiments  were  conducted  to  investigate  the  growth  and  interlinkage 
of  holes  in  the  superplastic  Zn-22%  A1  eutectoid  alloy  by  testing  specimens 
with  small  holes  machined  in  the  gauge  lengths  prior  to  testing.  Specimens 
were  tested  without  holes,  with  a  single  hole  machined  in  the  center  of  the 
gauge  length,  and  with  two  holes  oriented  so  that  their  centers  were  on  a 
line  perpendicular  to  the  tensile  axis.  The  results  show  that  there  is  an 
interaction  effect  between  adjacent  holes  such  that  the  holes  in  the  double 
hole  configuration  increase  in  size  more  rapidly  than  the  single  holes. 

The  interlinkage  of  the  two  holes  occurs  at  the  highest  elongation  in  the 
superplastic  region  II,  thereby  demonstrating  that,  under  optimum  super¬ 
plastic  conditions,  there  is  a  resistance  to  internal  necking  in  the 
inter-cavity  ligaments. 
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Introduction 


Superplastic  materials  generally  exhibit  a  logarithmic  relationship 
between  the  maximum  flow  stress,  am,  and  the  initial  strain  rate,  eOJ  which 
is  sigmoidal  [1].  By  relating  am  to  ia  through  an  empirical  equation  of 
the  form 


<%  =  Be?  (1) 

where  B  is  a  constant  and  m  is  termed  the  strain  rate  sensitivity,  it 
follows  that  the  flow  behavior  divides  into  three  regions:  the  value  of  m 
is  high  (^0.5)  at  intermediate  strain  rates  in  region  II  but  m  decreases  to 
a  low  value  CvO.2)  at  both  low  and  high  strain  rates  in  regions  I  and  III, 
respectively.  Since  there  is  a  correlation  between  the  value  of  m  and  the 
total  elongation  to  failure  [2],  the  maximum  superplastic  elongations  occur 
in  region  II  and  there  is  a  decrease  in  the  elongations  in  regions  I  and 
III. 


Although  early  experiments  suggested  that  cavity  formation  was  not 
important  in  superplasticity  [3],  more  recent  work  has  demonstrated  that 
internal  cavities  develop  in  many  (if  not  most)  superplastic  alloys  [4], 
Indeed,  the  requirement  for  optimum  superplasticity  appears  to  be  the 
suppression  of  significant  cavity  interlinkage  rather  than  the  elimination 
of  cavity  nucleation  and  growth  [5]. 

It  is  possible  to  model  the  growth  and  interaction  effects  between 
adjacent  cavities  by  using  specimens  containing  machined  holes  which  are 
inserted  prior  to  testing.  The  first  experiments  of  this  type  were 
conducted  by  Tait  and  Taplin  on  an  Al-Mg  alloy  exhibiting  extended  ductility 
[6]  and  on  a  superplastic  aluminum  alloy  [7],  respectively.  For  both  sets 
of  experiments,  specimens  were  tested  at  a  single  strain  rate  in  region  II 
either  with  a  single  machined  hole  or  with  two  holes  machined  perpendicular 
to  the  tensile  axis  with  a  range  of  center-to-center  spacings.  More 
recently,  Wilkinson  and  Caceres  [8]  tested  specimens  of  a  superplastic  Cu 
alloy  containing  a  single  hole  near  one  end  of  the  gauge  length  and  two 
holes  perpendicular  to  the  tensile  axis  near  the  other  end,  and  using  strain 
rates  which,  based  on  earlier  experiments  on  this  alloy  under  similar 
conditions  [9],  correspond  to  region  I  and  the  lower  end  of  region  II.  The 
present  paper  describes  some  of  the  results  obtained  in  similar  experiments 
conducted  over  a  range  of  strain  rates  on  the  superplastic  Zn-22%  A1 
eutectoid  alloy. 


Experimental  Material  and  Procedures 

The  tests  were  conducted  on  the  Zn-22%  A1  alloy  using  specimens  cut 
from  sheets,  2.34  mm  in  thickness,  with  the  tensile  axes  parallel  to  the 
rolling  direction.  Specimens  were  tested  in  three  different  configurations: 
(i)  without  machined  holes,  (ii)  with  one  hole,  0.33  mm  in  diameter, 
machined  in  the  center  of  the  gauge  length  ("single  hole  configuration"), 
and  (iii)  with  two  holes,  each  0.33  mm  in  diameter,  machined  in  the  center 
of  the  gauge  length  with  a  center-to-center  spacing,  perpendicular  to  the 
tensile  axis,  of  1.0  mm  ("double  hole  configuration").  For  all  specimens 
containing  holes,  the  gauge  width  was  6.4  mm  and  the  holes  were  machined 
perpendicular  to  the  tensile  axis  and  in  the  short  transverse  direction. 
After  machining  the  holes,  all  specimens  were  annealed  to  give  a  spatial 
grain  size,  d,  of  ^2.1  pm,  where  d  is  defined  as  1.74  x  L  where  L  is  the 
mean  linear  intercept  grain  size.  Specimens  were  tested  at  strain  rates 
from  1.33  x  10-5  to  1.33  s-1  using  an  Instron  testing  machine  operating  at 
a  constant  rate  of  cross-head  displacement.  A  testing  temperature  of 
473  t  2  K  was  attained  using  a  bath  of  silicone  oil  stirred  with  bubbling 
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Figure  1  -  Maximum  flow  stress  versus  initial  strain  rate,  showing  the 
three  strain  rates  (arrowed)  selected  for  testing  of  the  single  and  double 
hole  configurations. 

argon.  For  the  specimens  containing  holes,  each  test  was  discontinued  at  a 
selected  elongation  and  the  specimen  was  carefully  removed  from  the  testing 
machine,  photographed,  and  then  measurements  were  taken  to  determine  the 
hole  shape  and,  for  the  double  hole  configuration,  the  hole  spacing. 

Experimental  Results  and  Piscusslon 

Figure  1  shows  the  logarithmic  plot  of  am  versus  e0  for  specimens 
without  holes  tested  at  single  strain  rates.  These  results  are  consistent 
with  the  data  reported  earlier  for  Zn-22%  A1  tested  under  similar  conditions 
[10]  and  they  show  the  division  into  region  I  at  e0  (  10~3  s'1,  region  II  at 
Cq  =  10“ 3  to  10" 1  s'1,  and  region  III  at  c0  £  10_1  s_1.  The  broken  line 
denoting  the  slope  in  region  II  gives  ra  *  0.41,  and  this  is  also  similar 
to  the  earlier  data  [10,11]. 

Specimens  having  the  single  and  double  hole  configurations  were  tested 
at  initial  strain  rates  of  1.33  x  10'5,  1.33  *  10”2  and  1.33  s'1 
corresponding  to  regions  I,  II  and  III,  respectively:  these  three  strain 
rates  are  indicated  in  Fig.  1  by  the  solid  arrows.  Figures  2  and  3  give 
examples  of  the  specimens  in  the  single  hole  and  double  hole  configurations, 
respectively. 

In  Fig.  2,  the  top  specimen  is  untested  and  shows  the  machined  hole 
in  the  center  of  the  gauge  length.  The  lower  six  specimens  were  tested  in 
region  II  to  elongations  of  19%,  40%,  69%,  133%,  234%  and  394%, 
respectively.  An  examination  of  these  specimens  shows  that  the  hole  pulls 
out  along  the  tensile  axis  and  ultimately,  at  elongations  above  c.200%,  the 
deformation  is  concentrated  in  the  two  ligaments  of  material  on  either  side 
of  the  elongated  hole.  In  Fig.  3,  the  three  specimens  have  the  double  hole 
configuration  and  they  were  pulled  to  fracture  in  regions  I  (upper),  II 
(■tenter)  and  III  (bottom)  with  corresponding  fracture  elongations  of  c.135%, 
'>.400%  and  ^65%,  respectively.  Since  the  anticipated  fracture  elongation  in 
region  II  is  >2500%  under  these  experimental  conditions  in  the  absence  of  a 
machined  hole  in  the  gauge  length  [10],  it  is  clear  that  the  overall 
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Figure  2  -  Specimens  with  a  single  hole  configuration.  The  top  specimen 
is  untested  and  the  other  specimens  were  pulled  in  region  II  to  elonga¬ 
tions  of  19%,  40%,  69%,  133%,  234%  and  394%,  respectively. 


Figure  3  -  Specimens  with  a  double  hole  configuration  pulled  to  fracture 
in  regions  I  (upper),  II  (center)  and  III  (bottom). 
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Figure  4  -  Change  in  hole  radius  versus  elongation  for  the  single  and 
double  hole  configurations. 

ductility  has  been  very  much  reduced  because  of  the  presence  of  the  two 
holes. 

The  growth  of  the  holes  during  deformation  is  illustrated  in  Fig.  4, 
where  the  change  in  radius,  AR/R0,  is  plotted  against  the  overall  elongation, 
AL/L0,  where  AR  and  AL  are  the  change  in  hole  radius  and  the  change  in 
specimen  gauge  length  and  Rq  and  L0  are  the  initial  hole  radius  and  the 
initial  specimen  gauge  length,  respectively.  Initially,  the  machined  holes 
were  circular  so  that  Rq  =  0.165  mm.  However,  reference  to  Figs  2  and  3 
shows  that  the  holes  become  elongated  along  the  tensile  axis  during 
deformation,  so  that  the  effective  radius,  R,  at  any  selected  elongation 
may  be  defined  as  R  =  (a  +  6 ) / 2  where  2a  and  2B  are  the  diameters  measured 
in  the  plane  of  the  specimen  surface  parallel  and  perpendicular  to  the 
tensile  axis,  respectively.  Datum  points  are  shown  in  Fig.  4  for  both  the 
single  hole  and  the  double  hole  configurations,  and  for  measurements  at  the 
three  different  strain  rates  in  regions  I,  II  and  III.  For  the  double  hole 
configuration,  the  measurements  do  not  continue  beyond  the  elongations 
where  the  two  holes  interlink.  For  a  single  hole,  since  the  measurements 
are  taken  on  the  flat  surface  of  the  tensile  specimens,  there  would  be  an 
apparent  change  in  the  value  of  AR/Rq  with  elongation  even  if  there  was  no 
growth  of  the  hole.  Assuming  that  the  total  volume  of  the  hole  in  the 
thickness  of  the  specimen  remains  constant  with  elongation,  the  value  of 
AR/Rq  varies  with  strain,  e,  according  to  the  lower  solid  line  in  Fig.  4. 

Inspection  of  Fig.  4  shows  that  there  is  an  interaction  effect  such 
that  the  holes  in  the  double  hole  configuration  increase  in  size  more 
rapidly  than  the  single  holes.  For  all  situations,  there  is  a  genuine 
increase  in  the  size  of  the  holes  with  increasing  elongation,  and  this 
growth  occurs  most  rapidly  in  regions  I  and  III.  The  interlinkage  of  the 
two  holes  occurs  at  an  elongation  of  >200%  in  the  superplastic  region  II, 
but  the  holes  interlink  at  elongations  of  <100%  in  regions  I  and  III.  The 
delay  in  interlinkage  in  region  II  demonstrates  that,  under  optimum  super¬ 
plastic  conditions,  there  is  less  interaction  between  adjacent  holes.  This 
is  consistent  with  the  concept  that  the  fracture  of  inter-cavity  ligaments 
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is  difficult  under  highly  superplastic  conditions  because  of  the  high  value 
of  m  and  the  consequent  resistance  to  internal  necking  [5]. 


Summary  and  Conclusions 

1.  Specimens  of  the  Zn-22%  A1  alloy  were  tested  containing  either  a 
single  hole  or  two  holes  machined  prior  to  testing. 

2.  The  single  hole  pulls  out  along  the  tensile  axis  with  increasing 
elongation  and  ultimately  deformation  is  concentrated  in  the  two  ligaments 
on  either  side  of  the  hole. 

3.  For  the  double  hole  configuration,  there  is  an  interaction  effect 
such  that  the  holes  increase  in  size  more  rapidly  than  the  single  hole.  Hole 
interlinkage  occurs  at  the  highest  elongation  in  region  II,  thereby 
demonstrating  that,  under  optimum  superplastic  conditions,  there  is  a 
resistance  to  internal  necking  in  the  inter-cavity  ligaments. 
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Abstruct 

In  this  paper  we  have  studied  features  of  superplasticity  for 
commercial  manganese— brass  (HMn58— 2).  Experiments  show  that  elongation 
of  the  alloys  was  reached  520%  in  tensile  deformation  at  600 °c  and  an 
initial  strain  rate  of  7.7xlO~Vs,  these  specimens  were  not  given  any  pre¬ 
treatments.  The  roles  of  cavity  nucleation  and  growth  have  been  resear¬ 
ched  during  superplastic  deformation.  The  volume  fractions  of  raetasta- 
ble  cavities  were  determined  at  different  initial  strain  rate  (£.)  and 
reduction  of  area  W  using  small  angle  X-ray  scattering  method.  The 
relationship  between  volume  fraction  of  cavity  and  strain  has  been 
studied  using  scanning  electro  microscopy  and  metallography.  The  para¬ 
meters  of  cavity  growth  rate  (ty)  were  determined  at  different  &  .  At 
higher  strain  rate  the  whole  volume  fraction  of  metastable  cavity 
decreases  with  increasing'*'.  7  value  is  higher,  superplasticity  of  this 
specimen  is  badly.  At  lower  strain  rate  the  whole  volume  fraction  of 
metastable  cavity  increases  with  increasing  7  value  is  lower,  super¬ 
plasticity  of  that  specimen  is  better. 

Dislocations  and  stacking  faults  of  this  alloy  were  observed 
using  transmission  electron  microscopy  (TEM)  •  Experiments  show  that 
interaction  of  dislocation  with  stacking  fault  and  interaction  of 
grain  boundary  with  lattice  dislocation  are  presented. 
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Introduction 


Cavitation  has  been  studied  in  a  wide  range  of  superplastic  alloy 
(1-6).  The  problem  of  cavity  nucleation  has  been  researched  in  some 
papers,  but  there  is  a  difficulty  for  direct  obeservation,  therefore 
understanding  the  roles  of  cavity  nucleation  in  detail  is  subjected  to 
some  restrictions.  Occurance  and  growth  of  cavity  affected  by  strain 
rate  have  been  researched  in  some  works,  but  the  conclusions  were  not 
clean.  In  this  paper  we  have  used  the  small  angle  X-ray  scattering 
analysis  (SAXS).  Scanning  electron  microscopy  (SEM)  and  metallography 
to  study  systematically  the  cases  of  micro  cavity  (H<100nm)  nucleation 
and  roles  of  cavity  (R>100nm)  growth.  The  parameters  of  cavity  growth 
rate  (>7)  were  measured.  The  models  of  dislocation  accommodation  in 
grain  boundary  sliding  (GBS)  were  developed  by  a  some  authors  (7.11). 
There  were  some  works  which  supported  those  models  (8.9).  Change  of 
stacking  fault  during  superplastic  flow  and  interaction  of  stacking 
fault  and  dislocation  are  seldom  reported. In  this  paper  we  have  obser¬ 
ved  the  interaction  of  stacking  fault  and  dislocation. 


Experimental  details  and  discussion 


For  commercial  plates  without  pretreatment  the  maximum  elongation 
can  reach  520%  under  600  A;  and  fc  =7.7xlQ-4/s. 

The  cavities  were  observed  in  grain  boundaries  and  interphase 
boundaries  (  Fig  1  ).  The  aspects  of  voids  are  spherical  under  lower 
strain  rate  (Fig  2),  observed  by  SEM  that  radius  of  minumum 


Figure  1  -  Cavities  Figure  2  -  Small  gra-  Figure  3  -  Curves 

formed  in  boundaries  nular  cavities,  SEM.  between  Wt  and  . 


voids  is  — 40nm  .  The  distribution  of  micro  cavities  (  R<40  nm  )  was 
determined  using  X-ray  small  angle  scattering  (10)  under  various  strain 
rate  and  600  V:.  The  volume  fraction  distribution  of  micro  cavities  is 
shown  in  table  1.  Which  is  separated  in  seven  regions  for  different  R, 

W  shows  volume  fraction  of  micro  cavities  in  various  region.  The  value 
of  (Wt)  presents  siomiation  of  individual  parts  (  i.  e.  R  from  3.5nm  to 
39nm  ).  For  different  6  the  curves  of  relationship  between  Wt  and  if 
Is  shown  in  Fig  3.  Some  roles  can  be  seen  from  Fig  3:  (1)  the  volume 
fraction  of  micro  cavities  (  Wt  )  decreases  with  increasing  ~Y  under 
larger  i  (specimen  A);  which  elongation  is  minimum  (4  =  133%);  (2)  under 
intermediated  ,Wt  appears  in  wave  shape  with  increasing  V""  (specimen  B) 
which  elongation  (4=273%)  is  larger  than  specimen  A;  (3)  when  i  decrea¬ 
ses  continuously  (specimen  C  and  D),  Wt  increases  with  increasing  •+■  , 
whereas  specimen  D  appears  more  obviously  (elongation  is  maximum);  (4) 
for  minimum  £,Wt  (  specimen  E  )  also  increases  with  increasing  V-  ,  but 
increment  (  specimen  E  )  is  less  than  specimen  C  and  D,  corresponding 
value  of  5  is  also  less  than  the  latter.  These  results  can  be  analysed 
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Table  1  The  Volume  Fraction  Distribution  of  Micro  Cavities  by  SAXS 


t  2.7xl0~3/s  1.0*10-3/s  4.6*10-</s  1.9  *10- Vs  8.3xl0-5/s 

S  133*(A)  273*(B)  293*(C)  330X(D)  283%(E) 


Wt 

VX 

Wt 

yx 

Wt 

yx 

Wt 

■t* 

Wt 

59.2 

86.80 

69.4 

27.00 

64.3 

62.72 

68.4 

174.12 

63.3 

62.40 

32.7 

132.84 

64.3 

20.64 

59.1 

52.59 

61.2 

138.21 

59.2 

52.90 

19.4 

152.22 

59.1 

7.45 

55.1 

41.66 

58.2 

114.08 

54.1 

21.44 

54.1 

31.69 

53.1 

37.81 

53.1 

71.36 

53.1 

19.03 

46.9 

24.60 

49.0 

22.37 

50.0 

61.37 

50.0 

17.46 

39.8 

9.08 

43.9 

55.49 

as  follows  .  According  to  the  theory  of  cavitation  nucleation,  when  a 
cavity  of  radius  R  is  formed,  the  energy  will  be  changed 

OG  =  4ffl?2)’-4/3*R35  .  (1) 

where  y  is  surface  energy  of  cavity,  rf  is  located  flow  stress  ,  thus 
critical  radius  of  nucleation  Rc  may  be  written  as  Rc=2?'/<j'.  The  calcu¬ 
lated  value  of  Rc  is  larger  than  lOOnm.  Therefore  the  size  of  cavity 
determined  by  SAXS  is  placed  in  a  metastable  condition. When  the  cavity 
size  is  larger  than  stable  cavity  (R>Rc) .energy  of  system  will  decrea¬ 
se  with  growing  of  cavity.  It  is  similar  to  that  energy  of  system 
decreases  with  growing  of  stable  grains.  To  increase  energy  of  system 
and  to  maintain  high  energy  condition, superplasticity  of  materials  can 
be  developed.  According  to  this  analysis, increase  of  metastable  cavity 
quantity  will  promote  the  superplasticity  to  develop. 

When  the  cavity  size  is  over  the  critical  radius  Rc,  generally 
cavity  growth  has  two  mechanisms:  i.e.  vacancy  diffusion  mechanism  (2) 
and  plastic  deformation  mechanism  (3).  In  fact,  Beere  and  Speight  (4) 
have  indicated  that  these  two  mechanisms  are  both  to  act.  Stowell  (6) 
has  put  forward  that  cavity  growth  obeys  a  relationship 

<f>  =  (J>.exp(Y£)  (2) 

where  is  a  parameter,  which  expresses  the  growth  rate  of  cavity,  $  is 
cavity  volume  fraction  under  strain  of  £,  is  cavity  volume  fraction 
under  strain  of  zero.  We  have  measured  the  relation  lines  between  In 
andfc.  The  experimental  results  conform  to  formula  (2)  basically.  From 
these  lines  the  values  of  can  be  obtained.  The  experimental  results 
are  shown  in  table  2.  We  have  obtained  that  values  of  increase  with 
increasing  g  except  minor  £.  For  larger  £  (specimen  A),  value  of  rj  is 
maximum,  value  of  i  is  minimum.  For  intermediate  strain  rate  (D)  is 
minimum,  6  is  maximum. 

In  HMn  58-2  brass  the  numerous  dislocations  are  activited  and  moved 
after  superplastic  deformation.  It  is  shown  that  alloys  present  dislo¬ 
cation  accomodation  of  GBS.  Fig  4  shows  three  sets  of  dislocations 
parralleled  to  slip  plane  which  were  activited  in  grain  bowndary  ledges 
and  piled  up  the  opposite  grain  boundary.  From  Fig  5  it  seems  possibly 
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Table  2.  Volume  Fraction  of  Cavities  and  Value  of 


6 

2.7*10-3/s 

l.OxlO'3/s 

4/6 *10- 4 /s 

1.9xl0-4/s 

8.3*10 

's/s 

l  <t*103 

£ 

(j>*103 

£ 

4*103 

£ 

4*103 

£ 

4*103 

0.24  2.44 

0.66 

2.61 

0.78 

2.77 

0.69 

2.33 

1.00 

3.11 

0.47  3.99 

0.83 

3.50 

0.96 

3.35 

1.00 

3.35 

1.13 

3.39 

1.45  16.61 

1.19 

4.95 

1.23 

4.36 

1.39 

5.42 

1.18 

3.63 

1.44 

7.24 

1.44 

6.11 

1.58 

6.53 

1.45 

4.56 

1.79 

12.70 

1.79 

8.85 

1.80 

8.27 

1.73 

5.69 

»? 

1.69 

1 

44 

1 

22 

1. 

00 

1.11 

that  stacking  faults  change  to  partial  dislocations  and  stacking  faults 
at  below  part,  and  change  to  full  dislocations  at  over  part.  Of  caurse 
this  process  may  occur  in  the  opposite  direction.  Fig  6  shows  the 
interaction  between  stacking  faults  and  dislocations.  The  stacking 
faults  obstruct  the  dislocations  to  slip,  when  the  dislocations  accros 
the  stacking  fault.it  causes  the  structure  of  stacking  fault  to  change. 


Figure  4  -  Activibed  Figure  5  -  Stacking  Figure  6  -  Interaction 

dislocation  Sets  in  Faults  and  Partial  Between  of  Dislocations 

Grain  Boundary.  Dislocations.  and  Stacking  Faults. 


Conclusions 

1. The  commercial  plate  specimens  of  HMn  58-2  brass  tensile  in 
superplastic  condition  under  600  As  without  pretreatment, elongation  can 
be  reached  520X. 

2.  For  large  strain  rate(A)  volume  fraction  of  metastable  cavities 
(Wt)  decreases  with  increasing'^  ,the  parameter  tj  is  maximum  elongation 
i  is  minimum.  For  minimum  strain  rate  (E)  Wt  increases  with  increasing 
i|r,  value  of  is  minor,  value  of  j  is  large.  For  intermediate  strain 
rate(D)  Wt  increases  obviously  with  increasing  tie,  value  of  V  is  minimum, 
value  of  i  is  maximum.  The  present  of  metastable  cavity  is  beneficial 
to  accmodate  action  of  GBS.  The  growth  of  stable  cavity  is  not  benefi¬ 
cial  to  GBS. 

3. In  this  alloys  dislocations  are  activited  and  moved  during 
superplastic  deformation,  which  play  the  accomodation  role  in  GBS.  The 
interaction  of  stacking  faults  and  dislocation  is  presented,  which 
produces  the  change  of  stacking  fault  and  dislocation. 
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DEFORMATION  OF  Ti-6A1-4V  BAR  AND  EXTRUSION 


UNDER  SUPERPLASTIC  FORMING  CONDITIONS 


D.  V.  Dunford  and  P.  G.  Partridge 

Royal  Aircraft  Establishment 
Farnborough ,  Hants ,  UK 


Summary 

There  is  increasing  interest  in  the  use  of  conventional  product  forms 
such  as  bar  and  extrusions  for  superplastic  forming  (SPF)  of  pressure  vessels 
and  tubular  body  shells.  Tests  have  been  carried  out  to  compare  the  super¬ 
plasticity  of  Ti-6A1-4V  bar  and  extrusion  with  that  reported  for  sheet.  The 
flow  stresses,  m-values  and  plastic  anisotropy  were  measured  and  related  to 
the  microstructure.  Resulting  anisotropy  occurred  in  specimens  machined  both 
parallel  (L)  and  perpendicular  (T)  to  the  extrusion  major  axis.  Anisotropy 
also  occurred  in  specimens  machined  perpendicular  (T),  but  not  parallel  (L)  to 
the  bar  major  axis.  The  anisotropy  can  be  explained  in  terms  of  the  direc¬ 
tionality  of  the  microstructure.  It  is  concluded  that  for  limited  strains 
these  conventional  product  forms,  although  having  non-ideal  microstructures 
can  be  suitable  for  superplastic  forming  of  components. 
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Introduction 


The  superplastic  forming  (SPF)  of  titanium  alloys  in  sheet  form  is  well 
established  and  the  emphasis  has  moved  towards  optimum  processing  for  partic¬ 
ular  structures  [1],  and  on  the  post-formed  mechanical  properties  [2].  Mean¬ 
while  the  need  to  reduce  costs  and  weight  has  directed  attention  to  other 
product  forms  such  as  rolled  bar  and  extruded  sections  for  superplastic 
forming  into  bottles  or  pressure  vessels .  Previous  work  on  textured  rectan¬ 
gular  rolled  bar  [3-4]  showed  texture  had  negligible  effect  but  the  aligned 
continguous  a-microstructure  caused  stress  and  strain  anisotropy  during 
deformation  under  superplastic  conditions.  Further  tests  have  been  carried 
out  to  compare  the  behaviour  of  round  bar,  and  of  an  extruded  U-channel 
section  in  Ti-6A1-4V  alloy  under  superplastic  conditions.  The  results 
obtained  are  described  in  the  paper. 

Experimental  Details 

The  Ti-6A1-4V  (IMI  318)  extruded  section  (Fig  1)  was  produced  by  con¬ 
ventional  extrusion  at  950°C  and  had  dimensions  of  120  mm  wide  x  18  mm  thick 
in  the  web  section.  The  rolled  bar  was  50  mm  diameter.  Tensile  test  pieces 
aligned  parallel  to  the  principal  orthogonal  directions  L  and  T  were  machined 
from  the  web  of  the  extrusion  as  shown  in  Fig  1  and  from  the  axis  (L)  and 
diameter  (T)  of  the  bar;  the  gauge  lengths  of  test  pieces  were  20  mm  long 
and  9  mm  diameter.  Uniaxial  tensile  tests  were  carried  out  at  925  “C  at  strain 
rates  of  3  x  10-4  s-*  (extrusion)  and  9  x  10~5  s“l  (bar)  to  elongations  up  to 
400%.  The  flow  stresses  and  m-values  were  determined  within  the  range  4-25% 
elongation  and  compared  with  data  reported  for  IMI  318  sheet  [5] . 

Results 


The  microstructures  of  the  extruded  and  bar  materials  were  examined 
after  annealing  for  2h  at  925°C  and  cooling  at  25°C/minute  to  simulate  the 
thermal  cycle  experienced  under  superplastic  conditions.  The  microstructures 
are  shown  in  Figs  2a  and  3a.  The  a-phase  dimensions  varied  up  to  16  um  in  the 
L-direction  with  the  a-phase  contiguous  and  aligned  in  this  direction.  The 
a-phase  dimensions  were  generally  much  less  in  the  T-directions .  The  micro¬ 
structures  after  deformation  to  strains  of  2.24  (bar)  and  1.2  (extrusion)  are 
shown  in  Fig  2b  and  3b;  the  microstructure  was  much  less  aligned  and  the 
a-phase  appeared  to  be  more  equiaxed  and  broken  up  into  isolated  grains. 

The  shape  of  the  cross-sections  in  the  test  piece  gauge  lengths  after 
deformation  to  area  strains  of  2.07-2.24  are  shown  for  the  bar  in  Fig  4;  a 
circular  cross-section  was  obtained  for  the  L-orienteJ  test  piece  and  an 
elliptical  cross-section  for  the  T-oriented  test  piece,  with  the  maximum 
diameter  parallel  to  the  T-direction.  The  corresponding  cross-section  for 
the  extruded  material  after  deformation  to  strains  of  1.2-1.36  is  shown  in 
Fig  4;  for  both  L  and  T  orientation  test  pieces  the  cross-sections  become 
elliptical  during  deformation,  with  the  maximum  diameter  in  the  T-direction 
(L  oriented  test  piece)  and  the  L-direction  (T  oriented  test  piece) .  The 
elliptical  shaped  cross-section  indicated  a  resistance  to  deformation  in  the 
direction  of  the  larger  diameter  compared  with  the  orthogonal  direction.  In 
all  cases  the  maximum  diameter  was  parallel  to  the  direction  of  the  aligned 
microstructure  in  the  initial  bar  and  extrusion. 

The  flow  stress  v  strain  rate  curves  for  the  extrusion  and  bar  L-oriented 
test  pieces  are  shown  in  Fig  5.  Over  the  whole  strain  rate  range  the  flow 
stresses  were  in  the  order  af  extrusion  >  of  bar  >  Of  sheet.  The  correspond¬ 
ing  m-values  v  strain  rate  curves  are  plotted  in  Fig  6.  The  coarser  micro¬ 
structure  in  the  bar  and  extrusion  caused  a  shift  in  the  peaks  of  the  curves 
to  lower  strain  rates  compared  with  the  curve  for  sheet.  The  extruded  material 
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Fig  2  Microstructures  of  IMI  318  bar  (a)  after  thermal  cycle 
(b)  after  superplastic  strain  (area  strain,  e  -  2.24) 


Strain  rate  s 


also  showed  a  sharper  peak  compared  with  the  other  materials.  Although  for 
extrusions  the  uniaxial  tests  were  carried  out  at  strain  rates  corresponding 
to  maximum  m-value  for  the  sheet  (3  x  10-4  s“l)  whilst  the  bar  was  tested  at 
a  lower  strain  rate  (9  x  10-^  s-*)  which  gave  a  similar  m-value  to  that  of 
sheet  (m  >  0.70):  anisotropic  deformation  occurred  for  bar  and  extrusion 
under  both  test  conditions. 

D iscussion  and  Cone lusions 


The  results  show  that  for  bar  and  extrusions  high  m-values  and  low  flow 
stresses  can  be  obtained  with  microstructures  which  were  not  ideal  for  super¬ 
plasticity.  To  obtain  the  same  flow  stress  as  used  for  superplastic  sheet, 
with  m  >  0.6  the  ratio  of  the  strain  rates  (e)  would  be  i  sheet  :  e  bar  : 
e  extrusion  *2. 4:2. 1:1.  A  fivefold  increase  in  forming  time  for  the 
extruded  material  is  likely  to  impose  a  severe  cost  penalty  on  processing. 

The  other  characteristic  of  the  bar  and  extruded  material  was  the  tendency 
to  deform  anisotropically  under  superplastic  conditions.  This  behaviour  has 
also  been  reported  in  thin  sheet  test  pieces  when  the  microstructure  was 
strongly  aligned  [6] .  This  is  illustrated  in  Fig  7  for  sheet  test  pieces 
machined  from  rolled  bar  [6]  the  non-uniform  deformation  in  Fig  7a  was  caused 
by  the  banding  shown  in  Fig  7b;  note  the  minimum  transverse  strain  occurred 
at  the  position  of  the  aligned  microstructure  at  A.  This  behaviour  has  been 
explained  in  terms  of  the  resistance  to  sliding  in  a/a  phase  grain  boundaries 
compared  with  S/S  grain  boundaries  [3,4,7] . 

Although  isotropic  strain  and  high  m-values  can  be  obtained  in  conven¬ 
tionally  processed  material  in  a  particular  direction  of  stressing,  eg  rolled 
bar  in  the  L-direction,  for  more  homogeneous  deformation  at  higher  strain  rates 
some  modification  to  the  rolling,  extrusion  or  heat  treatment  operations  will 
be  required.  This  may  involve  some  cost  increases  in  exchange  for  subsequent 
reduced  component  manufacturing  costs  by  SPF. 
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Abstract 

Superplastic  deformation  increased  the  surface  roughness  of  A1  and  Ti- 
alloy  sheet.  The  implications  for  SPF/DB  processing  are  discussed. 
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Introduction 


SPF/DB  [1]  involves  in  situ  diffusion  bonding  after  the  sheet  has  under¬ 
gone  large  superplastic  strain.  Bond  quality  depends  primarily  on  precise 
process  control  which  is  based  upon  the  forming  and  bonding  parameters  [2], 
Surface  roughness  is  one  of  the  most  important  parameters  affecting  solid  state 
bonds  since  in  practice  increased  surface  roughness  requires  an  increase  in  the 
bonding  time.  Plastic  deformation  is  known  to  increase  the  surface  roughness 
of  CP  titanium  sheet  [3] ,  but  although  an  increase  in  surface  roughness  has 
been  reported  during  superplastic  deformation  of  Ti -alloy  sheet  [4,5],  nc 
roughness  measurements  were  made.  Ra  values*  have  therefore  been  determined 
for  Ti  and  A1  alloy  sheets  before  and  after  SPF  and  are  reported  in  this 
paper.  Their  significance  for  forming  and  bonding  of  sheet  is  discussed. 

Experimental  Details 

The  alloys  in  sheet  form  had  the  compositions  (wt%)  of  Ti-6A1-4V, 
Ti-15V-3Cr~3Al-3Sn,  Al-2.4Li-l.2Cu-0.7Mg-0.lZr  (LITAL  A)  and  Al-bZn-2 . 3Mg- 
1.7Cu-0.1lZr  (7010).  Sheet  thicknesses  and  grain  sizes  are  given  in  Table  1. 

Table  1 

Effect  of  Superplastic  Strain  on  Grain  Size  and  Surface  Roughness  Ra 


Material 

Sheet 

Thickness 

mm 

SPF 

Strain 

e 

Grain  Size 

um 

Ra 

um 

LITAL  A 

1.6 

0 

5 

0.35 

1.33 

12 

2.69 

at  540°C 

7010  (Unclad) 

3.2 

0 

8-12 

0.35 

1  .61 

12-24 

4.42 

at  500°C 

Ti-6A1-4V 

3.2 

0 

6 

0.29 

1.38 

15 

1  .44 

at  925°C 

Ti- 1 5V-3Cr- 

2.0 

0 

38 

0.44 

3Al-3Sn 

1  . 1 

60 

2.62 

at  OlO^C 

The  Ti-alloys  were  tested  at  910-925°C  at  an  initial  strain  rate  of  3xl0-4s_1 
and  the  Al-alloys  at  500-540°C  in  the  range  3x10"^  -  8.3xl0”4s-l,  Surface 
roughness  in  terms  of  Ra  were  determined  using  a  Taylor  Hobson  Talysurf 
machine  with  a  truncated  diamond  pyramid  stylus  having  a  2  um  radius  and  a 
length  in  the  direction  of  movement  of  5  um.  Total  length  sampled  was  1.25mm. 

Results 


The  surface  of  Ti-6A1-4V  sheet  in  the  as  received  state  showed  ridges 
with  smooth  regions  between  (Fig  la).  After  a  strain  of  1.38  grain  boundary 
sliding  was  apparent  (Fig  lb)  and  the  grain  size  increased  (Table  1)  coinci¬ 
dent  with  an  increase  in  Ra  value  from  0.29  um  to  1.44  um.  A  larger  Ra  value 


*  Ra  is  the  arithmetic  mean  of  the  departure  of  the  profile  from  the  mean  line. 
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Fig  3  SEM  of  aluminium  alloy  (7010)  surface  after 
superplastic  strain  (E  =  1.61) 


of  2.62  Jim  was  obtained  for  the  coarser  grained  Ti-15-3-3  alloy  (Table  1). 

This  alloy  is  less  superplastic  and  showed  less  grain  boundary  sliding  but 
numerous  transgranular  shear  bands  (Fig  2) .  Surface  detail  on  LITAL  A  tested 
in  air  was  obscured  by  oxidation  products,  but  during  SPF  the  increase  in  the 
Ra  value  was  much  greater  than  for  Ti-6A1-4V  (Table  1) .  The  less  superplastic 
7010  alloy  had  a  larger  grain  size  and  showed  a  greater  increase  in  the  Ra 
values  (Table  1).  There  was  evidence  of  large  grain  boundary  shear  with  deep 
local  depressions  (Fig  3).  Unlike  T1-6A1-4V  alloy  surface,  in  the  Al-alloys 
the  short  wavelength  roughness  was  superimposed  on  a  longer  wavelength  rough¬ 
ness  as  shown  in  Fig  4. 

Plots  of  change  in  surface  roughness  (ARa )  v  strain  are  shown  in  Figs  5-6. 
The  ARa  values  increased  with  strain  and  with  grain  size.  Biaxially  strained 
LITAL A  appeared  to  have  a  lower  rate  of  roughening  than  uniaxially  strained 
material.  For  the  fine  grained  alloys  the  rate  of  roughening  (ARa/^)  was 
1.8-2. 3  pm  for  LITAL A  and  0.46-1.1  um  for  Ti-6A1-4V. 

Discussion 


The  results  show  that  the  surface  roughness  increased  by  a  factor  5-8  in 
Ti  and  Al-alloys  during  SPF.  This  increase  is  significant  compared  with  the 
surface  finish  specified  for  SPF  quality  Ti-alloy  sheet  of  Ra  =  0.5  um  [1], 
although  much  higher  values  are  implied  by  other  workers  [5] .  The  maximum  Ra 
values  produced  in  the  present  tests  lie  at  the  upper  limit  for  ground 
surfaces  and  at  the  lower  limit  for  turned  or  milled  surfaces  [2] .  It  should 
also  be  noted  that  roughness  or  surface  area  generated  by  grain  boundary 
sliding  may  be  underestimated  by  Ra  values  since  the  dimensions  of  the  stylus 
prevented  it  recording  the  very  narrow  grooves  between  grains. 

An  increase  in  surface  roughness  can  affect: 

a)  reactions  between  the  sheet  surface  and  the  environment 

b)  diffusion  bonding  of  the  sheet 

c)  mechanical  properties  of  the  sheet. 

Reactions  at  the  sheet  surface  may  be  between  liquids  or  gases.  For 
Ti-alloys  the  most  common  contaminant  is  oxygen,  sometimes  derived  from  water 
vapour,  which  can  dissolve  in  titanium  to  produce  brittle  surface  layers  with 
a  thickness  up  to  4-5  grain  diameters  under  normal  processing  conditions. 

Such  layers  can  be  removed  by  pickling  but  the  depth  of  contamination  would  be 
greater  for  rougher  surfaces  and  contamination  or  metal  removal  to  these 
depths  could  be  severe  for  thin  sheet  eg  M3. 25  mm  thick  after  SPF.  Al-Li-Mg 
alloys  are  subject  to  both  magnesium  and  lithium  loss  by  oxidation  at  the 
surface  [6]  and  this  would  be  enhanced  by  the  increase  in  surface  area  and 
accentuated  by  the  back  pressure  of  gas  required  to  suppress  cavitation.  The 
narrow  grain  boundary  grooves  associated  with  grain  boundary  sliding  may 
increase  the  difficulty  in  cleaning  such  surfaces  with  liquids,  especially 
when  access  is  restricted  in  for  example  fuel  tanks  or  pressure  vessels. 

An  obvious  practical  consequence  of  increased  surface  roughness  would  be 
an  increase  in  time  required  to  diffusion  bond  such  surfaces.  Theoretical 
studies  (7)  suggest  the  time  increase  could  be  greater  for  the  longer  wavelength 
roughness  found  in  the  Al-alloys.  Other  implications  for  bonding  are  thicker 
oxide  contamination  at  both  Ti  and  Al-alloy  interfaces  which  is  known  to 
adversely  affect  bond  strength  [2] ,  a  greater  tendency  to  trap  gas  at  the 
interface  and  greater  disruption  of  coatings  placed  on  sheet  surfaces  either 
to  act  as  a  diffusion  aid  or  as  a  barrier  layer  to  prevent  diffusion  bonding. 
Any  contamination  or  solute  loss  prior  to  bonding  leads  to  a  double  layer  at 
the  bond  interface.  This  interface  may  then  remain  planar  and  the  joint  may 
be  susceptable  to  delamination  or  low  impact  properties  [2] .  The  shear 
strength  of  diffusion  bonded  joints  in  7010  Al-alloy  was  particularly  sensitive 
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Fig  4  Simulated  three-dimensional  surface  contours  of 
Lital  A  after  superplastic  strain  (e  =  1.33) 


Fig  5  ARa  v  true  strain  for  aluminium  alloys  tested 
under  superplastic  conditions 


Fig  6  ARa  v  true  strain  for  titanium  alloys  tested 
under  superplastic  conditions 
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to  roughness  for  values  of  Ra  <0.20  (clad  sheet).  For  greater  Ra  values  the 
shear  strength  appeared  to  be  insensitive  to  roughness  but  the  width  of  the 
scatter  band  for  bond  strength  was  increased  to  ±  15%  [8]. 

The  potential  effect  of  surface  finish  on  the  mechanical  properties  of 
sheet  is  less  clear.  Roughness  on  the  scale  of  1-3  grain  diameter  might  be 
considered  to  be  equivalent  to  short  cracks.  These  could  reduce  the  time  for 
crack  nucleation  in  low  stress/long  life  fatigue  or  at  least  increase  the 
scatter  in  test  data.  This  effect  might  be  avoided  by  pickling,  but  where 
this  is  not  possible  and  if  sharp  radii  give  rise  to  local  thinning  [1]  the 
roughness  effects  could  become  important  under  fatigue  loading  conditions. 
Note  that  the  beneficial  effects  conferred  by  residual  stresses  in  machined 
or  worked  surfaces  are  normally  absent  in  SPF  sheet. 

Conclusions 


The  surface  roughness  of  thin  sheet  increases  with  increase  in  superplastic 
strain  and  with  increase  in  grain  size.  The  increase  is  greater  in  Al -alloys 
than  in  Ti-alloys.  The  increase  in  roughness  could  have  implications  for 
surface  reactions,  diffusion  bonding  and  for  fatigue  properties,  especially  for 
very  thin  sections. 
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Abstract 


Superplastic  properties  of  Al-Li  alloys  can  be  obtained  either  by  dynamic  recrystalli¬ 
zation  or  by  a  special  thermomechanical  treatment  producing  a  fine  grain  structure  before 
forming.  Both  ways  are  studied  in  this  work. 

In  the  first  case  small  elongations  to  failure  are  obtained  due  to  inhomogeneity  of 
recrystallization  and  insufficient  misorientation  between  the  new  grains  which  pertains  during 
straining. 

In  the  second  case,  small  deformations  to  failure  are  observed  in  optimal  superplastic 
conditions  during  tests  under  atmospheric  pressure,  whereas  elongations  higher  than  1500% 
without  rupture  are  reached  with  superimposed  pressure.  This  behavior  is  mainly  explained  by 
extensive  cavitation  which  develops  during  deformation.  Particular  attention  is  given  on  the 
influence  of  lithium  on  diffusional  processes  which  occur  during  deformation  and  on  diffe¬ 
rences  of  cavitation  behavior  between  Li-depleted  and  non  Li-depleted  regions. 


Suporplnsticity  and  Supcrplastic  Forming 
Edited  fay  C.H.  Hamilton  and  N.E.  Palon 
The  Minerals,  Metals  &  Materials  Society.  1988 


Introduction 


A  large  variety  of  Ai-Li  alloys  has  been  developed  recently  for  superplastic  properties 
with  the  goi  of  using  superplastic  forming  for  aeronautical  parts.  Two  procedures  were 
experimented  and  both  were  found  satisfactory  depending  on  the  alloy.  The  firs.  one  gene¬ 
rates  a  superplastic  behavior  through  strain-induced  recrystallization  as  for  SUPRAL,  whereas 
the  second  one  starts  superplastic  forming  with  a  fine  grain  recrystallized  structure  produced 
by  appropriate  thermomechanical  treatments  as  in  the  case  of  7475. 

The  aim  of  this  work  is  to  investigate  these  two  procedures  on  a  2091  Al-alloy  not 
yet  known  as  superplastic  and  to  study  the  resultant  superplastic  properties.  This  alloy  was 
chosen  for  its  ability  of  being  easily  rolled. 


Material 


The  alloy  used  in  this  investigation  is  a  2091  (2.2Cu-2.0Li-1.6Mg-.08Zr)  produced  by 
an  ingot  metallurgy  route.  It  was  provided  by  Cigddur-Pechiney  in  the  form  of  sheets  of 
2  mm  thick  either  with  an  unrecrystallized  or  a  recrystallized  structure  and  both  materials 
were  processed  to  get  superplastic  properties. 


Experimental  results 


Unrecrystallized  structure 

The  material  was  tested  at  various  strain-rates  and  temperatures  ranging  from  460°C 
to  520“C,  but  whatever  the  straining  conditions,  only  small  elongations  were  obtained  (less 

than  250  %)  with  m-values  always  smaller  than  .25. 

Two  reasons  can  be  given  to  explain  this  poor  superplastic  behavior:  heterogeneous 
strain-induced  recrystallization  and  insufficient  misorientation  between  adjacent  recrystallized 
grains  thus  hindering  grain  boundary  sliding.  The  heterogeneity  of  recrystallization  can  be 
clearly  shown  in  figure  1.  Some  areas  are  fully  recristallized  while  some  others  are  not  yet 
affected.  This  heterogeneity  can  be  due  to  the  development  of  static  recrystallization  which 
has  taken  place  during  the  heating  time  of  the  specimen  before  straining.  Indeed  the  kine¬ 
tics  of  static  recrystallization  can  be  enhanced  in  this  alloy  compared  to  other  Al-Li  alloys 

exhibiting  strain-induced  recrystallization,  due  to  the  presence  of  high  level  of  Mg  and  Cu. 
These  elements  are  known  to  decrease  the  temperature  of  recrystallization  of  aluminum 
alloys.  Insufficient  misorientation  between  grains  may  be  the  result  of  small  amount  of 
copper  compared  with  SUPRAL,  due  to  its  little  stacking  fault  energy. 

Recrvstallizcd  structure 

In  order  to  get  a  fine  grain  recrystallized  structure  before  straining,  the  material  was 
subjected  to  an  appropriate  thermomechanical  treatment.  This  treatment  produces  an  equiaxed 

structure  with  grains  of  12  pm  in  diameter  as  shown  in  figure  2,  which  remains  stable 

during  deformation. 

The  material  was  first  tested  at  various  temperatures  using  crosshead  velocity  jumps 

in  order  to  determine  the  optimum  conditions  for  superplasticity.  These  were  found  at  500°C 
at  about  10" 3  s_1  with  maximum  m-values  of  0.4.  Elongations  to  rupture  of  about  400  % 

were  obtained  under  atmospheric  pressure. 

The  main  reason  for  this  quite  early  failure  is  the  development  of  cavitation  during 

deformation.  Figure  3  shows  the  variation  with  strain  of  the  relative  density  change  of  the 
specimen.  If  it  is  assumed  that  this  density  change  is  due  only  to  cavitation,  an  equation  of 
the  form  Cv  -  C»o  exppe  can  be  fitted  with  the  experimental  results  with  values  of  CLo 

and  0  equal  to  2  10‘3  and  3.7  respectively.  Such  an  equation  agrees  with  general  models 
for  plasticity  controlled  growth  of  cavities  (1)  with  however  a  0-value  larger  than  expected. 

This  discrepancy  can  be  explained  by  strain-induced  nucleation  of  cavities  as  confirmed  by 
(2),  but  it  may  be  due  also  partly  to  the  fact  that  the  observed  density  change  is  not 
solely  related  to  cavitation  but  to  lithium  depletion  as  discussed  later. 

Tensile  tests  were  performed  in  the  same  conditions  of  strain-rate  and  temperature 

with  superimposed  hydrostatic  pressure  in  order  to  suppress  cavitation.  The  results  of  density 

change  measurements  are  given  in  figure  4  which  shows  that  a  pressure  of  5  MPa  is  high 

enough  to  completely  suppress  cavitation.  With  this  pressure,  elongations  without  failure  of 
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1500%  were  obtained.  This  pressure  is  larger  than  that  theoretically  required  (crw3)  to 
suppress  plasticity  controlled  growth  since  the  tensile  stress  at  the  beginning  of  deformation 
is  about  10  MPa  and  it  continuously  decreases  during  straining  due  to  constant  velocity 
testing  with  almost  no  grain  growth.  One  reason  of  this  discrepancy  could  be  the  particular 
importance  of  both  diffusion  controlled  cavity  growth  and  continuous  nucleation  in  this  alloy 
which  require  pressure  of  the  order  of  the  Sow  stress  to  be  suppressed. 


Figure  1  -  Heterogeneity  of  recrystalliza- 
tion  during  deformation. 


Figure  2  -  Structure  of  the  recrystallized 
alloy  before  deformation. 
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Discussion 


The  interpretation  of  density  variation  measurements  is  difficult  since  it  can  be  due 
partly  to  the  loss  of  elements,  particularly  lithium,  from  the  near  surface  region  of  the 
specimen  during  high  temperature  treatments.  Due  to  the  large  density  difference  between  A1 
(2.7  g/cm3)  and  lithium  (.5  g/cm3),  density  variations  can  be  thus  generated  which  can  be 
of  the  same  order  of  magnitude  as  those  produced  by  cavitation.  The  influence  of  lithium 
depletion  must  then  be  taken  into  account.  Papazian  and  al.  (3)  have  studied  this  phenome¬ 
non  of  lithium  loss  during  heat  treatment  of  8090  and  8091  alloys.  They  have  shown  that 
the  depth  of  the  Li-depleted  zone  increases  with  time  according  to  the  relationship: 


x  =  1.5  (Dut)1'3 


(1) 


with  Du  (m3.s-1)  ==  3.6  10“*  exp(-Q/RT)  and  Q  =  136  kj.mol1.  Measurements  of  this 
depth  were  performed  in  2091  in  static  conditions  and  are  in  good  agreement  with  theoreti¬ 
cal  predictions  as  shown  in  figure  5. 

Figure  6  shows  the  cross-section  of  a  specimen  deformed  up  to  1.5  at  500°C,  The 
holding  time  at  this  temperature  is  about  2  hours.  The  depth  of  the  Li-depleted  zone  is  ■» 

130  pm  whereas  it  was  only  »  80  pi  for  static  annealing  at  500*0.  Superplastic  deforma¬ 
tion  seems  therefore  to  accelerate  lithium  loss  from  the  surface.  This  result  must  however  be 
carefully  considered  since  other  parameters  can  affect  Li-depletion  such  as  the  thickness  of 
the  sample.  Moreover  the  figure  shows  a  close  correlation  between  cavitation  and  Li-loss. 

Cavitation  is  much  more  important  close  to  the  surface  than  in  the  center  of  the  specimen. 

Since  this  increase  of  cavitation  near  the  surface  was  not  observed  in  a  7475  superplastic 
aluminum  alloy  (4),  it  can  be  concluded  that  it  is  not  correlated  with  a  different  stress 
state  at  the  surface  from  that  in  the  center  but  associated  with  some  physical  phenomena 

involved  in  Al-Li  alloys.  The  main  problem  is  thus  to  determine  in  which  way  cavitation 
and  Li-loss  interact,  in  other  words  how  cavitation  can  promote  Li-depletion  on  one  hand 
and  how  lithium  loss  can  affect  cavitation  on  the  other. 


*  experiments,  —  calculated  curve  (3). 


Figure  6  -  Cross-section  of  a  superplas- 
tically  deformed  specimen  showing  the 
difference  in  cavitation  behavior  between 
the  center  and  the  periphery. 
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Effect  of  cavitation  on  lithium  dp.nlc.tinn 

The  development  of  cavitation  increases  the  area  of  free  surfaces  in  the  material, 
some  of  them  being  in  connection  with  the  outer  periphery  of  the  specimen.  Consequently 
a  larger  area  of  the  sample  is  concerned  with  lithium  loss.  This  effect  is  particularly 
important  when  coalescence  of  the  cavities  occurs  and  promotes  the  propagation  of  intergra¬ 
nular  damage  from  the  surface. 

Effect  of  lithium  depletion  on  cavitation 

Lithium  has  an  influence  on  the  diffusion  coefficients  in  aluminum  owing  to  its  large 
energy  of  interaction  with  vacancies,  equal  to  0.25  eV  (5).  This  influence  is  weakly  depen¬ 
dent  of  Li  amount,  because,  even  at  high  temperature,  the  vacancy  concentration  is  always 
smaller  than  the  Li  atomic  concentration.  In  these  conditions,  the  equilibrium  vacancy 
concentration  in  Li  containing  Al-alloys  is  much  larger  than  in  pure  aluminum.  Moreover  the 
jump  frequency  of  a  vacancy  is  also  affected  by  the  neighbourhood  of  a  lithium  atom.  From 
these  remarks,  new  values  of  diffusion  coefficients  can  be  obtained.  The  self-diffusion  coeffi¬ 
cient  of  aluminum  is  increased  while  the  vacancy  diffusion  coefficient  is  decreased  when 
lithium  amount  is  sufficient. 

It  is  known  that  stress  concentrations  are  one  of  main  causes  of  strain-induced 
nucleation  and  growth  of  cavities.  These  concentrations  are  developed  on  inhomogeneities 
which  inhibit  grain  boundary  sliding,  such  as  triple  junctions  or  second  phase  particles.  The 
relaxation  phenomenon  involves  matter  diffusion  through  lattice  or  grain  boundaries.  If  the 
vacancy  flow  required  for  lithium  migration  is  neglected,  it  can  be  predicted  that  the  stress 
concentrations  which  develop  in  depleted  regions  will  be  more  difficult  to  relax  due  to  the 
smaller  self-diffusion  coefficient  of  aluminum  than  in  non-depleted  regions. 


Conclusion 


A  2091  Al-alloy  was  tested  in  tension  for  characterization  of  superplastic  behavior. 
The  following  results  were  obtained: 

*  dynamic  recrystallization  of  the  initially  unrecrystallized  alloy  does  not  occur  homogeneously, 
leading  to  poor  superplastic  properties 

*  a  fine  grain  recrystallized  structure  can  be  produced  by  an  appropriate  tbermomecbanical 
treatment 

*  the  as-produced  material  is  superplastic  with  however  only  small  elongations  due  to  exten¬ 
sive  cavitation 

*  superimposed  pressure  can  completely  suppress  cavitation,  leading  to  1500%  elongations. 

*  Li-loss  occurs  at  the  periphery  of  the  specimen  and  interacts  with  cavitation. 

The  authors  acknowledge  Direction  des  Recherches,  Etudes  el  Techniques  (DRET)  of 
Ministire  de  la  Difense  for  financial  support. 
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Abstract 

Experiments  were  conducted  to  investigate  the  influence  of  specimen 
profile  and  notch  geometry  on  the  elongations  to  failure  in  the  superplastic 
Zn-22%  A1  eutectoid  alloy  at  a  testing  temperature  of  473  K.  The  results 
show  that  the  elongations  to  failure  are  reduced  significantly  at  all  strain 
rates  when  a  taper  is  introduced  into  the  gauge  length.  At  any  selected 
strain  rate,  the  fracture  elongations  decrease  as  the  ratio  Amin/Amax 
decreases  but  they  are  essentially  independent  of  the  precise  value  of  Amin, 
where  Amin  at>d  Amax  are  the  minimum  and  maximum  cross-sectional  areas  within 
the  gauge  length,  respectively.  There  is  a  further  significant  reduction  in 
the  fracture  elongations  when  a  notch  is  introduced  into  the  gauge  length, 
and  in  these  specimens  there  is  a  sharp  concentration  of  plastic  deformation 
within  the  region  of  the  notch. 


Suporplasticity  and  Suporplastic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Paton 
Tho  Minerals,  Metals  &  Materials  Society,  1988 


£ 


227 


Introduction 


Although  superplastic  materials  are  characterized  by  very  high 
elongations  to  failure,  it  is  well  known  that  the  precise  magnitudes  of  the 
fracture  strains  depend  both  on  mlcrostructural  features  such  as  the  average 
size  and  stability  of  the  grains  and  on  external  parameters  such  as  the 
testing  temperature  and  the  experimental  strain  rate.  In  addition,  there  is 
evidence  that  the  overall  fracture  elongations  are  influenced  by  the  precise 
configuration  of  the  testing  samples.  For  example,  early  work  by  Morrison 
[1]  on  the  Pb-62%  Sn  eutectic  alloy  demonstrated  that  the  fracture  strain  is 
proportional  to  60/L0  in  specimens  machined  from  round  bars,  where  60  and  L0 
are  the  initial  gauge  diameter  and  initial  gauge  length  of  the  specimens, 
respectively.  In  addition,  Morrison  [1]  showed  that  the  elongations  to 
failure  were  reduced  by  the  presence  of  notches  in  the  gauge  lengths,  and 
this  effect  was  confirmed  in  subsequent  experiments  on  Al-33%  Cu  [2]  and 
Pb-62%  Sn  [3], 

The  purpose  of  this  paper  is  to  describe  some  of  the  results  obtained 
in  a  detailed  investigation  of  the  influence  of  specimen  profile  and  notch 
geometry  on  the  elongations  to  failure  in  the  superplastic  Zn-22%  A1 
eutectoid  alloy. 


Experimental  Material  and  Procedures 

The  tests  were  conducted  on  the  Zn-22%  A1  alloy  obtained  in  super¬ 
plastic  form  from  The  New  Jersey  Zinc  Company.  The  material  was  supplied  in 
sheets  with  a  thickness  of  2.54  mm  and  with  an  as-received  grain  size  of 
^1  pm.  Tensile  specimens  were  machined  from  the  sheets  parallel  to  the 
rolling  direction.  Three  representative  specimen  configurations  are 
depicted  schematically  in  Fig.  Is  these  configurations,  labelled  (b) ,  (f) 
and  (j),  are  examples  of  the  smooth,  tapered  and  notched  profiles, 
respectively.  All  specimens  were  annealed  in  argon  for  1  hour  at  523  K  to 
give  a  spatial  grain  size,  d,  of  2.5  pm,  where  d  m  1.74  x  L  and  L  is  the 
mean  linear  intercept  grain  size.  The  specimens  were  pulled  to  failure  in 
tension  over  a  range  of  strain  rates  at  473  ±  2  K  using  an  Instron  testing 
machine  operating  at  a  constant  rate  of  cross-head  displacement. 

Experimental  Results  and  Discussion 

Typical  results  are  shown  in  Fig.  2  in  a  plot  of  the  elongation  to 
fracture,  &L/L0  %,  versus  the  initial  strain  rate,  e,  where  AL  is  the  total 
change  in  the  gauge  length  at  the  point  of  failure.  The  upper  curve  is  for 
a  smooth  specimen  of  type  (b)  in  Fig.  1,  where  the  ratio  of  the  minimum  to 
maximum  cross-sectional  areas  within  the  gauge  length,  A^n/A^ax,  is  1.0. 

The  four  lower  curves  are  for  tapered  specimens  having  values  of  Amin/Amax 
from  0.9  to  0.7:  the  specimen  of  type  (f)  is  shown  in  Fig.  1  and,  since 
the  central  width  is  6.4  mm  and  the  outer  width  adjacent  to  the  specimen 

shoulders  is  7.2  mm,  the  value  of  A^n/A^ax  for  this  sample  is  6. 4/7. 2  -  0.9. 

The  specimens  of  types  (f),  (g)  and  (h)  had  central  widths  of  6.4  mm  and 
Amin/Amax  values  of  0.9,  0.8  and  0.7,  respectively.  The  specimens  of  type 
(1)  were  used  to  check  on  the  effect  of  the  total  amount  of  material  within 
the  gauge  length:  these  specimens  were  machined  with  central  and  outer 

widths  of  3.3  and  4.8  mm,  respectively,  to  give  A^n/A^x  -  0.7.  For  all  of 

these  samples,  the  effective  gauge  length  was  12.7  mm. 

The  upper  curve  for  the  smooth  profile  in  Fig.  2,  for  specimens  of  type 
(b) ,  is  typical  of  the  superplastic  Zn-22%  A1  alloy  with  maximum  elongations 
in  the  vicinity  of  e  =  10-2  s-1  and  decreases  in  the  elongations  to  failure 
at  both  higher  and  lower  strain  rates  [4,5].  The  flow  stress,  o,  is  related 
to  the  imposed  strain  rate  by  an  empirical  equation  of  the  form 
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Smooth 


Figure  1  -  Typical  specimen 
configurations  for  smooth, 
tapered  and  notched 
specimens,  respectively. 

All  dimensions  are  in  mm: 
radii  are  2.5  mm  except 
where  indicated . 
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Figure  2  -  Elongation  to  failure  versus  initial  strain  rate  for 
smooth  and  tapered  specimens, 


Figure  3  -  Elongation  to  failure  versus  initial  strain  rate  for 

smooth,  tapered  and  notched  specimens. 

a  -  Be"1  (1) 

where  B  is  a  constant  and  m  is  the  strain  rate  sensitivity.  It  is  well 
established  that  the  logarithmic  relationship  between  a  and  e  is  sigmoidal 
for  Zn-22%  A1  tested  under  the  present  experimental  conditions,  with  m  *  0.5 
at  intermediate  strain  rates  in  the  vicinity  of  10-2  s"1  (region  II)  and 
m  =  0.2  at  both  slower  (region  I)  and  faster  (region  III)  strain  rates  [6]. 
Since  there  is  both  an  experimental  (7]  and  a  theoretical  [8]  correlation 
between  the  elongation  to  failure  and  the  value  of  m,  it  follows  that  the 
elongations  are  a  maximum  in  region  II  and  there  are  decreases  in  the 
elongations  to  failure  in  regions  I  and  III.  The  maximum  elongation 
recorded  for  the  smooth  configuration  in  Fig.  2  is  <2000%  under  optimum 
conditions,  and  this  contrasts  with  an  earlier  report  on  the  same  alloy, 
using  the  same  testing  temperature  and  grain  size,  where  the  maximum  elonga¬ 
tion  was  i2900%  in  region  II  [4].  This  difference  arises  because  the  early 
work  was  conducted  using  specimens  with  a  gauge  length  of  6.35  mm  and  the 
present  experiments  used  a  gauge  length  of  12.7  mm.  When  tests  were 
conducted  in  the  present  Investigation  using  a  gauge  length  of  6.35  mm,  the 
maximum  elongation  to  failure  was  also  increased  to  '*>2900%. 

An  examination  of  Fig.  2  shows  that  the  presence  of  a  taper  in  the 
gauge  length  leads  to  significant  decreases  in  the  overall  ductilities  at 
all  strain  rates.  In  region  II,  the  maximum  elongation  is  reduced  to  11000% 
for  specimen  type  (f)  with  Amin/A^ax  “  0.9,  and  it  is  further  reduced  to 
■'-640 %  for  specimen  type  (h)  with  A^tn/Amax  ”  0.7.  However,  the  difference 
between  the  two  tapered  profiles  having  Amin/Amax  "  0.7,  specimen  types  (h) 
and  (i),  is  fairly  minor. 

Figure  3  provides  a  direct  comparison  between  the  tapered  and  notched 
profiles,  and  it  is  clear  that  the  elongations  to  failure  are  very  much 
reduced  when  there  is  a  notch  in  the  gauge  length.  The  profile  of  the 
notched  specimens  of  type  (J)  is  shown  in  Fig.  1.  These  specimens  contained 
a  concentrated  neck  in  the  middle  of  the  gauge  length,  in  the  form  of  a 
notch  having  a  radius  of  0.3  mm,  so  that  A^n/A^x  ”  5. 9/6. 4  =>  0.9.  The 
maximum  recorded  elongation  to  failure  for  specimens  of  type  (J)  was  1420%. 
Thus,  although  the  specimens  of  types  (f)  and  (j)  have  the  same  values  of 
Amln/Aoax,  the  elongations  to  failure  are  higher  at  all  strain  rates  when 
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Figure  4  -  Appearance  of  smooth 
specimens  of  type  (b)  (upper), 
tapered  specimens  of  type  (f) 
(center) ,  and  notched  specimens 
of  type  (j)  (lower).  The 
specimens  labelled  A  are  untested 
and  the  specimens  labelled  B  to  G 
were  pulled  to  failure  at  Initial 
strain  rates  of  3.33  x  10-1,  6.67 
x  10“2,  1.67  x  IO'2,  1.67  x  io-3, 
1.67  x  10"5  and  6.67  x  10'6  s_1, 
respectively. 


the  area  difference  is  gradual  within  the  gauge  length  (as  in  a  taper) 
compared  with  when  It  is  concentrated  (as  in  a  notch). 

The  appearance  of  the  specimens  is  shown  in  Fig.  4  for  the  three 
configurations  given  in  Fig.  1:  smooth  type  (b)  (upper),  tapered  type  (f) 
(center)  and  notched  type  (j)  (lower).  The  specimens  labelled  A  are 
untested,  and  the  other  specimens  were  pulled  at  initial  strain  rates 
decreasing  from  3.33  x  io-1  s-1  for  the  specimens  labelled  B  to  6.67  x  10-6 
s”1  for  the  specimens  labelled  G,  respectively. 

For  the  smooth  profile,  the  fractured  specimens  in  Fig.  4  have  pulled 
out  reasonably  uniformlv  at  the  intermediate  strain  rates  in  region  II 
(specimens  C  to  E)  but  there  is  evidence  for  necking  in  specimens  F  and  G 
tested  at  the  lower  strain  rates  in  region  I.  For  the  tapered  specimens, 
there  is  evidence  for  the  development  of  non-uniform  deformation  associated 
with  the  presence  of  the  taper.  This  non-uniformity  is  visible  in  all  of 
the  tapered  specimens  taken  to  fracture  in  Fig.  4  but  it  is  especially 
apparent  in  specimens  B,  F  and  G.  From  the  lower  photograph  in  Fig.  4,  it 
is  clear  that  the  introduction  of  a  pre-machined  notch  into  the  gauge  length 
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leads  to  a  very  sharp  concentration  of  plastic  deformation  within  the  region 
of  the  notch.  When  tested  in  region  II,  the  notched  region  behaves  as  a 
very  short  tensile  specimen  and  it  pulls  out  to  a  thin  point  as  in  specimens 
D  and  E. 


Conclusions 


1.  The  introduction  of  a  taper  into  the  gauge  length  of  the  super¬ 
plastic  Zn-22%  A1  alloy  leads  to  a  significant  decrease  in  the  overall 
elongations  to  failure  at  all  strain  rates.  The  fracture  elongations 
decrease  at  any  initial  strain  rate  as  the  ratio  A^tn/A^x  decreases,  where 
Amin  and  Amav  are  the  minimum  and  maximum  cross-sectional  areas  within  the 
gauge  length,  respectively.  The  fracture  elongations  are  essentially 
independent  of  the  precise  value  of  Amin. 

2.  The  introduction  of  a  notch  into  the  gauge  length  leads  to  a 
further  significant  reduction  in  the  elongations  to  failure  at  all  strain 
rates,  even  by  comparison  with  tapered  specimens  having  the  same  value  of 
Amin/Amax-  For  the  notched  specimens,  there  is  a  sharp  concentration  of 
the  plastic  deformation  within  the  region  of  the  notch. 
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THE  RELATIONSHIP  BETWEEN  STRAIN-RATE 
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Abstract 

The  relation  of  strain-rate  sensitivity  index  m  to  strain 
in  H62  brass  and  TC9  titanium  alloys  has  been  studied.  The 
value  of  m  is  strain-dependent,  after  the  miximum  m  value,  the 
m  value  decreases  with  strain  .  It  is  showed  that  there  are 
different  mechanisms  at  different  stages  of  deformation  for 
the  effect  of  cavities.  The  cavity  nucleation  and  growth  have 
been  discussed  ,  The  Mclean's  mistakes  about  the  cavity  nu¬ 
cleation  have  been  corrected.  The  formulas  0f  cavity  nucle¬ 
ation  and  growth  and  critical  strain  are  derived.  The  theories 
correspond  with  experiments  not  only  in  qualitative,  but  also 
in  quantitative  analysis.  The  model  proposed  can  explain  sat¬ 
isfactorily  the  follows  phenomena:  the  cavity  nucleation  at 
boundaries  and  at  particles;  the  cavity  elongation  in  direc¬ 
tion  perpendicular  to  the  tensile  axis;  the  formation  of  neck; 
the  effects  of  hydrostatic  pressure  on  cavity  growth  and  the 
exterior  tensile  stress  on  cavity  alignment. 


Superplasticity  and  Superplastic  Forming 
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In t  roduc  tion 


Recently,  interest  in  superplasticity  focused  on  its  ap¬ 
plications  and  changes  of  structure  and  properties  in  super- 
plastical  deformtion.  Recent  studies  have  demonstrated  that 
even  a  small  volume  fraction  of  cavities  can  lead  to  a  seri¬ 
ous  deterioration  in  the  mechanical  properties  of  superplas- 
tically  formed  components  (l,2).  It  is  necessary  to  propose 
the  model  about  the  relation  of  the  changes  structure  and 
properties  in  superplastical  deformation  to  the  cavity  nucle- 
ation  and  growth.  In  Kclean's  formulas(5)  only  the  volume  e- 
lastic  energy  of  voids  was  considered.  In  fact,  it  has  been 
shown  that  during  superplastical  deformation,  cavities  form 
at  the  dislocation  pile-up  boundaries  and  particles  and  the 
effect  of  dislocation  pile-up  stress  on  cavity  nucleation  is 
greater  than  that  of  volume  elastic  energy  of  cavity.  There¬ 
fore  the  relaxation  of  dislocation  pile-up  stress  would  be 
considerd . 

Experimental  Details 

The  nominal  compositions  of  two  alloys,  H62  brass  and 
TC9  titanium  alloy,  were  supplied  in  form  of  100mm  dia,  form 
which  uniform  bars  were  produced  by  hot  forging.  Tensile 
specimens,  5  mm  dia  by  35  mm  gauge  length  were  machined  after 
•  annealed.  Both  constant  crosshead-speed  tests  and  variable 

t  crosshead-speed  tests  were  conducted  at  the  temperture  750°C 

and  900*C  (ii62  brass  at  750°C,  TC9  alloy  at  900°C)  by  using 
Instron  1195  and  Instron  1122  Testing  hachine.  during  testing 
the  temperture  wes  kept  constant  within  ±  IK,  variable-speed 
tests  were  carried  out  by  straining  a  single  specimen  through 
a  sequence  of  crosshead  speed  range  0.02-2  mm  min  in  cycle, 
speed  was  then  increased  by  a  factor  2.0  -  2.?. 

Results 

Typical  sets  of  curves  relations  of  strain  to  rr.  in  both 
constant-speed  and  variable-speed  tests  are  shown  in  Pig  1-2- 


m 


1  8  37  56  74  93  111  130  149  CM9  9  9  149  1  98  272  3464204705^ 

(a)  STRAIN  (b)  STRAIN 

Pig  1.  The  relation  of  m  value  to  strain  in  cycles  variable 
crosshead-speed,  (a)  H62  brass,  (b)  TC9  alloy. 
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Over  a  wide  range  of  strain  rate 
both  alloys  showed  a  distinct 
peak.  It  is  also  apparent  that 
strain-rate  sensitivity  index  m 
is  strain-dependent  and  the 

changes  of  m  value  concern  with 
the  structure  and  properties  in 
metal  superpl astioal  deformation 
k  lot  of  cavities  were  observed 
at  the  fracture  surface  of  B62 
brass  specimens  Fig.  3. 


Fig. 2.  The  curves  of  m-*  in 
H62  brass  in  const ant  speed 


Fig. 3*  The  cavities  of  K62  brass  at  fracture  surface. 

Discussions 

The  m  value  of  the  alloys  in  superplasticity  depends  not 
only  on  strain-rate;  grain  size;  temperture,  but  also  to  a 
certain  degree  on  strain,  so  it  is  difficult  to  ascertain  the 
elongation  of  the  materials  in  superplasticity  only  according 
to  the  initial  m  value  in  deformation.  Fig.1  (a)and(b)  illus¬ 
trate  that  almost  the  same  initial  m  valve  of  H62  and  TC9» 
since  the  effect  of  strain  on  m  value  for  H62  brass  is 
stronger  than  that  for  TC9  alloy,  the  specimens  of  H62  brass 
fractured  much  earlier  than  that  of  TC9.  A  lot  of  cavities 
were  observed  in  H62  brass  specimens  after  superplastical  de¬ 
formation,  It  is  clear  that  varies  of  m  value  with  strain 
concern  with  the  cavity  nucleation  and  growth. 

Cavity  Nucleation  and  Growth 
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In  plastical  deformation,  beca-ae  of  the  nonoonservation 
motion  of  grain  boundary  dislocation  (GBD)  and  grain  boundary 
slip  (GBS),  a  lot  of  supersaturated  vacancies  are  produced, 
they  are  thermodynamic  unstable  defects  and  tend  to  precipi¬ 
tate  into  cavities  under  the  action  of  dislocation  pile-up 
stress  at  boundaries  or  particles.  Suppose  cavity  nucleus  are 
spherical,  the  changed  free  energy  can  be  written: 

W=  4B2y *  -LSr2  /g  -(4r5*  kTlnC/Ce  )/3B5  0  ) 

R  is  radius,  y  is  surface  energy,  T  is  shearing  stress,  G  iB 
elastic  modulus,  L  is  length  of  dislocation  pile-up,  S  is  area 
of  slip  plane,  b  is  Burger's  Vector,  T  is  temperature,  K  is 
Boltaman's  constant,  C  is  vacancy  density,  Ce  is  equilibrium 
vacancy  density.  According  to  the  publication  (4),  we  suppose: 


C=  Ce+  Be.  B  is  constant,  c  is  strain.  The  critical  radius  R* 
and  critical  nucleation  energy  W*  can  be  express: 

R*  =  2b?y  ln(C/Ce)/kT  (2) 

W*=  4y*  /3(2b3y  /(kTlnC/Ce))2-  LSt2/G  (3) 

while  W*=0  all  the  nucleus  with  R2R*  will  grow  spontaneously, 
then  critical  strain  (e*)  can  be  also  estimated  from: 

£*=( exp ( 2b3y  (4GY»  /3LS)~i  /TkT)-l)  /B  (4) 

If  t =8x1 08-6x1 O^Pa,  C/Ce=1 .05-2,  the  nucleation  of  cavities 


will  be  possible.  If  the  coordinate  origin  is  at  cavity  nucle¬ 
ar,  exterior  stress  is  there  equiaxed  tensile  stress,  average 
stress  is  a  ,  the  differential  value  of  tangential  stress  (<xe) 
and  raduius  stress  (<rr)  could  be  written: 


<re-<rr=  «r  (R/r)2  (5) 

r  is  radius  coordinate,  The  differential  stress  value  result 
in  differential  migration  rate  of  vacancies  or  atoms  to  tan¬ 
gent  and  to  radius  in  the  same  manner  as  H-H  creep.  If  r=  3R> 
the  average  differential  stress  value(~)  and  the  migration 

rate  of  vacancies  to  cavities  can  be  expressed  by: 

3R 

V  =l/2Rj  (  a  R2/r)  dr=  <'/5  (6) 

R 

I  =  A  D ( 1 -exp (-  H/kT))  (7) 

A  is  constant,  D  is  the  diffusion  coefficient.  H  is  free 
energy  changed  by  a,  we  could  write  the  growth  rate  of  cavi¬ 
ties  (dV/dt): 

dV/dt  =4DR2*g(  <7/5  +h  e  /  -5  r  /R ) /kT  (8) 

f?is  the  atomic  volume,  h  is  constant,  y  is  surface  energy. 
In  fact,  because  the  difference  of  every  tensile  axis  stress 


(ax  ay  az)  causes  differential  migration  rate,  the  cavities 
tend  to  be  elongated  along  the  tensile  axis  .  For  the  inter¬ 
action  of  surface  tensile  stress  (  Y  )  of  cavity  and  exterior 
stress  (  ax  ay  <rz),  the  atoms  nearby  cavities  diffuse  from 
the  direction  perpendicular  to  the  tensile  axis  to  the  direc¬ 
tion  parall  to  the  tensile  axis.  Finally  the  interlinkage  of 
cavities  in  a  direction  perpendicular  to  the  tensile  axis  and 
neck  could  be  observed.  The  tensile  stress  will  be  of  advant¬ 
age  to  cavity  growth,  the  hydrostatic  pressure  can  be  of  no 
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advantage  to  cavity  growth.  The  higher  strain  rate  (or  tensile 
stress), the  greater  effect  on  the  cavity  shape  and  alignment  . 

The  Relation  of  m  Value  to  Cavity 

The  change  of  m  value  during  deformation  shows  that  are 
different  deformation  mechanisms  at  different  stages  of  de¬ 
formation.  In  initial  deformation,  the  m  value  increasing  with 
strain  could  be  explained  by  the  ratio  of  diffusion  creep  in¬ 
creasing  with  strain,  it  is  because  as  the  strain  increase, 
nonconservative  motion  of  dislocation  increases  the  free  su¬ 
persaturated  vacancies  which  are  of  great  advantage  to  dif¬ 
fusion  creep  and  GBD  .  However,  after  the  mixiraum  m  value, 
most  of  the  free  supersaturated  vacancies  precipitate  into 
cavities.  Actually  free  supersaturated  vacanies  in  metal,  the 
both  ratio  of  diffusion  creep  and  GBS  decrease,  for  the  cavi¬ 
ty  nucleation  and  growth  affect  the  continuity  of  GBS,  the 
climb  of  GBD  and  atom  diffusion.  Therefore,  m  value  decreases 
with  strain  after  miximum  m  value.  If  critical  strain  is  cor¬ 
respond  to  miximum  m  value,  the  strain  correspondent  miximum 
m  value  can  be  expressed  equ.(4).  It  can  be  seen  from  equ.(4) 
that  strain  correspondent  miximum  m  value  depents  on  the  sur¬ 
face  energy  of  materials,  exterior  shear  stress  and  grain 
size.  If  h=0.0049>  the  values  of  calculated  critical  strain 
from  equ.  (4)  correspond  with  that  of  experiment  Btrain  cor¬ 
respondent  miximum  m  value  in  publication  (5). 

Conclusions 

The  m  value  is  significantly  dependent  on  strain  during 
superpl astic al  deformation.  There  are  different  deformation 
mechanisms  at  different  deformation  stages.  The  changes  of  m 
value  during  deformation  relate  with  the  cavity  nucleation 
and  growth.  The  cavity  nucleation  and  growth  model  propos¬ 
ed  can  explain  satisfactorily  the  cavity  nucleation  at  bound¬ 
aries  and  particles;  the  interlinkage  of  cavities  in  dir¬ 
ection  perpendicular  to  the  tensile  axis  ;  the  formation  of 
neck;  the  effects  of  hydrostatic  pressure  on  cavity  growth 
and  the  exterior  tensile  stress  on  cavity  alignment. 
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Abstract 


An  analysis  of  the  mechanical  behavior  of  a  superplastic  Al-Li-Cu-Zr  alloy 
was  conducted  to  understand  the  geometric  stability  offered  by  the  material 
during  deformation.  In  conjunction  with  this,  the  microstructural  evolution 
with  strain  was  monitored  and  found  to  change  with  deformation.  Analysis  of 
the  flow  properties  from  constant  and  variable  strain-rate  tensile  tests  shows 
that  the  mechanical  parameters  reflect  the  altering  microstructure.  It  was 
determined  that  the  strain-rate  hardening  was  initially  low  and  increased, 
while  the  strain  hardening  was  initially  high  and  decreased  with  strain.  Thus, 
the  material  was  dependent  on  strain  hardening  for  necking  resistance  in  the 
early  stages  of  deformation.  Since  it  was  also  found  that  the  strain  hardening 
was  comparable  at  all  strain  rates,  it  follows  that  the  critical  strain  rate 
could  be  quite  high  without  loss  of  superplastic  ductility,  provided  that  sub¬ 
sequent  strain  rates  correspond  to  a  high  strain-rate  hardening.  Thus,  it  is 
the  combination  of  these  two  parameters  that  provide  the  mechanical  stability 
essential  for  superplastic  deformation.  From  this  information,  optimum  form¬ 
ing  parameters  could  be  predicted  that  would  decrease  forming  time  without 
sacrificing  ductility. 


♦Work  reported  herein  was  accomplished  while  Ms.  Ash  was  attending  graduate 
school  at  Washington  State  University. 
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Introduction 


A  number  of  alloys  based  on  the  composition  of  Al-Ll-Zr  have  been  shown  to 
be  superplastlc^1-6)  either  through  static  recrystallization  to  a  fine,  stable 
grain  size  prior  to  deformation,  or  dynamic  recrystallization  during  deforma¬ 
tion.  Alloys  displaying  the  latter,  reportedly  undergo  structural  coarsening 
during  initial  deformation  with  a  corresponding  Increase  in  misorientation 
angle. This  leads  to  a  continuous  evolution  from  subgrain3  to  grains. 

Previous  work  on  an  Al-Li-Cu-Zr  alloy  indicates  that  both  static  and 
dynamic  recrystallization  occur. However,  the  strain  hardening  and  strain- 
rate  hardening  have  not  yet  been  studied  in  detail,  as  they  relate  to  the 
microstructural  evolution  during  superplastic  deformation.  Since  it  is  to  be 
expected  that  these  properties  will  reflect  the  changing  microstructure,  a 
study  was  conducted  to  (1)  determine  the  flow  properties  for  a  warm-worked  and 
unrecrystal lized  Al-Li-Cu-Zr  alloy  and  (2)  assess  their  relationship  to  the 
development  of  necking  resistance,  which  is  necessary  for  achieving  super¬ 
plastic  deformation. 


Experimental 

The  Al-2.ALi-2.6Cu-0.2Zr  alloy  utilized  in  this  study  was  provided  by 
Reynolds  Aluminum  Company  and  was  specifically  processed  for  superplastic 
forming. Specimens  with  a  1.27-cm  gage  length  was  machined  from  a  single 
sheet  for  superplastic  tensile  testing  in  the  as-received  condition. 

Tensile  tests  were  conducted  on  an  Instron  testing  machine  that  was  inter¬ 
faced  with  a  computer  to  provide  complete  control  of  the  crosshead  velocity. (8) 
Superplastic  temperature  was  maintained  to  within  +2*C  in  a  10-inch  range  by  a 
3-zone  split  furnace;  heatup  time  to  500*C  took  an  average  of  25  minutes. 

Constant  strain-rate  tests  were  conducted  over  a  range  of  strain  rates  from 
10-4  to  2  x  10-2  sec-1  and  test  temperatures  from  450  to  510*C.  Since  the  test 
condition  was  that  of  constant  strain  rate,  the  flow  stress  changes  were  due  to 
hardening  only  and  not  a  result  of  strain-rate  variations.  The  strain  hardening 
exponent  (n)  and  hardening  parameter,  X-l/CT  •  dcr/de)(9)  were  calculated  as  a 
function  of  strain  directly  from  the  stress-strain  data.  Determination  of  the 
strain-rate  sensitivity  was  conducted  from  jump  strain-rate  tests  in  a  manner 
reported  previously . (») 

Thin  foil  specimens  were  made  for  observation  under  a  Transmission  Electron 
Microscope  (TEM)  from  a  variety  of  strain  rate  and  strain  conditions  as  well  as 
select  time  at  temperature  conditions.  Primary  thinning  to  a  thickness  of  0.13 
mm  was  conducted  mechanically  on  both  sides  of  the  specimen.  Disks,  2.175  mm 
in  diameter,  were  punched  from  the  thinned  sheet  and  jet  thinned  with  a  Metal 
Thin  Jet  Thinner  in  a  20%  nitric  acid  in  methanol  solution  at  -lS’C.  TEM  was 
employed  using  a  Hitachi  Model  H-600  Microscope  to  monitor  the  structural 
evolution  with  strain.  From  TEM,  the  structure  size  was  determined  for  various 
thermal  exposure  and  deformation  conditions.  However,  measurements  reflect  the 
intercept  distance  between  boundaries  without  distinguishing  whether  they  are 
high  or  low  angle  (i.e.,  grain  or  subgrain)  boundaries. 

Results  and  Discussion 

It  was  found  that  each  strain  rate  results  in  comparable  strain  hardening 
exponents  (n)  during  the  initial  stages  of  deformation. W  The  initial  n  ranges 
from  0.41  at  a  strain  rate  of  10-4  sec-1  to  0.3  at  a  strain  rate  of  2  x  10-2 
sec-1.  Hardening  diminishes  after  this,  and  the  flow  stress  appears  to  approach 
a  relatively  constant  value  after  a  strain  of  approximately  0.5,  as  shown  in 
Fig.  1.  These  results  imply  that  mechanical  stability  offered  by  strain 


hardening  is  significant  and 
approximately  equivalent  for 
each  strain  rate  in  the  Initial 
tages  of  deformation.  Strain- 
rate  sensitivity  is  low  ini¬ 
tially  (0.3)  and  rises  with 
strain  to  approximately  0.5  to 
0.6  depending  on  the  strain 
rate  imposed.  This  value  is 
maintained  after  a  strain  of 
0.5  (Fig.  1)  for  a  strain  rate 
of  0.001  sec-1.  It  is  there¬ 
fore  clear  that  there  are  com¬ 
ponents  of  both  strain  harden¬ 
ing  and  strain-rate  hardening, 
but  their  trends  with  strain 
are  counter  to  one  another.  The 

m-value  is  low  initially,  then  increases,  whereas  n  is  high  initially,  then 
decreases.  Thus  the  superplastic  stability  of  this  material  is  initially  depen¬ 
dent  upon  the  strain  hardening  for  its  necking  resistance.  This,  coupled  with 
the  fact  that  roughly  comparable  strain  hardening  was  observed  at  al  1  strain 
rates,  suggests  that  the  initial  strain  rate  can  be  quite  high  without  loss  of 
superplastic  ductility,  provided  that  subsequent  strain  rates  correspond  to  a 
high  strain-rate  sensitivity.  Therefore,  an  instability  parameter,  "I"  (»  1-m- 
V/ra) (10,11)  waB  determined  for  a  variety  of  strain  rates  that  Incorporate  the 
effects  of  both  strain  and 


Figure  1  -  m  and  n  values  vs  strain  for  a 
strain  rate  of  0.001  sec-1. 


strain-rate  hardening  on  the 
geometric  stability  of  the 
material  under  tension.  Since 
an  exponential  increase  in  the 
growth  rate  of  the  neck  is 
shown  to  occur  when  "I”  rises 
above  oO^  ,-‘x"  Can  be  examined 
as  a  function  of  strain  to  de¬ 
termine  the  relative  stability 
to  be  expected  from  different 
conditions,  such  as  strain  rate 
(Fig.  2).(®)  From  this,  var¬ 
iable  strain-rate  paths  were 
predicted  that  optimized  super¬ 
plastic  ductility  and  reduced 
forming  time. (8)  An  example  of 
the  relative  elongations  re¬ 
sulting  from  the  variable 

strain-rate  tests  is  illustrated  by  the  test  samples  in  Fig.  3.'8'  The  speci¬ 
men  tested  at  a  strain  rate  of  2  x  10-2  sec-1  (Fig.  3B)  shows  significantly 
less  ductility  than  the  specimen  tested  at  10-3  sec-1  (Fig.  30 .  However,  when 
the  strain  rate  is  reduced  from  a  constant  strain  rate  of  2  x  10-2  to  a  con¬ 
stant  strain  rate  of  10-3  sec-1  at  a  strain  of  0.74  (Fig.  3D),  the  high  ductil¬ 
ity  is  retained.  Therefore,  by  imposing  a  variable  strain  rate  path,  the  test¬ 
ing  time  was  decreased  from  35  to  20  minutes  with  no  sacrifice  in  ductility. 


Figure  2  -  Instability  parameter  vs  strain 
rates  between  0.02  and  0.001  sec-1. 


The  microstructural  evolution  was  monitored  in  order  to  understand  the 
mechanical  behavior  during  superplastic  deformation.  The  alteration  of  the 
as-received  material  with  time  at  temperature  as  well  as  the  microstructural 
changes  with  deformation  were  observed  through  TBM. 
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(0)  Deformed  by  a  drop  strain  rate  test  between  these  two 
strain  rates  at  a  strain  of  0.74,  elongation  -  750* 


Figure  3  -  Tensile  specimens. 

The  as-received  material  (Fig.  4)  is  heavily  dislocated  and  the  size  of  the 
structure  was  determined  to  be  0.8  fin  ±0-2.  The  effects  of  static  annealing 
on  the  size  of  the  structure  is  observed  in  Fig.  5  where  a  sample  was  held  at 
500*C  for  1  hour  and  water  quenched.  There  is  a  Coarsening  of  the  structure 
to  approximately  2  /4m  +0.2  with  no  evidence  of  dislocation  activity.  The 
grain  size  was  constant  up  through  4  hours  at  temperature,  and  after  8  hours. 
Increased  to  4  to  5  4m. 


Figure  4  -  TEH  of  as-received  Figure  5  -  TEN  of  specimen  statically 
material  heavily  dislocated  with  annealed  at  500*C  for  1  hour,  average 
size  of  structure  at  0.8  fin  +0.2.  gain  m  2  fin  +0.2. 


Deformation  substantially  altered  the  microstructure  from  that  of  static 
conditions,  which  is  consistent  with  previous  observations  of  superplastic 
materials.  This  is  seen  in  a  plot  between  grain  size  versus  exposure  time  for 
static  and  deformation  conditions  (Fig.  6).  Grain  size  is  approximately  equi¬ 
valent  at  2.5  to  3.0  fin  for  strain  rates  between  0.02  and  0.0001  sec-*  at  the 
start  of  deformation. 
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Figure  6  -  Grain  size  vs  exposure  time  for  static 
and  deformation  conditions. 

Figure  7  is  a  plot  of  grain  size  versus  strain  for  various  constant  strain 
rates  between  0.02  and  0.0001  sec-1,  which  Indicates  that  the  grain  size  is 
less  than  3.0  /im  up  through  strains  of  0.1.  By  a  strain  of  0.2,  it  increases 
to  about  4.5  l im  and  remains  fairly  constant  through  strains  of  0.9  to  1.0. 
Above  this  strain,  differences  were  seen  to  emerge  between  strain  rates.  At  a 
strain  rate  of  0.02  sec-1,  there  was  no  significant  change.  However,  strain 
rates  between  0.001  and  0.0001  sec-1  resulted  in  an  increase  in  grain  size 
to  5  microns  after  a  strain  of  1.2. 


Strain 

Figure  7  -  Grain  size  vs  strain  for  constant  strain  rates 
between  0.02  and  0.0001  sec-1. 

The  mechanical  behavior  and  microstructurai  evolution  are  interrelated  as 
observed  in  Fig.  8  where  the  strain-rate  sensitivity,  strain  hardening,  and 
grain  size  are  plotted  together  versus  strain  for  a  strain  rate  of  0.01  sec-1. 
Strain-enhanced  grain  growth  up  through  strains  of  0.4  correlates  with  the 
observed  strain  hardening  in  the  early  stages  of  deformation.  Stable  grain 
size  after  this  point  corresponds  to  the  diminished  strain  hardening  and  stable 
strain-rate  sensitivity. 


Conclusions 


1.  Initial  strain  hardening  is  important  in  the  development  of  superplastic 
ductility  in  the  alloy  under  consideration. 

2.  An  "instability  parameter"  that  considers  both  m  and  Y  provides  good  indi¬ 
cation  of  the  relative  tensile  stability  and  shows  equivalent  necking 
resistance  for  all  strain  rates  through  strains  of  1.0. 
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Figure  8  -  Strain  rate  sensitivity,  strain  hardening  exponent, 
and  grain  size  vs  strain  rate  of  0.01  sec-1. 

3.  A  high  strain  rate  can  be  imposed  initially  to  strains  of  approximately 
1.0,  which  decreases  deformation  time  without  sacrificing  ductility. 

4.  The  mechanical  behavior  was  seen  to  reflect  the  microstructural  evolution 
during  deformation. 
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ABSTRACT 

An  essential  phenomenon  in  superplastic  deformation - region 

transition  is  studied  in  this  paper.  Experimental  and  theoretical  analyses 
were  made  to  search  into  the  reason  and  conditions  of  the  transition.  It 
is  suggested  that  the  region  transition  is  caused  by  the  change  of  the 
deformation  mechanisms.  Effects  of  grain  size. temperature  on  the 
transition  behaviors  were  worked  out.  The  conditions  for 

superplasticity  were  studied  which  can  be  represented  by  some  new 
concepts - critical  grain  size  and  critical  temperature. 

Key  words',  superplastic  deformation,  region  transition,  grain  size, 
temperature . 
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Introduction 


The  variation  of  Ig  S'  with  lg£-  is  sigmodal  in  superplatic 
deformation  (ff  is  stress,  g/is  strain  rate  ).  The  curve  was  divided  into 
three  regions.  Many  experiments  showed  that  the  main  deformation  mechanism 
in  each  region  is  different  from  that  in  the  others. The  main  mechanism  in 
region  II  is  grain  boundary  sliding,  that  in  region  III  is  dislocation 
creep  and  that  in  region  I  is  diffusion  creep.  So  far.  many  theories 
have  been  proposed  to  explain  the  behaviour  in  region  II.  little  effort 
has  been  made  to  study  the  region  transition  though  it  is  of  great 
importance  to  the  theory  and  application  of  superplasticity  (1).  In 
this  paper, we  will  discuss  the  conditions  of  the  region  transition. 
Emphasis  is  put  on  the  effects  of  grain  size  on  the  region  transition 
strain  rate. 


Experiments 

The  chemical  composition  of  the  alloy  used  in  this  investigation  is 
as  follows: 


Zn  Mg  Mn'CrfTi  Fe  Si  A1 

4—5  2-3  - 0.5  <0.15  <0.1  BAL.  Wt% 


The  alloy  was  processed  by  thermomechanical  treatment.  Ingots  were 
hot  rolled  at  400  *c  into  plates  10  mm  thick  .Then  the  plates  were 
solution  treated  at  480  overaged  at  350 — 400*c  for  0 — 48h. given  a  50 — 
95%  cold  rolling  reduction  and  annealed  in  a  salt  bath  at  480  *c  for 
20 — 720  min.  After  the  above  processing  the  grain  size  of  the  alloy- 
ranged  from  9.4  to  32 ^m, aspect  ratio  was  1.1 - 7.5. 

The  grain  size  measurements  were  performed  by  the  line  intercept 
method  on  a  microscope.  The  grain  size.d.  was  calculated  by 

d  =  3  (  2H-1  wV 

where  H  is  the  grain  size  in  the  longitudina l (rol 1 ing)  direction  and  W  is 
that  in  the  short  transverse  direction. 

Specimens  of  aspect  ratio  R  less  than  1.17  were  used  in  studying  the 
effects  of  grain  size  to  avoid  interference  of  grain  shape.  The  Backfen 
method  (2)  was  used  to  measure  m  values.  The  contribution  of  each 
mechanism  to  the  total  strain  was  measured  by  the  method  suggested  by 
K.Mastsuki . (3) 


Results  and  discussion 
The  essence  of  region  transition 


There  is  a  multiple  mechanism  effect  in  superplastic  deformation .The 
total  strain  rate.&t,  could  be  represented  by  the  sum  of  strain  rates  of 
three  mechanisms, diffusion  creep<D.C>.  grain  boundary  si iding(G.B.S)  and 
dislocation  creep(d.c) .So  the  total  strain  is  given  by  (4) 


tt 


&oc  +  &tbs  +  £>dc 


(1) 
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Detailed  measurements  and 
analyses  confirmed  that  strain  rates 
of  these  mechanisms,  which 

cooperate  in  superplastic 

deformation, could  be  expressed 
respectively  by  (4) 

Diffusion  creep: 

<£oc  =-  A,6/kTdi.exp(-Qt./RT)  <2> 

Grain  boundary  sliding: 

£gbs  =  Aj,0/kTd*.exp(-Qgb/RT)  <3) 

Dislocation  creep: 
c  *5 

Ode  -  AjCT/kT.expi-Qu  /RT)  (4) 

where  Ai  ,A*  and  Aj  are  constants, 5  is 
stress, d  is  grain  size,  Ql  is 
activation  energy  for  lattice 
diffusion,  R  is  the  gas  constant,  Qgb 
is  the  activation  energy  for  grain 
boundary  diffusion,  T  is  the  absolute 
temperature  and  k  is  Boltzmann's 
constant . 

If  Ape,  Agbs.  and  Adc  are  used 
to  represent  contributions  of 
diffusion  creep  .  grain  boundary 
sliding  and  dislocation  creep  to  the 
total  strain  respectively,  then 

Ape  =  <Soc/  £t  ,  Agbs  =  £gbs  /  &t 

Adc  =  £dc/  . 

An  equation  was  deduced  to 
calculate  the  m  value  in  superplastic 
deformation  (4) . 


in  6 


Fig.l.  Dependece  of  Apc  (a),  Agbs 
(b>.  AdcCc)  and  m  (d)  on  strain 
rate . 

(5) 


m  *  (  1  -  )  /(  Adc  +  2  Agbs  +  4.5  Adc  ) 


where  R  is  the  threshold  stress. 

Contribution  of  each  mechanism  to  the  total  strain  (Adc,  Agbs,  Adc  ) 
changes  with  change  of  deformation  conditions  because  6oc ,  Sgbs  and  £>dc 
have  different  dependence  on  C"  ,  T,  and  d,  therefore  the  m  value  changes 
correspondingly  with  change  of  0"  ,T  and  d.  The  experimental  results  in 
this  study  are  shown  in  Fig  1.  Adc  and  Avgbs  increase  and  Adc  decreases 
with  decrease  of  the  strain  rate.  When  a  certain  strain  rate,  (Sea,  is 
reached  Adc  =Agbs  '  1/2  and  Aflc^D,  R  is  much  smaller  than  6  so  5;/(j  4 
0.  Inserting  these  values  into  Equation  (5)  we  obtain  m=0.3.  We  define  the 
strain  rate,  (Sea,  as  the  transition  strain  rate  between  region  11  and 
region  Ill. In  low  strain  rate,  Adc— —  0,Aoc  increases  with  decreasing 
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Fig. 2.  Dependence  of  £ci  on 
temperature . 


Fig. 3.  Dependence  of  &c>-  on 
grain  size. 


strain  rate.  When  &t  ~  £ci.Apc  -  gbs  ■  1/2.  the  strain  rate  decreases 
again. diffusion  creep  becomes  the  main  mechanism.  Then  we  define  £ci  as 
the  transition  strain  rate  between  region  I  and  region  11. In  region  1  Ws 
increases  with  decreasing  strain  rate  because  the  efficiency  of  grain 
boundaries  serving  as  source  and  sink  for  vacancies  lowers,  so  that 
m  drops.  The  above  discussion  shows  that  the  region  transition  is  caused 
by  the  change  of  the  main  mechanism. 


Effect  of  grain  size  on  region  transition 


An  essential  requirement,  for  superplasticity  is  fine  grain  size, 
therefore  grain  size  also  have  a  strong  effect  on  the  behavior  of  the 
region  transition.  When  the  transition  between  region  11  and  region  111 
occurs, Cdc  =  &gbs  =  St  / 2.  Combining  Equations  (3)  and  (4).  we  obtain 


1  £  -t  a 

<5c>-2A ll  A3  d  exp  (<-9/5  Qgb  -  4/5  Ql)/RT)- Acid"* exp  (-  Qci  /RT  ) 


(6) 


This  equation  shows  that  <S-cz  decreases  with  the  increase  in  grain  size 
and  decrease  in  temperature.  The  dependence  of  Scion  grain  size  and 
temperature  were  measured  as  shown  in  Fig. 2  and  3.  The  measured  results 
are  identical  to  the  theoretical  predictions.  In  the  same  way  the 
transition  strain  rate  between  region  1  and  region  11  can  be  derived. 


<5'ci-  Aci  d^exp  (  Qci  /RT  ) 


(7) 


.  &c\  decreases  with  increasing  grain  size  and  decreasing  temperature.  The 
£  ci  was  not  measured  because  of  the  limitation  of  the  strain  rate  range 
of  the  testing  machine. 

Upon  careful  examination  of  Equations  (6)  and  (7).  one  will  find  that 
£✓  ci  and  £ci  have  different  dependence  on  groin  size.  When  d  -  dc  .  £ci 
*  fee i  .  If  the  d  is  larger  than  dc  .region  II  disappears  so  that  the 
materials  don’t  exhibit  superplasticity.  We  define  dc  as  the  critical 
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grain  size  for  superplasticity .  Combining  Equation  (6)  and  (7)  we  obtain: 


fig. 4.  Dependence  of  on 
temperature . 


dc  ■ 


(Ac«./Aci  ) 


/ 


cxp(  5<0ci  Qci 


Fig. 5.  Dependence  of  Tc  on 
grain  size. 

)/8  RT  ) 


-  Ac  exp  (  -Qc  /RT) 


(8) 


In  the  same  way  we  can  discuss  the  effect  of  temperature.  A  critical 
temperature.  Tc,  can  be  deduced  as  shown  in  Equation (9) .  If  T  >  Tc  the 
materials  do  not  exhibit  superplasticity . 

Tc  =  Qc  /  (R  In  (Ac  /  d))  (9) 


The  dependence  of  dc.  on  temperature  and  of  Tc  on  grain  size  was  measured 
as  shown  in  Fig. 4  and  5.  The  experimental  results  are  identical  to  the 
theoretical  predictions. 


Conclusions 

1.  The  region  transition  in  superplastic  deformation  results  from  a  change 
of  the  main  mechanism. 

2.  Grain  size  and  temperature  have  a  strong  influence  on  the  region 
transition.  Transition  strain  rates  decrease  with  increasing  grain  size 
and  decreasing  temperature. 

3.  There  exist  a  critical  grain  size,  cl  and  a  critical  temperature.  Tc  , 
d  >  c^or  T  <  Tc  .the  materials  do  not  exhibit  superplasticity. 
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Abstract 

This  paper  investigates  tnnaxial  fd  birudal 

with  particular  attention  to  the  effect  o  tj,c  flow  hardening  behavior  of  the  ma- 

sure  reduces  cavitation  but  its  efficiency  depends  on  the  How  har  g  ^  p/(j 

terial  which  suggest  to  adapt  the f  *“£«  “f ^t^ibution  during^bulging  which  is 
ratio.  Pressure,  however  does  not rfb =ct  ™  the  ffiateriS  and  by  the  uni- 

^  ,0 

avoid  extensive  strain  localization  and  delay  fracture  of  the  sheet. 
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Introduction 


Superplastic  high  strength  aluminum  alloys  are  highly  sensitive  to  cavitation  which  leads 
to  early  fracture  by  extensive  growth  and  coalescence  of  voids.  Such  cavitation  is  usually  cha¬ 
racterized  by  the  cavity  volume  fraction  whose  variation  with  strain  strongly  depends  on  the 
stress  state  applied  to  the  material.  This  has  led  to  the  development  of  a  procedure  for  ca¬ 
vity  suppression  by  applying  superimposed  gas  pressure  during  deformation.  Critical  pressure 
conditions  were  thus  defined  which  are  not  always  in  agreement  with  theoretical  predictions, 
depending  on  material  and  testing  conditions. 

The  aim  of  this  paper  is  to  present  some  experimental  results  dealing  with  cavitation 
during  uniaxial  and  biaxial  deformation  of  superpiastic  7475  Al-alloy  and  attention  is  particu¬ 
larly  given  to  the  effect  of  superimposed  pressure. 

Uniaxial  deformation 


Cavity  growth  is  assumed  to  be  usually  controlled  by  plastic  deformation  of  the  ma¬ 
trix  and  in  this  case  theoretical  prediction  shows  that  superimposed  pressure  equal  to  a/3  is 

sufficient  to  suppress  cavity  development.  Experimental  results  confirm  generally  the  prediction 
but  sometimes  higher  pressures  seem  to  be  required  (1,2).  One  explanation  is  the  importance 
of  strain-induced  nucleation  and  diffusion  controlled  growth  which  need  pressures  of  the  order 
of  the  flow  stress  to  be  completely  suppressed.  Another  source  of  disagreement  can  be  due 
to  strain-hardening  during  deformation.  Indeed,  the  value  of  the  necessary  pressure  is  usually 
determined  in  comparison  with  the  level  of  the  flow  stress  at  the  beginning  of  the  tensile 
test.  If  strain  hardening  occurs  during  deformation,  the  as-chosen  pressure  can  become  insuffi¬ 
cient  to  suppress  cavity  growth.  Such  a  situation  is  presented  in  figure  1  which  compares  the 
cavitacion  behavior  of  two  superpiastic  7475  Al-alloys  refered  as  A  and  B  under  atmospheric 
pressure  and  under  a  superimposed  pressure  of  2  MPa.  Alloy  A  was  tested  at  constant 
crosshead  velocity  corresponding  to  an  initial  strain  rate  equal  to  55  10"4  s‘l,  close  to  the 
optimum  condition  for  superplasticity  (3).  It  has  a  coarse  grain  structure  and  its  tensile  curve 
obtained  in  atmospheric  pressure  is  shown  in  figure  2.  The  flow  stress  at  the  beginning  of 
deformation  is  equal  to  7  MPa  and  almost  no  strain  hardening  is  observed  during  straining. 

Figure  1  shows  that  a  pressure  of  2  MPa  is  sufficient  to  suppress  cavitation,  which  is  in 

agreement  with  theoretical  prediction.  Alloy  B  exhibits  a  fine  grain  structure  and  it  was 
tested  at  a  constant  strain  rate  of  1.6  10'3  S"\  close  also  to  the  optimum  condition  (4). 


Figure  1  -  Variation  with  tensile  strain 
of  cavitation  level  for  two  superpiastic 
7475  Al-alloys. 
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Figure  2  -  Stress-strain  curves  for  the 
two  alloys  used  in  uniaxial  straining. 


The  variation  with  strain  of  the  flow  stress  is  given  in  figure  2.  Despite  the  greater  strain- 

rate,  its  flow  stress  at  the  beginning  of  deformation  is  only  4  MPa  but  an  important  harde¬ 
ning  occurs  during  straining.  Figure  1  shows  that,  in  this  case,  a  pressure  of  2  MPa  is  not 

large  enough  to  suppress  cavity  development.  The  effect  of  such  a  pressure  is  in  fact  to 
shift  the  strain  beyond  which  the  cavitation  level  becomes  important  since  the  applied  pres¬ 
sure  is  only  efficient  at  the  beginning  of  deformation.  At  large  strain,  the  pressure  becomes 
small  compared  to  the  flow  stress  and  the  cavity  growth  rate  is  almost  identical  to  that  ob¬ 

served  during  tests  under  atmospheric  pressure. 

The  different  hardening  behavior  of  alloys  A  and  B  is  partly  due  to  the  testing 
conditions  (constant  crosshead  velocity  for  alloy  A  and  constant  strain  rate  for  alloy  B)  but 
also  to  the  different  behavior  of  the  two  alloys  in  terms  of  structural  evolution.  Alloy  B  is 
sensitive  to  strain-induced  grain  coarsening  and  this  can  explain  at  least  partly,  the  important 
hardening.  Inversely  the  coarse  grain  structure  of  alloy  A  is  more  stable  during  straining  and 

almost  no  strain  hardening  occurs.  These  results  suggest  that  reduction  of  cavitation  can  be 
obtained  even  with  limited  pressure  levels  by  adapting  the  testing  conditions  in  order  to 
maintain  a  sufficient  P/o'  ratio. 


Biaxial  tests 


Circular  sheet  bulging  tests  were  performed  with  alloy  B  by  applying  either  one-side 

or  two-side  gas  pressure.  A  cylindrical  vessel  was  used  as  the  female  tool  so  that  the  de¬ 
formed  sheet  is  composed  by  a  portion  of  a  cylinder  and  half  a  sphere  (as  verified  by 
measuring  the  radius  of  curvature  after  forming  -  see  figure  5).  The  radius  of  the  sheet  rD 
is  75  mm  and  its  initial  thickness  eo  is  2.13  mm.  After  forming,  specimens  were  taken  along 
a  meridian  and  thickness  and  density  measurements  were  carried  out  to  determine  the  local 

thickness  strain  6a  =  Ln[ea/e)  and  the  cavitation  level  Cv  respectively.  Figure  3  shows  the  re¬ 
sults  of  such  measurements  for  two  forming  pressures  AP,  the  back  pressure  being  one  at¬ 
mosphere.  The  cavitation  behavior  is  similar  for  both  pressures  but  the  cavity  volume  fraction 
is  increased  by  about  2  when  AP  increases  from  0.1  to  0.15  MPa.  0.15  MPa  corresponds  to 
an  average  thickness  strain-rate  at  the  pole  of  1.6  10‘3  S'1  corresponding  to  the  optimum 
conditions  for  superplasticity  whereas  for  0.1  MPa,  the  strain-rate  is  about  5  10  "*  s'\  This 
result  thus  shows  that  cavitation  is  sensitive  to  strain-rate,  which  can  be  due  to  the  influence 
of  strain-induced  nucleation.  It  is  to  be  noted  that  each  thickness  strain  corresponds  to  a 
different  stress  state  so  that  comparison  is  neither  possible  with  theoretical  prediction  nor 
with  the  tensile  test  results. 

Figure  4  shows  the  same  type  of  results  for  sheet  bulging  with  various  back  pres¬ 
sures,  P.un,  2  MPa  and  3  MPa.  In  this  case  also,  the  forming  pressure  corresponds  to  the 

optimum  conditions  for  superplasticity  at  the  pole.  Increasing  back  pressure  reduces  substan¬ 
tially  the  cavitation  level  but  a  pressure  of  3  MPa  is  found  to  be  insufficient  to  corapletly 

suppress  cavitation.  This  result  can  be  explained,  as  for  uniaxial  deformation,  by  strain  harde¬ 

ning  which  occurs  during  deformation. 

The  decrease  of  the  cavitation  level  measured  along  the  meridian  of  the  sheet  with 
the  increase  of  the  back  pressure  is  not  associated  with  an  appreciable  change  of  the 

thickness  distribution  as  shown  in  figure  5.  For  this  Figure,  the  thickness  variation  was 

determined  taking  as  reference  the  thickness  ei  at  the  junction  between  the  cylindrical  and 

the  spherical  portion  of  the  deformed  sheet.  The  constancy  of  the  thickness  profile  seems  to 
be  logical  since  the  cavitation  level  remains  rather  small  so  that  it  is  essentially  controlled  by 

the  value  of  the  strain  rate  sensitivity  coefficient  (5)  as  far  as  temperature  is  carefully 

controlled. 

Indeed,  non  uniformity  of  temperature  in  the  sheet  plane  can  strongly  influence  the 

thinning  development  leading  either  to  earlier  fracture  if  the  temperature  at  the  edge  of  the 
sheet  T.  is  smaller  than  that  at  the  pole  Tp  or  to  more  uniform  thickness  distribution  in 
the  inverse  case.  Theoretical  prediction  of  the  thickness  distribution  was  performed  in  the 
case  of  Al-7475  alloys  assuming  that  the  deformed  sheet  is  always  a  portion  of  a  sphere. 
Figure  6  shows  the  results  of  the  calculation,  with  a  temperature  at  the  pole  equal  to  the 

optima!  temperature  for  superplasticity.  A  higher  temperature  at  the  edge  by  only  10*C  is 
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Figure  3  -  Influence  of  forming  pressure 
on  the  variation  with  thickness  strain  of 
cavity  development  during  bulging  under 
atmospheric  back  pressure. 


Figure  5  -  Distributions  of  thickness 
along  a  meridian  of  a  deformed  sheet 
for  various  back  pressures. 


log  Cv 


Figure  4  -  Influence  of  back  pressure 
on  the  variation  with  thickness  strain  of 
cavity  development  during  bulging. 


Figure  6  -  Influence  of  temperature  T. 
at  the  edge  of  the  sheet  on  the 
thickness  distribution  after  bulging  of  half 
a  sphere.  Tp  is  the  temperature  at  the 
pole. 
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sufficient  to  obtain  almost  complete  homogeneity  of  deformation  whereas  a  lower  temperature 
leads  to  important  strain  localization  near  the  pole.  Comparison  between  theoretical  profiles 
and  experimental  ones  suggests  that  non  perfect  uniformity  of  temperature  was  present  in  the 
sheet  plane  during  the  experiments. 


Conclusion 


Superimposed  pressure  is  efficient  for  reducing  cavitation  during  deformation  of  super¬ 
plastic  7475  Al-ailoys.  However  the  value  of  the  pressure  has  to  be  either  continuously  ad¬ 
justed  during  forming  or  chosen  large  enough  at  the  beginning  in  order  to  be  always  suffi¬ 
cient  in  reference  to  the  flow  stress,  this  flow  stress  depending  on  testing  conditions  and 
structural  evolutions. 
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Abstract 

In  this  paper, the  effects  of  second  phase  particles  on  formation  and  ex¬ 
tension  of  cavities  in  the  tensile  superplastic  specimens  of  the  Al-13Si  and 
Al-4*7Si-8.2Mg  alloys  were  investigated.  The  quantitative  analysis  of  the 
formation  and  extension  of  the  cavities  was  carried  out,  and  the  effecting 
factors,  such  as  the  shape  and  size  of  the  second  phase  particles  and  the 
difference  of  high  temperature  hardness  between  the  particles  and  the  ct  - 
phase  matrix,  were  examined  in  detail.  It  was  found  that  the  effects  of  the 
Si  and  MgaSi  particles  on  the  morphology,  distribution,  and  extending  rate 
of  the  cavities  are  different.  The  MgtSi  particles  are  globular  in  the  Al- 
MgjSi  quasi-eutectic  alloy, and  the  high  temperature  hardness  difference  be¬ 
tween  the  particles  and  the  matrix  is  very  small.  During  the  superplastic 
tension, the  cavities  are  round  and  distributed  along  the  tension  direction, 
the  extending  rate  of  the  cavities  are  low.  However,  the  Si  particles 

in  the  Al-Si  alloy  are  prismatic  ones  with  axis  ratio  of  2/1, 
and  the  hardness  difference  between  the  particles  and  the  matrix  at  high  tem¬ 
peratures  is  very  large,  leading  to  an  incompatible  deformation  at  the  inter¬ 
face.  There  is  a  stress  concentration  at  edges  of  the  Si  particles.  The  ca¬ 
vities  extended  around  the  Si  particles  rapidly,  especially  along  the  edge 
directions.  Therefore,  an  early  failure  occured  during  superplastic  tension 
in  the  specimens  of  A1-13S1  alloy. 
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Introduction 


It  is  well  known  that  cavities  appear  during  superplastic  flow  in  the 
superplastic  alloys.  Influencing  superplasticity  and  the  other  properties  of 
the  alloys,  the  cavities  have  aroused  a  great  interest  of  many  researchers 
all  over  the  world.  A  lot  of  research  work  has  shown  that  the  superplastic 
cavities  may  be  divided  into  two  kinds:  one  is  produced  by  the  incoordinate 
sliding  either  at  the  grain  boundaries  or  at  the  triple  junctions  (1),  and 
another  occurs  at  the  interfaces  between  the  second  particles  and  the  matrix 
(2).  A  thorough  investigation  has  been  done  on  the  former  and  many  models 
were  developed  (3,4),  but  little  attention  has  been  paid  to  the  latter.  In 
this  paper,  we  lay  out  stress  on  the  observation  and  analysis  of  the  effects 
of  the  large  second  phase  particles  on  the  formation  and  growth  of  the  cavi¬ 
ties.  Two  alloys  were  selected  which  have  different  properties. 

Experimental  Procedure 


Specimens 

Al-13Si  and  Al-4 >7Si-8.2Mg  alloys  were  melted  in  a  resistance  furnace,  and 
modified  by  0.2%  Na.  Ingots  were  made  by  chill-casting  into  a  copper  mold, 
after  annealing  at  500®C  for  1  hour,  the  alloys  were  rolled  to  sheets  of  about 
1  mm  thick  under  the  hot  and  cold  conditions.  Tensile  samples  of  10  X  6  X  1 
mm  were  cut  down  along  the  rolling  direction. 

Superplastic  Test 

Superplastic  tension  was  performed  in  a  LSS-10T-S  machine  at  temperatures 
varied  from  30G-500°C.  The  strain  rates  are  in  the  range  of  8.33  X  10  -8.33 
X  10“  .  The  values  of  the  elongation  of  the  specimens  to  failure  were  record¬ 
ed  for  each  test.  Under  the  optimum  superplastic  conditions,  the  elongations 
to  failure  were  248%  for  A1-13S1  and  650%  for  Al-4 .7Si-8.2Mg,  respectively. 

High-temperature  Microhardness 

After  polished,  specimens  were  etched  by  0.5%  HF.  The  microhardness  of 
Si,  Mg  and  alpha-phase  at  20*C,  100*0,  300*C  and  450*0  were  examined  on  HM- 
800  model  microscope. 

Microstructure  Observation 

The  microstructural  aspects  including  the  size,  shape  and  percentage  of 
particles  and  cavities  in  the  two  alloys  at  different  amount  of  deformation 
were  examined  by  TEM,  SEM  and  quantitative  metallography. 

Results  and  Discussion 


In  the  two  eutectics,  the  percentages  of  Si  and  Mg2Si  particles  are 
nearly  equal,  about  20%.  The  shape  of  the  Si  particles  is  rhombohedral, their 
ratio  of  axis  is  2:1  (5),  and  the  average  diameter  of  the  particles  is  1.85 
urn  in  diameter. 

Mlcrocavlty  Formed  during  Rolling 

It  was  argued  whether  and  where  the  microcavities  would  occur  in  the  su¬ 
perplastic  alloys  during  predeformation  (6).  In  this  study,  the  result  of 
examining  with  TEM  indicated  that  the  predeformation  led  to  formation  of  mic¬ 
rocavities  on  the  edge  of  Si  and  Mg2Si  particles  in  the  two  alloys(see  Fig.l). 
By  the  same  pretreatment,  the  microcavities  in  the  alloys  are  quite  different 
in  size,  shape  and  volume  percentage.  In  the  A1-13S1  alloy,  microcavities 
occur  mostly  on  the  sharp  angles  of  Si  particles,  and  they  were  0.1-0. 3  nm  in 
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(a)  (b) 

Figure  1  -  Cavities  around  (a)  the  Si  and 
(b)  particles  in  preformed  specimens 

width  and  much  more  in  number.  However,  in  the  Al-4*7Si-8.2Mg  alloy,  the 
mean  size  of  cavities  was  about  0.05-0.2  pm  and  the  percentage  of  them  is 
small . 

Quantitative  Analysis  of  Cavities 

8y  means  of  quantitative  metallography,  the  developing  process  of  cavi¬ 
ties  and  differences  in  the  two  alloys  are  evaluated.  It  was  found  that 

a  large  amount  of  smaller  cavities  were  formed  in  the  initial  stage  of  the 
deformation.  With  increasing  the  amount  of  deformation,  the  cavities  deve¬ 
loped  to  large  size  shown  an  inhomogenous  distribution  in  size.  Comparing 
with  the  cavities  in  the  A1-13S1  alloy,  the  cavities  in  the  Al-4.7Si-8.2Mg 
alloy  were  le3s  and  their  growth  rates  were  slower.  Fig  2  shows  the  volume 
percentage  of  cavities  against  elongation.  It  can  be  seen  that  the  growth 


Figure  2  -  Curve  of  the  volume  per-  Figure  }  -  The  temperature  depe- 

centage  of  cavity  against  elongation  dence  of  hardness  for  the  Si, 

Kg2bi  and  alpha-phase. 
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of  cavities  followed  different  laws  in  the  two  alloys:  the  volume  percentage 
in  the  Al-Si-Mg  alloy  increased  linearly ,  while  in  the  Al-Si  alloy  it  in¬ 
creased  rapidly  and  exponentially  in  the  late  stage  of  deformation. 

Effect  of  Hardness  Difference  at  High  Temperatures  between  the 
Matrix  and  Second  lhase  Particles  on  the  Formation  of  Cavity 

Fig. 3  shows  the  high-temperature  hardness  of  the  Si,  Mg2Si  and  of  phase 
decrease  with  temperature  increasing  and  there  are  much  higher  values  of  hard¬ 
ness  difference  between  the  Si  and  dL  phases  compared  with  that  between  the 
Mg2Si  and  cA  phases.  Obviously,  the  disparity  in  hardness  accounts  for  the 
incoordinate  superplastic  flow  of  the  two  phase.  After  some  superplastic 
flow  in  the  Al-Si  alloy,  accumulation  of  dislocations  around  the  large  and 
hard  Si  particles  incoordinate  with  the  matrix  during  the  flow.  Thus,  the 
stress  concentration  was  created  at  the  Si  particles,  and  redulted  in 
nucleation  of  cavities. 

Effect  of  the  Second  Phase  on  Formation  of  Cavity 

Although  cavities  were  commonly  observed  on  edges  of  second  phase  par¬ 
ticles  in  the  two  alloys,  the  cavity  morphology  was  quite  different(see  Fig 
4).  The  cavities  in  the  Al-Si  alloy  are  more  in  number  than  that  in  the  Al- 
Si-Mg  alloy.  The  cavities  in  the  Al-Si-Mg  alloy  are  spherical  and  less  in 
number, but  the  cavities  in  Al-Si  alloy  are  with  sharp  angles  and  show  a  radi¬ 
ating  distribution.  The  difference  of  the  cavity  morphology  is  associated 
with  the  shapes  of  second  phase  particles.  The  homogenous  stress  distribu¬ 
tion  around  Mg2Si  particles  due  to  their  spherical  3hape  can  retard  the  for¬ 
mation  of  the  cavity.  The  cavities  emerging  around  Mg2Si  are  also  spherical. 
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(a)  (b) 

Figure  4  -  The  size  and  shape  of  cavities  in  (a)  the  Al-Si  and 
(b)  the  Al-Si-Mg  alloys  after  superplastic  flow  (  140%). 

they  grow  slowly,  and  expand  along  the  tension .Gradually,  a  new, larger  and 
elliptical  cavity  forms.  But  the  Si  particles  are  rhombohedral,  which  leads 
to  an  inhomogeneous  stress  distribution  during  tension.  The  rhomb  angles  of 
the  particles  result  in  the  stress  concentration  and  cause  the  cavities  to 
nucleate  at  the  interfaces  between  the  particles  and  the  matrix,  and  make 
the  cavities  expand  along  all  the  directions  of  the  angles  of  the  Si  par¬ 
ticles  in  the  subsequent  tension.  The  cavities  grow  quickly  and  present 
an  irregular  shape.  Thus,  the  cavities  can  expand  both  along  the  lon¬ 
gitudinal  and  the  traverse  direction,  resulting  in  the  A1-13S1  alloy  early 
failure. 
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Conclusion 


(1)  The  cavities  are  formed  easily  during  predefcrmation  and  superplas¬ 
tic  flow  in  the  Al-13Si  and  the  Al-4 •7Si-8.2Mg  alloys  which  contain  large 
recond  phase  particles  ()2  nm). 

(2)  The  formation  and  volume  percentage  of  cavities  are  related  to  the 
r ardness  difference  between  the  second  phase  and  the  matrix.  The  cavities 
are  formed  easily  in  the  A1-13S1  alloy  due  to  the  greater  high  temperature 

:  ardness  difference  between  the  two  phase. 

(3)  The  shape  of  second  phase  particles  has  great  influence  on  the  mor¬ 
phology  and  growing  of  cavities.  The  cavities  in  the  Al-13Si  alliy  are  dis¬ 
tributed  radiately.  The  fast  growing  of  the  cavities  attributed  to  the  pre¬ 
sence  of  the  rhomb  Si  particles. 
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Abstract 

This  paper  studied  the  effects  of  temperature,  strain  rate,  grain  size, 
various  processing  parameters  and  heat-treatment  on  superplasticity  (6,m,o) 
of  this  alloy.  The  results  show  that  specimens  with  a  grain  size  of  5-lOum 
possess  excellent  superplasticity  in  which  8  equals  approximately  830-910%, 
and  m  equals  approximately  0.45-0.57  when  the  temperature  range  is  700-750‘C, 
and  strain  rate  range  is  8.25X10'*  -1 .2X10"3  s"1  .  For  specimens  of  a  grain 
size  of  5°um,  6  equals  approximately  200-240%,  m  equals  0.31  in  the  same 
conditions  as  above.  The  activation  energies  during  deformation  were  cal¬ 
culated,  for  fine  grain  specimens  Q=171KJ/mol,  and  for  coarse  grain  speci¬ 
mens  Q=267KJ/mol. 
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Introduction 


Ti-10V-2Fe-3Al  is  a  new  type  of  near-beta  titanium  alloy.  With  high 
strength,  high  toughness  and  high  hardenability ,  it  can  be  used  for  the 
manufacture  of  structural  components  of  airplanes  and  engines  working  below 
the  temperature  of  316*C.  The  alloy  is  suitable  for  superplastic  forming 
and  isothermal  forging  because  of  its  low  beta-transus  temperature.  Now 
lots  of  research  has  been  done  on  heat  treatment! 1 ) ,  but  much  less  on  super- 
plasticity  which  will  be  discussed  in  this  paper.  Superplasticity  of  metal 
appears  at  a  certain  forming  condition.  Its  main  characters  are  high  elong¬ 
ation,  low  flow  stress  and  hgih  strain  rate  sensitivity  m.  During  superplas¬ 
tic  deformation  the  correlation  among  £  ,  a  and  m  obeys :  SToe  £m,  m  represents 
the  resistance  ability  to  local  necking.  The  larger  the  value  of  m,  the 
higher  the  resistance  necking  ability.  Hence  m  is  also  related  to  elonga¬ 
tion  6  .  6  and  m  are  two  of  the  most  important  parameters  in  superplastic 
deformation . 


Experiment 

The  material  used  in  our  test  is  an  ingot  twice  smelted  by  vacuum  con¬ 
sumable-electrode  melting.  Its  beta-transus  temperature  is  805’C.  The  in¬ 
got  is  bloomed  at  1050"C  and  forged  into  20mm  plates  at  900‘C,  then  they  are 
hot-rolled  to  2-3mm  sheets  at  76o‘C.  After  being  annealed  at  740’C/lhr,  the 
3mm  sheets  are  cold-rolled,  the  deformation  extent  is  separately  10%, 20%  and 
40%.  The  superplastic  tensile  tests  are  done  with  a  5T  testing  machine. 

Results  and  Discussions 


1 .  The  Effects  of  Deformation  Temperature 

Superplasticity  appears  at  a  temperature  range.  Ti-1023  alloy  posses¬ 
ses  excellent  superplasticity  at  700-750’C,  in  which  elongation  is  high  and 
stress  is  low  (see  fig. I).  This  temperature  range  is  much  lower  than  other 
titanium  alloys (4).  In  fig.l  we  can  also  see  that  when  deformation  tempera¬ 
ture  is  below  700 *C,  the  stress  increases  rapidly  and  elongation  decreases; 
when  temperature  is  in  800-850'C,  stress  is  low  and  elongation  is  also  very 
low.  The  deformation  temperature  is  related  closely  to  the  structure.  The 
annealing  state  of  the  alloy  is  a*  8  equilibrious  structure.  Below  the  be¬ 
ta-transus  temperature  the  volume  fraction  of  a  phase  particles,  decreasing 
as  the  raising  of  temperature,  is  30%  at  700*0,  and  is  15*  at  750*C  (1,2). 

In  superplastic  deformation  at  700-750’C  a  large  number  a  particles  resist 
the  migration  of fl  grain  boundary,  the  grain  size  enlarges  slowly.  The  ave¬ 
rage  diameter  of  grain  is  still  smaller  than  10pm  (see  fig. 2).  When  deform¬ 
ing  at  800"C  which  is  near  the  beta-transus  temperature,  most  o  particles 
dissolve  in  li  phase,  grain  size  tends  to  grow  obviously,  6  is  very  low. When 
deforming  at  650’C,  though  grain  is  very  fine,  fi  is  much  lower  and  stress  is 
higher,  because  lower  temperature  makes  the  diffusion  of  atoms  and  vacancies 
difficult . 

2.  The  Effects  of  Strain  Rate 

The  strain  rate  is  an  important  factor  affecting  superplasticity.  The 
results  of  superplastic  tensile  test  at  different  strainrate  are  in  fig. 3. 
The  optimal  8  and  m  occur  when  strain  rate  equals  about  10"3  s_l  .  The  maxi¬ 
mum  fi  is  910%  at  700*C,  and  830%  at  750’C,  the  corresponding  values  of  m 
are  0.45  and  0.57. 

Superplastic  deforming  is  an  even  flow  process,  work  hardening  contends 
with  dynamical  recover  softening.  When  local  necking  occurs,  local  harden- 
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ing  happens  in  the  necking  part  because  of  the  raising  of  strain  rate,  while 
other  part  deforms  continuously.  Then  another  necking  appears,  and  so  on. 
This  is  an  even  flow  process  in  microscopic  view,  and  a  local  necking  move 
process  in  microscopic  view.  So  there  are  many  local  necks  in  deformed  spe¬ 
cimens  (see  fig.1!).  The  log  0 -log  e  correlation  curves  are  showed  in  fig. 5- 
The  slope  of  each  curve  represents  the  average  values  of  m.  Just  as  in  fig. 
3,  m  takes  maximum  value  at  700'C  and  750‘C. 

3 ■  The  Effects  of  Structures 

The  results  of  tensile  test  at  750*C  are  showed  in  table  1.  The  elong¬ 
ations  are  higher  for  the  specimens  which  are  cold-rolled  40?  and  the  speci¬ 
mens  which  are  hot-rolled  and  solution  treatment  at  740"C/lhr  and  aging  at 

510’C/8hr.  Lower  6  for  the  specimens  which  are  cold-rolled  10?  may  be  caus¬ 
ed  by  the  low  reduction  and  the  inhomogeneity  of  structure.  The  elongation 
of  the  hot  rolled  specimens  in  transverse  is  very  low,  and  it  has  been  im¬ 
proved  after  being  annenled  at  740‘C/lhr,  but  still  lower  than  in  longitud¬ 

inal.  This  illustrates  that  annealing  at  740“C/lhr  can  not  throughly  dis¬ 
pel  anisotropy  produced  by  rolling.  The  various  specimens  are  equiaxial 
grain  after  superplastic  deformation.  The  average  grain  diameter  of  hot- 
rolled  sheets  is  50pm  after  being  annealed  at  790*C/lhr.  For  specimens  of 
a  grain  size  of  50pm,  equals  200-240?,  m  equals  approximately  0.3  in  the 
same  condition  as  above. 

Table.  Superplastic  Properties  of  Sheets 


condition 

i  ( s  - 1 ) 

C7(kgf/mmz) 

** 

60 

m 

cold  roll  40? 

6.7X10"* 

2.0 

640 

d-5pm 

9.0X10"4 

2.6 

760 

0.495 

2.1X10"* 

3.8 

520 

cold  roll  10? 

6.2X10"* 

1.9 

570 

d=5nm 

8.7X10"* 

2.4 

580 

2.1X10"* 

3.4 

490 

0.401 

2.9X10"* 

4.0 

370 

hot  roll*740"C/lhr. 

5.7X10"* 

2.0 

520 

♦510’C/8hr. 

9.4X10"* 

2.4 

700 

2.3X10"* 

3.4 

700 

0.446 

3.5X10"* 

9.3 

670 

hot  roll 

6.2X10"* 

2.1 

330 

transvers  test 

9.1X10"* 

2.5 

360 

0.351 

1.7X10"* 

3.0 

340 

2.6X10"3 

3.4 

340 

hot  roll-740'C/lhr. 

5-9X10"* 

1.9 

370 

transvers  test 

9.2X10"* 

2.5 

405 

0.42 

1.6X10"* 

3.0 

450 

2.5X10"* 

3.7 

360 

hot  roll-790'C/ 

6.2X10'* 

4.0 

240 

lhr.  d=50pm 

8.7X10"* 

9.5 

240 

0.314 

1.9X10"* 

5.6 

200 

2.6X10'3 

6.3 

200 
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4 .  The  Relationship  among  Strain  Rate,  Temperature  and  Stress 


When  forming  at  high  temperature,  the  correlation  among  strain  rate, 
temperature  and  stress  obeys  the  following  formula: 

£,oCC'’exp<-<2/RT) 


Where  n=l/m,  R  is  gas  constant  and  T  is 
absolute  temperature.  The  apparent  acti¬ 
vation  energy  Q  can  be  calculated  by  the  . 

above  formula.  Q  and  n  are  related  to  the  | 
deformation  mechanism  (3,4).  Being  used  7- 
the  data  in  fig.!,  the  activation  energies  o' 
during  deformation  are  calulated,  for  fine  0.5 
grain  specimens  Q=171KJ/mol,  which  is  app-  ^ 
roximate  to  grain  boundary  diffusion  acti-  o 
vatin  energy  of  beta  titanium  (3,5,6). 

This  illustrates  that  grain  boundary  glid-  ® 
ing  is  the  main  mechanism  in  superplastic 
forming.  The  relationship  between  log  a 
and  log  £  for  coarse  grain  specimens  is 
showed  in  fig.  6,  by  which  we  can  calcul¬ 
ate  the  activation  energy,  Q=267KJ/mol. 

This  is  approximate  to  the  self-dif fusion  Fig. 6 
activation  energy  of  beta  titanium  (3). 

So  the  deforming  mechanism  for  coarse  grain  structure  differs  greatly  from 
that  for  fine  grain  structure- 

Conclusions 

A.  Ti-1023  alloy  possesses  excellent  superplast i ci ty .  For  fine  grain 
specimensfi  =830-910%,  m=0. 43-0. 57  when  T=700-750”c,  £ =8 . 25X10'*  -1.2X10*3 
S'*  ,  and  Q=171KJ/mol . 

B.  For  coarse  grain  specimens  8  =200-240% ,  in=0 . 3 1  when  T=750‘C,  and 
£=6.2X10'4 5 6-1.2X10‘3  S’1  ,  and  Q=267KJ/mol. 

C.  The  hot-rolled  sheets  possess  poor  superplasticity  in  transvers,6 
and  m  increases  after  annealing. 

References 

1.  T.W.  Duering,  et  al. ,  Met,  Trans. ,  1 1 A  (1980)  1987-1998. 

2.  J.I.  Shannon,  Aerospace  Structural  Metals  Handbook,  Vol.4,1987  Code 

3  •’26  ~  ------- 

3.  N.E.  Paton  and  C.H.  Hamilton,  Supperplastic  Forming  of  Structural 
Alloys  (The  Metallurgical  Society  of  AIME,  1982),  3,R,C.  Gifkins. 

4.  Terence  C.  Langdon,  OP.  cit.  27- 

5.  J.A.  Wert  and  N.E.  Paton,  Met.  Trans.  14a,(1983),  2535. 

6.  P.M.  Sargent  and  M.F.  Ashby,  Soripta  Metal lurgica ,  Vol.16,  (1982), 

1415. 


700°C 


-6  -4  -3  -2  -1 

log  £  (S  ^  ) 

Log  a  -logs  curves 


267 


FUNDAMENTALS 

OF 

FORMING 


Novel  Processing  Methods  for  Superplastic  Alloys 


Masaru  Kobayashi 

Department  of  Mechanical  Engineering, 
Technological  University  of  Nagaoka,  Nagaoka,  940-21  JAPAN 


Abstract 

A  variety  of  processing  techniques  have  been  proposed  to  obtain  a  uniform 
structure  of  equiaxed  grains  as  small  as  a  few  micrometers  in  accordance 
with  alloy  compositions.  The  present  paper  reviews  the  recent 

developments  in  processing  for  superplastic  alloys  such  as  superalloys, 
25HCr-6.5ilNi-3.2JMo  duplex  stainless  steel,  and  high-strength  aluminum 
alloy. 

(1)  Superalloy.  Superheated  molten  metal  was  injected  onto  the  rim 

surface  of  copper  roller  rotating  at  a  speed  of  1500  revolutions  per  min 
in  a  protective  atomosphere  and  solidified  into  10-mm  wide  ribbons  with  a 
thickness  between  30  and  100  pm.  For  consolidation,  bundles  of  the 
ribbons  were  cold  pressed,  sealed  in  vacuum  in  a  70-mm  diameter  can  of 
stainless  steel,  and  extruded  at  1200°C.  Extruded  bars  have  a  fine 

structure  of  duplex  y  +  y'andy'.  The  material  was  superplastic  at  1050  °C 
to  have  an  elongation  of  800J  at  an  initial  strain  rate  of  3.5  x  10-1*  s~'. 
The  strain  rate  sensitivity,  m,  is  above  0.6  at  950°C. 

(2)  Delta-gamma  duplex  stainless  steel  (25JCr-6.5JNi-3.2JMo).  A 
strip,  300-mm  width  and  1.2-mm  thickness,  was  cast  in  a  rotating  two-drum 
strip  caster  and  cooled  in  air.  The  strip  that  was  cold  rolled  50J 
showed  a  large  m-value  and  an  elongation  of  700  to  1000J  at  950°C  with  an 
Initial  strain  rate  below  1.67  x  10-1*  s-'.  The  microstructure  has  a 
dispersion  of  secondary  austenite  with  a  grain  size  below  1  pm  in  ferrite 
and  of  sigma  phase  around  both  primary  and  secondary  austenite. 

(3)  High  strength  aluminum  alloy.  A  4-mm  thick  sheet  of  type  7475 
aluminum  alloy  was  processed  by  solution  treatment  at  480°C  for  3  h,  warm 
rolled  at  200-260°C  and  annealed  at  400  °C  for  Ih,  rolled  at  -150°C  to  1- 
mm  thickness  and  annealed  at  150°C  for  5  min,  and  finally  rolled  at  -150°C 
to  0.95  mm  in  a  single  pass.  The  specimen  rolled  at  the  cryogenic 
temperature  showed  an  extremely  large  elongation  and  a  small  flow  stress 
at  517°C  with  an  Initial  strain  rate  of  5  x  10-3  s*1.  This  superplastic 
behavior  is  caused  by  the  presence  of  very  small  recrystallized  grains 
produced  in  the  sequence  of  processing  of  heavy  and  skin-pass  rolling  at 
cryogenic  temperatures  with  an  intermediate  annealing  at  low  temperature. 
Generation  of  the  very  fine  grain  structure  was  observed  and  analyzed  with 
transmission  electron  microscopy.  The  fine  grain  structure  was  retained 
during  superplastic  deformation  and  suppressed  the  cavitation. 
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Introduction 


A  uniform  and  equiaxed  grain  structure  with  a  size  as  small  as  a  few 
micrometers  is  indispensable  for  rendering  superplasticity.  A  varity  of 
processing  techniques  have  been  proposed  in  accordance  with  the  alloy 
composition:  (1)  formation  of  duplex  structures  by  eutectoid  reaction;  (2) 
recrystallization  after  heavy  deformation  in  hot  or  cold  working  of  eutectic 
alloys;  (3)  optimum  combination  of  heavy  deformation,  precipitation  and 
static  recrystallization ; (4)  thermomechanical  treatments;  (5)  thermal 
cycling  to  intersect  the  eutectoid  temperature;  (6)  spray  atomization, 
compaction  and  sintering  through  hot,  cold  or  combined  hot  and  cold 
isostatic  pressing;  (7)  spray  deposition  and  controlled  spray  deposition  of 
gas-atomized  powder  and  others.  The  present  paper  reviews  the  innovative 
processing  techniques  to  produce  superplastic  materials  and  to  improve  the 
superplasticity . 


Development  of  processing  methods  for  superplastic  superallovs 
1 .  Overview 

Preparation  of  block  materials  for  superplastic  forging  is  usually  made 
by  Gatorizing  which  processes  canned  gas-atomized  powder  by  hot  extrusion. 

A  big  atomization  machine  is  necessary  to  obtain  a  large  amount  of  powder 
for  manufacturing  a  large  block.  Melt  spinning  for  practical  production 
of  amorphous  alloy  ribbons  is  a  very  promising  method  to  apply  to 
superalloys,  because  the  method  can  bring  a  fine  cell  structure,  as  shown  in 
Fig.  1,  to  render  superplasticity  after  heat  treatment' 1 ^ .  The  processing 
can  be  made  in  a  relatively  small  machine  equipped  with  a  single  roller  or 
twin  rollers  for  rapid  cooling.  Ishikawajima-Harima  Heavy  Industries  Ltd. 
has  developed  a  method  to  produce  block  materials  by  hot  extrusion  of 
bundles  of  the  ribbons'^'^ . 


2.  Manufacturing  process 

Superheated  melt  of  MAR-M247LC  <Ni-8.0»Cr-3.0>Ta-9.2*Co-0.5»Mo-9.4*W- 
5.55JA1-1 .4%Hf-0.7>Ti-0.07>C)  was  continuously  injected  onto  the  rim  surface 
of  a  copper  roller  rotating  at  a  speed  of  1500  revolutions/min  and  rapidly 
solidified  in  the  form  of  ribbon.  Ribbons  can  be  controlled  their 

thickness  in  the  range  of  30  to  100  pm  by  the  change  in  circumferential 
speed  of  the  roller  and  their  width  by  the  opening  of  injection  nozzle.  The 
processing  was  made  for  ribbons  with  30-pm  thickness  and  10-mm  width.  The 
ribbons  were  bundled  without  cutting  and  packed  by  cold  pressing  to  be 
canned  and  vacuum  sealed  in  a  stainless  steel  capsule  of  70-mm  diameter. 


Fig.  2  Transmission  electron  micrograph  of 
extrusion-consolidated  MAR-M247LC. 


Consolidation  was  performed  by  extrusion  at  1200°C  with  an  extrusion  ratio 
of  8:1.  The  extruded  8-mm  diameter  product  had  an  ideal  full  density. 

3.  Microstructure 

The  ribbons  have  a  structure  of  1-pm  columnar  grains  growing  from  the 
roll  contact  surface  and  the  secondary  dendrites  are  refined  and  inhibited 
their  growth.  A  fine  dispersion  of  M23C6  type  carbides  is  observed  along 
grain  boundaries.  Microstructure  of  the  bar  consolidated  by  extrusion 
consists  of  a  duplex  structure  of  f  (about  1.5pm)  and  r+r'(0.\  to  0.5pm),  as 
shown  in  Fig.  2,  and  grain  growth  is  strongly  inhibited  to  produce  the 
extremely  fine  structure. 

4.  Superplastic  behavior 

Tensile  test  specimens  of  2.5-mm  diameter  were  taken  from  the  extruded 
bars.  Figure  3  shows  the  flow  stresses  at  a  temperature  between  90 0  and 
1050°C;  testing  at  1050°C  shows  a  low  flow  stress  of  about  1.5  MPa  and  an 
elongation  of  above  800J.  The  strain  rate  sensitivity  as  a  measure  of 
superplasticity  is  higher  than  0.6  in  the  test  temperature  range,  as  shown 
in  Fig. 4,  indicating  the  possibility  of  superplastic  forming  of  the  extruded 
product  in  the  range  of  900  to  1050°C. 

5.  Evaluation  of  rapid  solidification  method 

Cast  superalloys  melt  partially  at  temperatures  significantly  below  the 
solidus  of  the  alloys  because  of  a  high  degree  of  segregation  among  the  arms 
of  dendrite.  Figure  5(a)  shows  an  incipient  melting  during  heating  of  a 
cast  alloy  at  1300°C,  while  rapidly  solidified  (RS)  ribbons  as  well  as 
atomized  powder  shows  no  trace  of  partial  melting  after  solution  treatment 
at  1300°C,  as  shown  in  Fig.  5(b).  Table  1  compares  the  cast  material  and 
ribbon;  the  melting  temperature  of  RS  product  is  30°C  higher  than  that  of 
the  conventional  cast  alloy. 


Table  1  Comparison  between  RS  ribbon  and  cast  sample  of  MflR-M247Lc 


Properties 

Cast  sample 

RS  ribbon 

Tensile  strength  (MPa) 

~  "1078 

1275 

Ductility  {%) 

10 

15 

Melting  temperature  (°C) 

1295 

1325 

Grain  size  (mm) 

5 

0.001 

Dendrite  spacing  (pm) 

500 

1 

Fig.  4  Temperature  dependence  of 
m-value  of  extruded  M247LC  bar. 


Fig.  3  Temperature  dependence  of  flow  stress  of  extruded  M247LC  bar. 
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Fig.  5  Microstructure  of  solution  treated  MAR-M247LC: 
(a)  ingot,  and  (b)  extrusion-consolidated  bar. 


Initial  strain  rate  /S" 


Fig.  7  Maximum  flow  stress  vs.  strain 
rate  in  cold  rolled  duplex 
stainless  steel. 


Fig  6  Elongation  vs.  strain  rate 
cold  rolled  duplex  stainless 
steel. 


Fig.  8  Elongation  vs.  strain  rate  in 

cold  rolled  and  annealed  duplex 
stainless  steel. 


Fig.  9  As-cast  structure  on  trans¬ 
verse  section  of  directly  cast  duplex 
stainless  steel  strip. 


Fig.  10 


Microstructure  of  directly  cast  duplex  stainless  steel  strip 
deformed  at  875°C  with  a  strain  rate  of  3.33x10*’s_1 . 


274 


Improved  processing  method  for  superplastlc  Sir  duplex  stainless  steel 


1 .  Overview 

Corrosion  resistive  8 lr  duplex  stainless  steel  is  poor  in  workability 
because  of  embrittlement  due  to  the  precipitation  of  o-phase  in  hot  working 
process.  However,  fine  dispersion  of  o-particles  in  the  matrix  improves 
the  workability.  Superplasticity  arises  at  temperatures  between  850  and 
1100°C  and  at  strain  rates  between  10-2  to  10-3  s-1  through  the  following 
processing;  hot  forging  and  rolling  of  an  ingot  into  a  12-mm  thick  plate, 
quenching  after  solution  treatment  at  1250°C  (S/r  duplex  phase  region)  for  30 
min,  and  50J  reduction  in  cold  rolling(**i5) .  Extremely  low-carbon  ingots 
processed  by  argon  oxygen  decabur ization  (AOD)  process  also  show 
superplasticity  after  the  similar  sequence  of  hot  and  cold  working(6).  The 
favorable  initial  microstructure  is  a  fine  dispersion  of  r  particles  in 
refined  8  matrix.  The  8-ferrite  precipitates  r  during  deformation  above 
1000°C  and  decomposes  into  r/o  structure  below  1000 °C;  the  final 
microstructure  is  the  duplex  structure  of  Sir  or  r/o.  The  precipitation  and 
decomposition  during  deformation  are  thought  to  bring  high  ductility.  A 
direct  strip  casting  technique  for  production  of  duplex  stainless  steel  has 
been  developed  by  Nippon  Yakin  Kogyo  Co.  Ltd*'/. 

2.  Manufacturing  process 

Corrosion  resistive  Sir  duplex  stainless  steel  (Fe-24 ,79%Cr-6.36JNi- 
3. 10%Mo-0.7*t*Mn-0.57*Si-0.0l4JC-0. 12JN-0.028JP-0.002JS)  was  continuously 
cast  into  a  strip  of  1.2  mm-thickness  and  300  mm-width  by  direct  strip 
casting  with  a  two-drum  strip  caster.  The  strip  was  cold  rolled  50£. 

3.  Superplastic  behavior 

The  cast  strip  shows  an  elongation  of  40*)>  at  1000°C  with  a  strain  rate 
of  8.33x10-**.  The  superplastic  behavior  is  enhanced  by  cold  rolling  to 
achieve  an  elongation  of  1029% .  Figure  6  shows  the  relationship  between 
elongation  and  strain  rate;  elongations  above  500J  can  be  obtained  in  the 
strain  rate  range  less  than  10-2  s-1  for  1000°C  and  1.67x10-3  s-1  for  950°C. 
Figure  7  shows  the  dependence  of  flow  stress  on  strain  rate,  which  is 
sigmoidal  except  for  the  scatterd  data  of  1000°C.  Figure  8  shows  the 
superplastic  charateristics  of  2-mm  thick  fully  annealed  sheets  made  from 
the  AOD  processed  ingots.  Directly  cast  strips  are  comparatively  less  in 
superplasticity,  however  by  cold  rolling,  they  are  rendered  higher 
elongations  at  higher  strain  rates  than  the  strips  made  from  the  AOD 
processed  ingots. 

4.  Microstructural  changes 

The  cast  structure  of  directly  cast  strip  has  a  network  of  austenite 
precipitates  along  boundaries  of  coarse  8-ferrite  grains,  as  shown  in  Fig. 
9.  The  structure  deformed  by  cold  rolling  recrystallizes  during  heating 
for  high  temperature  tensile  testing.  At  temperatures  between  800  and 
900°C,  8-ferrite  decompose  into  o  and  r .  The  o  particles  and  the  secondary 
austenite  grains  as  small  as  1  pm  are  formed  rapidly  on  the  slip  planes  to 
enhance  the  superplasticity  at  high  strain  rates  around  5x10-3  s*1 .  The 
microstructure  of  the  directly  cast  product  is  a  fine  and  equiaxed  structure 
of  r,  8  and o phases  at  the  fracture  stage  in  tensile  deformation  at  875°C  with 
a  strain  rate  of  3. 33x10-3s- * ,  as  shown  in  Fig.  10. 

5.  Evaluation  of  direct  strip  casting  technique 

Very  low  carbon  contents  achieved  by  the  AOD  process  permit  the  cold 
rolling  of  1.2-mm  thick  direct  cast  strips.  The  continuous  casting  of 
strip  is  a  highly  productive  process.  Although  the  cast  strips  are  now 
cooled  in  air,  rapid  cooling  will  surely  provide  a  fine  grain  structure  more 
favorable  to  superplasticity. 


Improvements  of  suoerplasticltv  In 


aluminum  alloy 


1 .  Overview 

Grain  refinement  of  7475  aluminum  alloy  is  limited  down  to  12  pm  by  the 
conventional  thermomechanical  processing.  Therefore,  formation  of  voids  is 
unavoidable  at  triple  grain  points  and  leads  to  internal  defects  by  the 
growth,  coalescence  and  interlinkage  of  the  voids.  This  cavitation  imposes 
the  seculity  of  infalliable  performance  in  the  structural  use  of 
superplastically  formed  materials.  Cavitation  can  be  suppressed  by 
superposition  of  a  back  stress^',  however,  an  extra  cost  is  needed  for 
instrumentation  and  operation  for  the  back  pressure  imposition.  Recently 
superplasticity  was  reported  in  the  8-mm  thick  sheets  processed  to  achieve  a 
fine  grain  size  of  3.7  pm  through  spray  deposition  of  gas-atomized  powder, 
thermomechanical  processing  and  subsequent  recrystallization.  However,  an 
ideal  starting  material  is  thought  to  be  cast  products  because  of  the  poor 
productivity  of  atomized  powder'”®'. 

The  present  author  has  observed  in  face-centered  cubic  metals  that 
cryogenic  working  at  liquid  nitrogen  temperature  produces  a  higher  density 
of  dislocations  than  room- temperature  working  and  results  in  formation  of  a 
fine  cell  structure  as  small  as  1  pm'^1'.  It  is  anticipated  that  the  fine 
cell  structure  will  enhance  the  superplasticity,  if  misorientations  can  be 
controlled  at  a  certain  level  between  recrystallization  grains  formed  in  the 
high  dislocation  density  regions  of  cell  structure^12'. 

2.  Manufacturing  process 


Type  7475  (Al-5.45J2n-2.34JMg-1.4JCu-0.2JCr)  alloy  sheets  were  warm 
rolled  and  annealed  at  400°C  for  1h.  Four  types  of  rolling  procedure,  (a) 
to  (d)  shown  in  Fig.  11,  were  applied  in  the  subsequent  process:  the  product 
thickness  was  1.0  mm  in  the  processes  (a)  and  (c)  and  0.9  mm  in  (b)  and  (d). 

The  process  (a)  is  conventionally  evaluated  as  the  best  and  the  process  (d) 
is  newly  developed  by  the  present  author. 


Fig.  11  Types  of  thermomechanical  processing  for  7475  A1  alloy  sheet:  (a) 
rolling  at  room  temperature;  (b)  rolling  and  skin  pass  at  room 
temperature;  (c)  rolling  at  cryogenic  temperature;  and  (d)  rolling 
and  skin  pass  at  cryogenic  temperature. 
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Figure  12  shows  the  flow  stress  (conventional  stress)-strain  curves  in 
tensile  deformation  at  517°C  with  a  strain  rate  of  5x10-k  s*1,  the  optimum 
condition  for  the  conventional  superplastic  materials.  The  specimen 

processed  in  (d),  consisting  of  rolling  and  skin-pass  at  liquid-nitrogen 
temperature,  rapid  heating,  brief  annealing  and  quenching,  has  a  flow  stress 
of  0.15  kgf/mm2,  which  remains  constant  with  increasing  strain  and  is  one- 
third  of  the  specimens  (a)  and  (b)  rol^id  at  room  temperature.  The  (d) 
process  provides  an  elongation  seven  times  higher  than  the  (a)  process  and 
the  maximum  elongation  of  8 15%  at  517°C  with  an  initial  strain  rate  of  5x10- 
^  s-1,  as  seen  in  Figs.  13  and  1-4 .  In  Fig.  15  the  flow  stresses  of  (c)  and 
(d)  processed  specimens  are  found  to  vary  more  significantly  with  the  strain 
rate  than  the  (a)  and  (b)  specimens.  The  strain-rate  sensitivity  index  m 
is  relatively  low  in  the  (c)  and  (d)  specimens  at  517°C,  the  temperature 
bringing  the  highest  elongation,  as  shown  in  Fig.  16.  Figure  17  indicates 
the  change  in  m-value  with  increasing  strain  during  tensile  deformation  at 
517°C  with  interrupted  changes  of  strain  rate.  The  m-values  are  shown  to 
remain  constant  up  to  higher  strains  in  the  (c)  and  (d)  specimens  that  have 
relatively  low  m-values,  however,  they  increase  in  the  final  stage  to 
fracture  probably  because  of  work-hardening . 


Logarithmic  strain 


Fig.  12  Comparison  of  four  processes:  stress-strain  relationship. 


Testing  temperature  /  T  Strain  rate  c  /  S' 1 

Fig.  13  Comparison  of  four  processes:  Fig.  Ik  Comparison  of  four  processes: 

elongation  vs.  testing  temperature.  elongation  vs.  strain  rate. 
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Fig.  15  Comparison  of  four  processes: 
flow  stress  vs.  strain  rate. 


Testing  temperature  /v 

Fig.  16  Comparison  of  four  processes: 
m-value  vs.  testing  temperature. 


Fig.  17  Variation  of  m-value  with  superplastic  deformation. 


4.  Mlcrostructural  changes  and  cavitation  in  superplastic  deformation 

Figure  18  shows  the  mlcrostructural  evolution  during  superplastic 
deformation.  The  (a)  specimens  are  accompanied  by  strain-induced  grain 
growth  and  the  (d)  specimens  substantially  retain  the  initial  grain  size 
which  is  relatively  large.  The  slight  mlcrostructural  change  in  the  (d) 
specimen  is  thought  to  bring  a  large  elongation  and  is  consistent  with  the 
constancy  of  m-value  above  mentioned.  Figure  19  shows  the  cavitation  in 
the  specimen  (a)  deformed  70J  and  in  the  specimen  (d)  deformed  1 50% .  The 
specimens  (a)  as  well  as  (b)  reach  to  the  stage  of  nucleation,  growth, 
coalescence  and  interlinkage  of  cavity,  while  the  specimens  (d)  as  well  as 
(c)  generate  only  a  dispersion  of  small  cavities.  Bampton  has  reported  an 
increase  of  cavitation  above  200JJ  strain'1”,  however,  the  evolution  of 
cavity  through  nucleation,  growth,  coalescence  and  interlinkage  to  fracture 
seems  different  in  the  present  cryogenic  process  products  from  the 
conventional  superplastic  materials. 


278 


Fig.  18  Mi crostructural  change  during  tensile  deformation  with  the  axis  in 

horizontal  direction  of  the  figure. 


Fig.  19  Difference  of  cavitation  due  “"o  prior  processing:  (a)  room 
temperature  rolling  (at  the  stage  of  7011  tensile  strain)  and  (b) 
cryogenic  rolling  (at  the  stage  of  150J  tensile  strain). 
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5.  Mechanism  of  high  ductility 

Figure  20  shows  a  transmission  electron  micrograph  and  electron 
diffraction  patterns  of  the  specimen  (d).  Analysis  of  the  diffration  spots 
indicates  that  the  misorientation  between  grains  is  18.5°  for  grains  (1)  and 
(2),  13.3°  for  (2)  and  < 3) .  and  12.9°  for  (3)  and  (1).  The  grain  (1),  3  to 
4  pm  in  size,  is  a  recrystallization  grain  originating  from  the  site  of  high 
dislocation  density  at  a  triple  point  of  cell  structure.  Such  a 
characteristic  fine  structure,  which  has  not  been  observed  in  the  materials 
produced  by  conventional  therwomechanical  processes,  is  thought  to 
contribute  to  the  stabilization  of  microstructure  and  the  suppression  of 
cavitation  during  superplastic  deformation. 


grain  3:  beam  //  [611] 


grain  2:  beam  //  [100] 


Fig.  20  Transmission  electron  micrograph  with  diffraction  patterns  (grains 
1,  2  and  3  )  for  7475  A1  alloy  rolled  and  skin  passed  at  cryogenic 
temperature. 

6.  Proposal 

As  proved  in  the  presen  t  experiment,  the  formation  of  a  fine  cell 
structure  of  high  dislocation  density  is  an  effective  means  for  obtaining 
fine  grain  structures  and  consequently  for  superplastic  forming. 
Therefore,  working  at  cryogenic  temperatures  together  with  preliminary 
thermomechanical  processing  including  cryogenic  working  is  a  very  promising 
procedure  for  obtaining  the  fine  structure  and  also  an  inexpensive  process 
applicable  to  a  variety  of  materials. 

Conclusion 

Among  future  technological  advances  in  development  and  application  of 
superplastic  materials,  the  manufacturing  processes  should  be  explored  on 
the  basis  of  sound  understanding  on  the  mechanism  and  the  microstructural 
characteristics  of  superplastic  deformation.  Furthermore,  for  the 

reliability  of  superplastically  formed  materials,  retardation  of  of  cavity 
formation  in  superplastic  forming  must  be  considered  in  the  designing  of  an 
integrated  process  including  the  manufacturing  processes  for  rendering 
superplasticity. 
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Abstract 

Superplastic  properties  of  certain  structural  materials  are  increasingly  used  for  the 
advanced  fabrication  processes  in  aerospace  and  automotive  industries.  In  such  pro¬ 
cesses  the  optimum  forming  conditions  are  achieved  when  the  strain-rate  of  deforma¬ 
tion  is  held  constant  typically  within  a  narrow  range  specific  to  the  material.  Analytical 
modeling  of  the  manufacturing  processes  is  very  important  in  the  successful  forming  and 
overall  economy  of  the  method.  The  prime  interest  in  modeling  superplastic  forming 
process  is  to  predict  the  optimum  rate  of  pressurization  to  control  the  strain-rate  and 
to  predict  the  resulting  thickness  distribution.  A  new  method  of  solution  for  the  su¬ 
perplastic  forming  of  axisymmetric  parts  is  presented  in  this  paper  in  which  the  sheet 
is  divided  into  a  finite  number  of  segments.  Force  equilibrium  is  imposed  on  each  of 
the  segments  at  any  gjven  instant  by  balancing  the  forces  due  to  applied  pressure  and 
induced  stress  field.  The  results  of  the  method  are  compared  with  that  of  other  models 
and  experiments. 


Introduction 

The  commercial  development  of  titanium  and  aluminum  based  superplastic  alloys 
has  provided  very  economical  methods  to  produce  complex  components  in  the  auto¬ 
motive  and  aerospace  industries  using  forming  techniques  which  were  not  previously 
possible.  Several  methods  and  techniques  have  been  reported  for  forming  superplastic 
materials,  e.g.,  blow  (pressure)  forming,  vacuum  forming,  thermo-forming,  deep  draw¬ 
ing  and  superplastic  forming  with  concurrent  diffusion  bonding  (SPF/DB).  In  the  blow 
or  pressure  forming  process,  the  dies  and  sheet  are  normally  maintained  at  the  forming 
temperature,  and  the  gas  pressure  is  imposed  over  the  sheet  causing  it  to  form  into  the 
lower  die.  The  gas  within  the  lower  die  chamber  is  either  vented  to  atmosphere  or  is 
subjected  to  a  vacuum  or  positive  back  pressure.  The  pressure  forming  process  has  the 
advantage  of  no  moving  components  and  does  not  require  male  die  member.  Production 
rates  can  also  be  increased  by  forming  multiple  components  in  a  single  process  cycle. 
Processing  information  required  for  a  successful  design  and  fabrication  include: 

(1)  Rate  of  pressurization  to  maintain  the  constant  strain-rate  required  for  optimum 
superplastic  forming,  and 

(2)  Thickness  distribution  and  maximum  thinning  on  the  part  after  superplastic  form- 
ing, 

The  pressure-time  cycles  required  for  constant  strain-rate,  and  the  resulting  thick¬ 
ness  distribution  are  generally  determined  by  trial-and-error  techniques  except  for  cer¬ 
tain  simple  geometries  like  domes,  cones  and  long  rectangular  boxes  (1-10).  A  math¬ 
ematical  model  in  which  geometry,  equilibrium  and  constitutive  laws  for  tne  material 
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axe  all  satisfied  at  each  incremental  time  step  will  provide  a  fairly  accurate  description 
of  the  process.  Such  process  models  are  important  in  the  numerical  representation  and 
the  design  of  the  processing  methods.  The  models  described  in  the  above  references 
for  the  simple  configurations  basically  use  the  membrane  theory  to  predict  optimum 
pressure-time  cycles  and  thickness  distribution  that  occur  during  superplastic  forming. 
For  more  complex  geometries  and  the  consideration  of  friction  at  the  sheet-tool  inter¬ 
face,  the  use  of  non-linear  finite  element  analysis  offers  a  potentially  viable  approach 
(11-15).  However,  the  analysis  using  finite  element  solution  method  involves  high  com¬ 
putational  effort  and  is  uneconomical  for  a  general  iterative  design  process.  Hence  a  two 
stage  design  methodology  with  the  preliminary  design  using  simplified  analysis  followed 
by  the  finite  element  method  as  a  final  design  stage  offers  an  attractive  solution  to  the 
complex  problem. 

The  constitutive  equation  for  the  material  is  a  necessary  component  of  the  process 
model  and  is  essential  for  an  accurate  description  of  the  manufacturing  process.  This 
phenomenological  equation  is  determined  experimentally  and  different  forms  are  used 
by  different  investigators.  The  most  common  equation  for  the  superplastic  flow  is  given 
by  <r  =  Kim  where  <r  is  the  flow  stress  of  the  material,  K  is  the  strength  parameter,  e 
is  the  strain  rate  and  m  is  the  strain  rate  sensitivity.  This  relationship  is  based  upon 
the  properties  at  constant  temperature  required  for  superplastic  forming  and  assumes 
no  work  hardening  during  deformation.  Other  equations  include  that  of  Story  (8),  who 
used  the  form  <r  —  Kien  where  e  is  the  effective  strain.  The  material  parameters  X’i  and 
n  are  both  functions  of  strain-rate  given  by  Kj  =  Koia  and  n  =  n0 e®  where  K0,no,a 
and  f)  are  all  material  parameters.  Ghosh  and  Hamilton  developed  the  Constitutive 
relationship  of  the  form  log<r0  =  A0  +  Ajlogf  +  Aj  (loge)J  +  Aj  (logs)3  +  A4  (logs)4,  and 
cr  =  cr0  4-  Be,  where  A0,  Ai ,  Aj  ,  A3 ,  At  and  B  are  material  constants.  This  equation 
represents  the  combined  effect  of  strain  hardening  and  strain-rate  sensitivity.  All  the 
above  relationship  can  be  generalized  in  the  form 

*  =  9  (e,  e,  d) 

where  d  is  the  grain  size,  and  d  can  be  conveniently  replaced  by  t  the  elapsed  time. 

In  this  paper  a  numerical  model  called  Membrane  Element  Model  is  developed  based 
on  the  concepts  of  finite  element  and  finite  difference  analyses.  No  thickness  distribution 
is  assumed  in  this  model,  as  against  the  earlier  works  (1-1 0).  The  formulation  is  applied 
to  solve  the  problem  of  axisymmetric  dome  forming  of  sheet  metal.  The  method  is  also 
extended  to  non- axisymmetric  pan  forming  and  some  preliminary  results  are  presented. 

Theory  of  the  membrane  element  model 

An  analytical  method  to  model  superplastic  sheet  metal  forming  is  presented  here 
which  uses  the  concepts  of  finite  elements  in  space  and  finite  difference  in  time.  The 
sheet  metal  is  divided  into  a  number  of  Unear  segments  in  the  case  of  plane  strain 
and  axisymmetric  problems.  When  complex  geometries  are  to  be  modeled,  the  sheet 
is  divided  into  either  triangles  or  rectangles.  The  one-dimensional  line  and  the  two- 
dimensional  plane  stress  elements  are  called  as  membrane  elements.  The  deformation 
at  any  given  time  is  first  approximated  based  on  the  kinetic  and  the  kinematic  quantities 
in  the  earlier  time  step.  Force  equilibrium  is  imposed  in  each  of  the  elements  and  the 
resulting  stress  quantities  axe  used  to  predict  a  new  approximation.  The  numerical 
iterative  scheme  is  carried  out  until  the  known  boundary  conditions  at  the  pole  and  at 
the  edges  are  satisfied. 

The  assumptions  made  in  the  analysis  are:  (1)  The  shape  of  the  deformed  unsup¬ 
ported  segment  is  spherical.  Experimental  evidence  shows  that  this  is  a  valid  assumption 
(16).  (2)  The  sheet  is  in  a  state  of  plane  stress.  (3)  The  thickness  at  any  point  within 
an  element  depends  on  the  thickness  at  the  nodes.  (-1)  The  deformation  at  the  pole 
(geometric  center)  is  balanced  biaxial  in  axisymmetric  parts,  and  is  a  function  of  edge 
dimensions  (length  and  width)  in  non-axisymmetric  parts.  (5)  The  edges  are  tightly 
held,  and  are  thus  in  a  state  of  plane  strain.  The  theory  is  developed  first  for  axisym¬ 
metric  configuration  and  later  extended  to  non-axisymmetric  case. 


Z84 


The  sheet  metal  is  made  up  of  material  with  constitutive  equations  of  the  form 
if  =  ?(e,e)  with  a  =  and  e  =  yj | e< ,  iij ,  where  a  and  e  are  the  equiva¬ 

lent  quantities.  A  hat  denotes  that  the  quantity  is  deviatoric.  With  the  plane  stress 
assumption  the  equivalent  quantities  at  each  material  point  can  be  written  as 


+  a]  -  <Tj  Oi 


and 


& 
V  3 


(3  +  *2  +  «l«i) 


where  subscripts  1  and  2  indicate  that  the  quantities  are  principal  in  the  plane  of  the 
sheet  metal.  In  axisymmetric  configurations  they  refer  to  meridional  and  circumferential 
directions.  Since  the  material  is  assumed  to  be  incompressible 


fi  +  fj  +  e 3—0  or  €]  -f-  cj  4-  €3  =  0 

where  the  subscript  3  refers  to  the  thickness  direction. 

The  constitutive  equation  can  be  written  in  Levy-Mises  form  as: 

.  2f  <Tkk 

=  q~e«i  Wlth  a'i  ~  a'i  +  ~T~  “d  tkk  =  0 
o  C  J 

with  the  boundary  condition  at  the  pole 


a  =  a\ 


_  PP 

^  “27 


and  <7j  =  0 


and  at  the  edge: 


e 


-<2 


ij  =  0 


£j  =  -«3 


=  a\  4-  cr\  -  cr,  cr 2 


The  problem  can  be  formulated  as  an  incompressible  non-linear  viscous  material  sub¬ 
jected  to  a  time  dependent  pressure  loading  with  a  set  of  boundary  conditions.  The 
loading  is  to  be  determined  for  a  specified  strain  rate  c  at  the  critical  location.  The  crit¬ 
ical  location  is  at  the  pole  of  a  freely  forming  axisymmetric  part.  Once  the  pole  contacts 
the  die,  the  critical  location  shifts  to  the  geometric  center  of  the  largest  undeformed 
segment. 

Consider  the  discretization  of  a  sheet  metal  in  a  radial  direction  as  shown  in  Figure  1. 
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Figure  1.  Membrane  element  discretization  of  sheet  metal 
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Figure  2.  Stages  of  formation  of  a  box  with  finite  dimensions. 

The  sheet  metal  is  divided  into  N  elements  with  node  numbers  0  to  n.  For  a 
detailed  description  of  the  numbering  scheme  refer  to  f  16).  Assume  that  the  equilibrium 
configuration,  stress,  and  strain-rate  quantities  are  all  known  at  time  t.  It  is  required 
to  determine  all  these  quantities  at  time  t  +  At,  where  At  is  the  chosen  time  increment. 
Using  the  incompressibility  conditions  and  definition  of  thickness  strain,  the  change  in 
surface  area  SAj  of  element  /  can  be  written  as, 

SAj  =  -  —(‘cr,  +‘  <r2)(‘A/)  At 

where  the  left  superscript  indicates  the  time  of  reference.  In  the  above  equation,  all  the 
data  refer  to  quantities  at  time  t  and  the  latest  iteration. 

Total  change  in  surface  area  AA  of  the  sheet  metal  in  the  incremental  time  At  can 
be  determined  by  summing  SAj  over  all  the  elements  1  to  N.  The  global  quantities 
like  radius  of  curvature  p,  angle  a  and  height  H  can  be  calculated  from  the  new  area. 
The  pressure  P  is  calculated  from  the  equivalent  stress  at  the  pole  using  <r  =  ^ .  Since 
?*  is  specified  at  the  pole,  5-  at  the  pole  can  be  evaluated  using  the  functional  form  of 
the  constitutive  equation.  The  thickness  s;  is  calculated  based  on  a  linear  variation  of 
thickness  within  an  element.  From  the  force  equilibrium  of  a  spherical  segment  subjected 
to  uniform  pressure  we  have, 

Vl,p*p  =  Vi, l  sl 

where  the  p  refers  to  the  pole  and  1  refers  to  the  meridional  direction.  <rj  in  each  element 
can  be  evaluated  from  the  above  equation.  From  the  geometry  of  deformation,  thick¬ 
ness  at  each  node,  and  force  equilibrium  the  new  stress  and  strain-rate  quantities  are 
calculated  in  each  element.  The  updated  values  of  stress  and  strain-rate  quantities  are 
used  to  recalculate  the  area,  and  other  geometric  quantities  till  the  boundary  condition 
at  the  pole  and  edge  are  satisfied.  This  procedure  is  repeated  until  the  dome  height 
reaches  any  specified  value. 

The  concepts  described  above  is  extended  to  model  non-aziiymmctric  problems.  As 
an  illustrative  example  the  formation  of  a  square  box  as  shown  in  Figure  2  is  considered. 
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In  this  case,  a  further  assumption  is  made  that  every  line  segment  passing  through 
the  geometric  center  deforms  as  a  part  of  a  sphere  with  maximum  height  at  the  pole 
and  radius  of  curvature  corresponding  to  half  the  edge  to  edge  distance  An  additional 
geometric  constraint  is  that  the  vertical  deflection  and  the  thickness  at  the  geometric 
center  are  identical  to  each  of  the  domes.  Thus  every  material  point  can  be  considered  as 
a  part  of  a  radial  line  from  the  geometric  center  through  the  point  under  consideration. 
The  deformation  at  the  point  is  determined  based  on  the  history  of  stress  and  the  depth 
at  the  geometric  center.  The  contact  of  the  sheet  with  any  of  the  surfaces  is  determined 
from  the  geometry  of  each  node  and  equation  of  surface.  Thus  a  square  box  (or  box 
with  finite  dimension)  is  formed  in  four  stages  with  free  forming  in  the  first  stage  and 
in  unsupported  regions  in  the  subsequent  stages. 

Results  and  discussion 

The  above  method  was  used  to  model  axisymmetric  dome  forming.  The  model  is 
compared  to  the  published  experimental  results  of  dome  forming  of  A1  7475.  The  details 
of  the  experiment  can  be  found  in  reference  (17).  The  material  is  represented  by  the 
equation  of  the  form  a  =  Kimtn  in  which  n  is  given  by  n  =  n0e^,  with  the  material 
constants  K  =  67,500,  m  =  0.55,  no  =  0.0477  and  f3  =  -0.24.  The  pressure  time 
loading  used  to  form  the  dome  (radius  =  1.75  in.)  in  the  actual  experiment  is  shown 
in  Figure  3.  This  data  does  not  correspond  to  any  constant  value  of  strain-rate  as 
predicted  by  the  model,  but  falls  within  the  range  given  by  e*  =  0.0002  to  0.0004/sec. 
It  can  be  concluded  that  in  the  actual  experiment  the  strain-rate  varied  within  this 
range.  Though  the  pressure  loading  and  the  total  time  of  formation  varies  for  different 
e  the  thickness  distribution  at  a  given  height  of  formation  is  not  affected.  Hence  the 
experimental  data  at  specific  heights  are  plotted  in  Figure  4,  along  with  the  numerical 
results  from  the  present  model  and  the  data  agree  very  well.  For  comparison  purposes 
the  thickness  distribution  predicted  by  some  other  model  is  also  shown  (5).  It  is  to 
be  noted  that  this  (Ghosh)  model  assumes  a  parabolic  variation  of  meridional  strain, 
whereas  no  such  assumption  here. 


Time  (  min.  )  Radius  (  in.  ) 

Figure  3.  Pressure-time  loading  Figure  4.  Thickness  variation  in  the  dome. 

In  general  the  material  constants  in  the  constitutive  equations  are  evaluated  based 
on  limited  experiments,  and  there  is  always  some  uncertainty  involved  in  the  exact 
value  of  parameters.  Figure  5  shows  the  effect  of  strain-rate  sensitivity  m  on  variation 
of  peak  pressure,  total  time  to  dome  forming,  and  minimum  thickness.  The  figure  shows 


Strain-Rate  Sensitivity,  m 
Figure  5.  Effect  on  m  on  forming 


significant  changes  in  these  process  parameters;  it  implies  that  accurate  determination 
of  material  properties  is  very  critical. 

The  concepts  of  non-axisymmetric  forming  described  earlier  are  applied  to  the 
formation  of  a  square  box.  The  progressive  deformation  in  box  forming  is  shown  in 
Figure  6.  The  deformation  shown  in  this  figure  is  based  on  pure  kinematics  and  is 
shown  at  various  depths  in  the  first  stage.  Further  work  on  the  model  development 
and  experimental  verification  using  physical  model  (16),  and  superplastic  materials  is 
in  progress. 


i 

I 
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Figure  6.  Kinematics  of  box  in  stage  I. 


Summary  and  Conclusion 

A  numerical  Membrane  Element  Model  using  the  concepts  of  finite  element  in  space 
and  finite  difference  in  time  has  been  developed  to  solve  the  problem  of  axisymmetric 
superplastic  sheet  metal  forming  problems  and  compares  well  with  experimental  results. 
The  method  has  also  been  extended  to  model  non-axisymmetric  problems.  More  nu¬ 
merical  and  experimental  work  needs  to  be  done  for  a  complete  validation  and  further 
extension  of  the  model. 
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Superplastic  forming  of  thin  sheet  into  complex,  often  diffusion 
bonded,  components  is  an  important  manufacturing  process.  In  particular, 
products  formed  from  the  titanium  alloy  Ti -6AI-4V  are  light,  strong  and 
resistant  to  adverse  environmental  conditions.  The  success  of  the  process 
relies,  in  part,  on  the  ability  to  be  able  to  predict  the  relationship 
between  the  forming  pressure  cycle  and  the  final  product  shape  and  thickness 
distribution. 

This  paper  discusses  a  finite  element  technique  for  the  computer 
simulation  of  the  superplastic  forming  of  a  sheet  of  arbitrary  shape.  The 
method  is  capable  of  predicting  a  forming  pressure  cycle  in  order  to 
achieve  a  given  maximum  strain  rate.  A  new  implicit  solution  scheme  is 
introduced  and  examples  are  presented  to  demonstrate  the  potential  of  the 
formulation. 
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Introduction 


Superplastic  forming  of  thin  sheet  components  is  an  important  manuf¬ 
acturing  process  but  the  problems  of  predicting  the  relationships  between 
the  pressure  cycle  and  the  final  product  shape,  thickness  distribution  and 
grain  size  distribution  are  difficult.  It  is  in  this  respect  that  the 
predictive  capabilities  of  a  numerical  simulation  using  the  finite  element 
method,  [1-7],  can  make  a  valuable  contribution  to  the  industry.  This 
paper  outlines  a  membrane  element  based  finite  element  formulation  of  the 
superplastic  forming  problem;  briefly  introduces  a  new  implicit  solution 
scheme  and  presents  two  examples  to  validate  and  demonstrate  the  general 
capabilities  of  the  technique. 

Governing  Equations  and  their  Solution 

The  sheet  is  modelled  as  a  non-Newtonian  viscous  membrane  forwhich 
the  constitutive  relation  between  the  Von  Mises  equivalent  stress  o  and 
the  equivalent  strain  rate  e  is  given  in  terms  of  viscosity  m  as,  [8], 


o  =  3pe;  M  =  (Ke™  1  )/3 ;  g  «  go(t/10)N;  t  >  10  min.  (la,b,c) 

where  the  constant  K  and  the  sensitivity  index  m  are  both  functions  of 
the  grain  size  g,  see  Figure  1.  The  variable  N  is  a  function  of  the  strain 
rate,  [9]  and  gQ  is  the  initial  grain  size  for  0  <  t  £  10  min.  Incorpor¬ 
ating  plane  stress  and  incompressibility  assumptions  enables  the  cons¬ 
titutive  relations  for  a  membrane  shell  to  be  written  as. 


o 


m 


2  lit  C 


a{U6  nm 


(2) 


where,  in  terms  of  convected  coordinates  £a  (a=I,2)  is  the  membrane 
stress  resultant  over  thickness  t,  is  the  membrane  rate  of  deformation 

and  CaP  is  a  function  of  the  metric  tensor. 


The  governing  equilibrium 
expression  is  the  virtual  velocity 
equation, 

j  am  «Dap  "  -  \  P*v3  =  0  (3) 

A  A 

where  A  is  the  current  sheet  surface 
area,  p  the  pressure  and  v^  the 
velocity  normal  to  the  sheet.  In 
order  to  introduce  pressure  control, 
the  equilibrium  equation  is  augmented 
by  an  equation  that  constrains  the 
maximum  effective  strain  rate 
e o  as. 


Figure  1  Linearized  stress-strain 
relation  for  Ti-6A£-4V 


A 

o 

□ 

o 


L  (E  (v))  =  lQ  (4) 

where  L  is  a  suitable  function  weighting  the  strain  rates  E-  Discretization 
of  the  virtual  velocity  equation,  using  3-node  constant  stress  triangular 
elements,  yields  a  system  of  non-linear  differential  equations  in  time 
as, 

I  -  F(x,t)  -  0  (5) 

which  represents  the  equilibrium  balance  between  the  internal  stresses, 
discretized  as  T  and  the  applied  pressure  discretized  as  F.  Equations  (5) 
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are  solved  using  an  implicit  time  stepping  scheme,  see  Figure  (2)  which 
on  account  of  the  geometric  and  material  non-linearity  involved  requires 
the  use  of  a  Newton-Raphson  iteration,  summarized,  in  conjunction  with 
Figure  2  for  iteration  k  and  time  step  (n+1)  as, 


KT*  Avk 
-  n+1  -n+1 


-^^n+l  ,t;n+l^  ~  -^+1  ) » 


'Ti+i’-Ti+r 


where  the  tangent  stiffness  matrix. 


KT^ 

-n+1 


3T 


3vk 

-n+1 


3T 


3F 


3xk 

n+1 


a  k 
dx  1 1 
-n+1 


2V1 

•4* 


k+l 

ti+1 


k  k 

v  , ,  +  Av  , , 
-n+1  -n+1 


(6a, b) 


(6c) 


A  full  account  of  the  implicit  solution  procedure  will  be  presented  in 

[10). 


x  -  position 
u  -  displacement 
v  -  velocity 

xn.i  =  xn  +  Au 

Au  =  ((1-i)(x„-xn.1)/Atn**v1jAflw, 
U=1-Atlw1/(2Atn.1*Atn) 

For  constant 

Figure  2  Implicit  time  stepping  scheme 
Applications 

Both  examples  refer  to  the  forming  of  Ti-6Af-4V  sheet,  at  a  constant 
temperature  of  927°C,  with  an  initial  1mm.  thickness  and  initial  grain 
size  gQ  of  8pm.  The  grain  size  evolves  according  to  equation  (l,c)  with 
parameters  K  and  m  being  interpolated  from  Figure  (1).  The  dies  are  rep¬ 
resented  by  a  mesh  of  triangular  elements  and  sticking  friction  is  assumed 

Truncated  cone  The  base  and  top  diameters  of  the  cone  are  120  mm.  and 
60  mm.  respectively  and  the  height  is  55  mm.  A  quarter  mesh  comprising 
648  elements  and  361  nodes  was  used  to  model  the  sheet,  see  Figure  3(a). 
Experimental  and  computed  pressure  cycles  were  used  in  the  analyses,  the 
latter  being  for  a  constrained  maximum  of  3.5*10~4,  see  Figure  3(d). 

For  both  pressure  cycles  the  final  shape  and  thickness  distribution  were 
identical,  see  Figures  3(b)  and  (c),  where  an  excellent  agreement  between 
experimental  and  computed  thicknesses  is  observed.  The  effectiveness  of 
the  pressure  control  is  clearly  demonstrated  in  Figure  3(e)  where  the 
experimental  pressure  cycle  causes  a  dramatic  rise  in  the  strain  rate  in 
the  region  of  the  corner,  after  contact  is  made  with  the  top  of  the  die. 

In  addition,  with  pressure  control  the  forming  time  is  reduced  by  13. 4Z 
from  an  experimental  value  of  4400  secs.  On  a  VAX  11/750  the  CPU  times 
were  3042  and  2400  secs,  with  and  without  pressure  control,  respectively. 


pressure 


i 
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Figure  4  Superplastic  forming  of  a  truncated  ellipsoid  with  a  spherical 
indent;  (a)  geometry,  (b)  pressure  cycle,  (c)  final  thickness 
distributions,  (d)  deformed  shapes  at  various  forming  times. 


Truncated  ellipsoid  with  a  spherical  indent  In  tlus  hypothetical  example 
a  ISO  am.  by  100  am.  elliptical  sheet  is  formed  into  the  die  as  shown  in 
Figure  4(a).  Due  to  symmetry  a  quarter  mesh  comprising  856  elements  and 
465  nodes  is  used  to  model  the  sheet.  The  pressure  cycle,  shown  in  Figure 
4(b)  was  computed  for  a  constrained  maximum  lQ  of  3.5  *  10'^.  Figure  4(c) 
shows  the  thickness  distributions  along  the  major  (x)  and  minor  (y)  axes 
for  the  final  forming  time  of  4280  secs.  The  minimum  final  thickness  was 
0.53  mm.  and  the  maximum  final  grain  size  was  12.8  urn.  The  problem  took 
7800  CPU  secs,  on  a  VAX  11/750. 


Conclusions 


Close  agreement  with  the  experimental  results  together  with  the  ability 
to  simulate  the  forming  of  complex  shapes  indicates  the  potential  of  finite 
element  analysis  for  predicting  the  behaviour  of  superplastically  forming 
thin  sheet. 
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Abstract 

An  incremental  approach  based  on  equilibrium  of  a  wedge-shaped  segment 
of  the  wall  of  a  long  rectangular  pan  was  used  to  incorporate  sliding 
friction  into  a  closed-form  model  of  superplastic  forming  (SPF),  Using  a 
constitutive  relationship  where  flow  stress  depends  on  both  strain  and 
strain  rate,  strain  rate  was  shown  to  have  a  very  small  effect  on  the 
distribution  of  thickness.  It  was  also  found  that  a  critical  length  exists 
along  the  die  sidewall  within  which  sticking  will  occur.  The  magnitude  of 
this  critical  length  depends  upon  the  coefficient  of  friction  and  the 
aspect  ratio  of  the  die.  It  was  found  that  sticking  can  occur  over  most  of 
the  die  sidewall  even  when  the  coefficient  of  friction  is  low.  Experiments 
were  performed  where  the  depth  of  the  bulge,  for  deforming  sheet  which  has 
not  yet  touched  bottom,  was  measured  at  various  forming  times  with  boron 
nitride  as  a  lubricant  and  compared  with  depths  predicted  for  perfect 
sticking  and  perfect  sliding.  Both  the  model  described  above  and  the 
experimental  results  showed  that  the  assumption  of  sticking  used  in  simpler 
models  will  not  result  in  significant  error  in  predicting  thickness  when 
boron  nitride  is  used  as  a  lubricant. 
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Introduction 


A  model  of  the  superplastic  forming  (SPF)  of  a  long,  rectangular  box 
section  was  developed  and  verified.1'2  The  model  assumes  a  plane  strain 
condition,  a  cylindrical  bulge  profile,  that  only  unsupported  metal  deforms 
(sticking  friction)  and  uniform  thinning  in  the  deforming  sheet.  Improve¬ 
ments  to  the  earlier  model  of  Ghosh  and  Hamilton2  include  the  use  of  a 

constitutive  relationship  incorporating  _ 

both  strain  and  strain  rate  hardening  and 
a  modification  accounting  for  deviation 
from  plane  strain  resulting  from  a  less 
than  infinitely  long  die. 

The  good  agreement,  shown  in  Fig.  1, 
between  the  predicted  and  measured  thick¬ 
ness  distributions,  for  rectangular  pans 
of  two  aspect  ratios  formed  without  lubri¬ 
cation,  demonstrates  that  the  sticking 
friction  assumption  is  not  unreasonable 
when  no  lubricant  is  used.  However,  the 
time  to  form  a  pan  of  a  given  geometry 
would  be  expected  to  be  less  and  the 
thickness  gradients  in  the  pan  walls  and 
bottom  less  severe  when  an  effective 
lubricant  is  used.  Therefore,  a  method 
to  incorporate  sliding  friction  into  the 
plane  strain  model  of  SPF  was  developed. 


Predicted  end  Meesured  Thickness 
Distribution  -  Plane  Strain  Superplastic 
Forming  of  7475  Aluminum 
Figure  1 


Model  Description 

The  forming  operation  is  considered  to  occur  in  three  geometrical 
phases.  The  first  phase,  called  Region  I,  shown  in  Fig.  2,  consists  of 
bulging  the  sheet  into  a  cylindrical  shape,  with  no  contact  with  the  die 


Geometry  of  SPF 

Figure  2 


walls.  The  radius  of  curvature  of  the  cylinder  decreases  and  the  contact 
angle  increases  with  time  during  Region  I.  Region  I  ends  when  the  sheet 
first  becomes  tangent  to  the  die  walls.  The  second  phase,  called 
Region  II,  begins  with  tangency  to  the  die  walls  and  ends  with  contact  with 
the  die  bottom.  The  radius  of  curvature  decreases  slowly  with  time  and  the 
contact  angle  remains  constant  during  Region  II.  Region  III  begins  with 
contact  with  the  bottom.  Ihe  radius  of  curvature  decreases  more  rapidly 
with  time  and  the  contact  angle  still  remains  constant. 

Friction  results  in  a  thickness  gradient  along  the  die  walls  and 
bottom,  as  shown  in  Fig.  2.  When  sliding  is  allowed  at  the  wall/sheet 
interface,  metal  is  allowed  to  "feed  in"  to  the  unsupported  region  from  the 
region  of  contact,  so  that  not  only  the  unsupported  metal  is  deforming. 
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This  reduces  the  severity  of  the  thickness  gradient.  If  the  SPF  operation 
were  perfectly  frictionless,  then  at  any  instant  the  thickness  would  be  the 
same  at  any  location  in  the  pan. 

Thickness  strain,  e^,  can  be  related  to  thickness,  d,  and  original 
thickness,  d  ,  and,  for  plane  strain,  true  effective  strain,  e,  can  be 
related  to  thickness  strain  as  shown  below. 

6 3  -  *“(!;)  111  7  ‘  tI  E3  121 

True  effective  strain  can  also  be  obtained  by  integrating  the  true 
effective  strain  rate,  £,  over  tine,  t.  Combining  [3]  with  (1]  and  [2)  and 
rearranging  yields 

-  -  d 

e  «  et  [3]  d  =  - -  [4] 

exP(^7t) 

The  constitutive  law  used  assumes  that  the  true  effective  stress,  5, 
is  dependent  on  both  true  effective  strain  rate  and  true  effective  strain. 
Expressing  strain  by  [3] 

d  -  [ttf  [5) 

where  K,  m  and  n  are  material  parameters  called  the  flow  stress,  the  strain 
rate  sensitivity  exponent  and  the  strain  hardening  exponent,  respectively. 
The  strain  hardening  exponent  is  a  function  of  strain  rate  in  the  present 
model  for  7475-02  aluminum. 

From  geometry  in  Region  II  (see  Fig.  2),  considering  the  unsupported 
metal  as  a  cylindrical,  thin-walled  pressure  vessel 


r  ■  r  -  X  tan  ♦  [6] 


2  od 

P 


(71 


[8] 


where  r  is  the  radius  of  curvature,  r  is  the  radius  of  curvature  at  the 
end  of  Region  I,  x  is  the  distance  along  the  die  wall  from  the  top  theo¬ 
retical  sharp  corner,  $  is  the  draft  angle,  p  is  the  forming  pressure  and 
o  is  the  hoop  stress. 

If  the  SPF  operation  is  frictionless,  the  position,  x,  can  be 
calculated  according  to 


X  - 


d-d  r  9 
_1 _  t  1 

d  2-0i  tan  ♦ 


(9] 


where  0  and  d.)  are  the  contact  angle  and  thickness  at  the  end  of  Region  I. 
Values  at  the  end  of  Region  I  can  be  calculated  from  geometry  and  volume 
constancy. 


Incremental  Approach 

At  a  given  time  t,  such  that  the  process  is  in  Region  II,  the 
incremental  scheme  is  as  follows. 


1.  calculate  d  from  [4] 

2.  calculate  X  for  frictionless  conditions  from  (9] 

3.  calculate  i_  from  [6] 

4.  calculate  a  from  (5! 

5.  calculate  p  from  [7] 

6.  calculate  from  [81 

Friction  is  incorporated  by  using  the  free  body  diagram  shown  in 
Fig.  3.  At  the  point  of  tangency  with  the  die,  the  hoop  stress  times 
the  thickness  glveB  the  force  per  unit  length  for  the  first  element.  The 
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force  at  the  other  end  of  the  element  can  then  be 
calculated  from  equilibrium.  fte  new  thickness 
depends  on  the  stress-strain  relationship  as 
shown  below: 


^3  F(I+1,J) 
2  d ( 1+1 , J) 


0(1+1 ,J) 


(10) 


where  J«=1  means  that  the  first  estimate  of  pres¬ 
sure  was  based  upon  the  frictionless  thickness 
distribution  and  I  is  the  element  number. 


o(l+l,j)  =  K£® 


[11] 


*i+i.  J) 

FrM  Body  Diagram 
Ftgur*  3 


which  leads  to 

d(I+1 ,J ) 


i/T  F(I  +  1,J) 


— m 

2KE 


[12] 


which  is  solved  numerically.  Hie  volume  of  each  element  in  contact  with 
the  die  wall  is  subtracted  from  the  initial  volume,  and  this  remainder  is 
used  to  calculate  the  new  unitorm  thickness  in  the  unsupported  region.  If 
there  are  n  elements,  this  is  called  d(n,2).  A  new  hoop  stress  is  calcu¬ 
lated  using  steps  4-6  of  the  six  step  procedure  outlined  above.  A  new 
force  F(n,2)  is  then  calculated,  [12]  is  applied  and  d(n,3)  is  calculated. 
This  procedure  is  repeated  20  times,  although  convergence  usually  occurs  in 
15  iterations.  A  similar  procedure  is  described  by  Ghosh  and  Hamilton.® 

For  frictionless  condition  the  six  step  procedure  can  be  applied 
without  Incrementation  or  iteration.  For  perfect  sticking,  an  analysis  was 
made  based  on  another  procedure  of  Olosh  and  Hamilton.1*  Assuming  that  only 
unsupported  metal  deforms,  the  procedure  is  the  same,  except 


X 


[13] 


where 


2-6. tan^ 

6  -  s — — 
6  tan$ 


[14] 


An  incremental,  iterative  approach  is  not  required  in  the  case  of  perfect 
sticking. 

Results 

The  strain  distribution  is  shown  for  perfect  sliding  (u^O),  perfect 
sticking  (u=0.577)  and  for  u»0.20  for  a  pan  with  an  aspect  ratio  of  1.00  in 
Fig.  4.  (Aspect  ratio  is  used  to  define  the  geometry  of  the  pan.  For 
aspect  ratios  greater  than  2  the  sheet  will  touch  bottom  before  touching 
the  sides.  For  aspect  ratios  less  than  2,  the  reverse  is  true.) 

The  distributions  shown  in  Fig.  4  are  up  to  the  end  of  Region  II  only. 
As  expected,  the  perfect  sliding  case  shows  no  thickness  gradient.  It  was 
found  that,  for  AR«1.00,  for  a  coefficient  of  friction,  u  >  0.24  there 
exists  a  critical  length  along  the  die  wall  within  which  sticking  will 
occur  (see  X  in  Fig.  2).  This  critical  length  is  a  function  of  aspect 
ratio  and  coefficient  of  friction.  A  similar  phenomenon  occurs  in 
forging.®  It  was  shown  analytically  that  sticking  can  occur  over  a 
majority  of  the  contact  region,  even  for  very  low  coefficients  of  friction. 

The  material  properties  of  strain  rate  sensitivity,  m,  and  flow 
stress,  K,  were  found  to  have  no  effect  on  the  strain  distribution.  Strain 
rate  affected  the  strain  distribution  slightly,  as  shown  in  Fig.  5,  when 
the  coefficient  of  friction  was  0.2.  For  sticking  friction,  strain  rate 
has  no  effect  on  the  strain  distribution,  nor  do  strain  rate  sensitivity, 
strain  hardening  or  flow  stress.  Only  geometry  affects  strain  distribution 
for  sticking  conditions. 
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The  Effect  of  Friction  on  Strain  Dlatribution 
Plane  Strain  SPF  Model  Prediction!  with 
Sliding  Friction  Incorporated 
Figure  4 


The  Effect  of  Strain  Rate  on  strain  (Retribution 
Plane  Strain  SPF  Model  Prediction!  with 
Sliding  Friction  Incorporated 
Figure  5 


The  pressurization  schedule  required  to  maintain  a  constant  true 
strain  rate  for  a  pan  with  an  aspect  ratio  of  1.00  is  shown  in  Fig.  6  for 
perfect  sticking  and  perfect  sliding. 

■there  is  no  difference  in  pres¬ 
sure  at  a  given  time  until  Region  XXI. 

However,  the  depth  of  the  pan  at  a 


The  Effect  of  Friction  on  Pressurization  Schedule 
Figure  S 


Forming  Tim*  (Minute*) 

The  Effect  of  Friction  on  Pressurization  Schedule 
for  Tl-SAMV  Plane  Strain  SPF  Model  Prediction! 
(From  Ghosh  S  Hamilton) 

Figure  7 


given  time  will  vary  with  friction.  Most  failures  during  forming  occur 
during  Region  III,  so  the  pressure  profile  during  that  stage  is  important. 

The  effect  of  friction  on  the  pressure  profile  predicted  by  the  model 
of  Ghosh  and  Hamilton  is  shown  in  Fig.  7  for  a  shallow  pan.  The  difference 
in  pressure  profile  during  Regions  I  and  XX  is  due  to  sliding  over  the  die 
profile  radius  on  metal  feeding  into  the  die  from  outside  the  die,  but  in¬ 
board  of  the  clamping  bead.  The  current  model  assumes  a  zero  die  radius 
(sharp)  and  that  clamping  occurs  at  these  theoretical  sharp  corners. 
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Experimental  Results 

The  pressurization  schedule  which  must  be  maintained  in  order  to 
result  in  a  true  effective  strain  rate  of  0.0002  sec-1  and  an  aspect  ratio 
of  0.75  is  shown  in  Fig.  6  for  perfect  sliding.  These  curves  are  nearly 
coincident  up  to  the  point  where  contact  with  the  bottom  of  the  die  first 
occurs.  Fig.  8  shows  the  depth  of  the  formed  pan,  for  the  same  forming 
conditions,  as  a  function  of  time,  up  to  contact  with  the  die  bottom  for 
perfect  sliding  and  perfect  sticking.  These  curves  start  to  diverge  when 
the  sheet  first  contacts  the  die  wall. 

SPF  tests  were  performed  following 
the  pressure/time  schedules  shown  in 
Fig.  6  up  to  times  less  than  that  at 
which  contact  with  the  bottom  would 
occur.  Boron  nitride  was  used  as  a 
lubricant.  The  results  of  the  exper¬ 
iment,  shown  in  Fig.  8,  indicate  that 
the  sticking  model  accurately  simulates 
the  SPF  process,  even  when  a  lubricant 
is  used.  The  effect  of  friction  on 
forming  time  predicted  by  Ghosh  and 
Hamilton3  does  not  necessarily  contra¬ 
dict  this  result.  This  result  may  only 
mean  that  the  low  coefficients  of 
friction  used  by  Ghosh  and  Hamilton  in 
their  model  cannot  be  achieved  exper¬ 
imentally  for  aluminum,  even  with  a  good 
lubricant. 

Conclusi ons 

Because  strain  rate  has  little  effect  on  strain  distribution,  the 
pressurization  schedule  used  during  SPF  will  affect  producibi lity  only 
through  the  effect  of  strain  rate  on  superplastic  formability.  Since  a 
sample  well  coated  with  boron  nitride  was  shown  not  to  violate  the  sticking 
assumption,  any  overspray  of  the  sealing  flange  area,  which  must  be  coated 
to  aid  in  removing  the  part  from  the  die,  will  not  result  in  changes  in  the 
thickness  distribution  which  could  cause  a  deviation  from  the  desired 
strain  rate  when  a  pre-speci f ied  pressure-time  relationship  is  used.  The 
validity  of  the  assumption  that  sticking  occurs  whenever  the  sheet  touches 
the  die  will  greatly  simplify  the  development  of  models  to  analyze  more 
complex  shapes.  Demonstration  that  sticking  can  occur  even  with  low  coef¬ 
ficients  of  friction  indicates  that  efforts  to  develop  a  high  temperature 
lubricant  will  not  likely  have  much  effect  on  strain  distribution  in  SPF 
parts. 
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Abstract 

Bulge  forming  of  domes  has  been  performed  to  investigate  the 
superplastic  behaviour  of  aluninium  alloy  7475  sheet  material  under  biaxial 
stress  conditions.  The  variations  of  done  height,  thickness  distribution, 
and  dome  geometry  have  been  examined  experimentally.  It  was  observed  that 
dome  height  varied  with  time  in  a  non-linear  manner  at  a  constant  forming 
pressure.  Both  the  thickness  distribution  and  dome  geometry  were  a 
function  of  dome  height.  The  strain-rate  sensitivity  parameter,  m,  has 
been  found  to  play  an  important  role  in  thickness  distribution.  Modelling 
of  the  forming  process  has  been  carried  out  to  predict  the  bulging 
behaviour.  The  variation  of  thickness  at  any  point  on  a  dome  has  been 
analytically  expressed  as  a  function  of  strain  rate  sensitivity,  m,  and 
dome  height.  A  significant  improvement  in  thickness  distribution  along 
the  dome  profile,  in  the  variation  of  thickness  distribution  with  dome 
height,  and  in  the  forming  time-height  relationship  has  been  obtained  in 
the  present  model,  compared  with  the  predictions  of  previous  theoretical 
models  of  the  forming  process. 


Superplestidly  and  Superplastic  Forming 
Edited  by  C.H  Hamilton  and  N,  E  Paton 
The  Minerals,  Metals  A  Material,  Society,  1988 


Introduction 


In  recent  years  superplastic  forming  (SPF)  has  become  a  well 
established  advanced  shaping  technique  ( 1 ) .  Comae rcial  SPF  processes 
usually  involve,  at  least  in  the  early  stages,  the  bulge-forming  of  simple 
domes.  It  is,  therefore,  of  significance  to  examine,  both  experimentally 
and  theoretically,  the  forming  process.  Early  work  on  the  bulge  forming  of 
domes  has  shown  an  important  feature  to  be  the  non-uniform  thickness  along 
the  dome  profile  (2,3).  The  distribution  of  thickness  varies  with  dome 
height  and  with  strain  rate  sensitivity,  m.  However,  previous  theoretical 
analyses  have  not  considered  the  variation  of  thickness  (4,5),  are  based  on 
the  incorrect  assumption  of  a  balanced  biaxial  stress  state  (2,6-8),  or 
require  extensive  and  tedious  calculations  using  interative  or  numerical 
methods  ( 3 ) . 

The  present  work  has  involved  an  experimental  and  theoretical 
investigation  of  the  bulge-forming  of  altminivm  alloy  7475  at  constant 
pressure,  with  particular  interest  in  the  following:  (a)  The  variation  of 
dome  height  with  forming  time.  (b)  Thickness  non-uniformity  and  factors 
influencing  the  non-uniformity.  (c)  The  geometry  of  dome  profiles 
(experimental  only). 


Experimental 

Discs  of  65  nm  in  diameter  were  machined  from  sheet  material,  with  a 
thickness  of  1.5  im.  Each  specimen  was  clamped  between  two  hollow  dies  and 
was  bulged  at  516 'C  using  gas  pressure,  which  was  automatically  maintained 
to  an  accuracy  of  ±3%  by  a  microcomputer  through  a  control  system  ( 9 ) . 
Domes  were  formed  into  the  die  cavity,  which  was  40  nm  in  diameter,  to 
various  heights  up  to  30  ran.  The  domes  were  sectioned  through  a  meridian 
plane,  and  the  dimensions  were  measured  using  an  optical  microscope. 

Theoretical 


As  seen  in  Fig .  1 ,  bulge  forming  involves  an  equibiaxiaLl  stress  state 
at  the  dome  apex,  with  the  principal  stresses  oc,  ot  and  os,  given  by: 

°C  =  °t  =  4§“  (h  +  h);°s=o 

a 

where  subscripts  c,  s,  and  t,  refer  to  the  circumferential,  thickness,  and 
tangential  directions,  respectively;  P  is  the  forming  pressure;  B  is  the 
die  radius;  h  and  Sa  are  the  height  and  the  apex  thickness,  respectively, 
of  a  dome,  and  H  is  the  relative  dome  height  (h/B). 
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If  a  dome  is  assuned  to  be  spherical,  and  the  braiding  and  shearing 
effects  are  ignored,  the  stresses  at  the  dome  periphery  can  be  determined 
from  the  condition  of  plane  strain  deformation  which  may  be  expressed  as, 

°c  =  r  =  ( H  +  h  ]  ;  °s  =  0  (2) 

p 

where  Sp  is  the  thickness  at  the  periphery.  At  other  positions  on  a  dome, 
oc  needs  to  be  determined. 

A  study  of  plastic  hole  growth  along  a  dome  profile  has  shown  that  the 
ratio  of  hole  dimensions  in  the  circumferential  and  tangential  directions 
increases  logarithmically  with  the  relative  position  (height),  hj/h,  of  the 
hole  on  the  dome  profile  (9);  h|  is  the  height  of  the  hole  above  the  dome 
periphery.  Since  the  plastic  holes  are  stress  related,  it  may  be  assumed 
that  the  ratio  of  the  circuaferential  and  tangential  stresses  also  varies 
with  h^/h  in  a  logarithmic  manner.  By  using  the  boundary  conditions  given 
by  equations  (1)  and  (2)  we  have 

o  r  h.  . 

~  1  =  lo^  [  <M  -  V/M  )  —  +  \/M  J  (3) 

where  M  is  a  positive  integer  larger  than  1,  and  may  depend  on  the  strain 
rate  sensitivity  of  a  material;  M  =  10  has  been  found  to  be  appropriate  for 
the  alloys  employed  here  (9). 

From  the  constitutive  equation  for  superplasticity,  c  s  AO11  (n  =  1/m), 
and  the  concepts  of  effective  stress  and  effective  strain  rate,  and  the  von 
Mises  flow  rule,  the  thickness  strain  rate,  ea,  at  any  point  on  a  dome  can 
be  obtained  as 

«.=  -*[?["*b)]  (*?)  s- 

The  above  equation  shows  that  the  variation  of  thickness  along  the  dome 
profile  not  only  depends  on  the  dome  height,  H,  but  also  on  the  material 
parameter  n  or  m  (=l/n),  and  the  sub-structure  related  parameter,  A.  By 
further  considering  a  group  of  geosietric  relationships  for  a  spherical 
dome,  and  regarding  the  dome  as  consisting  of  a  series  of  annuli  with  the 
thickness  being  constant  in  each  annulus,  the  forming  process  can  be 
predicted.  Hie  values  used  in  the  model  are;  m  =  0.53  and  A  =  3.17  x  lO-^, 
for  the  corresponding  strain  rate  range  of  10“^  -  10”^  s”l. 

Results 


The  variation  of  relative  dome  height,  H,  with  time  t,  for  different 
pressures  is  shown  by  the  experimental  data  points  in  Fig.  2,  where  a 
sigmoidal  trend  of  variation  of  height  is  observed.  Theoretical 
predictions  of  Al-Hassani  et  al  (A-H  model)  (6),  Ragab  (7)  and  the  present 
analysis  are  also  shown.  The  agreement  between  the  theories  and  experiment 
is  reasonable,  with  a  small  improvement  being  observed  for  the  present 
model.  Moreover,  the  A-H  model  is  only  valid  for  H  <  1  and  Ragab’s  model 
produces  a  discontinuous  variation  of  dome  height  at  H  =  1 . 

A  dome  cross  section  is  shown  in  Fig.  3,  snd  it  is  seen  that  thickness 
decreases  from  the  periphery  of  the  dome  to  its  apex.  A  thin  section 
observed  at  the  clamped  (bottom)  corner  is  due  to  bending  and  stretching 
effects.  The  variation  of  the  absolute  value  of  thickness  strain,  c,  along 
the  dome  profile  is  plotted  against  relative  position,  h^/h,  on  the  dame, 
Fig.  4.  It  appears  that  the  thickness  strain  (absolute  value)  increases 
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non-imiformity  reflected  by  the 
difference  of  apex  and 
periphery  strains,  increases 
with  dome  height.  The  present 
model  gives  improvement  with 
experiment,  compared  with  the 
earlier  analyses. 

The  actual  geometry  of 
dome  profiles  varies  with  dome 
height  (9).  The  profile  is 
flatter  than  a  spherical  shape 
when  H  <  1 ,  sharper  than  a 
spherical  form  when  H  >  1,  and 
spherical  at  H  *  1 .  An  example 
is  shown  in  Fig.  6,  where  data 
points  outline  half  of  a  dome 
profile;  the  adjacent  curve  is 
a  circular  arc  through  the  dome 
apex  and  the  last  point  of 
contact  with  the  die  wall. 

0  5  <0  ts  20  25 

Die  Redkie.  mm 

Fig.  6.  Dome  geomery  versus  relative  height. 

Discussion 


As  noted  in  equations  (1)  and  (2),  relatively  higher  stresses  are 
encountered  both  in  the  early  stages  of  forming,  because  H  is  very  small, 
and  in  the  later  stages  of  forming,  due  to  the  large  decrease  in  thickness. 
This  leads  to  high  strain  rates  in  these  stages,  and  so  results  in  a 
sigmoidal  variation  of  dome  height  with  time,  Fig.  2. 

Due  to  the  constraint  at  the  dome  periphery,  different  stress  levels 
are  observed  even  in  the  initial  stageB  of  forming,  as  indicated  in 
equation  (1)  arei  (2).  It  is  the  stress  difference  which  is  responsible  for 
the  occurrence  of  the  non-uniformity  of  dome  thickness,  as  observed  in  Fig. 
4.  This  thickness  gradient  leads  to  further  differences  in  the  stresses. 
Therefore,  the  greater  the  dome  height,  the  larger  the  non-uniformity  of 
thickness,  Fig.  5. 


From  equations  (3)  and  (4),  the  ratio  of  the  thickness  strain  rates  at 
the  dome  apex,  ea,  and  dome  periphery,  cp,  can  be  shown  as 


P 


(5) 


Hence,  the  higher  the  value  of  m,  the  smaller  the  strain  rate  difference 
and  the  less  the  non-uniformity  of  thickness. 


The  main  difference  between  the  present  model  and  the  two  models 
examined  is  that  the  former  has  taken  account  of  the  effect  of  m  value  on 
thickness  distribution.  The  latter  two  analyses  only  predict  a 
geometry-related  variation  of  thickness  (6,7).  The  satisfactory  agreement 
between  the  present  theory  and  experiment  indicates  that:  (a)  the  model  is 
relatively  suitable  for  the  forming  process  and  (b)  the  strain  rate 
sensitivity  parameter,  m,  plays  an  important  role  in  the  dome  thickness 
distribution.  The  variation  of  dome  profile  is  probably  due  to  the  effects 
of  the  large  initial  stresses,  the  superplastic  characteristics  of  the 
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material ,  and  the  geometry  of  stress  state  ( 9 ) . 


Conclusions 


(1)  For  a  constant  bulging  pressure,  the  dome  height  increases  sigmoidally 
with  time.  The  geometry  of  the  dome  profile  is  a  function  of  dome  height, 
and  can  be  flatter  or  sharper  than,  or  equivalent  to,  a  spherical  shape. 

(2)  For  a  bulge  formed  dome,  the  thickness  strain  seems  to  vary  linearly 
with  the  height  of  a  reference  point  measured  from  the  dome  periphery.  The 
non-uniformity  of  thickness  increases  with  dome  height. 

(3)  The  strain  rate  sensitivity  parameter,  m,  plays  an  important  role  in 
the  thickness  distribution  of  bulge-formed  shapes.  The  higher  the  value  of 
m,  the  less  the  non-uniformity  of  thickness. 

(4)  A  model  for  the  bulge  forming  of  domes  has  been  established,  which 
takes  account  of  the  effect  of  m  value  on  the  forming  process  and  yields 
satisfactory  agreement  with  experiment.  Improvement  upon  previous  analyses 
has  been  achieved  (6,7).  The  present  model  can  be  easily  modified  for  use 
in  the  bulge  forming  of  other  shapes. 
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A.  STUDY  ON  SUPER  PLASTIC  ALLOY  SHEET  BULGING 


UNDER  THE  MICROCOMPUTER  CONTROL 


Tao  Shuxue  Ma  Longxiang 
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Shenyang,  China 


Abstract 

In  our  investigation,  a  simple  approach  to  derive  the  op¬ 
timal  forming  pressure  vs.  forming  time  relationship  for  con¬ 
stant  strain  rate  bulging(C. S. R. B)  process  including  free  bulg¬ 
ing  of  a  circular  membrane,  bulging  into  a  cylindrical  die, 
and  bulging  into  a  v  shaped  groove  was  presented.  A  microcom¬ 
puter  system  was  set  up  to  fulfill  the  smoth  and  automatic  con¬ 
trolling  of  the  changing  of  pressure  with  time  to  maintain 
strain  rate  constant  during  a  forming  process.  Experiment  was 
conducted  for  both  free  bulging  and  cavity  bulging( bulging  in¬ 
to  a  top  hat)  of  two  different  superplastic  alloy  sheets,  7075 
and  ZnA15  eutectic.  Comparision  of  thickness  distribution  of 
the  bulged  profile  was  made  between  constant  pressure  and  con¬ 
stant  strain  rate  forming.  The  reason  of  the  more  uniform  thick¬ 
ness  distribution  achieved  by  C.S.R.B  was  explained  with  em¬ 
phasis  on  the  effect  of  dynamic  strain  rate  hardening  caused 
by  small  fluctuation  of  strain  rate. 

Introduction 


Since  Jovane  (l)  presented  the  concept  of  constant  strain 
rate  bulging( C . S . R . B )  and  indicated  that  constant  pressure  form¬ 
ing  was  unacceptable  due  to  the  wide  variation  of  strain 
rate  during  the  forming  process,  the  method  and  mathematical 
analysis  have  been  well  developed  by  Hamilton,  etc. (2,3)  for 
C.S.R.B  process.  The  constant  pressure  bulging  can  cause  se¬ 
vere  strain  rate  variation  in  some  areas  of  the  bulging  profile 
and  so  the  severe  thining  or  even  fracture  in  these  areas 
because  m  is  not  constant  and  the  strain  rate  hardening  effect 
has  not  been  fully  utilized  during  the  bulging  process.  While, 
on  the  other  hand,  the  C.S.R.B  can  control  the  superplastic 
alloy  sheet  to  deform  in  its  optimal  superplastic  conditions 
by  maintaining  a  optimal  constant  strain  rate  at  the  critical 
point  so  a  sufficiently  high  m  value  is  maintained,  and  this 
results  in  that  forming  times  are  saved,  formability  improved 
and  more  uniform  thickness  distribution  of  the  bulged  profile 
obtained. 

Fields  and  Stewart  (4)  had  given  an  interesting  analysis 
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of  strain  hardening  and  softening  effect  on  m  value  and  thick¬ 
ness  distribution  of  the  superplastically  formed  components. 

In  this  paper,  we  first  established  the  optimal  pressure  vs. 
t  relationship  by  a  simple  theoretical  approach.  Bulging  experi¬ 
ments  were  then  conducted  under  the  control  of  a  microcompu¬ 
ter  system.  By  extending  the  explanation  made  by  Fields,  we 
can  explain  the  effect  of  dynamic  strain  rate  hardening  on 
the  thining  characteristics  of  the  bulging  profile  during  the 
C.S.R.B  process. 


Theoretical  Approach 


As  shown  in  Fig.  1,  the  optimal  pressure  vs.  time  rela¬ 
tionship  for  these  three  stages  was  derived  under  the  assump¬ 
tion  of  constant  volume,  uniform  thining( except  for  those  parts 
contacted  the  die  in  the  second  and  third  stages),  and  Von 
Mises  criterion  being  valid  for  the  tested  materials.  The  fa¬ 
miliar  relationship£>-*K£  was  us£d  in  which  thec^and  £  were 
substituted  by  effective  stress  and  strain  rate  respectively. 

The  detailed  description  was  presented  elsewhere  (5). 


Fig  1  -  Diagram  of  sections  of  the  bulged 
profile  of  a  top  hat  at  three  different  stages  (a) 
free  bulging,  (b)  bulging  into  a  cylindrical  die 
(c)  corner  filling. 


The 


so  derived 
P1 


P 


vs . 

U&E 


t  relationships  are  as  follow 


i_So  (ex.p(gt  -  l)1/2 
R  exp(2£t) 


P2  *  Kg’"  -jp-  exp(-£t) 

P3  =  Kg"1  -|^  exp(2 . 303^gt  ) 


(1) 

(2) 

(3) 


Where  R  is  the  radius  of  the  die.  So  is  the  initial  thickness 
of  the  bulged  sheet.  These  equations  can  be  connected  to  pro¬ 
duce  a  profile  similar  to  that  by  Hamilton  or  Bampton  (6), 
with  or  without  backpressure. 


Experimental 


Materials 


The  Zn-3Al-0. 03Mg  eutectic  which  has  a  very  good  capacity 
for  electroplating  was  prepared  by  homogenizing  and  hot  then 
cold  rolling  of  ingots  with  dimensions  of  80*200x300  mm  into 
2.0  mm  thick  superplastic  sheets.  The  alloy  has  a  maximal  m 
value  of  0.65  at  the  strain  rate  of  8. 33x10“ 3  l/s  and  330'C. 
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The  7075A1  was  prepared  by  TMTA  method  (7)  into  final  thickness 
of  2.0  mm  with  m  value  about  0.82  at  a  strain  rate  of  8.33x10  ** 
1/s  and  516  *C. 

Testing  Set 

The  testing  set  was  made  up  with  a  microcomputer  system 
and  a  superplastic  bulging  set  as  shown  in  Pig.  2.  The  control 


Pig.  2  -  The  scheme  of  the  testing  set 

sysjtem  is  a  real-time,  closed-loop  system.  After  the  parameters 
of  £,  m,  K,  So  were  input  into  the  computer,  the  computer  began 
to  compute  according  to  the  equations  (l),  (2)  and  (3)>  thus  a 
p  vs.  t  profile  was  built  up  in  the  computer.  When  the  control 
system  began  to  work,  the  computer  drove  the  step-motor  to  open 
the  valve  of  the  gas  source.  Transducer  1  and  2(for  monitoring 
the  backpressure)  were  used  to  receive  fadebacks  and  to  provide 
gas  pressure  information  to  the  computer.  The  bulging  set  con¬ 
sisted  of  a  furnace,  a  die  with  50  mm  radius  and  a  moveable 
depth  and  a  temperature  control  unit. 

Bulging  Test 

Bulging  tests  were  made  with  the  prepared  ZnA15  and  7075 
alloy  sheets  at  constant  pressure  and  different  constant  strain 
rates.  The  sheets  were  cut  into  140  mm  diameter  blanks.  Blanks 
were  clamped  against  the  die  and  held  for  15  min.  prior  to  bulg¬ 
ing.  Thickness  measurements  along  the  profile  of  the  formed 
parts  were  made. 


Results  and  Discussion 

We  select  some  typical  test  results  here  as  shown  in  Fig. 
3,  k,  5.  It  is  obviously  seen  that  the  thickness  distribution 
of  the  hemispheres  and  top  hats  formed  by  C.S.R.B  is  much  more 
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Fig.  3-Final  thickness  over  Fig.  4-Thickness  distribution 
original  thickness  vs.  frac-  of  hemispheres  formed  at  three 
tional  height  for  hemisphere  different  constant  strain 
formed  at  constant  pressure  rates, 
and  constant  strain  rate. 


Distance  from  pole  (mm  ,'  Lor  Strain  Kate 


Fig.  5-Thickness  strain  of  Fig.  6-Schematic  representation 
top  hats  of  different  depths  of  the  effect  of  strain  harde- 
formed  by  constant  pressure  ning  and  small  strain  rate 
and  constant  strain  rate.  fluctuation  on  flow  stress. 

uniform  than  that  formed  by  constant  pressure.  While  for  C.S. 
R.B,  the  thickness  distribution  of  the  components  formed  at 
optimal  constant  strain  rate  which  represents  a  higher  m  value 
has  advantage  over  that  formed  at  other  strain  rates 
lower  m  value. 

The  uniform  thickness  achieved  by  C.S.R.B  has  been  gener¬ 
ally  explained  as  a  result  of  maintaining  the  sheet  deforming 
in  optimal  superplastic  conditions.  However,  if  the  strain  rate 
is  maintained  absolutely  constant  in  the  critical  area  during 
forming  process  and  the  flow  stress  is  also  constant,  this  area 
should  deform  more  easyly  than  other  areas.  We  would  have  not 
expected  the  uniform  thickness  distribution  being  achieved.  A 
dynamic  process  should  be  involved  for  the  explanation  of  this 
phenomina. 

As  shown  in  Fig.  6  after  Fields  and  Stewart  mainly,  We 
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assume  that,  because  of  the  accuracy  of  the  control  system  and 
this  Is  really  the  case  In  our  research,  the  forming  strain 
rate  Is  not  maintained  constant  at  point  C,  but  a  small  fluc¬ 
tuation  of  strain  rate  occurs,  i.e.,  the  strain  rate  is  only 
quasi-constant.  Therefore,  for  alloys  exhibiting  strain  hard¬ 
ening  during  the  superplastic  deformation  process  as  ZnA15  and 
7075  in  our  research,  the  flow  stress  will  go  through  a  C-D 
and  a  C-D'  cycle.  The  dynamic  strain  rate  hardening  effect 
occurs  in  the  C-D  cycle.  The  increase  of  flow  stress  and  m  val¬ 
ue  will  slow  up  the  critical  area  of  the  bulged  profile  to 
deform  and,  relatively,  to  drag  the  areas  close  to  the  clamped 
edge  to  deform.  This  results  in  the  increased  uniformness  of 
the  thickness  distribution  of  the  formed  parts.  For  alloys 
that  exhibit  no  strain  hardening  and  strain  softening,  the  stress 
will  change  along  i-B  line,  and  the  m  value  under  this 
condition  would  be  constant.  If  the  alloy  exhibits  strain  soft¬ 
ening  the  flow  stress  will  go  through  C-E  and  C-E'  cycles. 

At  the  last  two  cases,  the  level  of  the  dynamic  strain  rate 
hardening  effect  would  be  lower  than  that  in  alloys  exhibiting 
strain  hardening. 


Summary 

A  simple  approach  to  derive  the  optimal  forming  pressure 
vs.  time  relationship  for  C.S.R.B  process  was  presented  in  our 
investigation  with  a  microcomputer  control  system  setting  up 
to  fulfill  the  control  process.  The  aim  of  which  was  to  develop 
a  way  for  industrial  application  of  the  C.S.R.B  method. 

The  thickness  distribution  of  the  parts  formed  by  the 
optimal  Constant  strain  rate  bulging  process  was  more  uniform 
than  that  formed  by  constant  pressure  and  non-optimal  constant 
strain  rates.  This  has  been  explained  by  the  effect  of  dynamic 
strain  rate  hardening. 
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Abstract 


Based  on  the  study  of  forming  method  and  superplasticity  of  Ti-6Al- 
-4V  alloy,  a  superplastic  forming  procedure  of  Ti-alloy  global  spherical 
vessel  is  suggested  in  this  paper.  The  experimental  results  point  out 
that  the  suggested  superplastic  forming  procedure  is  better  than  other 
process  in  product  quality  and  decreasing  consumed  materials.  The  method 
details  of  forming  global  seamless  spherical  container  is  also  introdu¬ 
ced  here. 
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Introduction 


Because  of  its  higher  strength,  lower  density  and  better  corrosion 
resistance,  Ti-alloy  is  used  widely  for  chemical  industry,  navigation, 
airspace  and  other  industries.  But,  on  the  other  hand,  the  application 
is  limited  by  its  disadvantages,  such  as  larger  deformation  resistance, 
lower  formability  and  difficulty  of  working. 

It  is  found  that  the  Ti-alloy  with  finer  grain  has  better  plastic 
deformation  capability,  and  its  elongation  is  over  1000%  under  proper 
temperature  and  strain  rate.  It  is  also  found  that  the  effect  of  grain 
size  on  its  superplasticity  is  small.  This  fact  provides  a  new  method  to 
make  Ti-alloy  parts,  i.e.  superplastic  forming. 

The  Ti-alloy  spherical  vessels  are  very  useful  parts  because  of  its 
significant  advantages  due  to  its  shape,  such  as  the  largest  volume  and 
the  best  stress  state.  The  shape  of  the  vessel  is  shown  in  Fig.l.  A 
type  of  materials  used  for  making  the  vessel  is  Ti-6A1-4V  alloy. 

Some  Forming  Methods 

The  small  spherical  vessel  with  pipe  joint  can  be  made  by  means 
of  forging,  and  its  technological  process  is  shown  in  Fig. 2.  That  is 
the  die  forging  of  two  half  spherical  vessels,  cutting  by  copy  lathe 
and  welding  them  into  a  global  spherical  vessel.  The  characters  of  this 
method  are  simple  process,  accurate  part  size  and  finer  part  exterior, 
but  it  also  has  some  disadvantages:  wasting  a  lot  of  material,  lower  pro¬ 
duction  efficiency,  no  uniform  microstructure  and  instability  of  product 
quality. 


Fig.l  Spherical  vessel 


Fig. 2  Process  of  die  forging 


For  the  spherical  vessel  without  piper  joint  or  the  vessel  allowing 
welding  the  piper  joint,  the  deep  drawing  is  often  adopted,  its  tech¬ 
nological  process  is  shown  in  Fig. 3.  The  procedure  include  punching 
sheet,  deep  drawing  two  half-spherical  shells  and  welding  them  into  a 
global  spherical  vessel.  High  use  factor  of  material  and  simple  ope¬ 
ration  are  advantages  of  this  method.  But  it  is  difficult  to  obtain  more 
accurate  size  of  products. 
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Fig. 3  Process  of  drawing  forming 


Superplastic  Forming 

The  development  of  superplastic  technology  provids  convenience  for 
making  Ti-alloy  parts.  The  experimental  curves  of  flow  stres?  (7  and  ten¬ 
sile  elongation  S  vs  temperature  under  strain  rate  £=1x10  3  /second 
are  shown  in  Fig. 4.  From  this  figure  it  can  be  seen  that  a  optimal  tem¬ 
perature  corresponding  to  the  best  plasticity  is  1193— 1213K,  the  largest 
tensile  elongation  is  1 300-i400%  . 


Fig. 3  Process  of  superplastic  forming  using  sheet 

The  technological  process  of  superplastic  forming  the  spherical  ve¬ 
ssel  using  sheet  is  shown  in  Fig. 5.  Based  on  the  diameter  of  spherical 
vessel  the  blank  dimensions  can  be  determinated,  and  a  experimental  for¬ 
mula  is 

D.=(1.4~1.5)  D 
b  s 

where  D  is  the  diameter  of  blank,  and  D  is  the  diameter  of  the  sphere. 

A  circular  hole  of  dia.  6mm  is  made  at  tfie  centre  of  a  blank,  and  then  a 
pure  titanium  pipe  with  outer  dia.  6mm  is  connected  to  the  hole  by  argon 
arc  welding.  Put  the  blank  with  the  pipe  on  another  blank  and  weld  them 
along  their  outer  edges  for  sealing  by  argon  arc  welding.  Thus  a  global 
blank  is  completed.  Putting  it  into  a  special  die,  it  is  heated  up  to 
1203T  10K  in  a  special  press  for  superplastic  forming.  Argon  with  pressure 
of  6-14kg/cm2 f rom  the  Ti-pipe  comes  into  the  blank  and  the  bulging 
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begins.  After  a  period  of  time  the  part  is  formed  and  is  taken  out  from 
the  die,  its  profile  is  shown  in  Fig. 6,  the  two  half  spherical  shells 
are  welded  into  a  spherical  vessel  we  wanted.  The  pipe  joint  machined 
according  to  the  technological  requirements  will  be  welded  in  other  methods. 


Fig. 6  Profiles  of  half  spherical  vessels 

The  development  of  the  spinning  technology  provides  a  new  way  for 
making  spherical  vessel.  A  suggested  procedure  is  that  taking  a  seamless 
tube  as  the  blank,  machining  it  according  require  dimensions,  spinning 
at  its  two  ends.  One  of  the  ends  is  sealed  by  argon  arc  welding, 
and  another  end  is  connected  with  a  pure  titanium  pipe  ofc£6xlmm.  Such 
machined  blank  is  put  into  a  spherical  die  and  is  heated  up  to  1203T10K. 
AS  soon  as  the  temperature  reaches  the  set  value,  entering  argon,  pressing 
in  the  vertical  direction  and  the  bulging  begins.  This  technolo¬ 
gical  process  is  shown  in  Fig. 7.  The  formed  part  can  be  seen  in  Fig. 8. 


Fig. 7  Process  of  superplastic  forming  using  seamless  tube 

Using  the  technological  procedure  che  spherical  seamless  container 
can  be  manufactured  and  the  quality  and  reliability  of  product  can  be 
increased.  It  is  emphasized  that  the  superplastic  forming  can  give  uni¬ 
form  deformation  and  stable  product  quality,  and  the  degree  of  uniformity 
of  wall  thickness  is  also  improved  significantly.  For  the  spherical 
container  with  special  requirements,  in  quality  and  nonspherical  containers  in 
shape  of  revolution,  these  advantages  are  more  distinctive. 
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Fig. 8  Spherical  vessel  produced  by  superplastic  forming 
Conclusions 


Above  meantioned  various  forming  process  of  Ti-alloy  container  is 
applicable  for  different  products,  butthe  experimental  results  point  out 
that  the  superplastic  forming  is  better  than  other  methods  in  the  aspect 
of  the  product  dimensions  accuracy,  product  microstructure,  quality  sta¬ 
bility  of  product  and  other  overall  index. 
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Abstract 

The  thickness  distribution,  thickness  strain  and  thinning  factor  in  a 
heaispherical  dome,  formed  by  pressure  theraoforaing,  were  predicted  by  a 
modified  fora  of  an  earlier  analyis  due  to  Holt,  in  which  the  plane  strain 
condition  existing  at  the  clamped  edge  and  the  strain  rate  dependence  of  the 
strain-rate  sensitivity  index  a  and  the  aaterial  constant  k  are  incorporated. 
It  is  shown  that  good  correlation  exists  between  the  theoretical  predictions 
and  experimental  results  obtained  at  a  foraing  temperature  of  921°C. 
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Introduction 


Superplastic  foraing  of  the  alloy  Ti-6A1-4V  has  already  eaerged  as  a 
specialised  technique  in  the  aerospace  industries.  The  effects  of  the  Ma¬ 
terial  and  process  parameters  on  the  pressure  theraoforaing  of  superplastics 
have  been  considered  (1-11) .  Theoretical  predictions  have  also  been  aade  (5- 
12) .  The  alloy  Ti-6A1-4V  has  excellent  superplastic  properties  in  the  range 
800°C  to  10M°C  and  the  properties  are  optiaal  at  927°C  in  a  strain  rate 
range  of  10-5  s”1  to  10”3  s  .  In  an  analysis  of  the  pressure  theraoforaing 
of  thin  sheets  into  shaped  dies,  the  thickness  distribution  and  the  foraing 
tiae  are  of  considerable  iaportance. 

The  influence  of  the  process  paraaeters  on  foraing,  e.g.  on  the  thinning 
factor,  thickness  strain  and  bulge  profile  developaent,  has  been  reported  (5- 
7).  Jovane  (6)  has  analysed  the  bulging  of  a  circular  sheet  claaped  at  its 
periaeter.  His  assuaption  of  unifora  sheet  thickness  throughout  restricts 
the  usefulness  of  his  analysis.  Holt  (5)  has  analysed  the  saae  process  and 
has  estiaated  the  distribution  of  thickness  in  the  foraed  component  as  a 
function  of  the  process  paraaeters.  He  has  used  the  approximation  that  the 
stress  and  strain  states  are  'balanced  biaxial*.  Also,  Holt  has  assumed  the 
aaterial  paraaeters  of  the  strain-rate  sensitivity  index,  a  and  k  (a  material 
constant)  to  be  constant  throughout  deformation,  whereas  in  practice  they 
vary  as  functions  of  strain  rate.  Cornfield  and  Johnson  (7)  have,  on  the 
other  hand,  assumed  that  at  any  instant  the  dome  is  part  of  a  sphere. 

In  this  paper,  the  thickness  distribution  and  bulge  profile  developaent 
are  predicted  for  an  optimum  temperature  of  927°C.  Both  a  and  k  have  been 
allowed  to  vary  as  functions  of  strain  rate.  The  predictions  have  been  com¬ 
pared  with  the  experimental  results  obtained  at  927°C. 


Bulge  Profile  Developaent:  An  Analysis 


A  Ti-6A1-4V  alloy  sheet,  with  an  initial  thickness  So  and  disaster  D,  is 
considered.  Initially  the  blank  is  assumed  to  be  slightly  curved  (as  in  the 
earlier  analyses)  and  a  is  the  inclination  of  the  sheet.  Let  oe  be  the  cir¬ 
cumferential  stress  and  o#  the  tangential  stress,  Fig.l.  At  the  pole  of  the 
spherical  cap,  the  stress  and  strain  states  are  assumed  to  be  balanced  bi¬ 
axial*.  Since  the  flow  behaviour  of  superplastic  alloys  obeys  for  all  practi¬ 
cal  purposes  the  von  Hises  Criterion  (11) ,  the  effective  stresses  at  the  pole 
(o.)  and  the  edge  (oe)  (plane  strain  condition)  of  the  spherical  cap  can  be 
expressed  as  o.  =>  o.  and  oe  =  0.S7  o0  (9).  The  pertinent  equation  due  to 
Holt  (5)  is 

2p/D  -)4(pD/4S0k)1/B(2p/D) (1+3/b)  (2p0/D> ("2/b)  (sino)'l/B  (1) 

which  can  be  solved  as  follows: 

Let  Cx  -  ((D/4)  (pD/4k)1/B  (2/D)1+1/“)  At/s1/l  (2) 

c2  *  C1<p01+1/B  /  <sina0)1/B  ;  C3  -  1  -  [(C2/p0)  ((b+3)/b)]  (3) 

(To  obtain  equation  (3),  jo  was  expanded  in  terns  of  p0  using  the  binomial 
theorem  and  the  higher  order  terns  were  ignored.)  Then, 


Af  ■  C2  /  C3  and  p  *  p0  +Ap  (4) 

The  dome  surface  was  divided,  as  in  the  earlier  analyses,  into  10  concen¬ 
tric  rings.  For  each  increment  of  tine,  the  new  surface  area  of  the  done, 
thickness  at  each  ring  of  the  doae,  inclination  of  the  sheet  and  stress  in 
each  ring  were  calculated  for  constant  a  and  K.  The  procedure  up  to  here  is 
similar  to  that  used  by  Bolt  (S) ,  except  for  the  correction  aade  for  the 
presence  of  plane  strain  at  the  claaped  edge.  A  modification  was  aade  at  this 
stage  by  introducing  a  end  k  as  variables  (functions  of  strain  rate) . 
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Figure  1  -  Bulge  profile  development:  Definition  of  symbols  used. 
Calculation  of  ■  end  k  as  functions  of  strain  rate 


The  flow  properties  of  alloy  Ti-6A1-4V  tested  at  927°C  (4)  are  used  to 
obtain  a  as  the  instantaneous  slope  at  different  strain  rates  of  the  logo  - 
log  i  plot  (derived  froa  a  polynoaial  fit  between  log  a  and  log  t).  Also  log 
k  vs.  log  t  was  predicted  froa  the  above  data  (using  the  instantaneous  values 
of  a  and  t  and  the  observed  stress  value).  Froa  the  above,  a  and  k  could  be 
obtained  as  functions  of  strain  rat.  by  a  polynoaial  regression  analysis  and 
the  use  of  the  forward  selection  procedure  (13). 

These  functional  foras  of  a  and  k  were  used  in  the  theoretical  analysis. 
A  bulge  profile  was  predicted.  Fig. 2.  Froa  the  coaputer  prograa,  the  sheet 
thickness  at  different  intervals  of  tine  for  different  foraing  pressures  was 
obtained.  The  stress  gradient  during  foraing  was  also  predicted  and  plotted 
against  the  fractional  done  height.  Fig. 3.  It  is  observed  that  the  stress 
variation  in  the  different  rings  for  saall  bulge  heights  lay  within  a  narrow 
range  but  when  the  bulge  height  increased,  the  stress  gradient  froa  the  pole 
to  the  edge  of  the  done  became  sharper. 

Experimental  Programme 

The  experimental  set-up  which  consists  of  a  hydraulic  press  and  heating 
systea  has  been  described  earlier  (2,14).  Pressure  theraoforning  of  Ti-6A1- 
4V  alloy  sheets  into  hemispheres  was  carried  out  following  earlier  procedure 
(2,14).  Experiments  were  conducted  at  temperatures  of  830°C,  880°C,  927°C  and 
980°C.  The  forming  pressure  at  each  temperature  was  varied  froa  0.2  MPa  to 
0.8  MPa.  The  increase  in  the  bulge  height  was  recorded  through  an  LVDT 
arrangement.  The  thickness  at  different  points  of  the  formed  component  was 
aeasured  using  an  ultrasonic  thickness  gauge,  which  has  an  accuracy  of 
tO.OOlaa. 

Many  of  these  experimental  results  will  be  considered  in  detail  else¬ 
where.  Only  those  results  that  are  relevant  to  the  theoretical  analysis 
presented  above  are  discusaed  here. 

Kesults  and  Discussion 


Thickness  distribution 

The  experiaentally  observed  thickness  distribution  along  the  done  cross 
section  at  a  foraing  teaperature  of  927eC  and  a  gas  pressure  of  0.4  MPa  is 
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Figure  2  -  A  theoretically  predicted  bulge  profile  for  a  Ti-6A1-4V  alloy 
sheet  deforced  at  927°C,  with  m  and  K  varying  as  functions  of  strain  rate. 
Forming  pressure:  0.4  MPa. 


Figure  3  -  Stress  distribution  predicted  at  each  ring  as  a  function  of  the 
fractional  height  of  the  done.  Temperature:  927°C.  Pressure:  0.4  MPa. 

shown  in  Table  I,  along  with  the  theoretically  predicted  values.  Evidently 
the  correlation  is  good. 

Thickness  Strain 


Thickness  strain.  In  (S/S0) ,  was  computed  froa  the  measured  thickness  at 
various  points  along  the  circuaference  of  the  formed  component  (s  is  the 
measured  thickness  at  a  given  point  and  So  is  the  initial  thickness).  In 
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Table  I 


Thickness  along  the  dome  cross  section 


Pole 

Thickness 

in  aa 

Edge 

Experimental 

Predicted 

0.651 

0.643 

■tW;  .  j§| 

0.807 

0.816 

0.937 

1.170 

1.021 

1.370 

Figure  4  -  Thickness  strain  as  a  function  of  fractional  height. 
Forcing  temperature  927°c.  Forming  pressure  0.4  MPa. 


Figure  5  -  Thinning  factor  as  a  function  of  fractional  height. 
Forming  temperature  927°C.  Forming  pressure  0.4  MPa. 


Fig. 4  the  thickness  strain  is  plotted  against  the  non-dimensional  fractional 
height,  (h/ho) ,  where  ho  is  the  height  of  the  pole  and  h  is  the  height  of  the 
given  point  above  the  base  line.  The  theoretically  predicted  values  are  also 
given  in  the  same  plot.  The  thickness  strain  of  the  hemisphere  formed  at 
927°C  is  in  fair  agreement  with  the  theoretical  predictions. 


t 
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Thinning  factor 


The  thinning  factor,  S/S,  following  foraing  at  927°C  is  plotted  as  a 
function  of  the  fractional  height  (where  S  is  the  local  thickness  and  S  is 
the  average  thickness  following  a  given  deformation)  in  Fig. 5.  The  theoreti¬ 
cally  predicted  thinning  factor  is  also  shown  in  this  figure.  It  is  found 
that  the  experimentally  observed  thinning  factor  of  the  hemisphere  formed  at 
927°C  is  very  close  to  that  predicted  theoretically. 

Conclusions 

It  is  possible  to  predict  the  formation  of  the  hemispherical  shape  during 
pressure  thermoforming  by  making  suitable  assumptions  with  regard  to  the 
stress  and  strain  states. 

The  stress  gradient  developed  during  the  pressure  thermoforming  of  hemi¬ 
spheres  causes  more  rapid  thinning  at  the  pole  compared  to  the  edge  and  the 
intervening  regions  and  this  is  confirmed  by  the  theoretical  and  experimental 
results  obtained  at  927°C. 

Thickness  distribution  and  thickness  strain  of  the  hemispheres  formed  at 
927°C  were  very  close  to  the  theoretically  predicted  values.  The  thinning 
factor  for  the  hemispheres  formed  at  927°C  is  very  close  to  that  predicted 
theoretically. 
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NEW  ADVANCE  OP  SUPERPLASTIC 


FORMING  PROCESS  FOR  COMMERCIAL  STRUCTURAL  ALLOYS 


Wang  Cheng  and  Luo  Ying-She 
Xiangtan  University,  Xiangtan,  Kunan,  China 


Abstract 

This  paper  states  the  new  advance  of  superplastic  forming  for  commer¬ 
cial  structural  alloys,  and  mainly  introduces  the  newest  research  achieve¬ 
ment  the  superplastic  rheological  forming.  Wr.at  is  called  the  superplas¬ 
tic  rheological  forming  is  a  new  superplastic  forming  method  which  is 
obtained  by  using  a  theory  of  rheology  to  research  the  forming  method  of 
the  commercial  structural  alloys.  It  is  more  representative  of  the  actual 
situation  than  other  theories.  It  is  discovered  by  us  that  commercial 
structural  alloys  (Lc4,  Ly-12,  Ti-6A1-4V  and  3CCrMnSiA)  manifest  evidently 
viscosity  in  plastic  forming  stage.  What  is  called  the  viscosity  is  that 
deformation  of  the  meterials  in  the  act  of  a  force  field  is  a  function  of 
time.  The  effect  of  the  dependent  variable  (time)  in  the  rneology's 
theory  is  used  to  calculate  rheological  strain,  in  which  exists  an  essen¬ 
tial  distinction  as  compared  with  the  conventional  theory  which  is  used  to 
calculate  plastic  forming  of  metal.  Viscosity  has  been  considered,  being 
introduced  through  a  time  variable  in  visco-elastic  theory,  corresponding 
to  the  visco-elastic  principle  what  is  usually  used  is  only  suitable  for 
small  deformation  and  which  is  restricted  by  basis  hypotheses  of  elastic 
mechanics.  However,  the  material  of  superplastical  rheological  forming  is 
an  elastic-visco-plastic  material  which  is  suitable  for  large  deformation. 
Whe.n  a  material  of  superplastic  rhpological  characteristic  is  pressed  in 
the  dies  at  the  high  temperature,  the  elastic  effect  may  be  neglected. 
Therefore,  it  may  be  considered  as  a  visco-plastic  material.  Tests  show 
that  because  the  materials  can  exhibit  good  filling  character,  the  pre¬ 
heat-treatment  and  refined  treatment  for  superplastic  rheological  forming 
may  not  be  needed  and  the  workpieces  of  complex  shape  and  high  properties 
with  thin  wall,  high  webs  and  long  blades  can  be  obtained  in  one  deforma¬ 
tion  step. 


Suporplaatlcily  and  Suporploatic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Paton 
The  Mineral*,  Metal*  &  Material*  Society,  1988 
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Introduction 


The  effect  of  the  dependent  variable  (time)  is  not  considered  former¬ 
ly  when  the  strain  of  superplastic  forming  is  calculated.  In  this  paper, 
the  effect  of  the  dependent  variable  (time)  upon  superplastic  forming  is 
mainly  introduced.  In  recent  years,  the  superplastic  rheological  forming 
has  been  researched  and  tested  by  the  authors  during  the  period  of  coope¬ 
rative  work  together  with  some  plants.  The  complex  workpieces  with  gears, 
thin  and  long  blades,  screws,  rolling  figures  and  holes,  which  are  made 
of  commercial  structural  materials  are  shown  in  Figure  1.  This  achieve¬ 
ment  now  is  being  extended  for  solvin,-  the  practical  problems  appearing 
in  production. 

The  advantages  of  superplastic  rheological  forming  are  introduced  as 
follows: 

(l)  because  the  cavity  filling  properties  of  superplas'ic  rheological 
alloy  are  very  good,  the  complex  workpieces  can  be  obtained  in  one  defor¬ 
mation,  such  as  the  helicopter's  impeller  which  is  made  of  T1-6A1-4V 
alloy  (see  Fig. 1-6);  (2)  under  the  action  of  stress  field  and  the  activ¬ 

ation  energy,  eliminating  point-line  defects  in  the  internal  of  material, 
high  strength  workpieces  can  be  obtained,  such  as  the  missile  bracket 
which  is  made  of  Lc4  alloy  (see  Fig. 1-5);  (5)  using  a  kj  high  temperature 

alloy  as  die  material, 
elastic  deformation  of 
die  and  nonhomogeneity 
of  deforming  tempera¬ 
ture  and  residual  st¬ 
ress  in  structual  work- 
pieces  are  lessened,  so 
the  accuracy  of  work- 
piece  dimension  is  much 
higher;  (4)  it  improv¬ 
es  the  surface  finish 
smoothness  of  the  struc¬ 
tural  workpieces;  (5) 
compared  with  the  other 
methods  of  forming, 
the  kinds  of  alloys  are 
not  restricted,  and  the 
preheat  treatment  and 
refind  treatment  are 
not  needed.  Because 
the  superplastic  rheo¬ 
logical  forming  has 
unique  adventages,  we 
believe  that  the  appli¬ 
cation  of  rheological 
theory  to  superplastic  forming  will  bring  great  changes  to  the  metal  form¬ 
ing  technique  today. 


Experimental  Details 

The  experimental  details  of  superplastic  rheological  forming  is  intro¬ 
duced  as  follows: 

Materials 


The  materials  (extrusion  bars,  rooling  sheet)  were  used  to  study  the 
superplastic  rheological  forming  and  are  listed  in  Table  1. 
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Table  1.  Chemical  Constituent  of  Commercial  Structural  Alloys 


Material s 

Chemical  Constituent 

(.%) 

Ti 

A1  V 

Cu  Mg  Mn  Zn  Cr 

C  Fe 

Si 

impurity 

Ti-6A1-4V 

*- 

re . 

5S-6535-45 

Ly-12 

re . 

38-4912- 18C3-09 

<.1.5 

Lc4 

re . 

14-2018-2802-0650-7001-025 

A  .5 

30CrMnSiA 

08-11  08-11 

027-034  re. 

09- 

12 

*  re.  is  remainder. 


Equipments 

The  hydropress  (50-500T)was  used  for  forging  and  extrusion;  the  dou¬ 
ble-acting  drawing  machine  is  used  for  powder  forming. 

Dies 

The  dies  are  illustrated  in  Figure  2.  In  Figure  ?-a):  1  is  the  heat 
plate;  2,  the  plate  of  heat  insulation;  3,  the  cooling  plate;  4,  the  die 
stand;  5,  the  positioning  sleeve;  6-7.  the  hollow  die;  8,  the  sleeve  of 
neat  insulation;  9,  the  colling  sleeve;  10,  the  fixture  sleeve;  11,  the 
protruding  die(upper  die);  12,  the  ejector  (or  positioning  sleeve):  13, 
the  fixture  plate;  14,  the  heater;  15,  the  fixture  plate;  16,  the  plate 
of  heat  insulation.  In  Figure  2-b):  1  is  the  lower  die;  2, the  special 
holder;  3,  the  talcum  powder;  4,  the  superplastic  sheet;  5, the  hollow 
die  and  6  is  the  heater. 


Figure  2  -  The  dies  are  used  forging  (or  extrusion)  a)  and 
powder  forming  b). 

The  Principle  of  Superplastic  Rheological  Forming 
The  principle  of  superplastic  rheological  forming  can  be  expressed  by 
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£  =  f1(<T)f2(T)f,(t)  (1) 

where  £  is  the  strain;  f^^)*  the  stress  function;  f2(T),the  temperature 
function,  and  fj(t)  is  the  time  function.  If  f  (O')  is‘  kept  steady  in 
forming  stage,  this  is  referred  as  superplastic  creep  forming;  if  f^ff) 
is  not  steady,  this  is  referred  as  superplastic  rheological  forming.  The 
f  (<I),  f2(T)  and  are  establiBhed  as  follows,  we  use  the  Bingham 

Model  to ‘describe  the  elastic  visco- plastic  metal  materials.  It  is  a 
three-element  compose  model.  According  to  Maxwell  Model,  the  constitutive 
equation  of  Bingham  may  be  obtained  as  follows 


£  = 


a 

2G 


o-a, 

2 


t 


(2) 


where  £  is  the  total  strain;  <X  ,  the  stress;  G,  the  shear  modulus;  <Jt,  the 
yield  stress  of  materials;  Vr,  the  viscosity  of  viscous  materials;  and  t 
is  the  time.  Because  the  metal  forming  which  is  pointed  out  here  takes 
place  under  a  thermocompression  state,  the  elastic  effect  may  be  neglected 
and  the  actation  of  activation  energy  must  be  considered.  The  equation  is 
given  by 


e  =  exp  (cr>  <rs)  (3) 

where  D  is  the  activation  energy;  R,  the  gas  constant,  and  T  is  the  abso¬ 
lute  temperature.  The  relationship  curve  between  the  forming  time,  t,  and 
the  load,  p,  may  be  shown  in  Figure  3.  The  line  1  is  the  curve  for  con¬ 
ventional  forming;  line  2,  the  curve  for  superplastic  forming  and  the 
curve  3  is  the  curve  for  superplastic  rheological  forming.  It  has  been 
shown  that  curve  3  can  be  divided  into  three  stages.  In  first  stage  ( t . ) , 
the  forming  procedure  is  simulated  ^o  conventional  forming;  the  cavity  is 
filled  fundamentally  (from  upper  die  contract  billet  to  fill  cavity  funda¬ 
mentally).  In  second  stage  (tp),  the  workpiece  is  oressed  enough,  using 
extra  load  to  close  dies  and  the  small,  thin  parts  on  the  workpiece  can  be 
filled  completely,  in  which  the  O  is  not  steady.  In  third  stage  (t.)  the 
<7  is  kept  steady  (  it  is  rel  erred  as  constant-stress  creep  stage).  Under 
the  action  of  stress  field  and  the  activation  energy,  the  point-line  de¬ 
fects  in  the  internal  of  workpiece  can  be  eliminated  and  the  high  pro¬ 
perty  workpieces  can  be  obtained.  We  refer  to  (t^+t,)  stage  as  the  stage 
of  constant  pressure.  ‘  J 


Figure  3  -  Different  curve  of 
the  metal  forming 


Figure  4  -  Forming  procedure  of 
impeller  (1,2  and  3) 


330 


The  Application  of  Superplastic 


Rheological  Forming  in  the  Practical  Producing 

To  bring  the  advantages  of  superplastic  rheological  forming  into 
full  play,  the  holes  screws,  keys,  rolling  patterns,  gears,  blandes  and 
unserts  if  the  workpiece  must  be  developed  as  much  as  possible  in  the 
forming  procedures.  The  machining  may  be  reduced  greatly,  and  even  may 
be  eliminated.  In  this  statement  the  helicopter’s  impeller  made  of 
Ti-6Al-4V  alloy  is  mainly  introduced  (2).  It  is  well  known  that  titanium 
alloy  are  attractive  structural  \aterlals  because  of  their  high  strength 
to  density  ratio,  fatigue  and  fracture  toughness  etc.  however,  they  are 
not  only  very  costly  materials  for  many  applications,  but  also  very  diffi¬ 
cult  to  forge  and  extrude.  As  shown  from  tests,  the  most  promising 
method  to  reduce  production  costs,  to  increase  yields,  to  improve  their 
properties  and  surface  quality  is  using  superplastic  rheological  forming. 
The  helicopter's  impeller  is  an  example  of  superplastic  rheological 
forming.  It  is  made  in  the  high  temperature  dies  made  of  k,  high  temper¬ 
ature  alloy.  It  is  seen  from  Figure  4-5  that  the  die-filling  properties 
are  very  good  and  its  surface  is  bright,  clean  and  artistic. 


Summary 

It  has  been  proved  by  experiment  that  the  metr.od  of  superplastic 
rheological  forming  has  following  characters: 

a)  Because  the  die-filling  properties  of  commercial  structural  alloys 

are  very  good,  the  high  property  complex  workpieces  with  holes,  threads, 
keys,  rolling  patterns,  gears,  blades  and  inserters  can  be  made  out  and 
machining  of  workpiece  may  be  reduced  treatly,  even  without  being  machined. 

b)  Successful  tests  have  been  made  in  which  powder  has  been  used  by 
authors  as  medium  for  conveying  force  to  produce  workpieces  with  thick 
walls  and  complex  snapes  during  the  process  of  the  superplastic  rheological 
forming.  It  is  found  that  the  process  is  superior  to  using  other  forming 
methods,  such  as  using  liquid  and  gas  as  mediums  for  conveying  force  to 
produce  complex  workpieces. 
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/ib  8  tract 

This  paper  deals  with  an  evaluation  of  the  relation  between  two  type 
of  press  close  to  die  (blank  comes  in  die  and  blank  covers  die'  and  four 
criteria  by  means  of  studying  superplastic  forming  of  the  metallic  thin 
wall  components.  Also,  writers  estimated  the  fornability  of  metallic 
thin  wall  components  before  forming  the  components  by  using  the  criteria 
and  criterion-model  recommended  by  writers.  It  follows  that  the  form- 
ability  of  components  is  good  but  in  many  form-groove  because  of  0*1, 
is  computing  a  value  of  criterion-model)  and  it  is  no  possible  to 
form  in  few  individual  form-groove  because  of  Q«tl .  addition  to  a  used 
mathematical  model  formula  as  follow: 

1  =0.0844T  +  +  1.9850P  -  0.0076TP  -  P1.800 

We  carry  out  to  with  objective  the  control  of  superplastic  forming 
even  though  the  forming  is  very  difficult,  and  we  were  successful  in 
producing  the  components  more  than  one  hundred  by  super  plastic  air  bulge. 

We  judged  again  the  formability  of  superplastic  air  bulge,  good  or  bad, 
through  lour  criteria  and  criterion-mo  'el  after  getting  the  dissection- 
part  of  the  components.  The  result  showed  that  the  estimation  for  the 
formability  of  superpla3tic  air  bulge  prior  to  the  superplastic  forming 
was  correct.  We  consider  that  this  kind  of  prediction  can  be  used  to 
evaluate  the  superplastic  formability  beforhand. 
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Introduction 


According  to  the  use,  loading  the  condition,  and  the  rotational  situa¬ 
tion  of  the  part  on  machine,  we  decided  to  form  this  part  by  mean3  of 
superplastic  air  bulge  technology.  This  process  not  only  allows  forming 
components  of  complex  shape,  but  also  allows  for  weight  reduction.  This 
technology  for  the  production  of  components  will  provide  a  new  processing 
method. 

The  prediction  of  form-groove  on  forming  the  difficult  of  components 
by  the  criteria  and  criterion-model.  The  metallic  thin  wall  com¬ 
ponent  has  an  external  groove-curve  of  the  left-right  cross  duplex  helix. 
The  width,  depth  of  the  groove-curve  and  outline  of  section  vary  with 
the  helix  angle  change.  The  narrowest  width  is  3.5  mm.  and  the  widest 
width  is  15.3  mm.  The  shallowest  depth  is  1.5  mm,  and  the  deepest  depth 
is  16.6  mm.  But  the  narrowest  width  is  not  always  following  by  the 
shallowest  depth.  The  width  .is  very  narrow  while  the  depth  is  very  deep 
at  some  locations.  Consequently,  many  difficulties  will  have  been 
encountered  for  superplastic  forming.  In  order  to  decide  whether  the 
superplastic  air  bulge  forming  method  can  be  used,  we  sought  to  carry  out 
an  analysis  on  the  basis  of  the  form-groove  of  every  groove  of  an  outside 
section  of  part  at  first.  We  supposed  that  the  component  had  been  cut 
along  the  axis,  if  we  cut  the  component  on  each  10  degree,  there  were  377 
form-grooves.  We  used  the  four  criteria  proposed' to  carry  out  prediction 
of  the  formabiiity  of  one  by  one  for  377  form-groove.  The  four  criteria 
are  respectively  the  criterion  of  ratio  of  width  to  depth,  w/H,  the  angle 
difference,  0 -f,  the  ratio  of  rotary  t ,j  bottom  angle,  r/r0,  the  distri¬ 
bution  of  material  formed,  ?/s,  and  the  criterion-model: 

*  =  i  MSO  - 1;  +  °-55  0) 

where : 

Q - The  dimensionless  model  of  combined  criterion,  Oal  formabiiity 

good,  Q<1  formabiiity  bad. 

W - T'r  ’  narrowest  width  of  forming  part  (mrn) 

K— -The  deepest  depth  of  forming  part  (mm) 

S - All  area  of  plate  face  before  forming  (m‘) 

?• All  area  of  plate  face  after  forming  (mm  ) 

ft-— A  least  angle  between  flank  side  with  bottom  side  of  forming 
part  (deg) 

A  much  angle  between  level  face  of  entrance  with  flank  side  of 
forming  part  (ueg) 

r0 — A  datum  rotary  angle  to  bottom  angle  r0  =  1  (mm) 

r - A  rotary  angle  to  bottom  angle  (r=rp-ri  ,  where  rp  is  the  value 

of  practice,  and  r1  is  the  value  of  plan) 

Because  the  prediction  was  carryed  out  before  forming,  there  is  no 
the  value  of  pract ice-measuring,  therefore  the  r  value  was  offered  to  the 
critical  value  of  1  and  substituted  in  formula  (l).  The  result  of  predic¬ 
tion  showed  that  the  most  of  Q  value  were  more  than  one,  which  indicated 
tne  superplastic  formabiiity  is  good.  Many  position  can  carrying  out 
superplastic  forming.  A  few  of  specif ical  positions  have  some  Qxl .  In 
superplastic  air  bulge  forming  of  metallic  component,  as  the  form  of  sec¬ 
tion  with  type  of  press  close  to  die,  the  forming  differentate  both  blank 
comes  in  die  and  blank  covers  die.  The  blank  comes  in  die  shows  in  figure 
l(a,b).  The  blank  covers  die  shows  in  figure  1(c).  In  reference  1  we 
had  discussed  only  blank  comes  in  die,  had  no  discussed  blank  covers  die. 
Blank  covers  die  except  the  angle  of  entrance  and  bottom  have  the  change, 
others  every  parameter  are  in  agreement  With  blank  comes  in  die. 
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Fig. 1, The  opposite  position  of  blank  with  die  and  both 
difference  form  of  press  close  to  die 
1 — Plank  2~die 

a,b — blank  comes  in  die 
c — blank  covers  die 


Blank  covers  die  as  for  cone,  the  angle-  of  entrance  is  the  angle  between 
entrance  position  of  component  and  two  flank  side  of  it.  As  to  other 
form,  the  angle  of  entrance  is  the  largest  between  surface  of  blank  on 
entrance  postiton  and  flank  side  of  component.  The  bottom  angle  is  the 
last  blank  into  position,  which  is  out  angle  between  flank  side  and 
bottom  side.  Three  criteria,  the  ratio  of  width  to  depth,  w/H,  the 
angle  difference,  9-<f,  the  ratio  of  rotary  angle  to  bottom  angle,  r/r0, 
can  be  computed  directly.  Because  the  part  to  be  formed  is  continuous 
part  instead  of  single  form,  therefore  the  fourth  criterion  F/S,  was 
computed  to  take  the  half  of  common  side  along  axial  two  flank  or  to 
take  a  com-.on  side.  In  addition,  along  circumferential  direction  the 
every  form-grooves  is  a  annular  body,  without  any  surface  before  and  after 
it,  therefore  the  counting  didn't  include  them.  We  take  unit  body  for 
step  of  W  for  operate  convenience,  and  look  curved  surface  like  plane. 
Therefore,  all  area  on  outer  surface  of  blank,  look  like  figure  1(a),  to 
use  following  formula  carry  out  computing 

S=W2 


All  area  on  outer  surface  of  part  after  forming  to  use  following  formula 
carry  out  to  computer 

F=v2+v((Hi  tan*)2+H^ 

Distribution  cirteria  of  blank  for  blank  comes  in  die,  to  use  following 
formula  compute. 


for  figure  l(c) 


s»w 


F  =  w((Htana<)2+  H2)^ 
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Distribution  criterion  of  blank  for  blank  covers  die  to  use  following 
formula  compute 

F  f(Htanc<)2+H2)^ 

-5-  = - Q -  ^5} 

The  distribution  of  blank  is  the  process  of  dynamic  strain  during 
metallic  components  of  superplastic  forming.  any  similar  form  of  figure 
1(c),  the  first  contact  is  blank  with  protrusile  die.  The  process  of 
forming  has  three  procedures.  First  pressing  close  to  die,  second,  crook¬ 
ing  pressure  close  to  die,  and  finally  filling  bottom  angle  to  the  full. 

The  position  where  the  blank  contact  witn  die  thined  a  little.  Because 
of  the  effect  of  friction  resistance  on  the  forming,  moreover,  pulled  the 
neighbour  blank  to  come  here  easily,  therefore  this  position  lossed  thick¬ 
ness  less  than  other  place.  All  similar  form  to  figure  l(a,b),  blank  is 
forming  after  to  crook  of  it.  The  process  of  forming  has  three  procedures 
too.  First,  to  crooked,  second,  pressing  close  to  die,  and  finally  filling 
bottom  angle  to  the  full. 


Experiment 


The  relation  of  hetweeo  form  temperation,  no  continuous  provide  the 
rate  of  flow  of  air  press,  from  press  and  form  bottom  angle  r,  to  apply 
that  we  had  been  propoased  formability  mathematics-model  to  control  2. 


j  =  0.0844T  +  +  1.9830P  -  0.0076TP  -  21.800  (4) 

where: 

T - form  temperature  (  C) 

V-— no  continuous  provide  the  rate  of  flow  of  air  press  (atm/min) 

P - form  press  (atm) 

r - rotary  angle  to  form  bottom  angle  (mm) 


The  relation  of  between  keeping  time  of  press  to  form  component  with 
a  rotary  angle  to  bottom  angle  r,  to  apply  the  result  of  reference  5 
show: 

r  =  1.2exp  (4.17/t:) 


where: 

1 - time  of  keep  press  to  form  component 

The  form  component  is  showed  in  figure  2.  The  components  of  140  by  super¬ 
plastic  air  bulge  forming  and  the  component  to  dissect  of  one  of  where 
show  in  figure  J. 


Fig.2,  The  metallic  thin  wall  component  Fig.?,  The  dissection  part  of 
by  superplastic  air  bulge  component  by  super¬ 
forming  plastic  air  bulge  forming 
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The  parameter  of  every  position  is  listed  by  four  criteria  way  in 
table  1.  At  the  same  time,  the  result  to  compute  Q  value  by  for— :1a  (1)  and 
rate  to  diminish  thin  is  listed  together  in  table  1  too. 

Table  1  The  every  parameter  of  dissection  part  a  on  component  of  metal¬ 
lic  thin  wall  and  the  result  to  compute  Q  value  by  syuthetecal  criterion-mo- 
del 


form 
postt  lan 

foralng 

way* 

tf/M 

F/S 

ti-'f 

r/r„ 

‘7 

rot  v  In  ilJal- 
nls<i  t ' » l  n  7. 

foriM* 
Ml  tty 

1 

1 

3.34 

1.32 

6 

0.60 

2.59 

56-4  6 

boo*! 

2 

2 

0.35 

2.83 

86 

0.50 

1.68 

62-24 

good 

3 

1 

2.33 

1.57 

6 

0.40 

1.77 

56 

Aood 

4 

2 

0.67 

1.60 

69 

0.60 

1.57 

61-31 

good 

5 

1 

0.92 

2.20 

6 

0.50 

0.57 

70 

6a*! 

6 

2 

0.  79 

1.47 

60 

0.40 

1.74 

64-46 

good 

7 

1 

2.37 

1.52 

If) 

0.60 

1.68 

56 

Rood 

a 

2 

0.34 

2.94' 

85 

0.50 

1.65 

57-49 

good 

9 

1 

1.56 

1.74 

f- 

0.50 

1.09 

66 

good 

in 

1 

1.66 

1.71 

12 

0.50 

1.23 

67 

f  cod 

u 

2 

0.37 

2.74 

84 

0 .  GO 

1.55 

6  7-43 

£Ood 

12 

1 

2.21 

1.50 

0 

0.40 

1.62 

59 

good 

u 

2 

0.66 

1.53 

80 

0.40 

1  .93 

68-27 

good 

14 

l 

0.97 

2.16 

0 

0.40 

0.00 

7/ 

5a  <1 

15 

2 

0.68 

1.57 

70 

0.50 

1.71 

68  -4 1 

good 

16 

1 

1  .94 

1.55 

» 

O.70 

1  .24 

68 

17 

2 

0.43 

2.37 

bl 

0.50 

1.65 

60 

“OOd 

IB 

1 

3.46 

1.31 

18 

0.60 

2.91 

59-41 

best 

*  1  blank  comes  in  die  2  blank  covers  die 

Discussion 


a)  It  will  be  see  from  figure  3  and  table  1  form  position  8  Q-1.65M  show 
superplastic  formablllty  good.  Although  value  Q  of  form  position  5  and  14 
isO.57  and  0.6  respectively,  rate  to  diminish  thin  of  form  part  after  forming 
is  707  and  72 7.  respectively.  It  is  not  achieved  the  limit  value.  Therefore, 
it  did  not.  crack,  just  for-ing  difficulty  is  large. 

b)  It  will  be  see  from  table  1,  'he  blank  comes  in  die  expect  form  position 
5  and  14  the  others  W/HTi,  and  blank  covers  die  W/M<1  (be"'  ?en  0.34-0.79) 
to  distinguish  just  from  criterion  „£  ratio  of  width  to  depth,  the  super- 
plastic  formablllty  of  blank  cover  din  of  component  is  very  bad.  "  t  the 
angular  difference  criterion  &  -  (f  at  blank  covers  die  of  component,  all 
position  more  than  60°,  superplastic  forming  is  better,  therefore  the  model 
of  combined  criterion  Q>1.  Formablllty  of  component  at  blank  covers  die  is 
better  than  that  at  blank  comes  in  die. 

Conclusion 

a)  Although  the  rate  of  width  to  depth  of  the  metallic  thin  wail  components 
is  small,  the  angular  difference  quite  big.  Therefore  the  value  of  combined 
criterion  of  superplastic  formablllty  demonstrate  that  the  superplastic  for- 
mability  of  components  of  blank  cover  die  is  better  than  blank  comes  in  die. 
And  we  had  also  confirmed  that  combined  criterion-model  has  more  value  than 
the  single  criterion  in  practice. 

b)  It  can  be  identifed  whether  the  formability  is  good  or  bad  by  carrying 
out  the  pridiction  can  supply  a  basis  for  the  designer  to  correct  the 
design  of  a  component  as  soon  as  early. 
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Abstract 

The  superplastic  yield  criterion  is  one  of  the  basic  pro¬ 
blems  on  superplastic  mechanics.  It  is  very  important  for  ana¬ 
lysing  engineering  problems  as  well. 

To  find  out  superplastic  yield  criterion,  the  high  preci¬ 
sion  tension-torsional  combined  tests  have  made  first.  Both 
unequal  section  and  uniform  section  thin  walled  tubes  of  typical 
superplastic  material  S  it  -  3  8  P  b  alloy  deformed  under  room  tempera¬ 
ture.  Depending  on  the  experimental  results,  the  superplastic 
yield  criterion  has  been  given. 

Its  physical  meaning  is  that  the  unit  work-rate  equals  the 
constant  value  during  superptastic  deformation.  Its  geometric 
meaning  is  curved-side  hexagon  cylinder.  The  experimental  resul¬ 
ts  show  that  yield  criterion  of  initial  yield  surface  and  subse¬ 
quent  yield  surface  are  concident  in  region  II  (  e  c  I  O' * I  O' '  )  j  and 
the  yield  surfaces  expand  out  homogeneously  with  superplastic 
unit  work-rate  increasing.  This  shows  the  phenomenon  of  super¬ 
plastic  strain-rate  hardening. 

The  experimental  results  show  also  that  in  the  case  of  su 
perplastic  deformation,  the  superplastic  yield  locus  is  located 
between  the  tocuses  of  Nises  and  Tresca  criteria.  It  is  nearer 
to  Tresca  Yield  Locus. 
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Introduction 


Kith  the  wide  applications  and  research  developments  of 
s up e rp ( as t i c i t y,  it  becomes  urgent  to  develop  superplasticity 
theory  and  to  find  a  sup e rp t as t i c i t y  equation  of  universal 
significance  to  describe  the  relationship  among  various  parame¬ 
ters.  Thus  a  reliable  mechanics  foundation  for  superplastic  for¬ 
ming  (I)  can  be  provided.  The  yield  criterion,  which  is  of  im¬ 
portant  sigificance  in  engineering,  is  a  principal  topic  in  the 
research  of  the  fundamental  theory  of  sup e r p l as t i c i t y  mechanics. 
The  references  (2),  (3)  made  an  investigation  of  superptasticity 
under  the  condition  of  fixed  principle  stress  axe s( P-p exp e r i men t ) . 
The  physical  meaning,  geometrical  meaning  and  the  characteris¬ 
tics  of  subsequent  yield  suface  were  also  i  nv e r s t i g a t ed . 

Using  the  NTS  Model  809  Tension-Torsional  Material  System, 
the  authors  have  made  a  detail  i n ve r s t i g a t i on  of  the  yielding 
characteristics  of  superplastic  material  under  the  stress  state 
of  tension  (compression)  —torsion.  A  yield  criterion  is  formula¬ 
ted. 

Exp  e  r i men  t 

The  experimental  material  is  Sn-38Pb  alloy  made  of  thin- 
walled  tubes  which  is  stable  in  superplastic  properties,  iso¬ 
tropic  and  without  strain  hardening.  As  shown  in  Fig. 1 ,  a  set  of 
combined  callipers  is  designed  for  the  convenience  of  experi¬ 
ments  of  t ens i on- t o r s i on,  c omp r e s s i on- t or s i on,  t ens i on,  compre¬ 
ssion  and  torsion  are  made  on  the  MTS  System,  see  F i g  2 ,  F  i  g  3 . 

laves  t  i  Ml.'  on  of  yield  criterion 

The  yield  function  is  determined  through  the  analysis  and 
conclusion  of  experimental  results.  The  stable  superplastic 
yield  surface  is  determined  through  the  treatment  of  measured 
shear  stress  t  and  normal  stress  a,  as  showned  in  Fig. 4.  Fig. 5. 
shows  its  projections  on  the  n  -plane.  The  measured  points  forms 
a  hexagon  of  curved  sides.  An  approximate  approach  can  be  made 
by  the  following  equation, 

f  =  J.  C  1  — >-k*  =0  (1) 

where,  A—  Constant 

J, —  Second  invariant  of  stress  deriator; 

K— The  flow  shear  stress  of  pure  shear  for  a  certain 
plastic  energy  rate, 

J,—  third  invariant  of  stress  deviator. 

It  ties  between  the  Mises  and  Tresca  critera,  near  to  the  la¬ 
tter. 

For  ordinary  materials,  plastic  potential  is  often  used  to 
describe  the  yield  function  while  for  the  r a t e - s en s i t i v e  ma¬ 
terials,  the  yield  function  (surface)  should  be  the  collection 
of  the  states  when  the  rates  of  plastic  power  are  equal.  This  is 
the  physical  meaning  of  the  yield  function  for  stable  superplas¬ 
tic  deformation. 
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According  to  the  physical  leaning  of  the  yield  function, 
the  selection  of  yield  points  should  depend  on  the  rate  of 
plastic  power, 


<■>  =  o  ,  t  e  .  ,  (2) 

then  the  rates  of  plastic  power  of  different  stress  states  sa¬ 
tisfy  equation  (2),  and  reiain  constant,  the  corresponding  poin¬ 
ts  lie  on  the  saie  yield  surface.  The  value  of  A  can  be  deter¬ 
mined  by  using  two  yield  points  (one  of  which  is  pure  shear}  of 
one  of  the  plastic  power.  Take  a  typical  set  of  experimental 
data,  shown  in  table  1.  The  value  can  be  calcalated,  A  =  1  .  4  7  7  ,  it 
is  independent  of  stress  states  and  the  rate  of  plastic  power. 
Correspondingly,  K  changes  with  the  changes  of  strain  rale.  Geo¬ 
metrically,  the  yield  surface  expands  outward  uniformly  with  the 
increace  of  the  rate  of  plastic  power,  which  is  verified  through 
experimental  results  and  theoretical  analysis.  Therefore  arises 
the  phenomenon  of  isotropic  strain  rate  hardening  with  the 
increase  in  strain  rate  during  superplastic  deformation. 

Table  l.  Experimental  Data 


Parameters 

Samp l e  No . 1 

Samp  l e  No . 2 

»k  10’ 

«. 77785 

8.77870 

J.’  X  1  0* 

ro 

\r> 

CM 

CM 

CM 

1.3927 

j;  x  to* 

0. 217894 

D 

Discussion 

a )  .  I  t  can  be  known  from  the  research  of  reference  (4)  that 
the  subsequent  yield  surface  concides  with  the  original  surface 
for  stable  superplastic  deformation  because  of  the  hardening  ex¬ 
ponent  is  zero, or  no  memory  effect.  This  yield  criterion  app¬ 
lies,  especially  within  Region  Hof  superplastic  deformation,  to 
non-strain-hardening  materials.  There  is  a  certain  error  in 
Region  I, III  of  superplastic  deformation.  This  can  be  shown  in 
the  difference  between  the  original  yield  surface  and  the  subse¬ 
quent  one.  The  subsequent  yield  surface  is  fairly  stable.  For 
strain-hardening  superplastic  materials,  this  criterion  is  not 
fully  applicable  and  further  researches  are  needed. 

b) .  In  the  above  experiments,  character  curves  of  the  same 
strain  rate  but  different  stress  states  are  made,  as  shown  in 
Pig. 6 .  It  can  be  seen  that  the  J ,  - 1 , (  I ,  -  s e c ond  invariant  of 
strain  tensor)  curves  under  different  stress  do  not  concide  dur¬ 
ing  superplaslic  deformation.  It  shows  that  superptastic  defor¬ 
mation  does  not  fully  satisfy  Mises  Criterion.  And  the  flow 
principle  connected  with  this  criterion  is  not  fully  applicable 

e  i  I  he  r . 

c) .  Compared  with  the  results  of  references  (2),  (3),  the 
experimental  results  are  more  accurate.  (that  is  more,  the 
principal  stress  axes  are  changeable.  The  deformation  pattern  is 
universal  (5)  and  therefore  the  result  is  of  general  signi¬ 
ficance. 
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Cone lus 1  on 


a) .  In  this  investigation,  the  thin-walled  tube  speciaen  is 
first  used  in  high  accuratley  tension  (  coapress i on > —  t or s i on  co- 
aplex  experiaent,  the  aia  of  which  is  to  build  a  yield  criterion 
of  superplastic  deforaation.  The  advantage  of  this  experiaent 
over  the  P-p  experiaent  is  that  the  results  under  changing 
principal  stress  axes  can  be  obtained. 

b) .  The  experiaental  results  show  that  the  yield  trace  of 
superplasticity  lies  in  between  Rises  criterion  and  Tresca  cri¬ 
terion,  but  nearer  to  Tresca  criterion.  The  flow  principles 
connected  with  (Uses  criterion  (the  Odiquist  equation)  are  not 
fully  app  l  i  cab  le. 

c) .  For  non-strain-hardening  stable  superplastic  defor¬ 
aation,  the  yield  criterion  is, 

f = J.  (  I -A— — )  -  k’  =0 

•ij 

Geoae t r i ca  l  ly,  it  is  a  curved  hexagonal  surface.  The  physical 
aeaning  is  the  collection  of  alt  yielding  points  for  a  rate  of 
a  constant  plastic  power.  The  subsequent  yield  surface  concides 
with  the  original  yield  surface  in  Region  Q  .  (but  does  not  in 
Region  1, HI  . )  Subsequent  yield  surface  is  stable.  This  cri¬ 
terion  can  well  describe  the  yield  char ac t e r i s t  i  c s  of  super¬ 
plastic  deforaation. 

d) .  It  is  proper  to  describe  the  yield  characters  of  super¬ 
plastic  deforaation  by  using  the  rate  of  the  plastic  power.  As 
value  is  calculated  according  to  this  theory.  The  theoretical 
results  corresponds  well  with  experiaental  ones. 
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MECHANICAL  ANALYSIS  ABOUT  DEFORMATION  LAMS 


OF  SUPERPLASTIC  EXTRUSION  THROUGH  CONE-SHAPED  DIES 


Song  Yu-quan"  Zhang  Zhen~jun“  Li  an  Shu-jun' 


Afas  trac t 


In  this  paper,  analytical  foraulae  of  stress,  strain,  displaceaent  and 
strain  rate  in  deforaed  region  about  superplastic  extrusion  are  derived  through 
aechanical  analysis,  based  on  the  fundaaental  theory  in  aechanics  of  continuua 
aedia  and  coabined  with  Backofen’s  constitutive  equation  of  superplasticity.  The 
theory  was  proved  correct  with  visioplasticity  aethod.  Then,  froa  the  derived 
theoretical  conclusion,  the  following  are  obtained,  equations  of  rational 
displaceaent  and  velocity  of  press  slide  during  steady  and  non-steady  extrusion, 
equations  of  extrusion  tiae  and  flow  rate.  At  last,  autonobile  piston  was  chosen 
to  be  foraed  according  to  the  rational  deformation  rule.  The  results  show  that 
the  foraing  tiae  can  be  shortened  by  40  percent  and  the  quality  of  foraed  parts 
are  distinctly  iaproved. 
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Int roduc t ion 


The  authors  have  introduced  and  reviewed  the  present  situation  upon 
aechanics  of  superplastic  extrusion  in  Ref.  [1],  and  pointed  out  that  soae 
investigators  have  used  rigid-plastic  finite  eleaent  aethod,  flow  function 
aethod,  slip-line  aethod  to  study  the  aechanical  probleas  of  SLrerplastic 
extrusion.  Moreover,  certain  success  has  been  achieved.  Each  theory  has  its  own 
feature.  Here  it  should  be  pointed  out  that  the  aechanical  analysis  aethod  is 
contributive  to  the  analysis  of  functional  relations  aaong  aechanical  paraaters 
in  the  deforaation  process.  In  Ref.  [2],  the  analytical  foraalae  aaong  aechanical 
paraeters  in  deforaed  region  of  superplastic  extrusion  through  cone-shaped  die 
are  theoretically  deteraintfd.  In  Ref.  [3,41,  both  the  technological  rules  and  the 
influnce  of  condition  coefficients  for  superplastic  extrusion  through  cone-shaped 
die  were  theoretically  discussed  according  to  the  conclusions  of  Ref.  [2].  In 
present  paper,  the  deforaation  laws  of  superplastic  extrusion  through  cone-shaped 
die  are  briefly  discussed  based  on  the  work  of  Ref.  [2  —  4] . 


Basic  Hypothesis 

Material  is  supposed  to  be 
isotropic, incoapressible  and 
sensitive  tn  strain  rate.  The 
aaterial  flow  in  the  deforaed 
region  of  cone-shaped  die  shown 
in  Fig.l  can  be  regarded  as  a 
radial  flow  toward  its  apex. 

Materials  beyond  the  two  ends  of 
the  deforaed  region  are  in  the 
rigid  regions.  The  aain  axle  of 
stress  tensor  coincides  with  the 
aain  axle  of  strain  rate  tensor, 
that  is,  it  conforas  Saint-Venant 
equation. 

Stress,  Pi sp laceaent,  Displaceaent  Rale,  Effective  Strain  and  Effective  Strain 
Rate 


Theory 


Fig.l  scheaatic  diagraa  for  deforaed 
region  of  extrusion  through  cone-shape  die 


Froa  the  fundaaental  theory  in  plastic  aechanics  of  rontinuua  aedia,  coabined 
with  the  basic  hypotheses  and  Backofen's  constitutive  equation  at  three-diaension 
condition,  stress  in  deforaed  region  can  be  deterained, 

2k(  1+  u  cot  a  )  [ 2v(  t  )r* . .  cos*  o  /2l" 

o,r - lr  ror  *°  *  ’  •  r,v”'  )  (1) 

2  (i  cot  a  *3* 


o,  -  o  ,  -  k  [2v(  t  )r£, ,  cos*  a  ^2)'  •  r'  ”  (2) 

displaceaent  and  displaceaent  rate  of  particle 

l*.-(ro.+Jr;,1sCt)cos*  a  .'2,'*"-  r0,  (3) 

.  fen  i  v(  t  )cos*  a  /2 

H  „  - - — -  (4) 


effective  strain  and  effective  strain  rate 
-2rJ, ,  s(  t)cos”  a  /l 

e»=- - r - — 


(5) 


Mhere 


e  . 


-2ri,,  v(  t)cos*  o  ^2 

_ 

is  friction  coefficient, 


(6) 

k  aaterial  constant,  a  strain  rate  sensitivity 
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index,  s(t)  and  v(t)  is  displacement  and  speed  of  press  slide,  and  the  others  are 
shown  in  Fig. 1. 


Laws  of  Extrusion  with  Varying  Speed.  For  superplastic  aaterials,  we  aust 
take  account  of  strain  rate  besides  extrusion  angle  and  friction  even  at  the 
condition  of  optiaal  temperature.  To  forward  extrude  through  cone-shaped  die, 
the  aost  dangerous  position  is  the  annular  band  near  die  wall  shown  in  Fig. 1.  If 
effective  strain  rate  e.  at  any  particle  in  the  annular  band  is  equal  to  strain 
rate  e.,  which  is  the  strain  rate  corresponding  to  aaxiaua  a  value,  the  aia  that 
superplasticity  of  aaterials  can  be  aade  fully  use  of  is  reached,  that  is,  when 
0-a,  let  e.-e „.  Substituting  this  condition,  and  when  8  =  a,  r0,=  r0,,, 
r=  r0ll-j»,  into  eqns.(3)  and  (5),  considering  Initial  condition  s(t)l,..=0,  the 
rational  displaceaent  and  velocity  of  press  slide  for  non-steady  extrusion  can  be 
deterained 


6sin  a  cos'  a  /2 


v( t )-- 
where  D,=2r 


4sin a  cos’  a  /l 

Q1Isina  is  dinaeter  at  entrance  of  cone-shaped  die. 


(8) 


As  deforaation  of  blank  enters  the  period  of  steady  extrusion  as  soon  as 
the  blank  extrude  froa  die  exit,  the  technological  rules  for  steady  extrusion 
can  be  obtained  as  long  as  tine  tp  for  non-steady  extrusion  period  is  deterained. 
Froa  Fig.l,  we  know  that  when  t=tp,  H . -rQ, , -rQl , .  Substitute  this  condition  into 
eqn.(3),  we  have 

rj..*  rJ,,=3rJ,,s(tp)cos'  a /2  (•>) 

Combining  eqns.  (7)  and  (9),  we  obtain 


Where  k-DJ  /DJ  ^rj,,  /tq, ,  is  extrusion  ratio.  Substitute  eqn.®  into  eqn.  (9),  we 
can  obtain  the  rational  rules  for  speed  and  displaceaent  of  press  slide  for 
steady  extrusion 


4sin  a  cos'  a  / 2 


-D,  e  . 

s(t); - [l-U  +  2/3  •  lnk-2/3  •  e„t)k' 

4sin a  cos'  a  -'2 


(12) 


Extrusion  Time  and  Flow  Rate.  Shortening  deforaation  time  is  one  of  the  key 
probleas  that  superplasticity  develops  toward  practical  application.  Extrusion 
tiae  indicates  the  tiae  froa  the  beginning  of  blank  deforaation  to  alt  blank 
extruded  froa  die  exit.  For  extrusion  with  varying  speed,  the  extrusion  tiae 
can  be  obtained  so  long  as  optiaal  strain  rate  e.  in  eqn.(tl)  is  replaced  by 
general  rate  e.  Since  the  speed  at  the  entrance  of  die  aaintains  being  v(t) 
for  constant-speed  extrusion,  replacing  r  in  eqn. (6)  by  r0,,  and  considering 
eqn.®,  we  can  deteraine  tp.  Therefore,  we  have 

(varying  speed) 

(13) 

(constant  speed) 


lp=< 


Ink 

e 

2(l-k  */* ) 
3  e 


In  the  field  of  engineering,  extrusion  flow  rate  is  generally  represented 
by  aean  voluae  flow  rate,  i.e. 
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(14) 


Volume  of  deforced  region  (V) 
extrusion  tine  ( tp) 

Determining  volume  enclosed  by  three  surfaces  shown  in  Fig.  1,  i.e,  O,,  Q, 
die  wall,  and  substituting  eqn.(13)  into  eqn.(14),  we  obtain 


Q  = 


^-CrS..-ro.»  Hcos*^— cos*—)  (varying  speed) 

— <rj,,  -rj..  )(cos*~cos'^->  ^ ,--i —  (constant  speed) 


and 


(15) 


Froa  eqns.(13)and  (15),  we  know  that  tp  is  the  function  of  K  and  t  ,  Q  is  the 
function  of  rQ>1,  a,  K  and  e,  but  these  two  paraaeters  are  alt  not  related  to 
friction  coefficient  n. 


Experiment  Results 


Proof  of  Stress  Distribution 


Material  is  superplastic  alloy  Zn-4wt*Al.  At  300'C>  a-0.708  and  k=5 0.18 
kg/aa*  are  deterained  by  tensile  test.  When  silicon  oil  as  lubricant,  ti-0.16  is 
aeasured  by  the  upsetting  method  of  cylindrical  ring.  Take  k=4,  a=20°.  Substitute 
those  data  into  eqns.(l)  and  (2),  the  theoretical  curves  of  a./o.o,  -  r/rQ,  and 
0e/o.Q,  "  r/r0,  can  be  drawn  by  coaputer,  shown  in  Fig.  2  and  Fig.  3.  Then 
extrusion  has  been  tested.  Extrusion  specimen  is  two  heai-cy tinder  body  of  dimen¬ 
sion  l/2<}>  40X  40.  Grids  for  visioplastici  ty  aethod  are  etched  in  the  contact 
plane  of  any  heai-cylinder  body.  Lubricant  is  silicon  oil.  Extrusion  velocity  is 
3  mm/m in.  Extrusion  step  A t  is  1  ain,  and  total  number  of  extrusion  steps  is  9. 
After  each  step  of  extrusion,  distortion  of  grids  is  recorded  by  photograph  aethod. 
Then  the  displacement  field  of  particle  is  aeasured  at  the  projection  instruaent 
J1J-180  whose  magnifying  aultiple  is  50.  The  Data  of  displaceaent  field  aeasured 


Fig. 2  curves  of  o ,/ a r0, , -r/rB, 
relation,  n  =0.  U,  k=4,  a  =20° 


Fig. 3  curves  of  o, r/rQ, 

relation.  |i  =0. 16, k:4,  a  =20° 


are  then  treated  by  coaputer  with  regress  and  saooth  aethod.  The  curves  drawn 
with  this  aethod  are  shown  in  Fig. 2  and  Fig. 3.  Since  stresses  in  deformed  region 
are  influnced  by  every  paraaeters,  the  identity  between  the  results  of  theory 
and  the  experiaent  shows  that  the  theory  is  reliable. 


Forming  Test  of  Extrusion 

The  feasibility  of  the  technological  rules  is  verifyed  by  foraing  autoaobile 
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piston.  Material  used  is  high  strength  coaaercitl  aluainua  bar  of  LD10.  Firstly 
aaterial  is  preservated  at  460'C/  49  is  aeasured  by  tensile  test,  the 

corresponding  strain  rate  e  =8.  33  X  10' *  s' * .  Extrusion  foraing  is  aade  in  oil 


s(t) (cm) 


Fig. 4  the  recorded  curves  of  foraing 
— Theoretical  -*-Experiaental 


usi"/  a)  b) 

Fig. 5  the  pistons  extruded 
a. piston  extruded  with  varying  speed 
b. piston  extruded  with  constant  speed 


press  Y41-40A  at  the  saae  teaperature.  Lubricant  used  is  silicon  oil.  Displaceaent 
is  recorded  by  X-Y  recorder  associated  with  100  aa  displaceaent  transducer.  The 
curves  recorded  are  shown  in  Fig. 4.  The  curve  in  this  figure  represents  extrusion 
with  varying  speedj  the  straight  line  represents  constant  speed  extrusion.  The 
corresponding  parts  forned  are  shown  in  Fig. 5.  Froa  this  figure,  we  know  that 
extrusion  with  varying  speed  needs  5.6  ain,  and  surface  quality  of  forned  part 
are  very  high.  Constant  speed  extrusion  needs  il  ain..  Furtheraore,  inadequate 
filling  and  stretch  crack  appear  at  the  bottoa  of  the  forned  pari. 


Conclusion 

The  stress  distribution  in  deforaed  region  for  superplastic  extrusion 
through  cone-shaped  die  obtained  froa  theoretical  analysis  is  identical  with 
experiaentat  results.  The  extrusion  tine  for  the  foraing  of  autoaobile  piston 
with  varying  speed  according  to  the  rational  technological  rule  of  extruson 
derived  theoretically  is  about  40*  shorter  than  that  with  constant  speed. 
Furthernore,  the  quality  of  the  forned  parts  is  distinctly  iaproved.  This  shows 
that  the  rational  technological  rules  of  extrusion  with  varying  speed  can  direct 
the  extrusion  foraing  of  axial  syaaetrical  parts  in  principle. 
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ALLOY  DESIGN  OF  SUPERPLASTIC  NICKEL-BASE 


AND  TITANIUM-BASE  ALLOYS 
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Meguro,  Tokyo,  Japan 


Abstract 

This  paper  reviews  works  which  have  been  done  by  the  author  and 
his  group  on  developments  of  superplastic  Ni-base  superalloys  and 
superplastic  Ti  alloys  for  several  years  in  a  national  project  in 
Japan,  The  computer-aided  alloy  design  method  previously  developed  by 
us  for  Ni-base  gamma/ gamma-prime  type  superalioys  ip  applied  to  design 
superplastic  nickel-base  alloys.  The  similar  alloy  design  method  is 
contrived  for  alpha/beta  type  Ti  alloys  and  is  used  to  develop 
superplastic  titanium  alloys.  The  both  alloy  design  methods  deal  with 
two  phase  alloys;  phase  compositions  are  so  calculated  that  the  two 
phases  are  equilibrium  each  other,  fully  solution-hardened,  and  free 
from  the  formation  of  detrimental  phases.  Many  candidate  pairs  of  the 
two  phases  are  obtained  and  the  volume  fraction  of  the  two  phases  can 
be  set  arbitrarily  without  changing  the  phase  compositions  but  for  good 
superplastic  properties  the  volume  fractions  of  the  phases  are  chosen 
to  be  about  50X.  The  tensile  strengths  and  ductilities  at  use 
temperatures  of  the  alloys  are  also  important  target  of  the  project  as 
well  as  good  superplasticity  at  forming  temperatures. 
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Introduction 


In  a  national  project  of  Japan,  "Advanced  Alloys  With  Controlled 
Crystalline  Structures"  two  superplastic  alloys  are  being  studied.  This 
project,  started  in  1981,  is  one  of  "Jisedai  Projects"  planned  and 
sponsored  by  Agency  of  Industrial  Science  and  Technology  of  MITI  and 
will  end  at  March  of  1989.  For  this  alloy  project  three  national 
research  institutes  and  "Research  and  Development  Institute  of  Metals 
and  Composites  for  Future  Industries"  are  working  together.  The  latter 
Institute  has  been  established  for  this  alloy  project  and  other 
composite  materials  project  in  "Jisedai  Projects"  and  seven  member 
companies  in  this  Institute  are  sharing  works  for  the  alloy  project. 

In  the  above  alloy  project  the  following  four  alloys  are  being 
developed. 

Ill  Single  crystal  Ni-base  superalloy 

C2]  Superplastic  Ni-base  superalloy 

C31  Oxide  dispersion  strengthened  Ni-base  superalloy 

[4]  Superplastic  Ti  alloy 

In  this  alloy  project,  the  author  and  his  group  in  National 
Research  Institute  for  Metals  are  in  charge  of  alloy  design  and  propose 
candidate  alloys  for  processing  studies  by  the  seven  companies  as 
members  of  the  aforementioned  specially  established  Institute.  Even  in 
the  alloy  design  stage  these  companies  do  appreciable  contributions  in 
preparing  our  specimens. 

In  this  paper  will  be  described  only  alloy  design  aspects  of  the 
above  two  superplastic  alloys  t21  and  [4]. 

Principle  of  Alloy  Design 

The  very  principle  of  our  alloy  design  is  as  follows;  phase  names 
before  and  within  parentheses  are  for  Ni-base  and  Ti  alloys, 
respectively. 

(a)  An  arbitrary  composition  of  gamma  prime  (beta)  phase  is  set,  in 
a  computer,  with  restrictions  that  it  can  be  equilibrated  with 
gamma(alpha)  phase  and  that  it  is  not  excessively  solid-solutioned. 

(b)  Composition  of  gamma(alpha)  phase  is  calculated  from  the  gamma 
prime(beta)  composition  using  the  partitioning  ratio  of  each  element 
between  the  two  phases. 

(c)  The  gamma(alpha)  phase  composition  above  is  checked  if  it  is 
prone  to  the  formation  of  detrimental  phases  such  as  sigma(alpha-2). 

(d)  We  can  compose  alloys  with  any  volume  fraction  of  gamma 
prime(beta)  phase  without  changing  gamma  prime  and  gamma(beta  and 
alpha)  compositions. 

(e)  We  can  utilize  some  property-prediction  equations,  mostly 
derived  from  experimental  experiences. 

For  titanium  alloy,  the  phase  calculation  method  based  on 

thermodynamics,  somewhat  different  from  the  above,  is  also  tried. 


Alloy  Design  of  Ni-base  Superalloy 

Figure  1  shows  our  computer-aided  alloy  design  method  for  Ni-base 
gamma/gamma-prime  superalloy  (1,  2).  Some  description  for  this  figure 
was  given  in  the  author's  previous  paper  (3).  We  have  been  extensively 
using  this  methcd  for  conventionally  cast,  directionally  solidified 
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Step 

NO. 

A) 

A-2 

A'l 
A  4 
AS 
A'6 

A- 7 

A'B 

A-S 

A10 

A  - 1 1 

A12 
A  *1 3 

A14 

A15 

A-16 

A-17 


Figure  1  -  Computer-aided  alloy  design  method  for 
gamma/gamma-prime  Ni-base  superalloy  (3).  The  left  column 
shows  alloy  design  steps  and  the  right  preparations  for  each 
step  of  the  left. 
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columnar,  and  directionally  solidified  single  crystal  alloys  and  ODS 
alloys  as  well  as  for  superplastic  P/M  alloys. 

Development  of  Superplastic  Ni-base  Superalloy 


Target 

The  target  of  the  project  is  that  developed  alloys  have  a  tensile 
strength  higher  than  160  kgf/sq.mm(1569  MPa)  and  a  tensile  elongation 
of  20  X  at  760  C  and  are  capable  of  being  superplastically  deformed. 
The  elongation  of  20  X  is  not  superplastic  one.  The  detailed  target  for 
superplasticity  is  not  set  up. 

The  above  target  tensile  property  values  were  found  rather  too 
high  to  be  achieved  after  they  had  been  approved  as  the  official 
target. 

Modification  of  Rene  95  (4.  5) 

Alloy  Design.  The  gamma  and  gamma  prime  compositions  and  the 

volume  fraction  of  the  latter  of  Rene  95,  one  of  typical  P/M 
superalloys,  were  calculated  by  a  modification  of  our  original  alloy 
design  program  mentioned  above.  In  the  original  program  we  start  from 
setting  gamma  prime  composition  and  then  calculate  the  gamma 

composition  by  using  partitioning  ratios  of  each  element,  the  ratios 
being  functions  of  the  gamma  prime  composition.  Consequently,  when  we 
start  from  an  overall  alloy  composition  we  must  do  some  iteration  since 
we  do  not  have  the  partitioning  ratio  values  for  a  particular  alloy  at 
the  beginning  (6). 

By  using  gamma  and  gamma  prime  compositions  obtained  above,  we 
designed  a  series  of  Ni-base  superalloys  with  varied  amounts  of  gamma 
prime  phase  volume  fractions  yet  with  keeping  the  given  phase 
compositions.  In  Table  I  are  shown  alloys  designed.  Alloy  H  (TMP-11), 

115  X  of  gamma  prime  phase,  was  derived  by  extrapolating  the  tie  line 
connecting  the  gamma  and  gamma  prime  compositions  by  15  x  across  the 
gamma  prime  surface.  Due  to  some  possible  inaccuracy  in  the  alloy 


Table  I.  Nominal  Composltionstwt.  X)  and  Contents  of  Gamma-prime 
Phase  in  a  Series  of  Designed  Alloys  Including  Rene  95 


Alloy 

Co 

Cr 

Mo 

W 

A 1 

Ti 

Nb 

cgpp 

A 

TMP-1 

14.2 

25.6 

5.8 

4.1 

1  .  1 

0.6 

1.0 

0 

B 

TNP-9 

11.6 

20.5 

4.8 

3.8 

2  .  1 

1  .4 

2.0 

25 

C 

TMP-2 

9.0 

15.2 

3.9 

3.6 

3.1 

2.2 

3.0 

50 

D 

Rene-95 

8.0 

13.0 

3.5 

3.5 

3.5 

2.5 

3.6 

60 

E 

TMP-3 

6.9 

10.8 

3.1 

3.4 

3.9 

2.8 

3.9 

70 

F 

TMP-10 

5.3 

7.6 

2.5 

3.3 

4.5 

3.4 

4.5 

85 

G 

TMP-4 

3.7 

4.3 

1.9 

3.1 

5.2 

3.9 

5.1 

100 

H 

TMP-11 

2.1 

1.0 

1.3 

3.0 

5.8 

4.4 

5.6 

115 

Ni:Balance,  C:0,07,  BrO.Ol,  Zr:0.05.  "cgpp":Content  of  gamma-prime 
phase.  The  "cgpp"  of  116X  meams  that  the  designed  alloy  resides,  on 
the  tie  line  connecting  the  gamma  and  gamma-prime  compositions, 
at  a  point  exceeding  by  15  X  beyond  the  gamma-prime  phase  surface 
into  the  gamma  phase  region. 
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design  calculation,  Alloy  G,  designed  to  have  100  x  gamma  prime  phase 
contained  a  small  amount  of  gamma  phase,  but  Alloy  H  has  only  gamma 
prime  phase.  Alloy  A,  designed  to  be  100  X  gamma  phase  has  some  unknown 
phase. 

Experimentals.  In  the  first  paper(4),  from  melting  stocks  of 

the  alloys  were  made  powders  by  a  rotating  disk  cooled  by  liquid 
helium,  and  they  were  extruded  after  HIP  process.  Alloys  F,  G,  and  H 
contained  many  flaws  after  extrusion.  In  the  second  paper(5),  powders 
were  made  by  argon  gas  atomization  and  they  were  superplastica!  ly 
forged  after  the  HIP  process  without  extrusion. 

Resui ts.  Figure  2  shows  tensile  superplastic  properties  of  the 

extruded  bars.  It  is  seen  that  Alloy  E(TMP-3>  designed  to  have  70  X  of 
gamma  prime  phase  gives  better  superplastic  properties  than  the 
original  alloy  (Alloy  F,  Rene  95).  Figure  3  shows  superplastic  forging 
load  of  HIP-consolidated  preforms.  Though  the  loads  go  through  minimum 
at  around  60  -  80  X  of  gamma  prime  phase,  there  is  no  clear  indication 
of  the  advantage  of  70  X  gamma  prime  phase  as  in  Figure  2. 

Figure  4  shows  tnsile  properties  at  760  C(not  superplastic).  We 
are  much  behind  the  target  values(hatched),  though  the  target  is  now 
believed  too  high. 


Figure  2  -  Tensile  superplastic  properties  of  a  series  of  Ni-base 
superalloys  with  various  amounts  of  gamma-prime  phase  after 
extrusion,  "cgpp":  content  of  gamma-prime  phase.  The  upper  abscissa 
indicates  rough  estimation  of  "cgpp"  at  1100  C.  Test  temp.:  1100  C 
Strain  rate:  0.105  X/s  of  the  initial  gage  length. 


Other  Alloys  Developed 


Based  on  the 
conventionally  cast 


knowledge  derived  by  our  developmental  work  for 
Ni-base  superalloys,  several  superplastic  P/M  Ni- 


357 


V  780 


Figure  3  -  Superplastic  forging 
load  of  HIP-consolidated 
preforms  of  a  series  of  Ni-base 
superalloys  with  various  amounts 
of  gamma-prime  phase,  "cgpp"  is 
content  of  gamma-prime  phase. 
Forging  temp.:  1050  C. 

Forging  rate:  0.02  x/s. 

Forging  strain:  3,  35,  and  70  X. 


UTS  at  760°C  (Kg/mm  •) 

Figure  4  -  Tensile  properties  of 
a  series  of  Ni-base  superalloys 
with  various  amounts  of  gamma- 
prime  phase. 

Frg.:  HIP-consolidated  and 
superpla8tically  forged. 

Extr.:  Extruded  after  HIP 
(no  forging).  HIP:  Only  HIP- 
consolidated. 


base  superalloys  have  been  developed.  They  are  mostly  strengthened  by 
Ta  and  W  and  the  gamma  prime  phase  contents  are  60  to  70  x.  The 
improvement  in  tensile  properties  at  760  C  was  not  so  remarkable.  The 
alloys  developed,  however,  are  superplastic  if  they  are  designed  within 
gamma  plus  gamma  prime  regions  and  the  contents  of  the  latter  are  about 
60  to  70  X. 


Alloy  Design  of  Ti  Alloy 


In  order  to  design  alpha-beta  two  phase  Ti  alloy,  the  following 
three  computer-aided  alloy  design  methods.  A,  B,  and  C  were  developed. 


Method  A  (7) 

The  method  A,  based  on  data  of  Ti-X  (X=AI,  Sn,  Zr,  V,  Mo,  Cr,  and 
Fe)  binary  phase  diagrams,  is  made  up  of  the  following  6  steps. 


Step  1.  A  composition  of  beta  phase,  except  A1  concentration, 
is  set  within  the  solubility  limit  of  each  element.  The  A) 
concentration  of  the  beta  phase  will  be  determined  later  as  a  function 
of  the  beta  phase  composition  set  here.  The  Ti  concentration  is  the 
balance. 


Step  2.  The  beta-transus  temperature,  TB  CC)  of  Ti-X  binary 

phase  diagram  is  expressed  approximately  in  a  quadratic  form.  That  is, 


TB  =  882  +  aj  ’  (  Xj  0  )  1  +  b. 
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where  882  is  the  alpha-beta  transition  temperature  (C)  of  pure  Ti,  Xj  0 
is  concentration  of  j  element  (at  X)  in  the  beta  phase,  and  a a  and  bi 
are  constants  in  Table  II  and  obtained  from  published  binary  phase 
diagrams.  Then,  beta-transus  temperature  of  multi-component  system  is 
obtained  by  the  summation  of  Eq.  1  for  each  element  as 

TB  =  882  +  aA1-(  Xa,B  )  2  +  bA,-XA,B 

+  E  {  aj  •(  Xj  0  )  2  +  bi  *Xj  B  }  C2i 

where  j  excludes  A1  as  well  as  Ti.  If  we  design  beta  and  alpha 

phase  compositions  at  900  C,  TB  in  Eq.  2  is  set  as  900  and  the 

concentration  of  A1  in  the  beta  phase,  XAI0can  be  calculated  using 
X4  0’s  which  have  been  set  in  Step  1.  Here, 

XaiB  =  f(  X,  0  ) 

is  called,  according  to  our  notation,  beta  surface  equation;  in  Ni-base 
superalloys,  a  similar  notation,  gamma  prime  surface  equation  has  been 
used. 


Table  II.  Constants  in  Eqs.l  and  2 


j  A1 

Sn 

Zr 

V 

No 

Cr 

Fe 

a,  -0.300 

0.646 

0.152 

0.226 

0.093 

0.630 

0.340 

18.241 

-9.893 

-3.107 

-17.057 

-19.047 

-24.430 

-18.048 

Step  3.  The  composition  of  alpha  phase,  which  is  in  equilibrium 
with  the  beta  phase  set  in  Steps  1  and  2,  is  calculated  from  Eq.  3 
using  the  partitioning  ratios,  Ci,  which  are  shown  by  Eq.  4. 


h  a=  Cj  ■ Xj  $ 

Cai  =  1.426  -  0.0148-XaiB 
Cv  =  0.731  -  0.263  -Xv  0 
CZr  =  0.914  -  0.032  -Xlr0 
Can  =  0.928,  Cmo  0.078,  Ccr 


(3) 


(4) 


=  0.081,  C =  0.089 


The  partitioning  ratio  of  each  element,  Cj,  is  determined  either  from 
the  binary  phase  diagram  or  from  the  EPMA  data  of  alpha  and  beta  phase 
compositions. 


_ fL  The  composition  of  alpha  phase  is  checked  whether  it 

forms  alpha-2  phase  or  not  by  Eq.  5.  Alpha  phase  composition  is 
converted  to  wt.  X  before  being  put  into  Eq.  5. 

x*ia  *  x,,<* /3  +  Xzra /6  +  10-X S  9  vt*  <5) 

Alpha-2  prone  alpha  phase  composition  and  the  coupled  beta  phase  are 
discarded. 

steP  5-  The  volume  fraction  of  alpha  phase,  Vo,  is  set  to  be 

suitable  for  superplastic  forming.  The  final  alloy  composition,  Xj  ,  is 
calculated  by  Eq.6. 
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Xj  =  Va  -X,  “  +  (  1  -  Va  )•  X,  8  (6) 

Actually,  alpha  and  beta  phase  compositions  are  converted  to  wt.  '/.  and 
weight  fraction  of  alpha  phase  is  used  instead  of  volume  fraction  of 
alpha  phase. 

Step  6.  Alloys  are  classified  according  to  their  estimated 

strengths.  For  this  purpose,  compositional  parameters  such  as  the 
degree  of  solid-solution  strengthening,  dDE°  (Eq.7),  for  the  alpha  phase 
and  the  electron-atom  ratio,  e/a8,  for  the  beta  phase  are  calculated 
from  compositions  of  alpha  and  beta  phases  set  in  Steps  1,  2,  and  3. 

dDE®  =  E  X,  “  •  I  (Dt  -  Dti )/  Dti  I  -100  +  E  Xj  “  •  A  p  j  (7) 

.where  i:  transition  metal  element,  j:  non-transition  metal  element, 

X,  “  or  X  i  at  %  of  solute  atom  in  the  alpha  phase,  Di  or  Dti: 
atomic  diameters,  and  A  p  j:  electrical  resistivity  increasing  rate  with 
alloying.  Parameters  in  Eq.7  are  shown  in  Table  Ill,  where  values  of 
A  p  i  are  after  Sasano  and  Kimura(8>.  In  the  previous  paper(7),  the 
author's  group  confirmed  a  roughly  linear  correlation  between  Vickers 
hardness  and  dDE  in  multi-component  titanium  alloys  in  the  state  of 
alpha'-martensite.  Then,  in  this  case,  the  parameter  dDE°  is  used  to 
estimate  the  degree  of  solid-solution  strengthening  of  the  alpha  phase. 
The  author's  group  have  found  (9)  that  in  the  solution  treated  and 
aged  condition,  the  strength  of  alpha-beta  titanium  alloys  is 
estimated  well  by  the  following  regression  equation,  and  in  this  method 
the  strengths  of  designed  alloys  are  estimated  by  using  this  equation. 

Ou  (kgf/ma  2  )  =  207.72  -  318.29Vo  +  119.43Va  -dDE® 

(8) 

+  178(1  -  Vo  )*(e/a8  -  4)  -  19(1  -  Vo  )•  T„  /100 


Table  111.  Constants  in  Eq.7 


Element 

Transision 

V  Zr  Cr  Mo  Fe 

Non-transision 
A1  Sn 

1  (D,  -Dt,)/  Dt,  1  -100 
A  p  (  Q  *cm/at%)  | 

8.93  9.69  13.56  5.71  14.15 

14.40*  17.61* 

*:After  H.  Sasano  and  H.  Kimura(8) 


Method  B  (10) 

Compositions  of  alpha  and  beta  phases  measured  by  EPMA  were 
utilized  to  construct  the  alloy  design  method  B  similar  to  that  for 
gamma/gamma-prime  two  phase  Ni-base  superalloys  explained  before.  In 
the  method  B,  the  beta  surface  equation, 

Xai8  =  f(  Xj  8  ),  where  j  excludes  A1  and  Ti, 

at  900  C  is  obtained  from  beta  phase  compositions  by  the  regression 
analysis.  Partitioning  ratios  of  each  element  between  alpha  and  beta 
phases  are  expressed,  also  by  regression  analysis  ,  as  functions  of 
beta  phase  compositions.  The  formation  of  alpha-2  phase  is  avoided  by 
using  Eq.5  as  in  the  method  A.  The  accuracy  of  the  results  obtained  by 
the  method  B  is  better  than  that  by  the  method  A. 


360 


Method  C  (10) 

The  thermodynamical  calculation  (method  C),  based  on  Hillert's 
subregular  solution  model,  was  performed  in  order  to  confirm  an 
applicability  of  thermodynamical  representations  to  titanium  alloys 
containing  eight  elements.  The  calculation  by  this  method  predicted 
very  well  the  tendency  of  partitioning  of  each  element  between  alpha 
and  beta  phases  and  the  volume  fraction  of  alpha  phase  at  various 
temperatures  (10).  These  results  demonstrate  that  we  have  adequate  set 
of  parameters  to  describe  the  thermodynamics  of  the  alpha  and  beta 
phases  in  multi-component  Ti  alloys. 

Development  of  Superolastic  Ti  Alloys 


Target 

The  target  of  the  project,  expressed  as  tensile  properties  at  300 
C,  is  shown  in  Figure  5.  Other  than  that  shown  in  this  figure,  alloys 
developed  must  show  good  superplastic  properties.  P/M  processes  are 
studied  in  the  project,  but  for  alloy  design  purpose,  specimens  are 
made  by  melting  and  forging. 


Strength -Density  Ratio(kgf/mm2/g/cm3) 


Figure  5  -  Tensile  properties  of  developed  Ti  alloys  and 
commercial  Ti  alloys  at  300  C. 


Tensile  properties  of  developed  alloys  at  300  C  (9) 

It  is  well  known  that  optimum  superplastic  behavior  is  achieved  by 
a  fine  microstructure  with  approximately  equal  fractions  of  two  phases 
at  forming  temperatures.  Furthermore,  most  of  superplastic  experiments 
for  Ti  alloys  are  usually  carried  out  at  around  900  C,  and  thus  we 
designed  at  first,  by  the  method  A,  alloys  having  alpha/beta  volume 
fraction  ratio  of  unity  at  900  C.  Among  them,  Alloy  GT-9  (Table  IV) 
showed  tensile  properties  at  300  C  near  the  target  as  shown  in  Figuie 
5.  By  lowering  the  design  temperature,  where  alpha/beta  volume  fraction 
ratio  is  unity,  from  900  C  (GT-9)  to  850  C  (Gt-33),  800  C  (GT-45),  and 
750  C  (GT-46),  beta-stabilizer  content  can  be  increased  and  age 
hardening  response  is  expected  to  be  improved.  Alloys  GT-33,  45,  and 
46,  thus  developed,  showed  tensile  properties  exceeding  the  target  at 
300  C  as  shown  in  Figure  5. 


i 
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Table  IV.  Chemical  Compositions  of  Some  Developed  Alloys(wt.X) 


Alloy 

A1 

V 

Sn 

Zr 

No 

Cr 

Fe 

n 

Ti 

GT-9 

5.70 

0.50 

1.40 

3.86 

0.98 

1.29 

0.98 

0.12 

bal. 

GT-33 

6.54 

1.43 

1.36 

1.03 

2.89 

2.11 

1.65 

0.11 

bal. 

GT-45 

6.35 

2.85 

0.88 

1.05 

2.48 

2.54 

1.59 

0.11 

bal. 

GT-46 

5.72 

1.48 

0.94 

5.06 

2.45 

3.49 

2.61 

0.16 

bal. 

Superplastic  properties  of  developed  alloys  (11) 

Superplastic  properties  of  these  alloys  are  shown  in  Figures  6(a) 
and  6(b).  Each  alloy  shows  excellent  superplasticity  at  temperatures 
between  800  C  and  850  C.  Total  elongation  of  each  alloy  is  more  than 
400  %  in  the  temperature  range  between  750  C  and  850  C.  On  the  other 
hand,  the  maximum  flow  stress  increases  rapidly  with  decreasing 
temperature  in  the  temperature  range  lower  than  800  C.  From  these 

results,  the  temperature  between  800  C  and  850  C  is  considered  to  be 
suitable  for  superplastic  forming  of  these  alloys  at  the  strain  rate  of 
0.067  X/s  (11). 
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Figure  6  -  Superplastic  properties  of  developed  Ti-alloys. 


By  examining  the  effect  of  test  temperature  and  volume  fraction  of 
alpha  phase  on  superplastic  properties,  it  was  concluded  that  Ti  alloys 
having  alpha/beta  volume  fraction  ratio  of  unity  at  850  C  gave  the  best 
superplasticity  at  the  forming  temperature  near  850  C  (11).  Therefore, 
a  program  was  set  up  to  Improve  the  tensile  properties  of  alloys  having 
alpha/beta  volume  fraction  ratio  of  unity  at  850  C  by  optimizing  the 
parameters,  dDEa  and  e/afl  at  the  solution  temperature  of  850  C.  For 
that  purpose,  the  method  B  which  is  applicable  at  850  C  is  now  being 
developed. 
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Abstract 

The  principles  of  the  development  of  stable  fine  grained  superplastic 
microstructures  in  pseudo-single  phase  and  duplex  materials ,  and  the 
factors  which  influence  cavitation  during  superplastic  flew,  are  outlined. 
The  procedures  used  to  develop  superplasticity  in  a  number  of  materials  of 
commercial  significance  are  reviewed,  as  are  the  resulting  superplastic 
deformation  characteristics.  Alloys  based  on  aluminium,  copper,  iron  and 
titanium,  are  critically  examined,  and  also  potentially  important  ceramic 
materials.  Recent  work  which  shews  that  exceptional  superplastic  behaviour 
can  be  obtained  in  copper  alloys  and  stainless  steels  is  reported.  It  is 
clear  that  dynamic  recrystallisation  is  not  only  an  important  process  in 
developing  superplasticity  in  aluminium  alloys,  but  also  can  be  applied  to 
duplex  titanium  alloys  and  stainless  steels.  The  advantages  of  duplex 
titanium  alloys  is  pointed  out ,  but  attention  is  also  drawn  to  the  fact 
that  Ti-6/4  is  not  the  only  <x/P  alloy  with  superplastic  forming  potential. 
The  similarities  between  ceramic  composites  and  the  particle-stabilised 
pseudo-single  phase  alloys  are  emphasised,  and  the  very  recent  work  on  Ti02 
which  demonstrates  the  enormous  benefits  of  reducing  grain  size  is 
outlined. 
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Introduction 


It  is  well  established  that  for  the  occurrence  of  superplasticity  a 
fine  grain  size  must  be  achieved  and  maintained  at  a  relatively  high 
deformation  temperature,  >0.5Tm.  Under  these  conditions  a  high  strain  rate 
sensitivity  of  flow  stress,  m,  which  is  the  most  important  mechanical 
characteristic  of  superplastic  materials,  will  be  obtained.  However,  a 
high  m  value  does  not  necessarily  lead  to  large  tensile  strains,  since 
cavitation  during  superplastic  flew  can  result  in  premature  fracture  in  a 
number  of  alloys.  Hence,  an  understanding  of  the  principles  underlying  both 
grain  refinement  and  the  inhibition  of  grain  coarsening,  and  of  the  factors 
which  influence  cavitation  are  clearly  of  importance  in  the  development  of 
superplasticity . 

In  the  last  25  years  a  large  number  of  superplastic  alloys  have  been 
discovered,  although  relatively  few  of  these  have  any  commercial 
significance.  A  few  alloys  have  been  designed  for  superplasticity  but  it 
is  likely  that  this  approach  is  limited  in  view  of  the  cautious  outlook  of 
designers  and  metal  users,  particularly  those  in  the  aerospace  sector.  The 
dominant  current  approach  is  to  take  an  alloy  with  well  established  service 
properties  and  to  process  it  to  develop  superplasticity.  In  the  present 
paper  the  metallurgical  requirements  which  enable  a  material  to  be 
processed  to  give  a  superplastic  microstructure  are  outlined  and  the 
procedures  used  to  develop  superplasticity  in  selected  alloys  based  on 
aluninium,  copper,  iron,  and  titanium,  and  in  ceramic  materials,  will  be 
reviewed. 


Processing  of  Superplastics 

Superplastic  alloys  may  be  divided  into  two  main  types:  pseudo¬ 
single  phase  and  microduplex .  In  the  former  type  of  material,  precipitates 
can  play  an  important  role  both  in  the  development  of  a  fine  grain  size  by 
thermcmechanical  processing  and  in  the  inhibition  of  grain  growth  during 
subsequent  superplastic  forming.  The  precipitation  strengthened  A1  alloys 
of  the  2000  (Al-Cu),  7000  (Al-Zn-Mg)  and  8000  (Al-Li)  series  are  important 
pseudo-single  phase,  particle  stabilised  superplastic  alloys. 

The  role  of  particles  in  microstructural  refinement  and  grain  size 
control  of  superplastic  materials  has  been  discussed  by  Wert  (1)  and  by 
Stcwell  (2).  Large  particles  provide  nucleation  sites  for 
recrystallisation  follcwing  heavy  warm  deformation,  while  small  particles 
CO.lwm,  retard  recrystallisation,  grain  and  sub-grain  grewth  by  pinning 
dislocations,  sub-grain  and  gram  boundaries.  The  effectiveness  of  a 
particle  as  a  nucleating  site  for  recrystallisation  increases  both  with  its 
size  and  with  the  level  of  imposed  work.  Hcwever,  it  is  important  that  the 
imposed  warm  or  cold  work  does  not  cause  particle  cracking  or  decohesion  of 
the  particle-matrix  interface,  and  hence  lead  to  cavity  nucleation  prior  to 
superplastic  forming  (SPF)  (see  next  section). 

Several  procedures  have  been  described  for  the  development  of  fine 
equiaxed  grain  microstructures  in  duplex  alloys  (1).  Grain  refinement  may 
be  carried  out  by  hot  working  in  the  two-phase  field  close  to  the 
superplastic  temperature  range.  If  the  phases  have  different  deformation 
characteristics,  such  as  one  being  harder  or  more  brittle  than  the  other, 
then  working  could  fragrant  the  harder  phase  and  redistribute  it  throughout 
the  softer  phase.  If  the  two  phases  have  similar  mechanical  behaviour, 
then  hot  working  first  elongates  the  phases  and  then  fragments  them  by  the 
development  of  intense  shear  bands.  In  these  procedures  recrystallisation 
and  spheroidisation  lead  to  the  required  equiaxed  grain  structures.  In 


seme  cases  the  microduplex  structure  may  be  developed  by  recrystallisation 
of  warm/cold  worked  material,  while  annealing  of  martensitic  structures 
produced  by  quenching  can  give  the  required  microstructure  e.g.  oc//3  Ti 
alloys . 

In  duplex  alloys,  grain  growth  is  restricted  by  equilibrium 
partitioning  of  alloying  elements  between  the  two  phases .  The 
microstructure  is  said  to  be  segregation  stabilised.  High  stability  would 
be  predicted  for  microstructures  consisting  of  equi-volume  fractions  of  two 
phases  which  shewed  litle  mutual  solid  solubility  and  which  contained  a 
predominance  of  interphase  boundaries.  Important  microduplex  superplastic 
materials  include  <x/p  titanium  alloys  and  a/y  stainless  steels.  Materials 
such  as  the  ultra-high  carbon  steels  and  a. /k  aluminium  bronzes,  which 
contain  about  25%  volume  of  second  phase  particles,  may  be  regarded  as 
pseudo-single  phase /particle  stabilised  since  they  contain  a  predominance 
of  boundaries  between  like  phases  i.e.  grain  boundaries  rather  than 
interphase  boundaries. 


Cavitation 

Cavitation  occurs  in  a  wide  range  of  alloys  during  superplastic 
tensile  flew,  and  the  topic  was  very  recently  reviewed  by  Pilling  and 
Ridley  (3).  Cavities  can  either  nucleate  at  grain  boundary  sites,  due  to 
lack  of  accomodation  of  grain  boundary  sliding,  or  may  pre-exist.  Their 
subsequent  growth,  coalescence  and  interlinkage  can  lead  to  premature 
failure,  while  the  presence  of  cavities  in  superplastically  formed 
components  may  have  an  adverse  effect  on  service  behaviour. 

It  is  well  established  that  cavity  grewth  is  dominated  by  matrix 
plastic  flew  and  that  coalescence  plays  an  important  role  in  the 
development  of  large  cavities.  Hence,  to  prevent  cavitation  it  is 
necessary  to  inhibit  nucleation  and  to  avoid  the  presence  of  pre-existing 
defects  by  control  of  the  processing  required  to  develop  superplastic 
behaviour  in  a  given  material.  Factors  which  influence  cavity  nucleation 
include  those  related  to  microstructure  and  those  associated  with 
deformation  conditions.  Important  micros tructural  features  may  include  the 
average  grain  size,  grain  size  distribution  and  grain  shape,  the  type, 
size,  volume  fraction  and  hardness  (reflecting  the  type  of  bonding)  of 
second-phase  particles,  and  in  the  essentially  duplex  alloys  the 
proportions  of  the  major  phases  and  their  characteristics. 

To  minimise  cavitation  it  is  necessary  to  develop  a  small,  stable, 
equi-axed  grain  size  containing  second-phase  particles  in  a  finely 
dispersed  form.  In  practice,  it  is  often  difficult  to  control 
microstructure  and  forming  conditions  so  as  to  inhibit  cavitation. 
However,  cavitation  can  be  suppressed  by  the  application  of  a  hydrostatic 
pressure  >0.5-0. 7  of  the  material  flew  stress  (3),  although  imposed 
pressures  >3HMPa  would  be  technically  difficult  to  apply. 


Commercial  Superplastic  Materials 

The  procedures  used  to  develop  superplastic  microstructures  in  a 
number  of  commercially  important  alloys,  and  in  ceramic  materials,  will  be 
examined. 

Aluminium  Alloys 

The  design  and  processing  of  a  range  of  aluminium  alloys  for 
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superplastic  deformation  has  been  discussed  by  Lloyd  and  Moore  ( 4 ) . 
However,  only  seme  aspects  of  the  pseudo-single  phase  materials  in  which 
superplastic  microstructures  develop  either  by  static  recrystallisation 
prior  to  SPF  or  dynamic  recrystallisation  during  SPF,  will  be  considered. 

The  former  process  is  typified  by  work  on  the  high  strength  7475  A1 
alloy  ( the  Rockwell  route )  ( 5 ) .  Superplastic  microstructures  with  grain 
sizes  of  -lOum  are  produced  by  recrystallisation,  using  rapid  heating 
rates,  of  heavily  warm  worked  microstructures  containing  a  bimodal 
distribution  of  precipitates.  The  larger  particles,  l-2«n,  produced  by 
overageing,  lead  to  localised  intense  deformation  and  lattice  rotation 
during  working,  and  provide  nucleating  sites  for  discontinuous 
recrystallisation,  while  smaller,  0.1-0.2wn,  precipitates  (Cr-rich)  inhibit 
grain  growth  during  recrystallisation  and  subsequent  SPF.  Processed  7475 
A1  alloy  is  capable  of  sustaining  large  tensile  strains  >1000%  elongation 
under  optimum  conditions  (516°C;  2  sc  10"4s~l).  Cavitation  damage  can  occur 
in  7475  during  superplastic  flew  and  is  often  associated  with  iron  and 
silicon-rich  impurity  particles.  Hcwever,  because  of  the  lew  flow  stresses 
( <6MNm'2 )  cavitation  can  be  eliminated  by  the  application  of  hydrostatic 
pressure  during  SPF  if  necessary. 

Mahoney  and  Ghosh  (6)  recently  developed  superplastic  behaviour  in  a 
high  strength  PM  aluminium  alloy  (Kaiser  PM64)  with  and  without  Sic 

reinf orcement .  Processing  of  the  extruded  alloys  by  the  Rockwell  route  led 
to  fine  grain,  6-8um,  microstructures.  It  was  observed  that  oxides  from 
the  A1  powder  and  SiC  particles  provided  cavity  nucleating  sites  during 
superplastic  deformation,  additional  to  those  associated  with  impurity 
particles  normally  found  in  7000  series  alloys.  Hcwever,  since  flew 
stresses  were  low  at  strain  rates  of  2  x  10~4s-1,  cavitation  could  be 
prevented  by  the  application  of  hydrostatic  pressures,  <2MPa. 

In  alloys  such  as  Supral  100  (Al-6Cu-0-4Zr)  and  Supral  220 

(Al-6Cu-O.4Zr-0.3Mg-O.lGe-0.lSi)  a  fine  grain  structure  is  developed  by 
dynamic  or  in-situ  recrystallisation  in  the  early  stages  of  SPF.  The 
principles  of  the  processing  route  have  been  described  by  Watts  et  al  (7). 
During  processing  the  material  is  heavily  warm  worked  at  30CPC,  when 

recovery  and  recrystallisation  are  prevented  by  a  dispersion  of  fine  ZrAl3 
particles  ( 5-lOiro) ,  and  to  a  lesser  extent  by  M^Si  particles,  and  by 
copper  and  magnesium  in  solid  solution.  During  SPF  at  460°C 

recrystallisation  is  usually  complete  after  50%  strain,  and  the  faster  the 
strain  rate  up  ~10~2S~1  the  smaller  the  recrystallised  grain  size  (Fig.l), 
and  the  more  rapid  the  recrystallisation  process  (8).  Tensile  elongations 
of  >1000%  can  be  attained  in  Supral  220  for  optimum  conditions 
(460°C;10~3s"l) .  Cavitation  occurs  during  SPF  and  is  frequently  associated 
with  primary  ZrAl3  and  with  coarse  CuAl2  particles.  It  is  difficult  to 
control  cavitation  damage  with  hydrostatic  pressure  because  of  the 
relatively  high  flew  stresses  (-10  MPa)  resulting  frem  the  lew  foiming 
temperature  ( 460°C ) . 

In  Al-Li  based  alloys  superplastic  microstructures  can  be  developed 
by  static  or  dynamic  recrystallisation,  of  ingot  or  FM  alloys  (9-12).  An 
interesting  feature  of  alloys  which  develop  fine  grain  microstructures  by 
dynamic  recrystallisation  is  that  they  shew  a  high  resistance  to  necking  in 
the  early  stages  of  deformation  before  superplasticity  has  developed.  Ash 
and  Hamilton  (13)  recently  examined  an  Al-Li  based  alloy  which  had  been 
processed  to  develop  superplasticity  by  dynamic  recrystallisation. 
Measurements  of  strain  rate  sensitivity,  m,  and  strain  hardening  exponent, 
n,  shewed  that  although  m  was  lew  initially,  -0.3,  it  rises  with  strain  to 
0.5-0. 6,  whereas  n  is  initially  high  and  then  decreases  (Fig. 2).  Thus  the 
stability  of  the  material  is  initially  dependent  on  strain  hardening  for 


Fig.l.  Effect  of  strain  rate  on 
recrystallised  grain  size  (e  -0.4) 
and  grain  growth. 


Fig.  2.  Variation  of  strain  rate 
sensitivity,  m,  and  strain  hardening 
exponent,  n,  as  function  of  strain 
for  Al-Li  alloy  ( 13 ) . 


its  necking  resistance.  Experiments  shewed  that  the  strain  could  be  quite 
high  (~10-2s~l)  in  the  early  stages  without  loss  of  siperplastic  ductility. 
Hence  the  material  can  be  rapidly  deformed  at  strains  up  to  -1  to  develop  a 
superplastic  microstructure,  and  then  reduced  to  a  more  optimum  strain 
rate  (~10-3s"l)  for  superplastic  flew.  Similar  procedures  have  been 
proposed  for  Supral  220  { 8 ) . 


Superplastic  behaviour  has  been  reported  for  a  range  of  copper 
alloys,  but  most  of  these  materials  undergo  marked  grain  growth  during 
deformation  or  have  too  lew  an  optimum  deformation  temperature,  and  are 
particularly  prone  to  cavitation.  Despite  these  problems,  exceptional 
superplasticity  has  been  observed  in  a  complex  commercial  Al- bronze  of 
nominal  composition  Cu-10Al-5Fe-5Ni  by  Higashi  and  co-workers  (14).  A  fine 
stable  microstructure  can  be  developed  by  a  processing  seejuence  which 
involves  rolling  at  90CPC,  annealing  at  70CPC,  warm  rolling  at  640°C,  cold 
rolling  and  finally  recrystallisation  at  -800°C.  The  roan  temperature 
microstructure  consists  of  a -phase  with  a  grain  size  of  2-3um  containing  a 
fine  dispersion  of  aluninide  particles  (-  25%  vol.  of  k  ptoses).  The 
material  can  be  superplastically  deformed  at  750-850°C  which  spans  the  a+x 
and  the  <x+p+x  phase  fields.  Tensile  elongations  of  1000%  can  be  readily 
obtained  at  strain  rates  as  high  as  10“ 3  to  10~^s'3,  with  an  elongation  of 
5,500%  without  failure  being  recorded  for  an  initial  strain  rate  of 
6xlO-3s~l  at  800°C  (Fig. 3).  At  this  temperature,  the  microstructure 
contains  about  40%  a,  30%  P  and  30%  x  by  volume  and  its  stability  is  due  to 
a  combination  of  segregation  and  particle  stabilisation.  The  superplastic 
microstructures  are  highly  resistant  to  cavitation. 


Iren  Alloys 

Two  types  of  steels  in  which  substantial  superplastic  behaviour  has 
been  developed  include  the  ultra-high  carbon  (15),  tool  and  bearing  steels 
studied  by  Sherby  and  co-workers ,  and  the  microduplex  <x/y  stainless  steels. 
The  processing  procedures  for  the  former  steels  have  been  outlined  in  the 
reviews  of  superplasticity  in  iron-base  alloys  by  Ridley  (16)  and  by  Walser 
and  Ritter  ( 17 ) . 
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Fig.  3.  Cu-10Al-5Fe-5Ni.  Profiles  of  tensile  specimens 
deformed  at  various  strain  rates  (Courtesy  K.  Higashi). 

There  is  a  wide  range  of  duplex  stainless  steels  which  are 
comnercially  available  and  which  after  normal  hot  processing  to  sheet 
develop  a  fine  grain  duplex  structure  suitable  for  SPF.  The  alloys  have  a 
2-phase  microstructure  frcm  roan  temperature  to  >1200°C,  when  they  becane 
fully  ferritic.  Previous  studies  on  these  materials  show  that  they  can 
exhibit  tensile  elongations  >1000%,  and  that  they  can  be  satisfactorily 
bulge- formed  ( 16 ) . 

Maehara  and  Ohmori  (18)  have  recently  reported  exceptional 
superplasticity  in  a  duplex  stainless  steel  of  weight  %  composition: 
Fe-25Cr-6.5Ni-3Mo-0.14N.  The  steel  was  processed  by  forging  and  hot 
rolling  to  thick  plate,  then  solution  treated  at  125CPC,  when  the  material 
contained  only  a  small  volume  fraction  of  austenite,  before  being  given  a 
50%  cold  rolling  reduction.  On  subsequent  deformation  at  an  optimum  strain 
rate  of  ~10~3s~*-,  two  peaks  of  high  superplastic  elongation  (-2000%)  were 
observed  at  900°C  (1173K)  and  1050°C  (1323K)  (Fig. 4).  Detailed  metallo- 
graphic  studies  shewed  that  during  deformation  at  the  lewer  temperature, 
rapid  decomposition  of  a-ferrite  into  o-phase  and  austenite  occurred.  The 
relatively  soft  y  grains  were  subjected  to  severe  deformation  adjacent  to 
the  hard  o-phase  particles  and  underwent  dynamic  recrystallisation  leading 
to  a  fine  equiaxed  o/y  microstructure  (Fig. 5).  At  the  higher  temperature, 
fine  Widmanstatten  y  particles  precipitated  from  the  ferrite,  and  probably 
inhibited  discontinuous  recrystallisation,  and  the  pre-existing  coarser  y 
grains  were  broken  into  spherical  particles,  leading  to  a  uniform 
dispersion  of  y  precipitates  in  a  ferrite  matrix.  The  softer  ferrite  phase 
underwent  dynamic  recrystallisation  to  form  a  fine  equiaxed  a/y 
microstructure . 

Osada  et  al  (19)  have  examined  a  similar  steel  which  was  hot  rolled 
in  a  planetary  mill  to  4rrm  thickness,  water  cooled  to  roan  temperature , 
cold  rolled  to  various  extents  and  tested.  The  as-hot  rolled  plate 
consisted  of  coarse  elongated  oc/y  grains  and  shewed  significant 
superplastic  behaviour  at  900/950°C  at  strain  rates  of  10-3-10‘2s_1,  which 
was  enhanced  after  cold  rolling  (-2000%  elongation). 


Titaniun-base  Alloys 

Superplasticity  in  titanium-base  alloys  has  been  reviewed  by  Hammond 
(20)  and  more  recently  by  Hamilton  (21).  The  two-phase  duplex  titaniun 
alloys,  e.g.  Ti-6%Al-4%V(Ti-6/4),  Ti-6%Al-2%Sn-4%Zr-2%Mo  (Ti-6/2/4/2) , 
Ti-4%Al-4%Mo-2%Sn-0.5%SI  (IMI550)  have  the  great  advantage  in  that  the 
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Fig.  4.  Variation  of  elongation 
with  deformation  temperature 
e  =  4  x  lCr3s-l  (18). 


Fig.  5.  Duplex  o/y  structure 
developed  on  deformation  at 
950°C,  e  =  4  x  lO-Ss-1  (18). 


normal  duplex  processed  sheet  material  possesses  superplastic  properties 
without  the  requirement  (and  associated  cost  premium)  for  complex  prior 
thermomechanical  processing.  Furthermore,  because  of  the  absence  of  hard 
second  phase  particles  at  grain  or  interphase  boundaries,  cavitation  is 
almost  wholly  absent.  The  superplastic  properties  are  affected  by 
variations  in  the  initial  sheet  microstructure  (a  and  B  grain  sizes,  grain 
size  distribution  and  volume  fractions)  and  much  effort  is  presently 
directed  towards  modifications  in  the  duplex  processing  routes  for  the 
manufacture  of  'superplastic  grade1  sheet  material.  However,  identifying 
the  optimum  microstructure  is  not  a  straightforward  procedure;  a  simple 
measurement  of  an  average  (fine)  grain  size  and  a  50%  a/50%  B  volime  are 
insufficient  criteria.  For  example,  Paten  and  Hamilton  (22)  examined  six 
neats  of  Ti-6/4  with  different  alloying  element  and  impurity 
concentrations,  grain  sizes  and  grain  size  distributions.  Their  results 
clearly  shew  that  non-uniformity  of  the  microstructure ,  the  presence  of 
' blocky  a '  grains  etc . ,  need  to  be  taken  into  account .  The  work  of  Cope  et 
al  (23)  on  Ti-6/4  and  Ti-6/2/4/2  also  shows  that  a  B -phase  volume  fraction 
of  -40%  confers  maximum  elongation,  a  50%  volume  fraction  leading  to  rapid 
grain  coarsening. 

The  optimum  volume  fraction  will  however  be  determined  by  the 
deformation  characteristics  and  distributions  of  the  two  phases  and  how 
they  interact  (20).  There  are  two  limiting  cases.  Firstly,  it  may  be 
assumed  that  the  'harder',  or  more  creep  resistant  a-phase  restricts  the 
deformation  of  the  'softer'  /3 -phase,  such  that  they  deform  at  the  same  rate 
-  the  isostrain  rate  model.  Secondly,  it  may  be  assumed  that  the  stress  in 
the  two  phases  is  constant  and  that  the  P -phase  deforms  at  a  faster  rate  - 
the  isostress  model.  These  two  models  (which  are  precisely  analogous  to 
the  'parallel'  and  'series'  models  for  heat  or  electrical  conductivity  in 
the  two- phase  materials)  predict  substantial  differences  in  overall 
superplastic  deformation  behaviour,  particularly  at  small  volume  fractions 
of  B. 


Which  model  is  applicable  probably  depends  can  the  distribution  of  the 
a  and  B  phases  in  the  microstructure;  a  continuous,  interconnnected  or 
matrix  B  phase  suggesting  the  isostress  model  ( and  vice-versa ) .  In  such 
microstructures  the  deformation  properties  of  the  B  phase  dominates;  it  is 
in  effect  a  'mantle'  around  the  a  grains  (Fig. 6).  Hence,  it  may  be 
expected  that  additions  of  /^-stabilising  alloying  elements  which  increase 
the  effective  diffusion  coefficients  for  creep  will  result  in  reduced  flew 
stresses  and  higher  strain  rate  sensitivities.  Such  has  been  shewn  to  be 
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the  case  for  additions  of  nickel,  cobalt  and  iron  to  Ti-6/4,  although 
direct  comparisons  are  not  straightforward  because  of  concomitant  changes 
in  /3-phase  volume  fractions  (20,24). 

As  with  the  unrecrystallised  sheet  material  of  the  7000  and  8000 
series  aluminium  alloys,  an  initial  nan- superplastic  microstructure,  for 
example  a  transformed  P  microstructure  consisting  of  martensitic  or 
Widmanstatten  a  platelets  in  a  transformed  P  matrix,  may  dynamically 
recrystallise  to  a  fine  grained  equiaxed  microstructure,  superplastic 
properties  thereby  being  developed  as  a  result  of  the  deformation  (25). 
This  is  a  very  important  characteristic  in  that  it  allows  superplastic 
forming  processes  to  be  carried  out  on  sheet  materials  which  contain  P 
transformed  regions,  e.g.  weld  structures  and  heat  affected  zones.  This  is 
clearly  an  area  in  which  considerably  more  work  needs  to  be  carried  out  in 
order  to  determine  the  optimum  forming  conditions  to  give  grain  refinement 
and  to  avoid  localised  thinning  and  cavitation. 

The  developm  nt  of  superplastic  sheet  materials  must  ultimately  be 
assessed  in  relation  to  the  required  mechanical  properties  of  the 
superplastically  formed  parts.  In  the  case  of  Ti-6/4,  superplastic  forming 
leads  to  a  decrease  in  strength  which  is  a  result  not  of  the  deformation  as 
such,  but  of  the  grain  grcwth  normally  observed  during  the  thermal  cycling. 
There  is  no  reason  why  this  situation  should  not  be  reversed,  with  improved 
properties  being  obtained  as  a  result  of  grain  refinement  and 
redistribution  and  texture  changes  brought  about  as  a  result  of 
modifications  to  the  forming  temperatures  and  strain  rates  employed. 
Indeed  this  is  already  the  situation  in  the  case  of  certain 
superplastically  formed  nickel-base  superalloys,  e.g.  following  the 
' Minigrain1  processing  route  (26). 


Ceramics 

Microstructural  superplasticity  of  fine-grained  ceramics  (i.e.  in 
the  absence  of  phase  transformations  brought  about  by  thermal  cycling)  was 
recently  reviewed  by  Carry  and  Mocellin  (27).  As  in  the  case  of  metallic 
alloys,  it  is  the  deformation  properties  of  the  material  at  the  grain 
boundaries  which  are  of  importance  and,  although  in  ceramics 
dislocation-climb  controlled  creep  mechanisms  are  probably  of  negligible 
significance,  it  appears  that  there  is  considerably  greater  scope  for 
modifying  grain  boundary  and  lattice  diffusional  creep  mechanisms  by 
modification  of  the  grain  boundary  chemistry  and  structure.  In  addition, 
the  potential  for  extending  the  temperature  range  over  which  diffusional 
creep  mechanisms  are  of  importance  by  refinement  of  the  grain  size  tc  the 
order  of  l-10nm  has  been  exploited  in  ceramics,  albeit  on  a  very  small 
scale. 


Two  microstructural  situations  may  be  identified:  ceramics  which  have 
a  glassy  gram  boundary  phase  and  those  which  do  not.  The  former  comprise 
those  'glass  ceramics'  which  result  from  the  incomplete  crystallisation  of 
a  glass  and  those  hot  pressed  'silicon  ceramics'  which  result  from  the 
sintering  of  Si3N4  or  Sic  powders  to  which  small  amounts  of  sintering 
additions  have  been  made,  e.g.  MgO  or  Y2O3  for  A1  or  C  for  SiC. 
These  sintering  additives  or  dopants  give  rise  to  small  volute  fractions  of 
intergranular  glassy  phases  in  the  form  of  particles  at  triple  points  or 
near -continuous  films.  The  latter  comprise  those  ceramics  which  may  be 
single  phase  oxides  such  as  Mc£,  AI2O3,  TiC>2,  UO2 ;  single  phase  fluorides, 
spinels,  perovskites,  olivines  and  two-phase  dispersion  strengthened  and 
toughened  oxide  composites  such  as  Y203-stabilised  tetragonal  Zr©2  (Y-TZP), 
with  various  volute  fractions  of  AI2O3  distributed  within  the  Zr02 
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matrix  (Y-TZP/AI2O3) . 


In  the  case  of  glass  ceramics  it  has  been  proposed  (28)  that  the 
boundary  consists  of  islands  of  crystalline  material  m  a  glassy  matrix 
which  undergo  a  continuous  process  of  solution-precipitation;  the  islands 
supporting  the  grain  boundary  shear  stresses  and  the  glassy  phase  providing 
fast  molecular  diffusion  paths.  This  model  could  also  apply  to  those 
silicon  ceramics  in  which  the  grain  boundary  glass  phase  occurs  as 
near-continuous  films. 

Most  deformation  experiments  on  ceramics  have  been  carried  out  in 
bending  or  compress ion,  but  more  recently  tensile  tests  have  been  carried 
out  which  allow  a  direct  comparison  with  metals  and  alloys  to  be  made  in 
terms  of  cavitation  and  neck  stability.  The  most  extensively  studied 
single  phase  oxide  ceramics  sire  MgD  and  AI2O3  with  grain  sizes  normally  in 
the  range  l-5wn.  There  are  two  ways  in  which  the  superplastic  properties 
may  be  enhanced:  by  influencing  the  effective  grain  boundary  and  lattice 
diffusivities  by  modifications  to  the  amount  and  types  of  dopants,  and  by 
decreasing  the  grain  size.  The  effects  of  dopants  arises  as  a  result  of 
segregation  to  grain  boundaries.  There  is  insufficient  transmission 
electron  microscopical  evidence  to  preclude  the  possibility  that  small 
volune  fractions  of  glassy  phases  are  not  also  generated.  A  reduction  in 
the  grain  size  of  Ti02  from  ~10pm  to  -lOnm  (three  orders  of  magnitude)  is 
reported  by  Karch,  Birringer  and  Gleiter  (29)  to  extend  the  temperature 
range  over  which  diffusional  creep  is  effective  down  to  -1 8CPC.  This  is 
not  unexpected  since  grain  boundary  diffusional  creep  is  proportional  to 
the  third  power  of  the  grain  size,  which  indicates  an  enhancement  factor 
of  109; 

The  Y-TZP-AI2O3  ceramic  composites  are  of  course  of  increasing 
importance.  With  respect  to  their  superplastic  properties,  it  is  the 
co-existence  of  the  tetragonal  and  cubic  phases  in  the  Y20z~Zr02  system  and 
the  presence  of  the  second  phase  AI2O3  particles  which  contribute  to  their 
grain  stability.  Recently,  Wakai  and  Kato  (30)  have  demonstrated  the 
superplastic  properties  of  such  a  composite  with  a  grain  size  of  0.5m 
containing  20wt%Al203-  At  a  temperature  of  1450°C  and  strain  rates  below  1 
x  10~3s"i  the  flew  stresses  were  approximately  strain  independent  and 
uniform  elongations  up  to  200%  were  achieved  (Fig.7).  At  higher  strain 
rates  strain-softening  and  reduced  elongations  were  observed,  which  was 
attributed  to  cavitation  or  creep  crack  growth. 


Fig. 6.  Ti-6Al-4V-lCo  alloy  super- 
plastically  deformed  at  835°C. 
Shews  grain  boundary  network  of 
/3-phase . 


Fig.7.  True  stress  as  a  function 
of  true  strain  for  constant 
velocity  tensile  testing  of 
Y-TZP/AI2O3  at  1450°C  (30). 
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Discussion 


It  is  clear  that  dynamic  recrystallisation  of  cold  or  warm  worked 
material  is  not  only  of  importance  in  developing  superplastic 
microstructures  in  aluminium  alloys,  but  can  also  be  applied  to  duplex 
titanium  alloy  and  stainless  steels.  The  alternative  processing  route 
involving  static  recrystallisation  is  used  to  develop  superplasticity  in 
the  7000  series  alloys,  although  Grimes  et  al  (11)  have  pointed  out  the 
practical  problems  of  applying  heavy  warm  rolling  reductions  to  materials 
of  limited  working  capability,  and  of  applying  very  high  heating  rates 
uniformly  to  large  sheets  of  material  to  produce  a  uniform  microstructure. 
As  a  consequence,  current  commercial  interest  in  the  development  of 
superplasticity  in  Al-Li  alloys  is  focused  on  the  dynamic  recrystallisation 
route.  Whether  the  7000  series  alloys  could  indeed  be  processed  by  this 
route  given  minor  compositional  changes  e.g.  by  small  additions  of  Zr,  is 
an  area  which  merits  further  investigation. 

Strain  enhanced  grain  growth  occurs  in  all  superplastics,  but  the 
problem  of  maintaining  a  small  stable  grain  size  in  aluninium  alloys 
requires  special  attention  because  of  the  high  homologous  temperatures, 
~0.9Tm,  at  which  they  exhibit  optimum  superplasticity.  However,  McNelley 
and  co-workers  (31)  have  shewn  that  substantial  elongations  (>500%)  can  be 
obtained  at  300°C,  a  homologous  temperature  of  ~0.7Tm,  in  a 
thermomechanical ly  processed  Al-lCMg  alloy  at  strain  rates  2-5  x  10-3s-1. 
Warm  rolling  at  300°C,  below  the  Mg  solvus,  leads  to  a  fine  sub-grain 
structure  stabilised  by  a  fine  dispersion  of  AlgMgs  and  MnAlg.  On 
deformation  at  300°C  continuous  recrystallisation  occurs,  and 
misorientation  between  sub-grains  progressively  increases.  Although 
measured  m  values  were  relatively  high  it  is  likely  that  the  necking 
resistance  of  these  materials  is  due  to  high  strain  hardening,  as 
identified  by  Ash  and  Hamilton  (14),  rather  than  conventional  superplastic 
deformation  processes.  The  material  shows  a  low  level  of  cavitation, 
consistent  with  lack  of  grain  boundary  sliding. 

All  aluminium  alloys  tend  to  undergo  cavitation  during  superplastic 
flow.  Although  cavitation  can  be  suppressed  by  the  application  of 
hydrostatic  pressure  during  forming  provided  the  flew  stress  of  the 
material  is  not  too  high,  this  procedure  will  clearly  influence  the  cost 
and  competitiveness  of  SPF  as  a  shaping  process.  Stcwell  (32)  has  pointed 
out  that  to  minimise  cavitation  during  SPF  care  must  be  taken  at  all  stages 
in  the  production  process.  Attention  must  be  paid  to  the  cleanliness  of 
the  liquid  Al  alloy,  the  minimisation  of  iron  and  silicon  pick-up, 
prevention  of  coarse  primary  phase  formation,  and  the  avoidance  of  fracture 
and  decohesion  of  large  particles  during  warm  working  procedures  involved 
in  the  production  of  superplastic  microstructures. 

Cavitation  during  superplastic  flew  in  7475  Al  alloy  can  vary 
appreciably  from  batch  to  batch.  It  is  uncertain  whether  there  is  a 
correlation  between  cavitation  and  the  Fe  +  Si  content  of  the  alloy,  or 
whether  microstructural  features  other  than  Fe  and  Si-rich  constituent 
particles  make  a  significant  contribution  to  cavitation.  It  imay  be 
possible  to  minimise  cavitation  by  using  PM  or  rapid  solidification 
production  routes.  However,  these  would  appear  to  be  expansive  options  for 
the  relatively  large  scale  production  of  superplastic  sheet. 

The  duplex  titanium  alloys  are  in  many  respects  ideal  superplastic 
materials,  apart  from  their  high  forming  temperatures.  The  normally 
processed  mill  products  sure  usually  superplastic  and  the  materials  contain 
substantial  proportions  of  b.c.c.  /3-phase  which  readily  accommodates  grain 
boundary  sliding  during  SPF.  The  alloys  do  not  cavitate  and,  in  addition, 
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they  readily  undergo  diffusion  bonding. 

However,  the  superplastic  forming  potentials  of  <x+£  titaniun  alloys 
other  than  Ti-6/4  are  grossly  under-exploited.  The  concentration  of 
research  effort  and  the  increasing  experience  in  the  use  of 
superplastically  formed  Ti-6/4  parts  in  aerospace  engineering  has 
consolidated  its  position  as  the  'workhorse'  titanium  alloy.  But 
workhorses,  by  their  nature,  are  not  evolved  to  fulfil  a  specific  set  of 
requirements  and  when  the  limitations  of  Ti-6/4  become  more  widely 
recognised  by  designers,  the  opportunities  for  the  development  both  of 
other  commercial  titaniun  alloys  and  alloys  of  modified  compositions ,  will 
be  greatly  increased. 

The  work  of  Karch  et  al  (29)  on  Ti02  has  demonstrated  the  enormous 
advantages  attainable  on  reducing  the  grain  size.  And  although  this  work 
was  carried  out  on  very  small  amounts  of  vapour  deposited  material,  it  does 
indicate  the  enormous  benefits  which  will  follow  from  the  development  of 
processing  routes  which  result  in  only  ten-fold  or  five-fold  decreases  in 
grain  size. 

The  deformation  characteristics  of  the  ceramics  composites  are 
remarkably  similar  to  those  of  fine  grain  alloys  which  contain  a  dispersion 
of  hard  second  phase  particles:  the  harder  AI2O3  particles  inhibit  grain 
growth  but  act  as  nucleation  sites  for  cavitation;  the  deformation  is 
largely  accommodated  by  grain  boundary  deformation  processes  with  a  small 
amount  of  grain  elongation;  strain  rate  sensitivities  are  approximately  0.5 
and  grain  growth  is  dynamically  enhanced  by  the  deformation.  Finally, 
there  is  again  the  problem  of  identifying  the  appropriate  diffusion 
coefficient  for  the  composites  which  will  be  a  function  of  the  diffusional 
and  dislocation  climb  contributions  of  the  ptoses  present.  The 
exploitation  of  the  superplastic  potential  of  ceramics,  as  well  as  of 
metals,  will  clearly  depend  on  a  greater  understanding  of  this  function  and 
the  ways  in  which  it  may  be  modified  by  compositional  and  microstructural 
design. 
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Abstract 

There  is  a  growing  requirement  for  the  development  of  optimised 
superplasticity  in  aluminium-lithium  alloys  such  as  8090,  and  it  is 
now  observed  that  microstructures  obtained  through  strain-induced 
recrystallisation  give  better  superplastic  performance  when  compared 
with  statically  recrystallised  microstructures  (1).  However,  when 
the  development  of  superplasticity  is  achieved  by  a  strain-induced 
recrystallisation  route,  higher  flow  stresses  are  frequently 
observed,  especially  during  the  early  stages  of  the  forming 
operation.  In  those  applications  where  the  requirement  is  to  form 
simple  shapes  which  are  subsequently  mechanically  or  adhesively 
bonded,  this  does  not  present  a  problem.  In  other  applications 
however,  where  intricate  shapes  are  developed  from  previously  bonded 
(by  diffusion  or  otherwise)  arrays,  then  the  limiting  forming 
pressures  are  set  by  the  bond  strengths  achieved.  Clearly,  in  this 
latter  case  the  need  is  to  understand  and  optimise  the  superplastic 
forming  operation  through  the  understanding  of  the  superplastic 
characteristics  of  the  alloy. 

This  paper  describes  part  of  a  detailed  investigation  into  the 
development  of  superplastic  microstructures  in  8090  alloy  sheet.  A 
combination  of  techniques  has  been  used  to  monitor  the 
microstructural  evolution  as  a  function  of  superplastic  strain, 
including  transmission  electron  microscopy,  strain  rate  sensitivity 
determination  and  texture  measurement.  The  results  indicate  that 
deformation  is  accommodated  by  a  number  of  mechanisms,  dependent 
upon  the  level  of  strain  in  the  sample  and  that  superplastic 
performance  is  critically  dependent  on  the  development  of  a  stable 
sub-grain  structure.  The  implications  of  these  results  will  be 
discussed  with  respect  to  forming  practices. 
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Introduction 


Superplasticity  or  superplastic-like  deformation  in  Al-Li  alloys 
has  been  observed  by  many  research  workers  in  practically  all  alloy 
variants  currently  in  commercial  production.  This  behaviour  may  be 
induced  by  developing  a  statically  recrystallised  fine  grain  size 
capable  of  superplastic  deformation,  although  in  Al-Li  alloys  this 
route  often  leads  to  disappointing  superplastic  performance  due  to 
strain  induced  grain  growth  causing  premature  cavitation  and  failure. 
Better  performance  may  be  obtained  by  the  development  of  an  ultrafine¬ 
grained  microstructure  during  the  initial  strain  accommodation, 
provided  certain  product  processing  conditions  are  met  (2) .  One 
problem  with  this  route  is  the  changing  microstructure  can  cause 
concommitant  changes  in  both  the  flow  stress  and  strain-rate 
sensitivity  of  the  material  ("m"  value)  which  may  cause  difficulties 
when  forming  components  using  gas  pressure.  Furthermore,  the 
application  of  diffusion  bonding  prior  to  superplastic  forming  requires 
a  minimisation  of  flow  stress  to  prevent  premature  bond  failure. 

In  this  paper  the  development  of  microstructure  during  the  early 
stages  of  deformation  in  an  Al-Li  alloy  (8090)  is  described  and  the 
subsequent  changes  in  the  flow  stress  and  strain-rate  sensitivity 
behaviour  are  presented  and  discussed. 

Experimental  Details 

Material  for  this  investigation  was  produced  via  a  commercial 
route  designed  to  optimise  superplasticity  by  strain  induced 
recrystallisation  (2) .  The  material  was  assessed  using  standard 
procedures  to  measure  "m"  values  at  various  strain  rates  and  also  as  a 
function  of  total  specimen  prestrain.  Optical  and  transmission 
electron  metallography  of  similar  specimens  was  performed  to  evaluate 
microstructural  evolution  during  straining. 

Results 


Superplastic  Testing 


Flow  stress  -  strain  rate  curves  as  a  function  of  specimen 
prestrain  for  the  8090  material  used  in  this  investigation  are  shown  in 
Figure  1.  These  data  essentially  show  that  the  flow  stress  falls,  over 
the  entire  range  of  strain  rates  studied,  as  the  specimen  prestrain 


Figure  1  Flow  Stress  -  Strain 
Rate  Curves  for  8090 
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increases.  The  corresponding  derivative  carves,  displaying  "m"  value 
as  a  function  of  strain  rate  and  specimen  prestrain  are  shown  in  Figure 
2.  Here  it  may  be  seen  that  the  starting  material  initially  has  a 
fairly  high  "m"  value  maximum  of  0.6  located  at  a  strain  rate  of 
t  5.10's  S'1.  As  a  prestrain  of  0.4  is  applied  (50%)  the  "m"  value 
peak  drops  to  a  value  of  0.45  but  is  now  situated  at  a  higher  strain 
rate  of  1.5  10"*  S'1.  Increasing  the  prestrain  to  0.69  (100%) 
increases  the  ”m”  value  maximum  to  0.59  at  a  still  higher  strain  rate 
of  3  10'*  S'1.  Summarising  these  data  it  may  be  stated  that:- 

a)  the  flow  stress  of  the  8090  falls  at  all  strain  rates  as  total 
specimen  strain  is  increased, 

b)  the  maximum  strain-rate  sensitivity  index  moves  to  higher  strain 
rates  as  total  specimen  strain  is  increased, 

c)  the  maximum  recorded  value  of  "m”  initially  drops  as  strain  is 
applied  followed  by  an  increase  back  to  approximately  the  initial 
value,  albeit  at  a  higher  strain  rate. 

Further  prestrain  applications  (at  0.91,  1.09)  maintained  the  maximum 
value  of  "m"  at  •v  0.6,  although  the  peak  was  observed  to  shift  slightly 
to  slower  strain  rates.  These  data  have  not  been  plotted  in  the 
interests  of  clarity. 

Optical  Microscopy 

Optical  metallography  was  performed  on  prestrained  specimens  to 
evaluate  microstructural  development  during  straining.  Kellers' 
reagent  was  used  to  accentuate  grain  boundary  development  and 
micrographs  are  shown  in  Figure  3.  No  discernable  grain  structure  was 
visible  in  the  material  which  had  received  strains  of  up  to  0.4  and  clearly 
distinguishable  grains  could  only  be  seen  after  straining  to  0.69  true 
strain.  At  this  stage  the  grain  size,  measured  by  mean  linear  intercept, 
was  5.8  pm,  and  the  cavity  content,  measured  from  an  unetched  specimen  by 
quantitative  metallography  was  0.15%.  Examination  of  specimens  prestrained 
to  1.09  true  strain  (200%)  showed  clear  evidence  of  grain  growth  and 
further  cavitation,  with  a  mean  grain  size  of  7.5  pm  and  cavity  content  of 
0.21%  being  recorded. 


Figure  3  Grain  Boundary  Figure  4  B.F.  T.E.M.  Image  Showing 

Structure  Development  Sub-Grain  Structure 

With  Strain 
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Transmission  Electron  Microscopy 

Figure  4  illustrates  the  microstructure  developed  by  thermal  cycling 
only  and  as  such  represents  the  starting  microstructure  which  experiences 
hot  deformation.  The  microstructure  is  seen  to  consist  of  a  complex  series 
of  sub-grain  boundaries  (sub-grain  size  t  0.5  ym)  produced  as  a  consequence 
of  recovery  of  the  cold  worked  sheet  microstructure.  Close  examination  of 
Figure  4  shows  that  the  dislocation  spacing  in  the  boundary  arrowed  is  not 
constant  and  increases  towards  a  triple  junction  with  another  boundary. 

Such  microstructures  may  be  interpreted  as  the  loss  of  dislocations  from 
low  angle  boundaries  leading  to  continuous  recrystallisation  by  sub-grain 
co-alescence  (3) . 

The  interior  of  the  sub-grains  observed  in  this  microstructure  were 
essentially  free  from  matrix  dislocations,  implying  that  the  recovery 
process  was  essentially  complete. 

Examination  of  specimens  deformed  up  to  a  true  strain  of  0.4  showed 
the  development  of  extensive  matrix  dislocation  activity  inside  the 
sub-grains,  which  had  increased  in  size  to  i  2  p  (Figure  5).  The 
helical  nature  of  these  dislocations,  brought  about  by  the  interaction 
of  trapped  vacancies  with  the  line  defects,  indicates  that  these 
dislocations  were  present  during  deformation,  and  were  not  introduced 
during  specimen  preparation. 

This  build  up  of  matrix  dislocation  content  could  be  observed  to 
react  with  sub-grain  boundaries  as  shown  in  Figure  6.  In  this  Figure 
the  decomposition  of  a  matrix  dislocation  into  two  intrinsic  sub-grain 
boundary  dislocations  can  be  seen  (arrowed) .  Such  observations  indicate 
that  sub-grain  boundary  mis-orientation  may  be  developed  by  the 
incorporation  of  dislocations  produced  by  deformation,  thus  accelerating 
the  process  of  recrystallisation  and  the  development  of  high  angle  grain 
boundaries. 


Discussion  and  Conclusions 


The  microstructural  observations  described  above  may  be  interpreted 
as  follows:- 

a)  the  initial  (heat  cycled)  microstructure  consists  of  a  stable 
array  of  sub-grain  boundaries  which  are  undergoing  co-alescence 
leading  to  continuous  recrystallisation. 


Figure  5  B.F.  T.E.M.  Image  Figure  6  W.B.  T.E.M.  Image 

Showing  Dislocation  Showing  Dislocation 

Activity  e  =  0.4  Reaction  at  Sub-Grain 

T  =  515°C  Boundary  (Arrowed) 
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b)  during  the  initial  stages  of  deformation  (0-0. A  true  strain) 
matrix  dislocations  are  produced  which  decompose  into  available 
sub-grain  boundaries  and  accelerate  the  development  of  high 
angle  boundaries. 

c)  after  a  strain  of  t  0.69  a  high  angle  grain  boundary  structure 
has  developed  and  cavitation  of  the  specimen  is  observed. 

The  stability  of  the  sub-grain  structure  is  essential  if  a  fine 
grain  size  is  to  be  achieved,  since  any  size  advantage  displayed  at  this 
stage  would  cause  a  few  grains  to  grow  to  a  large  size. 

The  results  of  the  superplastic  testing  can  thus  be  interpreted  as 
a  consequence  of  the  microstructural  history  of  the  specimen  as  it 
undergos  strain.  During  the  early  stages  of  strain,  a  high  "ra"  value  at 
a  low  strain  rate  may  be  interpreted  as  a  creep-based  phenomenon, 
involving  extensive  dislocation  activity.  The  relatively  high 
(dislocation  creep)  strain  rates  may  be  attributed  to  the  very  fine 
sub-grain  size  developed  during  recovery  (A).  As  strain  develops  the 
sub-grain  size  is  seen  to  increase  and  consequently  the  measured  "m” 
value  falls.  At  the  same  time  the  misoreintation  of  the  sub-grains  is 
increasing  as  dislocations  are  decomposed  and  sub-grain  co-alescence 
continues.  This  mechanism  accounts  for  the  development  of  a  high  angle 
grain  structure,  able  to  accommodate  deformation  by  grain  boundary 
sliding,  and  this  is  responsible  for  the  increase  in  measured  "m"  value 
at  a  strain  rate  more  consistent  with  truely  superplastic  behaviour  as 
seen  in  specimens  deformed  to  0.69  true  strain.  Finally,  strain-induced 
grain  growth  causes  a  degradation  of  this  behaviour  and  the  acceleration 
of  cavitation  within  the  specimen. 

These  observations  are  substantiated  by  the  development  of 
crystallographic  texture  as  a  function  of  strain.  Work  done  within  this 
study,  together  with  data  presented  by  Partridge  et  al  (5),  has  shown 
that  texture  intensities  can  increase  during  the  initial  stages  of 
deformation  before  a  reduction  is  observed  due  to  grain  boundary  sliding 
effects. 
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Abstract 

A  new  kind  of  corrosion-resisting,  weldable  superplastic  aluminum  alloy 
is  introduced  in  this  paper. 

The  component  feature  of  this  alloy  is  that  it  contains  1-2  wt%  Zn  in 
A 1 -Mg  system,  through  the  processes  of  chill  casting,  homogenization, 
rolling  at  middle  temperature  and  recrystallization,  the  fine  grain  structure 
was  obtained. 

Up  to  800*  elongation  can  be  reached  with  the  strain  rate  sensitivity 
index,  m,  about  0.5  at  the  condition  of  803  K  and  strain  rate  8.3»10~4s- t . 

This  alloy  possesses  considerable  strength  at  ambient  temperature.  It 
also  has  good  weldability  and  corrosion  resistance  which  equals  to  alloy  5083. 

The  mechanical  properties  of  this  alloy  are  compared  with  those  of  alloys 
of  Super-100,  Neopral,  5456  and  Al-IOZn-lMg.  The  testing  results  are  dis¬ 
cussed  after  the  investigation  of  microstructure  by  Optical  Microscope,  TEM, 
X-Ray  Diffracmeter  et  al. 

This  alloy  is  suitable  for  making  complex  structure  parts  served  in  damp 
atmosphere  or  seawater.  It  has  good  prospects  of  commercial  application. 
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Introduction 


For  more  than  20  years,  the  developing  tendancy  of  superplastic  techno¬ 
logy  is  to  try  to  develop  superplastic  structure  alloys  with  excellent  mecha¬ 
nical  properties.  We  can  get  marked  examples  for  aluminum  alloys  through  the 
appearance  of  Superal  series  alloys,  the  realization  of  superplasticity  of 
high  strength  7475  aluminum  alloys  and  its  application  in  aviation  industry. 
But  some  high  strength  aluminum  alloys  have  the  problems  of  corrosion  resis¬ 
tance  and  weldability.  In  order  to  meet  the  requirements  needed  by  complex 
structure  parts  used  in  damp  atmosphere  or  the  sea,  a  new  kind  of  superplas¬ 
tic  aluminum  alloy  with  high  strength,  fine  corrosion  resistance  and  good 
weldability  has  been  developed. 

Experimental  Details 

1 .  Chemical  composition  of  the  alloy  and  the  production  method  of  plate 

Chemical  composition. 

Mg  Zn  Mn  Cr  Zr  A1 

5-7  1-2  0.5-1  0. 1-0.2  0.3-0. 5  balence  wt% 

The  production  method  of  plate.  The  alloy  was  melted  with  normal  method 
and  then  went  through  chill  casting.  After  homogenizing  treatment,  it  was 
rolled  into  the  required  plates.  Finally  recrystallization  treatment  was 
carried  out  on  these  plates.  Figure  1  is  the  schematic  of  the  thermomechani¬ 
cal  processing  sequence  used  for  LFC-X1  alloy. 

2.  Material  properties 

Superplasticity.  Tensile  tests  on  samples  prepared  from  rolling  and 
tr ansverse  directions  were  carried  out  on  a  Instron  testing  machine.  The 
results  are  shown  in  figure  2.  The  maximum  elongation  can  reach  up  to  800%. 

Mechanical  properties  at  ambient  temperature  and  corrosion  tests. 

Table  1  gives  the  results  of  mechanical  properties  and  corrosion  tests  at 


Figure  1  -  Schematic  of  the  thermomechanical 
processing  sequence  used  for  LFC-X1  alloy. 
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Figure  2  -  The  variation  of  elongation  and  strain  rate 
sensitivity  index,  m,  with  the  strain  rate  in  LFC-Xl  alloy. 

ambient  temperature.  The  data  of  compared  alloys  is  taken  from  relevant 
documents. 

Table  I.  The  comparison  of  mechanical  properties  at  ambient 
temperature  among  several  aluminum  alloys 


A1 loys 

6b 

(Mpa ) 

6..j 

(Mpa) 

S 

(%) 

Lose  of  weight 
(g/m2h) 

Ref. 

LFC-Xl 

400 

200 

25 

0.104 

5456 

310 

160 

24 

(1) 

Neopra 1 

335 

170 

25 

(2) 

Al-6Cu-0.6Zr 

Al-IOZn-IMg- 

265 

225 

20 

1.096 

(3) 

0.5Zr 

300 

260 

20 

3.61 

(4) 

Stress-corrosion  tests.  Stress-corrosion  tests  were  conducted  on 
recrystallized  samples  at  308+2  K  with  stress  of  0.96£M.  The  corrosion 
solution  is  3%Nacl  plus  0.5%  H20?.  After  60  days  of  tests,  the  samples 
did  not  present  any  tendancy  to  fracture,  indicating  that  this  alloy  has 
good  ability  to  resist  stress-corrosion. 

Weldability.  The  strength  of  jointing  part  after  welding  is  more 
than  75%  matrix  strength.  The  Weldability  of  LFC-Xl  alloy  is  evidently 
better  than  Al-6Cu-0.5Zr  and  Al-10Zn-1Mg-0.5Zr  alloys  by  comparing  them  at 
the  same  welding  condition. 

3.  Observation  and  analysis  of  the  structure  of  LFC-Xl  alloy 
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Microstructural  observation.  The  extent  of  deformation  has  strong 
effect  on  the  growth  ot  grains  in  LFC-X1  alloy,  as  shown  in  Fig.  3.  Thin 
foils  were  prepared  from  tensiling  samples  experienced  600%  deformation  at 
803  K  and  strain  rate  of  8.3*t0*4s'1,  then  observed  at  H-800  TEM.  Higher 
dislocation  densities  can  be  seen  in  Fig.  4  (a).  Cavities  appeared  and 
interlinked  along  grain  boundaries  during  deformation,  see  Fig.  4  (b). 

Texture  measurements.  Samples  were  taken  respectively  from  rolling 
plate,  recrystallized  plate  and  the  specimen  after  500%  deformation  at  about 
803  K  and  8 . 3*10~4 s~ 1  ,  then  observed  at  D/max-rB  X-ray  Diffracmeter.  The 
pole  figures  are  shown  in  Fig.  5. 


Discussion 


With  the  addition  of  proper  amount  of  element  Zn  in  Al-Mg  series  defor¬ 
ming  aluminum  alloys,  the  LFC-X1  alloy  can  get  satisfactory  superplasticity 
on  the  basis  of  keeping  fine  corrosion  resistance  and  weldability,  increasing 
mechanical  properties  and  having  good  stress-corrosion  resistance.  This 
alloy  has  good  prospects  of  commercial  application. 

The  observation  of  microstructure  indicated  the  growth  and  elongation 
of  grains.  This  decreased  the  grain  boundary  slips,  caused  the  activities 
of  dislocations  in  grains,  which  were  verified  by  the  prefered  orientation 
after  deformation  and  TEM  micrograghs,  and  increased  the  flow  stress,  as 
reported  by  Ghosh  (5).  In  turn,  the  increase  of  flow  stress  promoted  the 
growth  of  grains  and  quickened  the  linkages  of  cavities,  seeming  to  cause 
vicious  cycle.  It  is  essential  to  restrict  the  growth  of  grains  for  keeping 
good  superplasticity.  In  order  to  stabilize  grain  sizes  during  superplastic 
deformation,  elements  Zn  and  Cr  were  added  to  form  stabler  second  phase  par- 
ticals  to  obstruct  the  motion  of  grain  boundaries.  Its  role  is  dependent  not 
only  on  the  quantities  of  second  phase  particals,  but  also  on  their  sizes, 
shapes  and  distributions.  The  elongation  of  LFC-X1  alloy  can  be  further 
increased  by  improving  manuf actoring  technology  to  keep  grains  stable. 

Conclusions 


1.  The  addition  of  1-2%  Zn  element  in  Al-Mg  series  deforming  aluminum 
alloys  can  both  increase  strength  and  improve  stress-corrosion  resistance. 

2.  This  alloy  Can  reach  up  to  800%  elongation  at  803  K  and  strain  rate 
cf  8.3'10-Vl  . 

3.  The  growth  and  elongation  of  grains  occured  during  superplastic 
deformation.  The  linkages  of  cavities  resulted  in  the  fracture  of  tested 
samples.  Certain  prefered  orientation  was  kept  following  superplastic  ten- 
si  le  tests. 
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Abstract 

The  microstructural  characteristics  which  account  for  the  superplastic  response, 
at  300°C,  of  an  Al-lOMg-O.lZr  (wt%)  alloy  produced  by  controlled  thermomechanical 
processing  were  evaluated.  It  was  determined  that  increasing  the  reheating  time 
between  passes  during  rolling  at  300°C  increased  the  superplastic  ductility  of  the 
material.  It  was  concluded  that  the  refined  microstructure  resulting  from  this  treat¬ 
ment,  which  exhibited  a  uniform,  equiaxed  grain  size  (2-5  ym),  evolved  by  continuous 
recrystallization  during  processing.  This  structure,  consisting  of  predominantly  high- 
angle  boundaries,  was  capable  of  sustaining  a  superplastic  response  (with  m  «  0.5) 
from  the  onset  of  deformation.  Microstructural  investigations  determined  that  the 
popi  lation  of  coincidence-site-lattice  boundaries  was  shifted  towards  higher  z  values 
in  the  more  ductile  condition. 
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Introduction 


A  fine-grain  size  (<  10  um)  containing  a  large-area  fraction  of  high-angle  grain 
boundaries  is  generally  considered  to  facilitate  superplasticity.  In  instances  where 
grain  refinement  by  continuous  recrystallization  (CRX)  is  aimed  at  inducing  superplas¬ 
ticity,  the  distinction  between  a  substructure  and  a  grain  structure  is  often  unclear 
(e.g.,  Ref.  1).  Recent  studies  of  superplastic  aluminum  alloys  have  correlated  the 
distribution  of  grain  boundary  misorientation  angles  with  thermomechanical  processing 
variations  (2)  and  superplastic  deformation  (3,4).  While  descriptions  of  misorientation 
angles  are  adequate  to  distinguish  grain  and  subgrain  structures,  more  specific 
information  (in  the  form  of  axis/angle  pairs)  allows  comparison  to  grain  boundaries 
reported  to  have  special  properties  (5)  or  special  geometric  attributes,  such  as  certain 
low  i  coincident  site  lattice  (CSL)  types  (6).  The  precise  determination  of  grain 
boundary  geometries  presents  severe  experimental  difficulties,  and  most  property 
related  studies  have  been  conducted  with  bicrystals.  The  characterization  of  poly¬ 
crystalline  grain  boundary  populations  has  recently  become  practical  with  the 
development  of  computer-assisted  diffraction  analysis  techniques  (7,8).  The  proper¬ 
ties  of  the  component  boundaries  should  be  a  significant  factor  in  superplastic 
deformation  (SPD),  where  grain  boundary  sliding  (GBS)  is  considered  to  be  an  impor¬ 
tant  mechanism  (9).  To  develop  a  preliminary  concept  of  the  rote  of  grain  boundary 
type  in  superplastic  deformation,  the  material  selected  for  the  present  study  was 
examined  in  two  conditions  which  exhibit  dramatically  different  superplastic 
response.  Consistent  with  other  studies,  the  boundaries  studied  were  classified  as  1), 
low-angle  (e  <  15°),  2),  high-angle  (CSL),  or  3),  high-angle  (random)  (10),  and  these 
data  were  correlated  with  the  corresponding  elevated  temperature  ductility  data. 

Experimental  Procedure 

The  nominal  composition  of  the  alloy  is  Al-9.89Mg-0.09Zr  (wt%)  and  details  of 
the  thermomechanical  processes  (TMPs)  adopted  have  been  presented  elsewhere  (11). 
The  eutectic  temperature  of  the  alloy  is  «  45l“C  and  the  B  (Ai8Mgs)  phase  solvus  is 
=  365°C.  The  essential  features  were  solution  treatment  and  hot  working  at  440°C, 
followed  by  rolling  at  300°C  to  a  true  strain  of  2.5.  The  reduction  per  rolling  pass  was 
held  constant  at  1096  and  isothermal  conditions  were  maintained  by  reheating  between 
consecutive  passes.  To  evaluate  the  effect  of  the  length  of  the  reheating  interval  on 
subsequent  superplastic  ductility,  times  of  4  min.  (TMPA)  and  30  min.  (TMPB)  were 
selected. 

During  evaluation  of  superplastic  response,  samples  were  equilibrated  at  the 
300°C  test  temperature  prior  to  loading.  The  initial,  nominal  strain  rates  were  varied 
from  6.7  x  10~s  s'1  to  1.7  x  1 0'J  s’1.  The  data  were  reduced  to  elongation  and  true 
stress  vs  strain-rate  plots  on  double  logarithmic  coordinates  and  corrected  to 
compensate  for  the  decrease  in  true  strain  rate  with  increasing  strain  (1 1). 

TEM  specimens,  with  foil  normals  parallel  to  the  sheet  normal,  were  sectioned 
from  the  midplane  of  bulk  material  and  prepared  using  conventional  means.  Groups  of 
approximately  50  contiguous  grains  or  subgrains  were  chosen  for  detailed  study.  Con¬ 
vergent  beam  Kikuchi  patterns  obtained  with  a  Philips  EM400T  were  used  to  deter¬ 
mine  the  axis  and  angle  of  misorientation  for  each  boundary  (7).  These  were  then  used 
to  determine  the  deviation  from  exact  CSL  relationships  by  the  matrix  method  (12); 
those  with  angular  deviations  less  than  15°//z  were  considered  CSLs,  as  previously 
suggested  (14).  Due  to  grain  size  variations,  grain  boundary  data  were  compiled  in 
terms  of  lineal  fraction  of  each  type,  rather  than  number  of  boundaries. 

Results 

The  mechanical  property  data  for  the  elevated  temperature  testing  at  300°C  are 
shown  in  Fig.l,  and  are  the  same  data  as  reported  previously  for  this  material  (13). 
Maximum  ductilities  are  observed  between  strain-rates  of  10’3  and  10"3  s'1,  where 
the  maximum  m-value  (■  0.45)  is  also  seen.  The  material  behaves  in  a  superplastic 
manner  from  the  onset  of  deformation  with  high  m-values  being  recorded  at  the 


390 


smallest  strain  (0.02)  evaluated.  The  data  indicate  that  the  increase  in  reheating  time 
leads  to  a  dramatic  increase  in  ductility,  from  200%  (TMP  A)  to  600%  (TMP  B)  at  a 
strain-rate  of  1.7  x  10"3  s'1.  In  addition,  the  flow  stress  has  decreased  by  20-40% 
over  all  strain  rates  with  an  increase  in  the  slope  (m-value)  of  the  sigmoidal  curves. 

In  the  as-rolled  condition,  the  underlying  structure  of  the  material  is  masked  by 
the  presence  of  a  large  dislocation  density,  such  that  differences  in  the  two  micro¬ 
structures  are  not  readily  apparent.  However,  a  brief  anneal  of  4  min  at  300°C, 
equivalent  to  the  minimum  reheat  time  between  passes,  was  adequate  to  reveal  the 
differences  between  the  two  microstructures.  The  areas  selected  for  study  were 
located  near  heavily  8-precipitated  prior  grain  boundaries.  TEM  micrographs  (Fig.  2) 
reveal  well-defined  boundaries  in  both  conditions.  The  TMPA  condition  appears  to 
consist  of  a  recovered  substructure,  with  some  larger  grains  along  the  continuous  B 
phase  boundary.  The  microstructure  of  the  TMPB  material  is  clearly  much  coarser. 
Large,  0.5-1.0  nm  precipitates  were  found  in  both  samples,  and  at  most  of  the  grain 
boundaries  in  the  TMPB  material.  Although  these  are  relatively  coarse,  the  grain 
dimensions  in  the  TMPB  sample  were  of  the  order  of  the  interparticle  spacing,  which 
suggests  a  stabilizing  influence.  The  data  obtained  from  subsequent  analysis  of  the 
boundaries  are  presented  as  histograms  in  Fig  3.  The  TMPA  process  results  in  a 
predominantly  low-angle  boundary  structure  (Fig.  3a),  in  contrast  to  TMPB.  The 
proportion  of  high-angle  boundaries  which  correspond  to  CSLs  (Fig.  3b)  shows  a 
tendency  towards  low  z  values  in  the  TMPA.  The  £3  CSL,  in  particular,  was 
frequently  observed  in  the  TMPA,  but  not  found  in  the  TMPB. 


Figure 
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Figure  2  -  TEM  micrographs  showing  the  microstructure  after  a  brief  (4  min)  anneal  at 
300°C  showing  well-defined  boundaries  in  both  (a),  TMP  A  and  (b),  TMP  B  material. 
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BOUNDARY  TYPE  DISTRIBUTION  OF  HIGH  ANGLE  BOUNDARIES 


Figure  3  -  Frequency  of  (a)  low-angle,  coincidence  and  random  boundaries,  and  (b)  high 
angle  boundaries  as  a  function  of  I,  in  TMP  A  and  TMP  B  material. 

Discussion 

Superplasticity  in  alloys  of  this  type  relies  on  a  fine,  fairly  stable  grain  size, 
capable  of  supporting  SPD  mechanisms,  such  as  GBS.  On  first  inspection  of  the  two 
microstructures,  it  is  surprising  that  the  coarser  one,  TMPB,  is  considerably  more 
superplastic.  The  advantage  of  the  TMPB  process  can  be  attributed  to  the  nature  of 
the  grain  boundaries  developed.  The  special  properties  reported  for  some  boundaries 
may  provide  some  insight  into  the  relative  stability  of  the  two  microstructures. 
Incoherent  e3  boundaries,  such  as  those  found  on  the  TMPA  sample,  have  been  des¬ 
cribed  by  Randle  and  Ralph  (15)  as  "highly  mobile"  in  solid-solution  alloys.  The 
presence  of  boundaries  capable  of  relatively  rapid  migration  should  result  in 
anomalous  grain  growth  and  a  decrease  in  superplastic  response.  In  the  TMPB  condi¬ 
tion,  the  grain  boundary  population  tended  towards  more  random,  less  ordered  orienta¬ 
tions.  Romeu  and  Dingley  (16)  have  observed  that  GBS  is  controlled  by  the  ease  with 
which  lattice  dislocations  can  enter  and  dissociate  into  grain  boundaries;  a  process 
which  may  be  facilitated  at  random  boundaries.  The  grain  boundaries  observed  in  the 
TMPB  material  then,  may  offer  advantages  in  terms  of  both  their  stability  and 
compatability  with  GBS. 


Conclusions 

1.  Increasing  the  reheating  time  between  passes  during  rolling  at  300°C  drastically 
improves  the  superplastic  response  of  the  alloy  at  the  same  temperature.  The 
ductility  increased  from  20  096  (4  min)  to  60096  (30  min)  at  a  strain-rate  of  1.7  x 
10”3  s”1  with  a  corresponding  decrease  in  flow  stress  of  «  30  pet. 

2.  At  the  completion  of  rolling,  the  more  ductile  material  had  a  larger  grain  size, 
but  contained  mostly  (89%)  high-angle  boundaries.  This  was  in  contrast  to  the 
predominantly  (71%)  low-angle  boundary  structure  determined  for  the  other 
condition. 

3.  The  distribution  of  CSL  types  was  dominated  by  low  r  boundaries  (especially  e3) 
in  the  short  reheat  sample,  and  tended  towards  more  random  orientations  in  the 
more  ductile,  long  reheat  material.  The  improvement  in  superplastic  response 
can  be  attributed  to  the  development  of  boundaries  by  a  CRX  mechanism  which 
are  less  mobile  and  more  likely  to  support  GBS. 
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Abstract 

The  superplastic  7^75-0.7  vt%  Zr  cold  rolled  sheets  were  produced 
from  rapidly  solidified  powder  and  tape,  and  the  superplastic  properties  of 
the  sheets  have  been  examined  by  tensile  tests  and  microstructure  observa¬ 
tions  using  OM  and  TEM,  in  comparison  with  those  of  an  ingot  metallurgy 
processed  7^75  A1  alloy.  The  optimum  strain  rates  for  superplasticity  of 
the  7*+75-0.7  vt%  Zr  cold  rolled  sheets  produced  from  powder  and  tape  are  in 
the  range  of  10" 2  -  10-1  S-1  at  520  °C  and  are  remarkably  higher  than  the 
optimum  strain  rate  range  of  lO"1*  s-1  of  the  IM  7^75  A1  alloy.  The  void 
volume  of  both  7175-0.7  vt%  Zr  alloys  increased  gradually  with  strain,  but 
the  cavitation  rates  of  both  alloys  were  slower  than  that  of  the  IM  7^75  A1 
alloy.  During  the  deformation,  both  717^-0.7  wt?  Zr  alloys  exhibited 
dynamic  recrystallization  behaviour.  The  grain  refining  caused  by  the 
dynamic  recrystallization  is  considered  to  contribute  to  relatively  high 
cavitation  resistance  and  large  elongation  at  high  strain  rates  in  both 
alloys . 
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Introduction 


The  use  of  superplastically  formed  high  strength  aluminium  alloys  is 
currently  increasing  for  industrial  applications.  Probrems  in  superplastic 
forming  may  be  slow  strain  rate  and  cavitation  formation.  It  is  well  known 
that  the  superplastic  strain  rate  increases  and  cavitation  rate  decreases 
with  decreasing  grain  size  of  the  alloy  (l).  In  this  experiment,  rapidly 
solidified  7U75  A1  tape  and  powder  supersaturated  with  0.7  wt%  Zr  have  been 
used  to  fabricate  improved  superplastic  alloy  sheets.  The  Zr  addition  is 
made  to  control  the  recrystallization  and  to  obtain  fine  microstructure  re¬ 
quired  for  superplasticity  (2-5).  The  superplastic  properties  of  the  two 
71*75-0.7  wt%  Zr  alloy  sheets  from  powder  and  tape  (Powder  and  Tape  71*75-0.7 
Zr  alloy,  respectively)  were  compared  with  the  result  of  an  ingot  metallur¬ 
gy  7l*75  superplastic  alloy  without  Zr. 

Experimental 

Materials 


The  production  of  7l*75  A1  tape  and  powder  supersaturated  with  0.7  wt% 
Zr  was  performed  by  melt  spinning  and  gas  atomization,  respectively.  The 
chemical  composition  of  the  7**75-0.7wt%  Zr  ingot  used  for  the  production  of 
both  rapidly  solidified  materials  is  shown  in  Table  1.  The  tapes  were  cold 
compacted  in  an  aluminium  can(ifl*5mm  ID,  65mm  in  length).  The  powders  finer 
than  100  *im  were  cold  isostatically  pressed  and  canned  ( <p70  mm  ID,  210  mm 
in  length).  Both  cans  were  degassed  at  520  °C  for  1  hr  and  hot  compacted 

at  1*1*0  °C.  After  removing  the  cans,  the  hot  compacted  tape  and  powder 

billets  were  extruded  at  1*1*0  °C  to  rectanguler  bar  shapes  of  5x25mm  and  5* 
30  mm  in  cross  section,  respectively.  The  extrusions  were  heat  treated  at 
1*1*0  °C  for  2U  hr,  then  300  °C  for  8  hr  and  cold  rolled  from  5  mm  to  1  mm. 

On  the  other  hand,  the  chemical  compositon  of  the  superplastic  7**75 
alloy  sheet  produced  by  ingot  metallurgy  is  also  shown  in  Table  1.  This 
superplastic  sheet  (IM  7**75  alloy X  was  fabricated  at  Kobe  Steel  Ltd.  (6). 
This  sheet  has  an  equiaxed  fine  grain  structure  after  annealing  for  0.5  hr 
at  1*80  °C.  The  average  grain  size  of  the  sheet  is  about  11  am. 


Table  1  Chemical  Composition  of  Alloys  (wt%) 


Zn 

Mq 

Cu  Zr 

Cr 

Si 

Fe 

Mn 

A1 

7475-0. 7Zr 

5.90 

2.40 

1.74  0.72 

0.19 

0.06 

0.08 

0.013 

bal 

7475 

5.75 

2.27 

1.51  - 

0.20 

0.04 

0.09 

0.01 

bal 

Tensile  Test  and  Metallography 

Tensile  tests  of  specimens  cut  from  these  cold  rolled(Powder  and  Tape 
7U75-O. 7Zr  alloy)  or  annealed! IM  7U75  alloy)  sheets  parallel  to  the  rolling 
direction  were  carried  out  at  a  constant  temperature  at  520  °C,  and  at  con¬ 
stant  crosshead  speed  (initial  strain  rate  E=2*10_l4  -  3*10-1  s-1)  by  using 

an  Instron  type  testing  machine  and  an  electric  furnace.  Thin  foils  for 
transmission  electron  microscopy  were  prepared  by  Jet  pollishing  in  an 
electrolyte  of  20%  perchloric  acid  in  methanol.  Changes  in  volume  fraction 
of  cavities  with  superplastic  strain  were  evaluated  by  density  measurements 
using  acetylene  tetrabromide. 


Tensile  Tests 


Results  and  Discussion 


Fig.l  shows  the  relationship  between  total  elongation  and  strain  rate 
at  520  °C  for  the  Powder  and  Tape  7l*75-0.7  Zr  alloys,  in  comparison  with 
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those  for  the  IM  7^75  alloy.  It  can  be  seen  from  Fig.l  that  the  Powder  and 
Tape  7b75-0.7Zr  alloys  show  high  elongations  at  remarkably  higher  strain 
rate  range  than  the  IM  7^*75  alloy. 

Fig. 2  shows  the  flow  stress-strain  curves  for  the  Powder  and  Tape 
7b75_0.7  Zr  alloy,  and  the  IM  7^75  alloy.  As  shown  in  Fig. 2, the  flow  stress 
of  the  IM  7b75  alloy  at  s=2xl0-1<  s'1  tend  to  increase  gradually  with  super¬ 
plastic  strain  up  to  about  200%  and  to  reach  almost  a  steady  state.  However 


Fig.l  Effect  of  strain  rate  on  total  elongation  at  520  °C  of  7**75 
-0.7  wt?  Zr  cold  rolled  sheet  produced  from  powder  and  tape 
,  and  IM  7b75  annealed  sheet. 


Elongation  E/% 


Fig. 2  Flow  stress-strain  curves  of  7^*75-0.7wt%  Zr  cold  rolled 
sheet  from  powder  and  tape,  and  IM  7^75  annealed  sheet. 
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,  the  flow  stress  of  the  Powder  and  Tape  7^75-0. 7Zr  alloys  tend  to  reach 
the  maximum  value  at  the  initial  stage  of  straining,  and  then  to  decrease 
rapidly  with  increasing  strain  to  a  relatively  low  steady  state  stress  lev¬ 
el.  The  flow  stress  at  £=10-2  s-1  of  the  Powder  7l»75-0.7Zr  alloy  is  lower 
than  that  at  e=2xl0"^  s"1  of  the  IM  7!*75  alloy  at  the  strain  range  of  high¬ 
er  than  about  120?.  The  different  flow  charactristlcs  shown  in  Fig.l  and 
2  are  considered  to  be  closely  related  to  the  microstructure  change  during 
deformation  of  these  alloys. 

Metallography 

Fig. 3(a)  and  (b)  are  optical  micrographs  of  the  Powder  7^75-0.7  wt? 

Zr  with  strain  at  520  °C  and  e^lO'1  s'1.  Small  regions  of  equiaxed  fine 
grains  can  be  seen  after  29?  elongation(Fig. 3(a) ) .  With  increasing  strain, 
the  equiaxed  fine  grain  microstructure  was  developed  progressively  (Fig. 3 
(b)).  The  average  grain  size  of  the  specimen  after  300?  elongation  was 
about  2.8  pm.  This  grain  size  is  very  fine  in  comparison  with  the  average 
grain  size  of  about  13.9  pm  of  IM  7kJ5  alloy  deformed  to  the  same  elonga¬ 
tion  of  300?  at  520  °C  and  e=2xlO_I*  s'1. 

Fig.l*(a)  and  (b)  are  transmission  electron  micrographs  of  specimens 
quenched  after  heating  up  to  520  °C  and  holding  for  15  min,  and  deformed  to 
211?  at  520  °C  and  e=10_1  s'1,  respectively.  During  the  heating  period 
before  tensile  test,  a  fine  and  equiaxed  subgrain  structure  stabilized  by 
the  dispersion  of  metastable  AljZr  precipitate  particles  has  been  formed, 
as  shown  in  Fig.lt(a).  After  211?  elongation,  well  defined  grains  of  2-hpm 
in  dia  were  observed  (Fig.l*(b),  although  subboundaries  could  still  be  ob¬ 
served  within  some  grains.  The  Tape  7^75-0. 7Zr  alloy  showed  a  similar 
change  in  microstructure  with  strain.  The  microstructure  change  can  be 
interpreted  as  the  dynamic  recrystallization  behaviour  in  which  the  fine 
grain  structure  was  stabilized  by  the  fine  precipitate  particles  of  AloZr(l* 
,7-9). 


On  the  other  hand,  void  volume  of  the  Powder  and  Tape  7^75-0.7  Zr 
alloys  increased  gradually  with  strain,  but  the  cavitation  rates  of  both 
alloys  were  slower  them  that  of  the  IM  7^75  alloy(lO). 

The  grain  refining  with  the  dynamic  recrystallization  contributed  to 
the  superplasticity  at  the  higher  strain  rates  of  both  7^75-0.7  Zr  alloys. 


Fig. 3  Optical  microstructure  change  of  the  7*<75-0.7vt?  Zr  cold  rolled 
sheet  produced  from  powder  with  increasing  strain  at  e=10_1  s'1 
and  at  520  °C.  Deformed  to  (a)  29?,  and  (b)  300?.  Tensile  axis 
is  horizontal. 
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Fig.l*  Transmission  electron  micrographs  of  the  Powder  71*75-0.7  Zr 

specimens  (a)  quenched  after  heating  up  to  520  °C  and  holding  for 
15  min,  and  (b)  deformed  to  211!?  at  e=10“l  s--'-  and  at  520  °C. 
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Abstract 

The  principle  mechanisms  of  ultrafine  grain  structure  development 
are  considered  for  different  superplastic  alloys.  The  analysis  for  the 
processes  of  fragmentation  of  plate-like  and  rod-like  phases  at  micro¬ 
duplex  structure  development  is  made;  the  role  of  reversible  variations 
of  phase  volume  ratio  in  processes  of  fragmentation  is  revealed.  It  is 
shown  that  to  obtain  ultrafine  grain  structure  in  any  commercial  super¬ 
plastic  alloy  it  is  necessary  to  solve  the  intermediate  task  of  optimiza¬ 
tion  of  heterogeneity  parameters  of  the  alloy.  The  role  of  optimization 
of  heterogeneity  for  various  alloys  with  microduplex  and  matrix  struc¬ 
ture  is  illustrated. 
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Introduction 


The  development  of  the  ultrofine  grain  (UPG)  structure  is  a  ne¬ 
cessary  condition  for  commercial  application  of  superplasticity  (SP). 

The  review  (l)  generalizes  various  grain  refinement  mechanisms,  two 
of  which  out  of  four  can't  be  agreed  upon.  The  point  is  that  firstly 
there  is  no  evidence  of  breaking  of  fibres  to  small  segments  during 
severe  hot  working  of  of  +  titanium  alloys  and  +y3  brasses  due  to 
extremely  high  ductility  of  both  phases  in  these  alloys,  and  secondly 
phase  separation  of  the  monotectoid  Zn-22A1  alloy  is  not  the  result  of 
spinodal  decomposition.  The  grain  refinement  mechanisms  in  different 
groups  of  alloys  will  be  considered  here  in  brief. 

There  are  two  main  types  of  microstructure  in  SP  alloys:  microdu¬ 
plex  and  matrix  (2).  Grains  of  two  different  phases  in  alloys  with  mi¬ 
croduplex  structure  occur  intermittently  in  such  a  manner  that  in  the 
ideal  case  of  phase  volume  ratio  equals  to  50  ;  50  and  there  is  no 
continuous  grain  boundary  network  for  each  phase.  During  SP  defor¬ 
mation  both  phases  mutually  restrict  the  grain  growth.  Alloys  with  ma¬ 
trix  structure  have  continuous  grain  boundary  network  of  matrix  phase 
with  fine  dispersoids  of  second  phase  (or  phases)  distributed  in  ma¬ 
trix.  These  dispersoids  restrict  grain  growth  of  matrix  phase. 

The  UPG  structure  in  the  alloys  with  matrix  structure  is  obtained 
by  a  continuous  or  discontinuous  recrystallization,  while  grain  refine¬ 
ment  in  alloys  with  microduplex  structure  occurs  as  a  result  of  :  i  - 
fragmentation  of  initial  plate -like  or  rodlike  structures  with  subsequent 
spheroidization  of  the  fragments;  ii  -  phase  transformation  and  iii  - 
recrystallization,  these  mechanisms  acting  individually  or  simultaneously. 

Zn-22A1  alloy 

The  classic  alloy  with  microduplex  structure  is  Zn-22A1  investiga¬ 
ting  which  prof.  A.A.  Bochvar  introduced  the  term  "superplasticity".  Up 
to  the  present  time  there  is  a  widely  spread  opinion  that  UFG  structu¬ 
re  develops  in  this  alloy  as  a  result  of  spinodal  decomposition  (l,  3). 
However,  the  in  situ  observation  carried  out  in  the  column  of  TEM  (4) 
proved  that  it  was  a  mistake  [see  also  (2  ]_/.  The  thin  sample  was 
quenched  in  a  cold  water  and  then  immediately  placed  into  liquid  nitro¬ 
gen  to  avoid  decomposition  and  finally  the  sample  was  thinned  in  the 
solution  of  HCIO4  in  ethanol  at  the  temperature  of  -  60°C  and  was 
quickly  inserted  into  the  column  of  100  kV  TEV  to  observe  the  phase 
transformations. 

The  monotectoid  of  +  cells  spread  from  the  grain  boundaries  of 
supercooled  of  -  phase.  These  cells  consist  of  extremely  thin  bran¬ 
ched  lamellae  with  the  average  lamellar  spacing  about  1  nm  (Fig.  la). 
The  lamellae  are  very  thin  due  to  high  supercooling  (about  250  K) 
and  presumably  to  small  lattice  misfit  on  the  interphase  boundaries. 

The  primary  cells  are  gradually  coarsening  and  at  last  are  replaced 
by  secondary  cells  having  average  lamellar  spasing  greeted  by  an  or¬ 
der  or  even  more  (Fig.  lb).  High  level  of  interphase  energy  and  none¬ 
quilibrium  of  phase  composition  are  the  driving  forces  of  the  primary 
cells  coarsening.  Zinc  concentration  in  of -phase  is  determined  by  means 
of  the  lattice  parameter  measurements  carried  out  at  the  temperature  of 
liquid  nitrogen.  During  holding  of  quenched  alloy  at  20°C  for  16  min 
the  concentration  of  zinc  in  the  initial  aluminium  phase  decreased  from 
78  to  70%.  The  exposure  referred  to  above  corresponds  to  the  time 
necessary  for  the  completion  of  the  monotectoid  decomposition  and  the 
formationof  the  primary  cells.  That  is  why  of -phase  lamellae  (light  in 
Fig.  la)  are  thicker  than  J3  -phase  lamellae  (dark)  according  to  the 
lever  rule.  As  the  holding  time  at  20°C  increases  when  the  monotec- 
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Figure  1  -  The  structure  of  Zn-22A1  alloy  (a-c)  at  different 
stages  of  solution  decomposition  after  quenching  (foil)  and 
lamella  fragmentation  scheme  (d):  a  -  the  decomposition  in 
TEM  column  (3  min);  b  -  the  same  area  of  the  foil  after 
soaking  for  15  min  at  100°C;  c  -  soaking  for  30  min  at  120°C. 

toid  cell  coarsening  occurs  zinc  concentration  in  of-phase  was  gradu¬ 
ally  decreases.  After  30  h  holding  26%  of  zinc  remains  in  of  -phase. 

The  lamellae  of  the  secondary  cells  have  local  sharp  contractions 
at  subboundaries  (Fig.  lc)  which  point  to  the  development  of  lamella 
fragmentation.  All  the  features  of  the  process  are  in  agreement  with 
the  mechanism  proposed  in  (5)  for  the  transformation  of  lamellar  pe- 
arlite  into  globular  during  annealing  of  steel.  The  surface  tension 
forces  being  unbalanced  at  the  outlet  of  of -phase  subboundary  on  the 
lamella  surface  resulted  in  local  dissolution  of  of  -lamella  until  the  equ¬ 
ilibrium  configuration  is  achieved;  thus  the  dissolution  groove  in  °f-la- 
mella  is  formed  (Fig.  Id,  top).  The  dissolution  groove  in  J3  -lamella  is 
formed  for  the  same  reason.  As  the  curvature  radius  in  such  a  groove 
is  small  the  dissolution  and  groove  wall  straightening  occurs  in  accor¬ 
dance  with  Thomson-Freundlich  equation.  The  above  described  pro¬ 
cess  results  in  the  damage  of  balance  of  surface  tension  forces  and 
this  balance  is  restored  by  further  dissolution  of  the  lamella  along  the 
subboundary  until  the  equilibrium  configuration  is  achieved  etc.  At  the 
same  time  diffussion  rr  ass  transfer  from  the  groove  and  precipitation 
of  the  material  on  the  interphase  surface  with  large  curvature  radius 
occurs.  The  development  of  the  grooves  due  to  the  solution/precipita¬ 
tion  process  results  in  cutting  one  phase  by  the  other  ( Fig.  Id,  bottom ) 
until  full  fragmentation  takes  place  (unshown  in  Fig.  Id). 

After  the  fragmentation  is  completed  a  partied  spheroidization  of  la¬ 
mella  fragments  develops  resulting  in  the  formation  of  a  microduplex 
structure.  The  primary  cells,  the  secondary  cells  and  the  globular 
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structure  areas  are  represented  in  Pig.  lb. 

Diffusion  processes  of  fragmentation  and  spheroidization  are  acce¬ 
lerated  when  the  alloy  is  heated  including  self  heating  of  massive 
samples  to  100-120°C  (0.57  Tm)  due  to  latent  heat  of  monotectoid 
transformation.  Self  heating  of  a  massive  sample  intended  to  SP  tes¬ 
ting  always  takes  place  in  contrast  to  a  thin  foil.  So  thin  foil  was 
specially  heated  up  to  100-120 °C  after  of  -phase  decomposition  was 
compleated  (Pig.  lb, c).  Thermomechanical  treatment  of  Zn-22A1  inclu¬ 
ding  quenching  and  rolling  at  temperature  of  self  heating  when  the  la¬ 
mellar  structure  is  transformed  into  microduplex  results  in  more  uni¬ 
form  grain  structure  due  to  dislocation  piles-up  and  formation  of  sub¬ 
boundaries  in  the  lamellae  of  both  phases. 

Spheroidization  and  coalescence  of  lamella  fragments  result  in  mi¬ 
croduplex  equilibrium  structure  formation  with  grain  diameter  2-4  times 
greater  than  the  initial  lamella  thickness.  Thus  the  thinner  the  initial 
lamellae  the  smaller  are  the  grains  in  a  microduplex  structure. 

Titanium  alloys 

The  of  titanium  alloys  with  initial  lamellar  structure  as  well  as 

Zn-22A1  when  heated  and  soaked  before  SP  deformation  undergo  the 
same  diffusion  processes  of  fragmentation  and  spheroidization  resulting 
in  transformation  of  lamellar  structure  into  microduplex.  If  the  initial 
structure  consists  of  coarse  plates  the  transformation  doesn't  occur 
during  annealing.  The  of  +  yd  deformation  promotes  such  transformation. 
It  is  necessary  to  emphasize  that  the  role  of  hot  working  in  oC  + 
field  consists  not  in  plate  breaking  as  stated  in  (1,3)  but  in  plate 
thinning,  the  rising  of  dislocation  density  and  in  subboundary  formation 
resulting  in  the  acceleration  of  diffusion  process  of  plate  fragmentation 
according  to  Pig.  Id. 

The  development  of  microduplex  structure  in  titanium  alloy  with 
initial  martensitic  structure  is  not  the  result  of  nucleation  of  equiaxed 
grains  of  equilibrium  phases  in  many  sites  (1,3)  but  the  result  of  the 
same  lamellar  structure  fragmentation  processes  (see  Pig.  Id).  The 
point  is  that  during  heating  of  quenched  titanium  alloy  up  to  of  +  yd 
field  initially  the  plates  of  of-phase  form  from  the  martensite  (Pig.  2a) 
and  then  they  fragmentate  in  accordance  with  the  mechanism  shown  in 
Pig.  Id,  The  role  of  quenching  in  the  development  of  fine  grain  micro¬ 
duplex  structure  consists  in  forming  from  martensite  very  thin  of-plates 
of  intermediate  structure. 

The  finest  grain  structure  ( about  1  )  can  be  obtained  in  of  +  yd 

titanium  alloys  by  thermo-mechanical  treatment  (TMT)  including:  hot 
deformation  in  yd  -field,  quenching  from  the  deformation  temperature  and 
deformation  in  of  +  j8  field  (2).  The  using  of  TMT  for  the  UPG  struc¬ 
ture  development  extends  the  strain  rate  range  of  SP  deformation  by 
on  order  of  magnitude  towards  high  values  or  decreases  SP  deforma¬ 
tion  temperature  by  the  score  of  degrees  (2).  The  quenching  from  the 
temperature  of  yd -deformation  allows  to  obtain  thinner  martensitic  plates 
than  simple  quenching. 

The  microstructural  study  carried  out  on  different  stages  of  TMT 
revealed  an  extremely  important  role  of  phase  transformations  affecting 
phase  volume  ratio  (6).  It  was  determined  for  the  thermo-mechanically 
treated  Ti-5Al-lV-3Mo  alloy  that  when  heated  to  the  deformation  tem¬ 
perature  of  750-800°C  in  o t  +  yd  field  the  volume  fraction  of  oC  -phase 
(44  vol.%)  precipitated  from  the  martensite  was  less  than  that  of  equi¬ 
librium  (Fig.  2b).  The  working  of  the  alloy  with  10%  reduction  resulted 
in  the  volume  fraction  of  of-phase  (64  vol.%)  more  close  to  the  equi¬ 
librium,  The  transformation  of  metastable  yd -phase  into  of-phase  during 
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Figure  2  -  TMT  for  obtaining  the  UFG  structure  in  oC  +  tita¬ 
nium  alloys  (a)  and  structure  changes  sequence  in  Ti-5Al-lV-3Mo 
alloy;  b  -  heating  to  750°C  for  10  min;  c  -  10%  reduction  at  750°C; 
d  -  40%  reduction  at  750°C;  e  -  80%  reduction  at  750°C;  f  -  hea¬ 
ting  to  SPF  temperature  (replicas,  more  dark  ^S-phase). 


deformation  promotes  an  abrupt  separation  of  the  remaine  d^»  -phase  in¬ 
to  compartments  between  of -phase  plates:  interphase  surface  increases 
almost  twice,  while  the  average  -phase  intercept  decreases  from  0.24 
to  0.1  -  O.Olywn,  the  average  of -phase  intercept  being  approximately 
constant.  It  should  be  noted  here  that  the  phase  transformation  promo¬ 
tes  the  separation  of  the  phase  with  the  decreasing  volume  fraction. 
While  the  degree  of  reduction  increases  up  to  40%  the  fragmentation  of 
fi  -phase  takes  place  in  accordance  with  mechanism  shown  in  Fig.  Id. 
During  the  increase  of  the  reduction  the  of  -phase  becomes  connected 
(Fig.  2d, e)  and  the  thin  plates  of  Ji  -phase  are  f  ragmentated.  The  mic¬ 
roduplex  structure  finally  develops  during  heating  to  SP  deformation 
temperature  of  750 -900°C  (Fig.  2f):  in  this  case  the  volume  fraction 
of  of -phase  decreases  and  the  volume  fraction  of  ~ phase  increases 

until  phase  volume  ratio  50  :  50  is  reached.  The  generated  yS-phase 
tends  to  separate  of -phase  and  equiaxed  microduplex  structure  with 
the  average  grain  intercept  of  about  1  j*m  is  developed. 
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Brasses 


Nonequilibrium  phase  ratio  may  be  also  obtained  in  of  +  brasses  to 
promote  the  preferred  fragmentation  of  the  selected  phase.  For  example, 
hot  rolling  of  of brass  followed  by  air  cooling  results  in  y^-phase 
fraction  higher  than  the  equilibrium  one.  Cold  rolling  provides  dislocation 
density  required  for  recrystallization  and  produces  a  fibrous  structure  fa¬ 
vourable  for  fragmentation.  During  the  intermediate  annealing  recrystalli¬ 
zation  of  the  of -phase  fibres  occurs  and  the  increase  of  the  volume  frac¬ 
tion  of  cf-phase  which  precipitates  inside  the  polygonized  yd-fibres  acce¬ 
lerates  their  fragmentation.  The  repeated  cold  rolling  draws  the  two  phases 
into  still  finer  fibres.  When  brass  is  heated  to  SP  deformation  trans¬ 

formation  occurs  again  promoting  fragmentation  of  of  -phase  and  microdu¬ 
plex  structure  with  grain  size  about  5  y«m  finally  develops  (6). 

The  finest  grain  structure  of  of  +  jS  brasses  (  3  J*m)  as  well  as  of 
of+yS  titanium  alloys  can  be  obtained  by  TMT.  When  of  brasses  are 
heated  to  300-500°C  after  quenching  the  bainitic  decomposition  of  j8- pha¬ 
se  results  in  fine  lamellar  structure,  and  the  following  rolling  at  the  same 
temperature  provides  microduplex  structure  development  (2). 

The  microduplex  structure  development  in  the  above  mentioned  exam¬ 
ples  was  carried  out  by  solving  of  the  intermediate  task  namely,  to  obtain 
the  finest  lamellar  structure  or  desired  phase  volume  ratio  aiming  to  cont¬ 
rol  the  process  of  the  following  fragmentation  of  plates  or  fibres.  Such  an 
approach  can  be  named  as  the  optimization  of  heterogeneity  because 
dual-phase  structure  parameters  are  optimized.  Some  other  parameters  of 
hererogeneity  can  be  optimized  in  the  alloys  of  various  types.  For  exam¬ 
ple,  when  developing  the  rr.icroduplex  structure  in  ferritic-austenitic  steels 
such  as  IN  744,  the  starting  moment  to  ferrite-austenite  transformation  and 
the  quantity  of  the  austenite  which  restricts  green  growth  at  discontinuous 
recrystallization  of  ferrite  are  of  great  importance. 

In  case  of  aluminium  alloys  with  matrix  structure  such  as  Supral  the 
optimization  of  heterogeneity  consists  in  the  precipitation  of  dispersoids  with 
size  and  precipitation  density  required  for  a  full  supression  of  discontinu¬ 
ous  re  crystallization  while  continuous  recrystallization  can  form  the 
UFG  structure  (l). 

As  to  aluminium  alloys  of  the  7075  type  the  optimization  of  heterogeneity 
consists  in  the  precipitation  of  large  enough  particles  which  increase  the 
number  of  discontinuous  recrystallization  nuclei  and  also  in  the  precipita¬ 
tion  of  dispersoids  restricting  the  grain  growth  during  SP  deformation  (1,3). 

Generally  optimization  of  heterogeneity  means  the  control  of  thellFG 
structure  development  by  varying  volume  fraction,  size,  shape,  distribution 
and  the  time  of  precipitation  of  second  phase  particles. 
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Abstract 

In  order  to  reduce  the  production  cost  of  titanium  alloy  products,  the 
development  of  cold  formable  and  superplastically  formable  titanium  alloy  is 
needed.  Presently  most  widely  used  T1-6A1-4V  alloy  is  superplastically 
formable  but  not  cold  formable.  On  the  other  hand,  cold  formable  B  alloys 
such  as  Ti-13V-llCr-3Al  and  Ti-15V-3Cr-3Al-3Sn  are  not  superplastically 
formable.  From  results  of  preliminary  research  we  developed  a  new  near  B 
titanium  alloy  named  SP35  with  the  chemical  composition  of  Ti-9.5V-2.5Mo-3Al. 
First,  thermomechanical  processings  were  investigated.  SP35  alloy  is  quite 
softened  by  B  processing  and  subsequent  sub-transus  annealing  and  shows  good 
cold  workability.  The  alloy  obtains  tensile  strength  of  1 30kgf/mm2  and  very 
fine  a+  B  structure  of  equiaxial  a  grains  in  B  matrix  by  solution  treatment 
and  aging.  Next,  superplastic  characteristics  were  investigated.  The  alloy 
shows  good  superplasticity  at  700'W50‘>C,  lower  temperature  than  conventional 
titanium  alloys.  By  utilizing  the  advantage  of  near  B  alloy,  in  which  meta¬ 
stable  6  phase  can  be  retained  at  room  temperature  by  air  cooling,  the 
strengthening  process  of  direct  aging  after  superplastic  working  was  develop¬ 
ed.  In  this  process,  tensile  strength  of  130kgf/mmz  was  obtained.  Moreover 
it  is  recognized  that  SP35  is  superior  in  ductility  and  fracture  toughness 
at  age  hardened  condition. 


Introduction 


Although  titanium  alloys  are  widely  used  as  a  structural  material  in 
aerospace  industries,  their  production  cost  is  very  high.  For  the  develop¬ 
ment  of  titanium  industry,  cost  reduction  of  titanium  alloy  products  is  of 
great  importance.  For  this  purpose  authors  have  developed  a  cold  formable 
and  superplastically  formable  titanium  alloy  named  SP35  (1) .  Cold  workabili¬ 
ty,  superplasticity  and  mechanical  properties  of  this  alloy  are  reported. 

Experimental  Details 


SP35  has  a  composition  of  2.5%  Mo,  9.5%  V,  3%  A1  and  Balance  Ti.  This 
is  almost  the  same  composition  as  Ti-10V-2Fe-3Al  alloy  when  Fe  is  replaced 
by  Mo.  Therefore  the  difference  between  these  two  alloys  can  be  said  to  be 
caused  from  the  difference  between  S  eutectoid  element  Fe  and  B  isomorphous 
element  Mo. 
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Cold  Workability 


Cold  rolling  and  cold  drawing  tests  were  conducted  on  SP3b  plate  and  bar 
respectively.  Cold  reliability  was  evaluated  by  the  maximum  reduction  until 
edge  cracking  occurs  and  deformation  resistance.  Cold  drawability  was  eval¬ 
uated  by  the  hardness  change  of  wire  product.  Figure  1  shows  the  change  of 
specific  rolling  load  p  (P/b/Ah)  with  increasing  rolling  reduction,  while  P 
is  rolling  load,  b  is  sheet  width  and  Ah  is  reduction  per  pass.  SP35  shows 
lower  specific  rolling  load  and  greater  maximum  reduction  than  other  commer¬ 
cial  alloys.  Figure  2  shows  hardness  change  of  wire  products  with  increasing 
drawing  reduction.  SP35  shows  lower  work  hardening  than  the  commercial  8  al¬ 
loy  Ti-13V-llCr-3Al.  As  SP35  has  an  intermediate  alloy  composition  between 
a  +  8  alloy  such  as  T1-6A1-4V  and  8  alloy  such  as  Ti-13V-llCr-3Al,  it  shows 
better  cold  workability  than  a  +  8  alloy  because  of  greater  amount  of  6  phase 
and  lower  deformation  resistance  than  8  alloy  because  of  smaller  amount  of 
alloying  elements. 


Rolling  Reduct ion/Z 
Figure  1  -  Comparison  of 
cold  rollability 


Drawing  Reduction/Z 

Figure  2  -  Comparison  of 
cold  drawability 


Superplasticity 


High  temperature  tensile  tests  were  conducted  on  SP35  alloy  bar  which 
has  a  fine  microstructure  shown  in  Figure  3.  Figure  4  shows  the  high  tem¬ 
perature  tensile  properties  of  SP35  compared  with  those  of  Ti-6A1-4V  alloy. 
SP35  is  strong  from  room  temperature  up  to  400°C  but  softens  rapidly  beyond 
400  °C  and  becomes  superplastic  at  700°C.  Figure  5  shows  temperature  depend¬ 
ence  of  flow  stress  of  SP35  at  750°C  compared  with  those  of  other  commercial 


alloys.  SP35  shows  lower  flow  stress  at 
while  it  shows  similar  flow  stress  as  Ti 


Kn - 1 

10um 


Figure  3  -  Microstructure  of 
SP35  alloy  bar 


750'C  than  T1-6A1-4V  alloy  at  800°C, 
-10V-2Fe-3Al  at  750'C. 


Temperature/*C 

Figure  4  -  Comparison  of 
high  temperature 
tensile  properties 
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Figure  5  -  Comparison  of  flow  stress-strain  rate  relationship 
at  superplastic  condition 


Superplastic  Forging 

Superplastic  forging  was  carried  out  on  the  preform  machined  from  85tran 
diameter  bar.  The  preform  was  forged  at  the  strain  rate  of  5*  lO'^s"1  and 
at  800”C.  BN  was  used  as  lubricant.  Figure  6  shows  the  preform  and  forged 
minimodel  disk  of  150mm  diameter. 


Preform 


Disk 


Figure  6  -  Preform  and  superplast ically  forged  disk  from  SP35 


Thermomechanical  Treatment  Involving  Superplastic  Forming 


SP35  can  be  strengthened  by  solution  treatment  and  aging  in  the  same 
way  as  other  highly  alloyed  titanium  alloys.  Here  it  was  investigated 
whether  solution  treatment  could  be  eliminated  by  rapid  cooling  in  air  after 
superplastic  forming.  SP35  sheet  specimens  were  superplastically  tensile 
deformed  and  rapidly  cooled  in  air  by  removing  the  furnace.  Then  they  were 
subjected  to  aging  at  500°C  for  5  hours.  Figure  7  shows  the  relationship 
between  tensile  properties  and  deformation  temperature  at  superplastic  form¬ 
ing.  By  direct  aging  after  superplastic  forming  at  750cC  tensile  strength 
about  I30kgf/mmz  and  elongation  over  10%  are  obtained.  It  is  concluded  that 
solution  treatment  can  be  eliminated  by  rapid  cooling  after  superplastic 
forming. 
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Figure  7  -  Tensile  properties  after  direct  aging  of 
auperplastically  deformed  SP35  sheet  specimen 

Ductility  and  Fracture  Toughness  at  Age  Hardened  Condition 


Near  8  titanium  alloy  such  as  Ti-10V-2Fe-3Al  Is  used  at  age  hardened 
condition  and  it  is  desired  that  it  has  sufficient  ductility  and  fracture 
toughness  after  solution  treatment  and  aging.  SP35  and  other  commercial 
near  8  alloys  Tl-10V-2Fe-3Al  and  Ti-17  were  heat  treated  to  various  strength 
levels  and  ductility  and  fracture  toughness  were  measured.  Figure  8  shows 
the  relationship  between  elongation  and  0.2%  yield  strength  of  these  three 
alloys.  Figure  9  shows  the  relationship  between  fracture  toughness  and  0.2% 
yield  strength  as  well  (2,  3).  It  is  clear  that  SP35  has  superior  ductility 
and  fracture  toughness  to  commercial  alloys  such  as  Ti-10V-2Fe-3Al  and  Ti-17. 


0.2%  Yield  strength/kgr/nm*5 


0.2%  Yield  strengch/kgf /mt‘ 


Figure  8  -  Comparison  of  elongation 
of  typical  near  beta  alloys 
versus  0.2%  yield  strength 


Figure  9  -  Comparison  of  fracture 
toughness  of  typical  near 
beta  alloys  versus  0.2%  yield 
strength 


i 
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Conclusions 


SF35  was  developed  as  a  cold  formable  and  superplastically  formable 

titanium  alloy. 

1.  Thin  gauge  sheet,  wire  and  foil  can  be  produced  from  SP35  by  cold  working 

2.  SP35  can  be  superplastically  formed  or  forged  at  low  temperature  as  well 
as  Ti-10V-2Fe-3Al  and  strengthened  by  direct  aging  after  superplastic 
forming. 

3.  SP35  is  superior  in  ductility  and  fracture  toughness  to  other  commercial 
near  6  alloys  at  age  hardened  condition. 


References 


1.  Y.  Mae  et  al. ,  Proceedings  of  the  1986  International  Conference  on 
Titanium  Products  and  Applications,  vol.  1  (Dayton,  OH:  Titanium  Develop¬ 
ment  Association,  1986),  438-445. 

2.  K.  Toyama  and  T.  Maeda,  "The  Effect  of  Heat  Treatment  on  the  Mechanical 
Properties  of  Ti-10V-2Fe-3Al, "  Journal  of  the  Iron  and  Steel  Institute 
of  Japan,  72(6) (1986),  617-624. 

3.  T.  Matsuraoto  and  T.  Nishimura,  "Effects  of  Forging  and  Heat  Treatment 
Conditions  on  Mechanical  Properties  of  a  High  Strength  Titanium  Alloy, 
T-17,"  Journal  of  the  Iron  and  Steel  Institute  of  Japan,  72(1) (1986) 
138-145. 


411 
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Abstract 

The  Ni-30Cr-5Al  alloy  is  soft  in  an  as-solid-solution-treated  state 
and  can  be  hardened  up  to  about  600  in  vickers  hardness  at  room  temperature 
by  an  age-hardening  in  which  duplex  precipitation  of  a  -  Cr  and  y'-NijAl 
phases  arise.  Since,  however,  an  average  grain  size  of  the  alloy  in  the 
solid  solution  state  is  usually  too  large  to  exhibit  superplasticity,  being 
about  300  pm,  superplastic  formings  of  the  alloy  have  been  impossible  up 
to  date. 

In  the  present  study,  a  possibility  of  superplasticity  in  the  alloy  is 
investigated  by  refining  its  crystal  grains  by  means  of  a  thermomechanical 
treatment  consists  of  a  cold  rolling  and  a  recrystallization.  Since  the  re¬ 
crystallization  is  accompanied  with  precipitations,  a  very  fine-grained 
dual  phase  microstructure  composed  of  a  precipitated  a  phase  and  a  matrix 
y-Ni  phase  is  obtained.  The  average  grain  sizes  of  the  recrystallized 
grains  and/or  sub-grains  of  the  matrix  y  phase  are  less  than  1.5  pm.  The 
precipitated  a  phases,  the  average  grain  size  of  which  is  usually  more  than 
0.6  um,  appear  preferentially  at  grain  boundaries.  The  alloys  having  such 
microstructures  show  total  elongations  of  more  than  50 0%  and  strain-rate 
sensitivity  index  m  of  more  than  0.U  when  deformed  at  1225K.  The  activation 
energy  of  the  deformation  process  at  temperatures  below  1225K  is  251  kJ* 
mol“J  .  The  microstructure  remains  equiaxed  during  the  deformation,  though 
crystal  grains  grow  with  the  progress  of  deformation.  We  conclude  from 
these  evidences  that  the  Ni-30Cr-5Al  alloy  which  has  been  subjected  to  the 
thermomechanical  treatment  stated  above  shows  superplasticity.  Moreover, 
the  superplastically  deformed  alloy  can  be  strengthened  to  620  in  Vickers 
hardness  hy  the  age-hardening  after  the  solid  solution  treatment. 
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Introduction 


The  Ni-30Cr-5Al  alloy  is  willingly  utilized  for  an  ornamental  material 
such  as  a  watchcase,  because  the  alloy  shows  a  remarkable  age-hardening  (l) 
due  to  duplex  precipitation  of  a  -  Cr  and  y'-Ni3Al  phases  in  addition  to 
the  fact  that  the  alloy  is  soft  in  an  as-solid-solution-treated  state.  If 
it  is  possible  to  introduce  superplasticity  in  the  alloy,  then  manifold 
properties,  for  example,  a  wide  variety  of  designs  given  by  its  superior 
transcription  and  diffusion  bonding  abilities,  can  be  added  to  the  already- 
known  facts. 

In  the  present  study,  a  thermomechanical  treatment  composed  of  a  cold 
rolling  and  a  recrystallization  and  precipitation,  i.e.,  a  structure  con¬ 
trol  in  which  precipitated  phases  are  used  not  only  for  strengthening  the 
alloy  but  also  for  refining  grains  and  stabilizing  structures  at  high  tem¬ 
peratures,  is  performed  to  introduce  superplasticity  in  the  Ni-30Cr-5Al 
alloy.  And  tension  test  is  carried  out  at  different  temperatures  to  see 
whether  the  alloy  will  show  superplasticity  or  not. 

Experimental  Procedures 

Chemical  composition  of  the  alloy  is  as  follows:  Cr=  29.97  vt.%,  Al= 
5.27  wt .% ,  Ni=  balance.  The  alloy  was  accepted  as  a  plate  of  5.5  mm  in 
thickness  which  has  already  undergone  a  solid  solution  treatment  (  1373K  x 
3.6ks  ■*  water  quenching  ).  The  structure  of  the  alloy  is  a  y  -  Ni  single 
phase,  with  grain  size  of  about  300  ym,  containing  well-developed  annealing 
twins . 

The  as-received  alloy  is  cold-rolled  to  1.1  mm  in  thickness  by  7  to  8 
passes.  The  percentage  reduction  in  thickness  is  80  %.  A  tensile  specimen 
of  gauge  length  15  mm  and  width  3  mm  with  the  tensile  axis  parallel  to  the 
rolling  direction  is  cut.  out  from  the  sheet.  Annealings  for  precipitation 
and  recrystallization  of  the  specimen  are  then  carried  out.  The  annealing 
conditions  are  (a)  1125K  *  l80ks  -*-0.Q. ,  (b)  1175K  x  l8ks  ■*  0 .Q.,  and  (c)  1225 
K  x  1.8ks-*0.Q.,  where  V'0.Q."  is  oil  quenching.  Hereinafter  the  speci¬ 
mens  belonging  to  the  conditions  (a),  (b)  and  (c)  are  called  Spe.A,  Spe.B 
and  Spe.C,  respectively. 

A  tension  test  is  carried  out  at  temperatures  from  1125K  to  1275K  at 
initial  strain-rates  from  3  xio~^  s'7  to  2.2  xlo_2  s~7  in  a  vacuum  of  8  to 
10  Pa. 


Experimental  Results  and  Discussion 


Grain  Refinement 


Since  a  y’-Ni^Al  phase  is  almost  dissolved  into  a  matrix  y  -  Ni  phase  at 
temperatures  above  1175K,  the  alloy  has  a  dual  phase  microstructure  com¬ 
posed  of  the  y  -  Ni  and  a  precipitated  a  -  Cr  phases  between  1175K  and  1288k. 
Since,  however,  the  a  phase  is  reduced  rapidly  over  1225K  (T  >  1225K  )  even 
if  the  temperatures  are  within  its  precipitation  range,  grain  growth  of  the 
matrix  phase  predominates.  Therefore,  the  recrystallization  of  the  speci¬ 
mens  must  be  made  below  1225K  (  T  ,<  1225K  )  . 

Microstructures  of  Spe.A,  Spe.B  and  Spe.C  and  a  X-ray  back  reflection 
pinhole  pattern  of  Spe.C  are  shown  in  Fig.l  .  Round  a  phases  are  precipi¬ 
tating  continuously  and  almost  uniformly  in  each  specimen.  Whereas,  dis¬ 
continuous  precipitation  of  the  a  phase  was  observed  in  specimens  cold- 
rolled  to  less  than  70  %  reduction.  It  has  been  observed  in  Cu-2Be  alloy 
(2)  and  so  on  that,  if  a  severe  rolling  is  added  to  a  specimen  showing  the 
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discontinuous  precipitation,  the  continuous  precipitation  and  recovery  - 
recrystallization  advance  side  by  side  during  annealing,  and  a  fine-grained 
dual  phase  microstructure  is  produced.  It  is  most  likely  that  almost  the 
same  things  are  occurring  in  the  present  alloy  cold-rolled  to  more  than  80 
%  reduction.  Both  Debye  rings  of  y-Ni(33l)  and  y-Ni(b20)  are  smooth  and 
continuous  and  Kqj  double  lines  are  separating  perfectly.  Almost  the  same 
X-ray  patterns  were  observed  for  Spe.A  and  Spe.B  .  From  these  evidences, 
we  conclude  that  the  recrystallization  has  been  almost  finished  and  fine¬ 
grained  microstructures  have  been  formed  in  each  specimen.  Average  grain 
sizes  of  the  recrystallized  a  and  y  phases  in  Spe.C  are  0.6  and  1.5  ym, 
respectivity . 


Fig.  1  -  (a)  to  (c):  Microstructures  of  Ni-30Cr-5Al  alloys  annealed 
after  Q0%  cold  rolling,  (d):  X-ray  pinhole  pattern  of  Spe.C  . 


We  can  say  that  the  grains  of  the  matrix  phase  will  be  refined  fairly 
well  if  the  specimen  is  recrystallized  at  temperatures  as  low  as  possible 
with  annealing  times  as  long  as  possible,  because  the  amount  of  precipi¬ 
tated  y'  or  a  phase  increases  as  the  annealing  temperature  is  lowered  and 
these  precipitated  phases  can  suppress  the  grain  growth  of  the  matrix  phase 
Therefore,  the  grain  size  of  Spe.A  may  be  finest  of  the  three  and  that 
of  Spe.B  follows  this. 

Tensile  Properties  at  High  Temperatures 


It  is  seen  from  Fig. 2  that  a  total  elongation  is  largest  and  a  flow 
stress  is  lowest  at  1225K  in  each  specimen.  At  each  temperature  below  1225 
K,  the  elongation  of  Spe.A  is  always  largest.  This  result  implies  that  the 
elcngation  increases  as  the  structure  is  refined.  The  strain-rate  at  which 
a  maximum  elongation  occurs  shifts  to  a  higher  strain-rate  side  in  order  of 
Spe.A,  Spe.B  and  Spe.C,  as  shown  in  Fig. 3  .  This  result  supports  that  the 
grain  size  of  Spe.A  is  finest.  On  the  other  hand,  the  flow  stresses  of 
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each  specimen  are  found  to  he  nearly  equal  with  each  other  at  every  strain- 
rate  tested.  This  result  implies  that  the  flow  stress  depends  not  only  on 
the  grain  size  but  also  on  the  amount  of  precipitates.  In  this  case, 
strain-rate  sensitivity  index,  m ,  is  about  0.1*  .  Since,  an  adequate  m-value 
for  superplastic  deformation  is  believed  to  be  more  than  0.3  ,  we  can  con¬ 
clude  that  each  of  the  present  specimens  can  show  superplasticity  under 
suitable  conditions. 


Testing  temperature ,  T  /  K 


Fig.  2  -  Variations  of  total  elonga¬ 
tion  and  flow  stress  with  tempera¬ 
ture  in  each  specimen. 


Initial  strain -rate  ,  tls* 

Fig.  1*  -  Variations  of  total  elonga¬ 
tion  and  flow  stress  with  initial 
strain-rate  on  Spe.B  . 


Initial  strain  rate,  t  Is-' 


Fig.  3  -  Variations  of  total  elonga¬ 
tion  and  flow  stress  with  initial 
strain-rate  in  each  specimen. 


78  80  82  84  86  88  90  92 
1/T  xio-  ,  K  ’ 


Fig.  5  -  The  relation  between  lne  and 
T--  at  a  constant  stress  of  Spe.H  . 


The  elongation  depends  strongly  on  the  strain-rate  at  1225K,  but  the 
strain-rate  dependence  is  very  weak  and  a  maximum  elongation  is  250)5  at  the 
most  at  other  temperatures  (  see  Fig.it  ).  The  m-values  observed  are  more 
than  O.lt  below  1225K,  but  they  are  0.25  at  the  highest  above  1250K.  The 
activation  energy,  Q  ,  of  the  deformation  process  is  obtained  from  the  re¬ 
lation  between  temperature  and  strain-rate.  It  is  apparent  from  Fig. 5  that 
the  deformation  mechanism  differentiates  at  temperatures  above  or  below 
1225K.  It  appears  that  this  phenomenon  is  originated  from  a  considerable 
grain  growth  of  the  matrix  phase  over  1225K  as  will  be  shown  in  the  next 
Fig. 6  .  The  decrease  in  the  total  elongation  and  the  increase  in  the  flow 
stress  over  1225K  us  already  seen  in  Fig. 2  can  be  comprehended  from  this, 
i.e.,  superplasticity  is  lost  over  1225K  by  the  considerable  grain  growth. 
The  activation  energy  was  found  to  be  251kJ,mol"^  below  1225K.  This  value 
is  nearly  equal  to  the  activation  energies  of  volume  diffusions  of  Ni,  Cr 
and  A1  in  a  Ni  crystal. 

Microstructures  at  different  parts  of  Spe.B  deformed  to  fracture  are 
shown  in  Fig. 6  .  Dynamic  grain  growth  of  both  a  and  y  phases  is  evident 
at  1225K  in  a  region  near  to  the  fracture.  Moreover,  it  should  be  noted 
that  the  microstructures  in  each  temperature  remain  equiaxed  in  spite  of 
large  deformations . 


Conclusion 


In  order  to  produce  a  very  fine-grained  microstructure,  cold  rollings 
of  more  than  80%  reduction  and  recrystallization  treatments  below  1225K  are 
necessary.  The  Ni-30Cr-5Al  alloy  which  has  been  subjected  to  such  a  thermo- 
mechanical  treatment  shows  superplasticity. 
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Abstract 

The  superplastic  properties  of  Zn-Kn  alloys  with  manganese 
content:  0,2;  0,4;  1,2;  1,5  and  2,0  vol./o  are  investigated.  It 
is  established  that  the  alloys  with  ultra-fine  grain  structure 
having  0,7;  1,2;  1,5  ana  2,05^  Kn  possess  superplastic  properties. 
These  Droperties  appear  in  alloys  with  manganese  content  over 
0,4^. 


It  has  been  studied  the  dependence  of  the  superplastic  flow 
stress,  strain  rate  sensitivity  index  and  the  total  elongation 
on  superplastic  deformation  parameters. 

Values  for  the  parameter  of  relaxation  and  activation 
energy  of  the  superplastic  flow  are  obtained. 

It  has  been  established  that  the  main  mechanism  of  the 
superplastic  deformation  for  the  elaborated  alloys  is  grain 
boundary  sliding. 

It  has  been  proved  experimentally  that  the  highest  super¬ 
plastic  properties  possess  Zn-alloys  with  0,7  and  1,25*  Mn 
( peritectical  and  eutectical  compositions  respectively).  It  has 
been  established  that  the  superplasticity  of  the  investigated 
Zn-Kn-alloys  is  due  to  the  J  -phase  I'aiZn^j  preventing  the 

process  of  recrystallization,  i. e.  providing  for  the  stability 
of  the  equi-axed  fine-grain  structure  during  deformation. 


Supcrplosticity  and  Superplastic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Paton 
The  Minerals,  Metals  &  Materials  Society,  1988 


419 


Introduction. 


The  aim  of  the  present  paper  is  that  the  superplastic 
properties  of  Zn-to  alloys  of  manganese  content  up  to  25o  be 
studied.  These  alloys,  developed  in  the  Institute  for  Metal 
Science  and  Technology,  Bulgarian  Academy  of  Sciences  and 
protected  by  author's  certificate,  have  good  mechanical 
properties  and  higher  recrystallization  temperature.  These 
properties  provide  for  their  application  in  the  machine 
engineering  practice  as  construction  materials  replacing  copper 
and  aluminium  alloys  used  in  the  manif acturing  of  parts  and 
components  in  the  food,  power  and  other  fields  of  industry. 

Prom  theoretical  and  experimental  viewpoints  the  Zn-Mn 
system  with  manganese  content  up  to  2%  is  also  interesting 
because  in  the  limits  of  lower  than  I?i  manganese  content  peri- 
tectic  and  eutectic  points  in  the  phase  diagram  are  met.  This 
allows  studying  and  comparing  the  effect  of  the  type  of  diagram 
and  presence  of  characteristic  points  in  it  on  the  superplastic 
properties  of  the  alloys,  without  substantial  variation  of  the 
alloying  component. 


Materials  and  Methods 


In  the  present  investigation  zinc  alloys  with  0,2;  0,4; 

0,7;  1,2;  1,5  and  2,0  vol.So  manganese  are  used,  where  the  alloy 
with  1,25.-  Mn  is  of  eutectic  composition  and  with  0,1%  to  -  of 
peritectic  composition.  The  preparation  of  the  structure 
includes  casting  in  metal  form  and  plastic  deformation  with 
degree  of  deformation  965b  at  initial  temperature  of  deformation 
573°K  and  further  cooling  in  air.  The  billets  thus  obtained  had 
equi-axed  structure  with  mean  grain  size  of  2  to  4yttm. 

Specialized  installation  for  investigating  the  mechanical 
characteristic  .1  of  the  superplastic  flow  was  used  ( I )  which 
allowed  maintaining  a  constant  strain  rate  £  as  well  as  its 
stepless  variation  in  the  10“-’  to  I0U  s”  range.  The  heating 
of  the  experimental  specimens  was  done  in  salt  bath  with 
precise  maintenance  of  the  preset  temperature  +  /-  3°K.  The 
experimental  specimens  are  cylindrical  fivefolds  with  diameter 
of  the  working  area  5  mm.  The  experimental  installation  allows 
carrying  out  a  hardening  under  load  of  the  experiraental  specimen 
aiming  fixation  of  the  structure  for  making  additional  metal- 
physical  and  metallographic  tests.  These  tests  include  optic 
and  electron  microscopy,  internal  friction  measuring, 
determination  of  the  activation  energy  of  the  superplastic 
deformation  process,  Auger  spectrometry  and  X-ray  studies. 

Mechanical  Tests 


Mechanical  tests  allowed  measuring  the  applied  stress  of 
the  superplastic  flow  6  ,  the  total  elongation  of  the 
experimental  specimen  5  and  the  strain-rate  sensitivity  index 
n,  included  in  the  relationship 


6 


Hi  €  ( 


Tr-TJ 

TrT  '  ' 


(I) 
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taken  from  data  in  the  literature  (2,  3,  4)  and  specified  in 
relation  to  the  member  containing  I  after  the  accomplishment 
of  the  preliminary  investigation  by  the  authors  (5,  6)  »  In  the 
relationship  I  the  participant  quantities  have  the  following 
meaning;  k  -  numerical  coefficient,  £  -  strain  rate,  £  -  degree 
of  deformation,  12™  -  melting  temperature  of  the  material,  T  - 
test  temperature,  a  -  strain  rate  sensitivity  index,  n  - 
deformation  sensitivity  index,  q  -  index  of  temperature  effect. 

The  study  of  the  parameters  £,  £  and  1  effects  on  the  6, 
and  m  is  executed  with  varying  the  temperature  in  the  rangeT 
of  44-3  -  643°K  and  strain  rate  in  the  range  of  I0~4  to  IO“‘Ls“x. 

The  correlation  analysis  of  the  experimentally  obtained 
data  showed  that,  for  alloys  with  manganese  content  of  0,7;  1,2; 
1,5  and  2,0?o  in  the  .said  variation  intervals  of  £  and  T,  the 
variation  of  T  and  £  while  the  connection  between  6  and  £  is 
weak. 


In  the  carried  out  regression  analysis  of  the  experimental 
data  in  the  specified  temperature-rate  range  the  following 
regression  equations  for  6  were  obtained: 


B„  =  25,5. 

6„-54,2.io4£™(- Ir/’3! 
e<5  -Js.oVf^Y- ffV'36, 
6 


(2) 

(3) 

(4) 

(5) 


The  index  6  in  the  equations  (2)  to  (5)  shows  the  manga¬ 
nese  content  in  vol.Jl. 

The  coefficient  of  multiple  correlation  for  relationships 
from  (2)  to  (5)  is  R»90* 

The  researches  show  that  an  alloy  with  manganese  content 
of  0,2/j  does  not  display  superplastic  properties  and  an  alloy 
v/ith  fin  content  of  0,4/j  demonstrates  initiation  of  appearance 
of  superplastic  properties,  however  they  are  insufficiently 
expressed  (*«£  150^,  m  <0,20). 

Figure  I  shows  in  diagram  form  the  dependence  of  the  total 
elongation  5  on  the  manganese  content  (in  each  diagram  are 
given  the  values  of  £  and  T,  for  which  maximum  values  for  5 
are  obtained). 

Figure  2  shows  the  dependence  of  the  strain-rate  sensiti¬ 
vity  index. m  on  the  percentage  manganese  content  (the  respective 
values  of  £  and  T  are  given,  for  which  the  maximum  values  for 
m  are  obtained). 
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Pig, I.  Dependence  of  the  total  Pig. 2.  Dependence  of  the  strain 
elongation  on  the  rate  sensitivity  index 

manganese  content  m  on  the  manganese 

content 

Figures  I  and  2  show  that  highest  values  for  6  and  m  are 
obtained  at  manganese  content  of  O.TA  and  I,2$o  (peritectic  and 
eutectic  compositions  respectively where  for  all  the  examined 
alloys  the  optimum  strain  rate  is  IO'^s-1,  It  is  also  seen  from 
the  figures  that  with  the  increase  of  the  percentage  manganese 
content  the  maximum  values  of  S  and  m  appeared  at  higher 
temperatures.  With  the  increase  of  the  manganese  content  the 
recrystallization  temperature  of  alloys  also  increases  -  from 
475°K  for  the  Zn  -  O.^Mn  alloy  it  increases  to  533°K  for  the 
Zn  -  2 , 0/uKn  alloy. 

Metal-Physical  Investigations 

Figure  3  shows  the  initial  structure  of  specimens  with 
manganese  content  of  0,7;  1,2  and  2,0 respectively.  It  is 
seen  that  the  increase  of  the  percentage  manganese  content  is 
connected  with  the  enlargement  of  the  intermetallic  phase 
particles.  It  was  established  by  X-ray  test  that  this  was  J  - 
phase  KnZn-j-j. 

Figures  4,  5  and  6  show  electron  microscope  pictures  of 
alloys  with  manganese  content  of  0,2;  0,7  and  I,2Si,  in  each 
figure  different  stage  of  deformation  is  demonstrated.  For 
Zn  -  0,2/^K n  alloy  it  is  clearly  seen  the  low  quantity  of  j  - 
phase,  as  well  as  formation  of  dislocation  net  in  the  grain 
volume  even  at  50/i  of  deformation  (Fig.  4).  This  process  leads 
to  fast  destruction  of  the  material.  Much  higher  quantity  of 
J -phase  is  noticed  in  alloys  with  manganese  content  of  0,7'° 
and  I,2/o  (Figures  5  and  6).  In  both  alloys  it  is  seen  the 
uniform  distribution  of  this  phase  as  well  as  absence  of 
developed  dislocation  net  in  the  grain  volume  during  the  process 
of  deformation. 

Figure  7  shows  the  variation  of  activation  energy  U  and 
the  total  elongation  5  on  the  percentage  manganese  content.  It 
is  clearly  seen  that  the  maximum  values  of  5  are  obtained  at 
manganese  content  of  C,7  and  1, 25$  where  the  activation  energy 
U  is  of  minimum  values. 
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a)  Zn  -  0,7%  Mn,  x  500 


b)  Zn  -  1,2%  Mn,  x  500 


%  VJWUlSWBWiLriWEj  2o»* 

c)  Zn  -  2, OJ-o  Mn,  X  500 

Fig.  3.  Initial  structure  of  specimens  with 
different  manganese  content 


a)  £  *  0,  x  20000  b)  t  =  50%,  x  40000 

Fig.  4.  Electron  microscope  pictures  of  Zn  -  0,2%Mn  alloy  at 
different  stages  of  deformation 
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c)  £  =  100%  x  40000  d)  after  fracture,  x  20000 

Fig,  5.  Electron  microscope  pictures  of  Zn  -  0,75oMn  at 
different  stages  of  deformation 


a)  £  =  50%  X40000  to)  S  -  IOC%  x40000  c)  f^0§raCtUre 


Fig.  6.  Electron  microscope  pictures  of  Zn  -  I,2$oKn 
at  different  stages  of  deformation 


The  temperature  dependence  of  the  internal  friction  Q“ 
for  the  investigated  alloys  is  shown  in  Figure  8,  and  the 
corresponding  numerical  values  for  the  activation  energy  U, 
relaxation  parameter  %  ,  as  well  as  for  m  and  5  at  test  tempe¬ 
rature  548°k  are  shown  in  Table  1. 


Fig,  7.  Variation  of  the 

activation  energy  U  and 
total  elongation  5  by 
the  manganesje  content 


Fig.  8.  Temperature  dependence  of 
the  internal  friction  Q~ 
in  Zn-Mn  alloya 


From  the  results  obtained  it  is  seen  that  the  maxima  for 
internal  friction  are  found  in  the  temperature  zone  in  which 
alloys  display  maximum  plasticity.  The  results  from  the  exami¬ 
nations  of  the  internal  friction  show  as  well  that  the  kinetic 
parameters  of  relaxation^  and  U  strongly  depend  on  the  degree 
of  alloying  the  zinc  with  manganese.  The  high  values  of  the 
internal  friction  predict  increase  of  the  diffusion  mobility  of 
atoms,  as  the  calculated  values  for  U  are  close  to  the  activation 
energy  for  self-diffusion  of  zinc  (close  values  for  U  are 
obtained  in  another  experimental  way  by  the  authors  in  ( 7)  as 
well)  which  also  enlights  to  a  certain  extent  the  question  of 
accomodation  processes  of  grain  boundary  sliding.  This  process 
was  clearly  proved  in  connection  with  the  studied  alloys  by  the 
method  of  marked  grains  and  observing  the  changes  of  marks 
during  deformation. 


Table  I 


Ho 

Alloy 

Relaxation 

Super-plastic  deformation 

To  *  see* 

U , keal/mol 

m 

T,°C 

5 

I. 

Zn-0 , 2Mn 

2,43. 10"* * 
1,59.10  ip 
5,08.10 
1,45.10 “ip 
7, 58.10“-^ 

32.0 

0,17 

275 

102 

2. 

3. 

Zn-O, 7Mn 
Zn-I,2Nn 

22.- 0 
21.8 

0,39 

0,36 

275 

275 

620 

500 

4. 

5. 

Zn-I,5Kn 

Zn-2,0Kn 

29.6 

27.8 

0,27 

0,22 

275 

275 

132 

150 

f 

i 
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Discussion  of  the  Experimental  Results 

All  investigations  show  that  the  superplastic  properties 
of  the  studied  Zn-Mn  alloys  are  due  to  the  formed  T  -phase 
MnZn,.-.  By  the  Auger-spectrometry  it  was  confirmecr  that  a 
greater  part  of  it  deposits  on  the  grai  boundary  and  prevents 
the  migration  at  the  boundaries  at  the  temperature  of  performing 
the  superplastic  deformation.  This  on  its  part  contributes  to 
stabilization  in  time  of  the  equi-axed  fine  grain  structure 
appearing  basic  precondition  for  occurring  of  the  grain 
boundary  sliding  process. 

The  measured  values  of  activation  energy  which  are  close 
to  this  of  the  activation  energy  of  the  zinc  self -diffusion 
process  show  that  the  diffusion  processes  take  part  actively  as 
accomodation  processes  accompanying  grain  boundary  sliding.  The 
absence  of  developed  dislocation  net  in  the  grains  during  super¬ 
plastic  deformation,  confirmed  by  the  authors  in  (8,9)  too, 
shows  that  the  dislocation  processes  probably  run  mainly  inside 
the  grain  boundaries.  Noticeable  dislocation  processes  in  the 
grain  volume  appear  at  localization  of  the  deformation  ending 
with  fracture. 

The  results  from  the  investigations  carried  out  show  that 
zinc  alloys  with  0,7%  and  1,2%  Mn  (peritectic  and  eutectic 
compositions)  have  the  highest  superplastic  properties. 
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PROPERTIES  OF  A  MICRODUPLEX  STAINLESS  STEEL 


SUPER PLASTICALLY  DEFORMED 

K.  Osada 
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Nippon  Yakin  kogyo  Co.,  Ltd.,  Kawasaki,  Japan 


Abstract 

The  new  microduplex  stainless  steel  which  was  highly  alloyed 
with  Cr  and  Mo  has  been  studied  with  respect  to  the  ambient 
mechanical  properties  and  the  local  corrosion  resistance  after 
superplastic  deformation.  Results  showed  that  the  deformed  steel 
lost  its  ductility  and  also  the  pitting  corrosion  resistance. 
The  morphology  and  the  content  of  sigma  precipitates,  which 
varied  with  strain  and  strain  rate  as  well  as  with  temperature, 
was  found  to  be  responsible  for  the  deterioration.  It  was 
confirmed,  however,  that  a  heat  treatment  recovers  the 
properties . 

1 .  Introduc  tion 

A  new  micro-duplex  stainless  steel  has  been  introduced.  This 
alloy  exhibits  su p e r p 1  a s t i c i t y  as  well  as  IN-744  with  less 
voids.  Its  tensile  elongation  exceeds  2500%.  Even  if  the  steel 
has  elongated,  stringer  austenites  in  a  banded-ferrite  matrix, 
it  showed  remarkable  su pe r plas t ic i t y  (1).  To  understand  this 
outstanding  superplastic  behavior  of  the  steel,  sigma  phase 
precipitation  has  to  be  taken  into  account. 

One  of  most  important  things  among  the  superplastic 
material,  is  post-forming  characteristics.  There  ore  however, 
very  few  reports  on  the  post-forming  properties.  In  this  work 
not  only  the  changes  of  the  mechanical  properties,  but  also  that 
of  the  corrosion  resistance  after  superplastic  deformation  was 
investigated.  Additionally  the  microstructural  change  that  was 
caused  by  the  deformation,  and  that  which  controls  the  properties, 
will  be  discussed. 


2 . Experimental  Procedure 

The  chemical  composition  of  the  alloy  is  given  in  Table  1. 
The  alloy  was  supplied  in  the  form  of  50%  cold  rolled  sheet  with 
the  thickness  of  1.0mm.  Samples  with  the  gage  length  of  10mm  and 
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the  width  of  28mm,  were  machined  in  the  perpendicular  to  the 
cold  rolling  direction  for  subsequent  high-temperature  uniaxial 
tensile  tests.  High  temperature  tensile  tests  were  carried  out 
in  the  air  at  constant  cross  head  speeds  at  1223  and  1273K. 
Samples  were  held  at  the  test  temperature  for  300s  prior  to 
tension  and  then  pulled  to  the  specified  true  strain.  Deformed 
specimens  were  cooled  by  forced  air  to  room  temperature 
immediately  after  tensile  tests. 

The  ambient-mechanical  properties  parallel  to  the  hot- 
tensile  test  direction  were  evaluated  at  room  temperature. 

Pitting  potential  was  measured  by  anodic  polarization  method 
in  a  3.5%  NaCl  solution  which  was  de-aerated  for  1800s  before 
tests  and  was  being  kept  at  343K  during  experiments.  Pitting 
potential  was  defined  as  a  potential  where  the  anodic  current 
reached  to  10-^A. 

For  optical  photomicrographs,  specimens  were  etched  in  a  5N 
KOH  solution  elec t roly tica 1 ly  followed  by  electrolytic  etching 
in  a  10%  oxalic  acid. 

Table  1  The  chemical  composition  of  the  alloy  (wt  %) 


c 

Si 

Mn 

Hi 

Cr 

M0 

N 

0.008 

0.52 

0.66 

6.53 

25.11  3. 

20 

0.12 

3. 

Results 

and 

Discussion 

Changes  of  Mechanical  Properties  with  Superplastic  Strain 

Figure  1  shows  the  ambient-mechanical  properties.  Specimens 
were  pulled  to  various  strain  levels  at  the  initial  strain  rate 
of  1.0  x  10-3s-1  at  1273K.  The  tensile  strength  and  the  yield 
stress  of  deformed  specimens  slightly  increase  beyond  the  strain 
of  2.50,  whereas  the  elongation  decreases  with  the  increase  of 
the  strain.  The  increase  of  the  strength  and  the  decrease  of  the 
ductility  result  as  a  consequence  of  the  mi c r os t r uc t ura 1  change 
during  superplastic  deformation. 

The  optical  microscopic  observations ,  in  photo.  1,  indicate 
that  the  content  of  sigma  (dark  phases)  increases  with  the 
superplastic  strain  at  1373K.  This  temperature  is  high  enough 
for  this  alloy  to  resolve  the  sigma  phase  into  the  surrounding 
matrix  with  time.  Conclusively  the  superplastic  deformation, 
therefore,  affects  the  precipitation  behavior  of  sigma 
compounds,  and  vice  versa. 

This  alloy  is  designed  to  have  an  excellent  corrosion 
resistance.  Chromium  and  molybdenum  are  alloyed  as  much  as  25% 
and  3.2%  respectively  with  0.1%N  for  that  purpose.  As  a  result, 
the  alloy  tends  to  precipitate  sigma  compounds  fast  in  the 
temperature  range  between  800  and  1250K  which  roughly 
corresponds  to  the  range  where  supe r p las t ic i t y  can  be  expected. 
The  precipitates,  if  they  are  relatively  hard  to  deform 
plastically,  may  produce  voids  around  them. 

Influence  of  Superplastic  Strain  on  Pitting  Potential  Pitting 
potential,  which  is  very  sensitive  to  elemental  segregation, 
clearly  decreases  with  superplastic  strain  as  seen  in  Fig.  2. 
The  depleted  zone  of  elements  like  Cr  and  Mo  around  the 
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precipitate  is  well  known  to  become  the  critical  point  for 
pitting  (2).  The  strain  accelerates  the  elemental  segregation 
and  hence  produces  the  depletion. 


as  deformed 


-o- — o--..  \ 

lid  -a— 


Strained  to  2.70  at.  1 


log  Strain  rat*,  s*' 


log  Strain  rote,  s_1 


Fi» .  3.  The  effect  of  strain  rates  and  a  heat  treatment  on  the 
ambient-mechanical  properties  of  as  deformed  specimens.  All 
specimen  was  strained  to  the  strain  of  2.2. 


Photo  ■  The  content  of  sigma  phase  increases  with 
of  strain  at  the  rate  of  1.0  x  1 0  ~  ^  s’"  at  1 2  7  3  K  . 


Fie ■  4  The  effect  o 
potential.  Solid  1  i 
at  1  323K  for  1800S. 


Superplastically  deformed  specimens  to  the  strain  of  2.20, 
were  annealed  at  1323K  for  1800S  followed  by  water  quench.  The 
results  of  ambient-temperature  tensile  tests  of  annealed 
specimens  are  summarized  in  Fig.  3  together  with  that  of  as 
deformed  ones.  The  effect  of  heat  treatment  is  pronounced  to 
reduce  the  strength  and  to  recover  the  elongation  to  the  value 
more  than  10? 

Pitting  potential  of  as  deformed  specimens  shows  the 
deterioration  of  local  corrosion  resistance  as  seen  in  Fig.  4. 
An  addition  of  molybdenum  is  well  known  to  be  most  effective  for 
the  improvement  of  local  corrosion  resistance  in  the  stainless 
steel.  The  precipitation  of  sigma  phase  causes  a  molybdenum 
depletion  zone  around  them  by  superplastic  deformation.  Pitting 
potential  of  the  specimens  deformed  at  1223K  shows  slightly  high 
value  compared  to  that  at  1273K,  and  has  the  lowest  value  at 
strain  rate  of  1.0  x  1G-Js-  .  Contrary  to  that,  pitting  potential 
of  specimens  deformed  at  1273K,  gradually  increases  with  strain 
rate.  When  specimens  were  deformed  at  1273K,  their  grain  size 
became  relatively  large  and  also  sigma  tended  to  exist  locally. 

The  pitting  potential  after  the  heat  treatment  indicates 

the  value  higher  than  0.60  volts  s.c.e.,  but  that  is  0.1  volts 
less  noble  compared  to  the  alloy  manufactured  by  a  conventional 
process . 

The  acceleration  of  sigma  precipitation  by  superplastic 
deformation  and  insufficient  recovery  of  the  properties  by  the 

heat  treatment  at  1273K,  indicate  that  a  certain  diffusion 

process  which  not  only  extends  sigma  formation,  but  also 

enhances  grain  boundary  sliding,  is  responsible. 

This  dynamic  effect  of  superplastic  deformation  on  the 
metallurgical  aspects  of  the  alloy  should  be  studied  further. 

4 .  Conclusions 

The  new  superplastic  duplex  stainless  steel  was  examined  in 
terras  of  post-deforming  properties  including  mechanical  behavior 
and  local  corrosion  resistance. 

(1)  The  superplastically  deformed  microduplex  stainless 

steel  increases  its  yield  stress  and  tensile  strength. 

(2)  The  ductility  of  deformed  specimen  drops  to  the  level 

of  less  than  10Z  elongation. 

(3)  The  superplastic  strain  shifts  the  pitting  potential 

less  noble  . 

(4)  The  su per plas t ic-d e f orma t i on  process  accelerates  the 
sigma  precipitation  that  is  responsible  for  the 
deterioration. 

(5)  The  heat  treatment  which  resolves  sigma  phases  recovers 

the  post-forming  properties  to  almost  annealed  state. 
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THE  STUDY  OF  REDUCING  SUPERPLASTIC  TEMPERATURE  IN  TITANIUM  ALLOYS 


Huang  Liping 
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Wusong  Shanghai,  China 


Abstract 

This  paper  describes  briefly  the  relationship  between  melting 
temperature,  phase  transformation  temperature  and  superplastic  temperature 
in  {  a+£)  phase  titanium  alloys.  It  shows  that  the  optimum  superplastic 
temperature  range  of  two  phase  titanium  alloys  is  within  40~-60°  below  the 
phase  transformation  temeprature,  i.e. 

Tsupe. =Ttransf .  -(40-60 )°  C, 

which  is  not  related  to  the  melting  temperature-  Adding  8  phase-stabilizing 
elements.  Mo,  Cr,  V  and  etc,  can  effectively  reduce  the  phase  transformation 
temperature . 

This  article  also  introduced  that  the  optimum  superplastic  temperature 
can  effectively  reduced  by  orthorhombic  martensite  a "-phase  formed  in 
alloys  after  appropriate  heat  treatment,  for  example,  the  superplastic 
temperature  can  be  reduced  from  900° C  to  800°  C  for  TC6  alloy. 
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Introduction 


The  research  and  utilization  of  superplasticity  of  titanium  alloy  both 
in  materials  and  technologies  have  been  stressed  by  many  nations.  And  lots 
of  titanium  alloy  pieces  made  by  superplastic  forming  process  have  been 
adopted  by  inductries  such  like  aeronautics,  aero-spaces,  electronics, 
instruments  and  shemistries  etc,  and  huge  commercial  profits  are  obtained. 
As  for  titanium  alloys,  owing  to  its  high  resistance  to  deformation  at  room- 
temperature,  the  conventional  process  for  them  is  rather  difficult,  and  the 
fabricating  cast  is  higher  too,  all  these  make  the  study  on  superplastic 
properties  and  superplastic  forming  process  of  titanium  alloy  an  important 
subject  in  economical  field  of  the  nation.  Some  western  countries  have 
poured  millions  of  money  into  theoretical  research  as  well  as  engineering 
usage  of  titanium  superplasticity.  But  the  superplastic  temperature  is 
rather  high,  and  the  affinity  of  titanium  with  oxygen  is  rather  serious, 
all  of  them  lead  to  difficulties  and  trouble  both  in  research  and 
application.  In  order  to  reduce  the  superplastic  temperature,  much  efforts 
have  been  tried  out.  We  devoted  our  efforts  not  only  to  the  effects  of 
chemical  components,  the  relationships  between  superplastic  temperature  and 
transformation  temperature,  but  also  to  the  investigation  on  reducing  the 
superplastic  temperature  through  heat-treatment  of  alloys  to  find  the  ways 
for  reducing  the  superplastic  temperature  of  two  phase  titanium  alloys. 
Here  is  a  brief  statement  about  our  research  work. 

Method  of  Experiment 

The  necessary  components  of  Al,  Mo  were  added  to  the  pure  titanium  to 
create  the  alloy.  The  molten  temperature  and  a+$^3  transformation 
temperature  are  measured.  The  superplastic  temperature  is  measured  by  high 
temperature  hardness  (pressure  impression),  and  elongation  is  detected 
through  superplastic  tensile  test.  Moreover,  based  on  experimental  data  of 
conventional  alloys  (for  example,  Ti-6A1-4V,  Ti-5Al-4Mo-4Cr-2Sn-2Zr-Nb,  TC6 , 
Ti-10V-2Fe-3Al  etc.),  the  mutual  relationships  among  them  are  found  out  and 
compared.  Besides,  for  the  same  alloy,  in  order  to  realized  the  influence 
of  microstructure  on  superplastic  temperature,  special  heat-treatments  have 
been  carried  out. 


Experimental  Results  and  Analysis 

The  experimental  data  of  Ti-Al-Mo  alloy  series  and  some  conventional 
alloys  are  listed  in  table  I  and  II,  fig.l,  fig. 2 

From  data  shown  in  table  I  and  Fig.l,  it  can  be  seen  that  since  Al  is  a 
phase-stabilizing  element,  when  adding  Al  into  Ti,  the  melting  temperature 
is  reduced;  but  a+B*B  transformation  temperature  is  heightened.  The 
optimum  superplasetc  temperature  is  raised.  For  example,  the  melting 
temperature  of  ti-5Al-5Mo  is  nearly  20°C  higher  than  that  of  Ti  — 10A1-5MO, 
but  the  phase  transformation  temperature  is  105° C  higher  on  the  other  side, 
Mo  is  a  phase-stabilizing  element  of  S-Ti,  when  adding  Mo  into  ti-Al  alloy, 
the  6-phase  region  will  be  enlarged,  and  the  phase-transformation 

temperature  will  be  reduced.  Fortunately,  the  optimum  superplastic 
temperature  is  lowered.  For  example,  the  melting  temperature  of  Ti-5Al-10Mo 
is  higher  than  that  of  Ti-5A1-1. 5Mo,  but  the  phase  transformation 

temperature  is  68°C  lower.  In  light  of  this,  it  can  be  concluded  that  the 
optimum  superplastic  temperatures  of  these  alloys  are  about  4(V-60°C  lower 
than  its  phase  transformation  temperature. 
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Table  I  Comparison  Among  Melting  Temprature,  Phase  Transformation 
Temperature and  Optimum  Superplastic  Temperature  of 
Various  Ti-alloys 


Chemical 
components (wt%) 

Melting 

temperature 

Phase 

transformation 

temperature 

Optimum 

superplastic 

temperature 

Superplastic 

elonggation 

Ti  A1 

Mo 

°C 

°C 

°C 

d“% 

5 

/ 

1660 

/ 

/ 

/ 

5 

0.5 

/ 

980 

910 

/ 

5 

1.5 

1670 

970 

870 

! 

5 

2.5 

/ 

920 

880 

760 

5 

5 

1700 

900 

850 

1100 

5 

10 

1720 

880 

830 

1300 

5 

20 

1780 

860 

790 

/ 

5 

25 

/ 

830 

780 

/ 

5 

30 

1800 

820 

770 

/ 

5 

35 

/ 

720 

660 

/ 

5 

40 

/ 

/ 

/ 

/ 

10 

0.5 

1640 

1120 

1070 

/ 

10 

1.5 

/ 

1080 

1010 

/ 

10 

5 

1680 

1050 

1000 

/ 

10 

10 

1720 

1050 

980 

/ 

Ti-6Al-4v  { 11 

1650 

980 

930 

1100 

Ti-  5  A.l-  4Mo-  4Cr- 
2Sn-2Zn-Nb 

1550 

890 

820 

1300 

Ti- lOv- 2Fe- 3A1  [1] 

/ 

810 

750 

760 

Zn-22A1 

/ 

330 

260 

1600 

T  *T 

super,  trans. 


-(40-80) *C 


where,  TSUper  —  superplastic  temperature  optimum. 

Ttransf.-  o+8^  8  phase  transformation  temperature. 

In  the  range  4o  to  80 “c  below  transformation  temperature,  the  relative 
contents  of  the  two  phases  a, 8  can  mutually  restrain  each  other, 
preventing  the  growing  of  grain  size,  keeping  the  superplastic  condition 
being  of  fine  grain,  and  promot  the  superplastic  forming.  On  the  basis  of 
our  experimental  results,  it  can  be  revealed  that  there  is  no  direct 
relation  between  optimum  superplastic  temperature  and  melting  temperature. 
Hence,  as  the  two  phases  titanium  alloys  is  concerned,  the  optimum 
superplastic  temperature  can  be  approximately  estimated  by  measuring  the  a+8 
*8  transformation  temperature.  It  can  be  concluded  that  any  element  which 
can  reduce  the  phase  transformation  temperature  of  Ti-alloy,  can  reduce  its 
superplastic  temperature  too.  For  example,  by  adding  8  phase  stabilizing 
elements  Mo,  Cr,  V  etc.,  into  Ti-alloys,  both  the  phase  transformation 
temperature  and  superplastic  temperature  can  be  lowered.  The  relationship 
between  TSUDer  and  ^transf.  several  commercial  alloys  are  shewn  in 
Fig. 2. 

Data  listed  in  table  II  show  the  microstructure  and  superplastic 
elongation  data.  In  a +8  two  phase  Ti-alloys,  by  means  of  proper  heat 
treatment,  orthorhombic  martensite  a"-phase  will  be  formed  in  its 
microstructure,  the  superplastic  temperature  will  be  lowered.  As  refering 
to  TC6  Ti-alloy  not  containing  a’phase,  its  superplastic  temperature 
approximately  900°C  is  obtained  by  means  of  ordinary  heat-treatment  and  that 
containing  a"  phase  has  a  superplastic  temperature  about  800°  C.  The 
existence  of  a*  phase  can  be  detected  by  X-ray  diffraction  analysis  and  was 
observed  by  using  electronic  microscopic  with  extra  high  magnification 
appears  to  be  a  needle-like  extra  fine  and  phase  unstable  structure.  At 
high  temperature  it  transforms  into  a  +8  .  After  transformation,  lots  of 
vacancies  can  be  observed.  The  binding  force  of  grain  boundary  is  weakened, 
the  resistance  to  boundary  sliding  is  lessened,  so  that  the  superplastic 
forming  process  can  be  proceeded  easily  with  less  flow  stress  at  lower 
temperature.  This  is  the  way  to  reduce  the  superplastic  temperature  of  Ti- 
alloy.  To  what  extent  the  influence  of  a ■  phase  has  on  the  superplasticity 
of  the  alloy  depends  closely  on  the  relative  content  of  a"  phase  and  its 
distribution. 


Table  II.  Microscopic  structure  and  Superplastic 
Tensile  Elonqat 


Microscopic 

structure 

Superplastic  tensile  elongation  Remarks 

at  different  temperature  % 

800”C 

850*C 

900”C 

950*C 

a  +  8 

630 

550 

880 

510  Ti-6A1- 1 . 5Cr 

-2. 5Mo-0. 5Fe 
-0.3S  i 

a  ’  +  a  ♦  8 

1300 

970 

750 

/ 

Conclus ions 

Onthe  basis  of  primary  results  of  our  investigations,  it  can  be 
concluded: 

(1)  The  optimum  superplastic  temperature  of  two  phases  titanium  alloy 
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has  no  direct  relationship  with  melting  temperature. 

(2)  The  phase  transformation  temperature  of  the  two  phase  a  +•  3*  3 
titanium  alloys  has  close  relation  with  optimum  superplastic  temperature 
generally  speaking 


T 

super. 


«T 


transf . 


-(40-60) 


°C. 


Its  superplastic  temperature  can  be  reduced  by  adding  £  -stabilizing 
elements  such  as  Mo,  Cr,  V  etc  into  two  phase  Ti-alloys. 

(3)  By  means  of  proper  heat-treatments,  the  two  phase  Ti-alloys  will 
contain  certain  amount  of  orthorhombic  martensite  *  which  enable  to  lower 
the  superplastic  temperature. 

(4)  The  optimum  superplastic  temperature  of  other  two  phase  alloy  with 
have  phase  transformation  can  also  be  estimated  by  using  the  formula 


T 

super. 


=T 


transf. 


-(40-80) 


C. 


Summary,  reducing  a+$:£  $  phase  transformation  temperature  of  Ti-alloys 
or  enabling  it  to  contain  certain  amount  of  a"  phase  are  the  two  major  ways 
to  reduce  superplastic  temperature. 
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Abstract 

The  paper  discusses  the  superplastic  behavior  of  common  industrial 
material  aluminium  brass  ( HAL66-6-3-2 )  with  poor  forging  property  under  as- 
supplied  condition.  After  superplastic  stretch,  microstructure  analysis  and 
surface  appearance  observations  were  conducted.  A  further  study  about  the 
superplastic  deformation  mechanism  of  large  grain  structure  was  made. 

It  is  shown  through  tests  that,  under  as-supplied  condition  and  without 
any  pretreatment,  the  material  exhibits  superplasticity  which  can  be 
attained  at  higher  temperature  and  strain  rate  or  lcwer  temperature  and 
strain  rate  respectively,  i.e.  elongation  of  377%  can  be  attained  at  a 
temperature  of  700°C  and  strain  rate  2.8xl<T^s-1,  and  elongation  of  258%  can 
be  attained  at  a  temperature  57?  C  and  strain  rate  7xl0~3s-l. 

It  is  shown  through  analysis  that  the  superplastic  deformation  of  the 
material  is  chiefly  intracrystalline  deformation  in  large  grains  and  it  is 
accompanied  with  subgrain  formation  and  dynamic  recrystallization.  The 
contribution  of  grain  boundary  slip  is  not  a  major  contributory  to  total 
deformation.  It  offers  only  a  rate-controlling  effect  in  the  deformation 
process . 
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Introduction 


Along  with  the  increased  understanding  about  superplasticity,  it  is 
considered  more  and  more  that  superplasticity  is  not  merely  a  special 
phenomenon  of  certain  specific  alloy,  but  one  of  the  intrinsic  properties 
of  metallic  materials  (1).  When  the  internal  and  external  conditions  are 
suitable,  superplasticity  of  metallic  materials  can  be  observed. 

The  aluminium  brass  HAL66-6-3-2  is  featured  by  high  strength  high 
hardness  and  abrasion  resistance.  It  may  be  rated  the  best  brass  (2). 
Therefore,  it  is  of  great  use  in  industry.  Owing  to  the  fact  that  its 
aluminium  content  is  high,  cleavage  occurs  easily  during  forging.  Thus,  it 
is  significant  to  study  the  superplastic  behavior  of  the  material  under  as- 
supplied  condition. 


Experimental  Materials 

Hot  extruded  bar  supplied  on  market  is  adopted  as  the  experimental 
material.  The  chemical  composition  is  listed  in  table  1.  The 
microstructure  is  shewn  in  Fig.l  the  matrix  is  p  phase,  the  large  grain  is 
Y  phase,  tiny  grain  is  Fe  phase  and  the  grain  is  equiaxed,  average  diameter 
of  70pm. 


Table  1.  Chemical  composition  of  Available  Bar  Materials 


Alloy  Elements  Cu  Zn  A1  Fe  Mn  Foreign  Matter 


Percentage  66.25  21.25  6.58  3.13  2.32  The  others 

Contents ( % ) 


The  £  phase  exhibits  disordered  state  at  high  temperatures,  and  ordered 
state  at  low  temperature.  The  conversion  point  between  disorder  state  and 
ordered  state  is  570° C. 


Figure  1-Initial  structure  100  Figure  2-Stretching  sample 


Experimental  Results  and  Analysis 
Superplastic  Tensile  Test 

The  test  sample  shewn  in  Figure  2  is  stretched  at  different  temperatures 
and  different  cross  beam  moving  velosity  on  a  WD-1C  type  electronic 
universal  testing  machine.  For  different  deformation  speed  (initial  strain 
rate),  curves  of  elongation  and  temperature  are  shown  in  Figure  3.  In  view 
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of  this,  we  conclude: 


fit; 


Fiigure  5-Stretching 
sample  of  scratch  test 


Figure  3-Curves  of  elongation 


a)  When  the  average  diameter  of  initial  grains  is  70^im,  the  material  under 
as-supplyied  condition  and  without  any  pretreatment  present  superplastic 
behavior  within  the  range  of  proper  temperature  and  strain  rate. 

b)  The  curve  of  elongation  rate  exhibits  two  peaks  at  lower  temperature  and 
strain  rate  and  higher  temperature  and  strain  rate.  For  the  former,  an 
elongation  of  258%  can  be  attained  at  temperature  575°C  and  strain  rate 
7X10"5  s'*  ;  for  the  latter,  elongation  of  377%  can  be  attained  at  temperature 
700*  C  and  strain  rate  2.8X10‘Js‘(  .  The  maximum  value  of  m  tested  by 
velocity  change  method  is  0.35.  During  superplastic  stretching,  the 
material  exhibits  a  lower  rheologic  stress  value,  about  1.5  Kg/mmJ . 

Microstructure  Analysis 

Test  sample  A  and  B  are  selected  from  those  of  optimal  superplastic 
stretch  deformed.  The  elongation  of  sample  A  is  369%  at  deforming 
temperature  700*C  and  strain  rate  2.8X10"2s'*  ,  the  elongation  of  sample  B  is 
235.8%  at  deforming  temperature  575*C  and  strain  rate  7X10"5  s_l  .  Then, 
cross  sections  are  cut  separately  and  after  etching  them  in  the  solution  of 
hydrochloric  acid  and  iron  trichloride  (100ml  HjO.lOml  HCL. 5gFeCLj  ),  the 
microstructural  observation  can  be  conducted. 


Sample  A  Sample  B 

Figure  4-Microstructure  after  def ormationXlOO 

Figure  4  shows  photomicrographs  of  sample  A  and  B.  Analyzing  these 
photos,  the  f  442 


Figure  4  shows  photomicrographs  of  sample  A  and  B.  Analyzing  these 
photos,  the  following  can  be  seen: 

a)  The  cross  sectional  grain  sizes  of  sample  A  and  B  become  smaller  after 
superplastic  deformation.  It  is  the  result  of  dynamic  recrystallization 
occurred  during  deforming  process. 

b)  The  grain  size  of  sample  A  is  larger  than  that  of  sample  B.  It  is  caused 
by  the  fact  that  the  deformation  temperature  of  sample  A  is  higher  and  the 
deformation  amount  of  sample  A  is  greater.  Thus,  it  is  easy  for  dynamic 
recrystalli2ation. 

There  is  no  essential  distinction  between  the  microstructure  of  sample  A 
and  sample  B.  The  mechanism  of  their  superplastic  deformation  may  be  the 
same. 

Surface  Observations 

The  sample  shewn  in  Figure  5  is  polished  and  scratched  with  corundum 
powder i  Then  it  is  removed  for  microstructural  observation  after  it  is 
stretched  to  a  certain  degree  on  a  Gelleble  1500  thermal/force  analog 
machine.  Figure  6  shows  the  surface  shape  of  the  typical  photos,  where  the 
deformation  temperature  is  700°C  and  strain  rate  is  2.8><10  s”* . 

It  is  shown  from  the  scratch  test  that  the  superplastic  deformation  of 
the  material  is  chiefly  intracrystalline  deformation  in  large  grains.  The 
large  grain  is  stretched  out  at  initial  stage  of  deformation,  slip  and 
rotation  are  produced  at  the  grain  boundary  (Figure  6).  When  deformation 
reaches  a  certain  amount,  subgrains  will  be  formed  within  the  large  grain. 
Thus,  subgrain  movements  (slip  and  rotation  of  subgrain  (Figure  6b)  become 
the  main  factors  of  mass  transfer  of  deformation.  Owing  to  presence  of  a 
large  amount  of  separated  substances  and  the  grain  boundary  becoming  wide, 
the  diffusive  activity  appears  to  be  rapid.  The  shape  of  8  phase  particle 
remains  unchanged  (Figure  6c)  during  deformation  process  and  the  shape  of  6 
phase  is  changed,  internally  helping  to  bring  about  the  rotation  of  Y  phase 
partical . 


a  b  c 


figure  6-Photos  for  apperance  surface  observation x  500 

Through  Test,  The  Reason  for  Elongations  Exhibiting  TV»o  Peaks  Can  Be  Consi¬ 
dered  Ass 

The  peak  value  presenting  at  lew  temperature  range  (575°C)  is  related  to 
the  phase  transformation  superplasticity.  As  the  temprature  of  6  *  8' 
transformation  of  alloy  at  575°C,  the  phase  transformation  is  a  process  of 
thermal  activition  and  diffusion  it  needs  a  given  time.  Thus,  only  for 
lower  strain  rates  can  the  peak  value  presented  at  this  temperature  be 
obstained.  The  peak  value  presented  at  high  temperature  range  is  chiefly 
caused  by  dynamic  recrystallization.  For  the  sake  of  keeping  the  grain  of 


recr ^ taliization  to  be  tiny,  the  temperature  can  not  be  too  high.  To 
assure  the  dynamic  recrystallization,  the  temperature  can  not  be  too  low, 
either.  Raising  the  strain  rate  is  favorable  for  developing  dynamic  recry¬ 
stallization. 


Conclusion 

Under  supplying  condition  and  without  any  pretreatment,  aluminium  brass 
( HAL66-6-3-2 )  is  provided  with  superplastic  effect  to  the  application  in 
industrial  production. 

The  superplastic  deformation  of  the  material  is  chiefly  intracrystalline 
deformation  in  large  grains.  The  subgrain  net  is  formed  at  the  initial 
stage  of  deformation  and  the  recrystallized  grain  is  formed  immediately 
afterward.  They  are  the  main  reason  for  superplastic  deformation.  The 
phase  transformation  superplasticity  offers  greater  contribution  to  the 
superplasticity  of  lew  temperature  range.  The  slip  of  grain  boundary  can  be 
considered  offering  the  effect  of  rate-controlling  mechanism. 
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Abstract 

Fine  stable  microstructures  can  be  developed  by  thermcmechanical 
processing  of  commercially-based  complex  aluminium  bncnzes  (Cu-Al-Fe-Ni 
alloys).  The  materials  have  a  considerable  potential  for  superplastic 
behavior  during  deformation  in  the  ot  +  x  or  ct  +  (3  +<  phase  fields  at 
temperatures  of  about  1073K,  Tensile  elongations  of  >1300%  can  be  obtained 
at  initial  strain  rates  from  10'1*-10'Js'1 ,  and  the  materials  may  be  readily 
bulge  formed.  Hie  important  stages  of  the  processing  route  required  to 
develop  a  fine,  uniform  superplastic  microstructure  are  discussed.  Despite 
the  very  large  uniform  strains  which  can  be  achieved  the  materials  do  show 
same  cavitation  at  high  strains,  but  this  can  be  controlled  by  the 
application  of  back  pressure  during  forming. 
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Introduction 


Several  copper -base  alloys  have  been  thermcroechanically  processed  to 
develop  superplastic  microstructures.  However,  these  alloys  tend  to  undergo 
marked  cavitation  during  superplastic  flow,  and  this  leads  to  fracture  at 
limited  strains  (1-3).  Recent  work  has  shewn  that  stable  microstructures 
can  be  developed  in  as -cast  conmercial  aluminium  bronzes ( 4 )  and  these  can 
be  used  to  produce  superplastically  blow-formed  components  such  as  that 
shown  in  Figure  1 .  The  present  paper  deals  with  the  therrromechanical  proc¬ 
essing  of  these  alloys  and  with  their  potential  for  superplastic  behavior. 


Figure  1  -  Superplastically 
formed  component)  7 50irm  length) 
in  aluminium  bronze  alloys 
(  aourtesy  of  KCMATSU  Ltd. 
forming  time  is  less  than 
10  min  ). 


Alloy  Oonposltlons  and  Thermamechanical  Processing 

The  compositions  of  Cu-Al-Pe-Ni  alloys  examined  in  the  present  work 
are  given  in  fable  I,  which  also  includes  typical  superplastic  properties. 
At  temperatures  form  873K  to  1173K  the  alloys  have  complex  microstructures 
consisting  of  (a  +  k)  or  (a  +  6  +  <)  phases.  The  ic -phase,  in  fact,  consists 
of  two  aluminides  based  on  Ffeyul  and  NiAl,  respectively. 

•fable  I.  Compositions  and  typical  superplastic  properties  of  alloys. 


Alloy  Cbnpositicn(wt%)  Superplastic  performance 


code 

Al 

Pe 

Ni 

Mn 

fanp.  (K) 

m- value 

E(%) 

Strain  rate(/s) 

V 

8.2 

4.4 

5.2 

1.5 

1073 

0.52 

>1300 

2x10  -1 

W 

9.1 

5.9 

5.1 

1.6 

1073 

0.56 

>1300 

8x10  ~3 

X 

8.9 

4.1 

3.9 

0.9 

1073 

0.46 

650 

1x10  ~3 

Y 

10.0 

4.5 

6.0 

1.7 

1073 

0.57 

>1300 

6x10  ~3 

Z 

10.3 

5.2 

5.0 

1.5 

1073 

0.51 

>1300 

4x10  ~2 

The  main  steps  in  the  processing  schedule  used  to  develop  superplastic 
microstructures  are:  homogenising  treatment,  hot  rolling,  intermediate  heat 
treatment,  warm  and  cold  rolling.  Important  aspects  of  alloy  composition 
and  of  the  processing  procedure  are  presented  below. 

Influence  of  Composition 

The  Al,  Pe  and  Ni  contents  of  the  alloys  affect  the  volume  fractions 
and  types  of  phases  in  the  microstructure.  This  can  be  illustrated  by 
reference  to  three  alloys  with  different  Al,  Fa  and  Ni  contents,  which 
after  holding  at  1073K  for  1.8ks,  were  rapidly  cooled  to  room  temperature. 
In  alloy  X  the  microstructure  oonsists  of  f.c.c.  a -phase  grains  of  mean 
diameter  2um,  with  about  15%  volume  fraction  of  fine  uniformly  distributed 
k  particles,  <1um.  Alloy  Y  oonsists  of  equal  volume  fractions  of  a  and  < 
phases  each  about  2um  in  size,  while  alloy  Z  oonsists  of  a  +  S  +  k  phases 
having  respective  volume  fractions  of  30%,  40%  and  30%,  and  corresponding 
phase  sizes  of  about  2um,  4ym  and  2;m. 

The  changes  in  flow  stress  and  m  value  with  strain  rate  at  1073K  for 
the  three  alloys  are  shown  in  Figuure  2.  The  flow  stress  for  alloy  Z  is 
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VALUE  STRESS.  MPa 


lower  ard  maximum  m  is  attained  at  a 
higher  strain  rate,  than  for  the  other 
alloys.  These  observations  are  due  to 
the  presence  erf  8-phase,  which  is  a 
soft  accomodating  constituent  at  high 
temperatures  (1 ) .  In  the  case  of 
alloys  showing  (a  +  <)  microstructures 
at  1073K,  alloy  Y  has  a  lower  flow 
stress,  and  maximum  'm'  at  higher 
strain  rates,  than  for  alloy  X.  This 
reflects  the  stabilizing  effect  of 
the  large  volume  fraction  of  <  -phase 
in  alloy  Y.  The  mechanical 
characteristics  of  the  three  alloys 
are  consistent  with  the  superplastic 
elongations  given  in  Table  I. 

Although  alloys  containing  8- 
phase  have  the  greater  superplastic 
deformation  potential,  it  is  difficult 
ocnrtercially  to  develop  a  uniform 
itr5  iff*  io‘ 1  io'*'  io''  io°micro6tructure,  and  also  there  sure 

strain  rate,  s-1  problems  associated  with  the  post- 

Figure  2  -  The  changes  of  flew  deformation  properties  of  the 

stress  and  m- value  of  alloys  X,Y  material .  It  is  easier  to  develop  and 

and  Z  at  1073K  with  strain  rate  control  the  a  +  <  microstructure. 

Resulting  from  the  effect  of  volume 
fraction  of  k -phase  on  the  superplastic  elongation  of  a  +  <  alloys,  the 
highest  elongations  are  recorded  for  micrcetructures  with  intermediate 
volume  fractions  (i.e.  >  20%)  of  each  of  the  two  phases. 


Influence  of  Intermediate  Heat  Treatment  and  Rolling  Conditions 


Superplasticity  in  aluniniun  bronzes  is  affected  by  the  shape  and  size 
of  < -phase  particles.  In  turn,  these  particles  are  influenced  by  alloy 
composition  and  by  heat  treatment  after  hot  rolling.  A  typical  hot  rolled 
micros tructure  is  shown  in  Figure  3.  Much  of  the  ic -phase  is  of  lamellar 
morphology,  resulting  from  the  8  *■  a  ♦  ic  eutectoid  reaction  which  occurs 
during  cooling  after  hot  working  ,  while  seme  8-phase  is  retained  and  is 
non-uni farmly  distributed. 


Figure  3  -  The  typical  micros true-  Figure  4  -  Micros trucure  of  alloy  Y 

ture  of  as  hot-rolled  alloy  Y.  after  final  annealing  with  intermedi¬ 

ate  heat  treatment  at  923K  for  24hrs. 


The  microetucture  of  sheet  material,  with  an  intermediate  heat 
treatment  at  923K,  which  has  been  annealed  at  1073K  for  1.8ks  after  the 
final  rolling  treatment  is  shewn  in  Figure  4.  In  the  alloy  without  inter¬ 
mediate  heat  treatment  the  ic -phase  shape  and  distribution  is  not  unlike 
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that  in  the  hot  rolled  plate.  In  material  given  the  intermediate  heat 
treatment  at  923K  for  24hrs  a  uniform  distribution  of  < -phase  is  achieved, 
with  the  lamellar  morphology  being  replaced  by  rod-shaped  particles. The 
effect  of  an  intermediate  heat  treatment  is  to  lower  the  flow  stress  and  to 
raise  the  m  value  at  1073K  for  processed  sheet.  The  change  in  the  shape  of 
the  K-phase  from  lamellar  to  rod-shaped  also  reduces  cavitation  during 
superplastic  flow  this  observation  will  be  discussed  in  a  later  paper. 


The  rolling  conditions  in  the  thermcmechanical  processing  are  very 
important  for  the  development  of  a  uniform  microstructure.  The  effect  of 
various  rolling  treatments  on  a -phase  size  distributions  are  shown  in 
Figure  5. 


Figure  5  -  Initial  grain  size 
distributions  of  a -phase  in 
alloy  Y  rolled  under  the 
different  condition. 


and  m-value  with  strain  rate  at  1073K 
for  alloy  Y  with  various  grain  size 
distributions  (  A-D  in  Figure  5  ). 


Figure  5D  shews  the  distribution  in  the  hot  rolled  plate  annealed  at 
1073K  for  1.8ks.  The  a  grain  size  is  non-uniformly  distributed  up  to  a 
maximum  of  20pm,  with  a  mean  value  of  9pm.  Figure  5C  shows  a  grain  size 
distributions  after  cold  reduction  of  10%  before  annealing  at  1073K  for 
1.8ks.  Moat  a  grains  are  <10pm,  although  the  mean  size  is  7.5um. 


Figure  5B  shews  a -phase  grain  size  distribution  after  a  warm  rolling 
reduction  of  80%  at  923K  followed  by  annealing  at  1073K  for  1 .8ks.  the  mean 
grain  size  is  5.5pm,  and  the  distribution  is  bimodal  with  peaks  at  2pm  and 
8pm.  Figure  5A  shews  a-phase  distributions  after  80%  reduction  at  923K  and 
10%  cold  rolling  reduction  followed  by  annealing  at  1073K  for  1.8ks.  In 
this  case  the  microetructure  is  fine  and  uniform  with  a  very  narrow  range 
of  a -grain  size  with  a  mean  value  of  2.3pm. 


The  effect  of  these  various  grain  size  distribution  on  flow  stress  and 
m  values  as  a  function  of  strain  rate  is  shewn  in  Figure  6.  it  can  be  seen 
that  flew  stress  decreases  and  m-value  increases  with  decreasing  mean  grain 
size,  with  the  peak  m-value  being  moved  to  high  strain  rates. 

Cavitation  and  the  Effect  of  Hydrostatic  Pressure 
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Cavitation  does  occur  in  these 
materials  during  superplastic  flew  but 
the  levels  are  very  lew  for 
ccrmercially  significant  strains.  It 
can  be  seen  in  Figure  7  that  there  is 
a  linear  relationship  between  the 
volume  of  cavitation  ( plotted 
logarithmically)  and  true  strain.  This 
is  consistent  with  plasticity 
controlled  cavity  grewth  (5). 

TO  reduce  cavitation  a  confining 
pressure  nay  be  applied  during  the 
superplastic  forming  process.  Figure 
8  shows  the  effect  of  increasing 
hydrostatic  pressure  on  cavitation  in 
an  alaninium  bronze  deformed  at 
2x10  3s  1  and  1073K  to  2.4  true 
strain.  It  can  be  seen  that  the  volume 
of  cavities  is  dramatically  reduced  as 
the  pressure  is  increased. 


(a) 
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Figure  7  -  Cavitation  as  a  function 
of  strain  at  1073K  in  alloy  W. 

( c ) 

•r 
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Figure  8  -  Typical  micrographs  showing  effect  of  pressure  on  the  cavity 
distributions  at  2.4  true  strain  in  alloy  V  deformed  at  2x10  3s  1  and  1073K 
(a)  O.IMPa,  (b)  2.07MPa,  (c)  3.45MBa. 


Conclusions 

1 )  As-cast  commercial  aluminium  bronzes  based  on  the  Cu-Al-Fe-Ni  system  may 
be  thermomechanically  processed  to  develop  fine  uniform  stable 
microstructures . 

2)  After  processing  the  materials  show  a  considerable  potential  for 
superplastic  deformation  in  the  a  +  <  and  a  +  6  +  <  phase  fields  at 
temperature  of  about  1073K. 

3)  Tensile  elongations  of  >1300%  caul  be  obtained  at  initial  strain  rates  of 
10*“-10‘*s~l.  The  materials  may  be  readily  bulge  formed. 

4)  The  materials  undergo  cavitation  during  superplastic  flow. 

5)  The  application  of  a  confining  pressure  during  superplastic  forming 
significantly  reduces  cavitation  levels. 
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Abstract 

It  is  well  established  that  the  8091  Al-Li  alloy  can  be  heat  treated  to  high  strength 
levels,  especially  if  post-solution  heat  treatment  (SHT)  strains  are  employed.  However, 
for  certain  applications,  a  straining  step  following  SHT  is  impossible.  An  investigation 
was  therefore  conducted  to  examine  the  aging  characteristics  of  8091  Al-Li  alloy  (Al-2.6 
Li-1.90  Cu-0.55  Mg-0.12  Zr)  in  both  the  a.  rolled  and  superplastically  deformed  condi¬ 
tions.  A  two  step  strain  rate  path  consisting  of  c  =  2  x  10"1  +  2  x  10~4  was  used  to 
obtain  superplastically  formed  rectangular  test  pans.  The  material  in  each  condition  was 
studied  during  natural  aging  and  isothermal  artificial  aging.  Aging  temperatures  ranged 
from  20°  C  to  225°C,  while  the  associated  aging  times  varied  from  15  minutes  to  5000 
hours.  The  strengthening  kinetics  of  the  alloy  were  monitored  using  both  Rockwell  su¬ 
perficial  hardness  tests  and  uniaxial  tensile  tests.  Cutrent  results  indicate  that  an  SHT 
of  545°C  and  aging  temperatures  of  165°C  and  185°C  result  in  peak  hardness  values  and 
high  strength  levels  in  the  as-rolled  material  without  the  use  of  post-SHT  deformation. 
Preliminary  hardness  values  show  that  the  strength  levels  of  the  superplastically  deformed 
material  may  be  comparable  to  those  of  the  as-rolled  material. 
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Introduction 


Much  of  the  recent  research  conducted  on  AI-Li  based  alloys  has  been  focused  upon 
the  Al-Li-Cu-Mg-Zr  system.  Through  these  efforts,  the  8091  alloy  has  been  identified  as 
one  of  the  compositions  possessing  the  greatest  potential  for  attaining  high  strength  levels 
(1).  It  has  also  been  shown  that  this  alloy  exhibits  excellent  superplasticity  (1350%  tensile 
elongation)  at  520°C  (2).  A  commercial  application  combining  these  two  properties  could 
be  of  significant  value. 

The  strengthening  in  the  8091  alloy  can  be  attributed  to  the  co-precipitation  of 
the  S'  (AlsLi)  and  S  (A/jCuMg)  phases  during  aging  (3).  Zr  has  been  added  as  a  grain 
refining  and  recrystallization  inhibiting  element.  The  metastable  S'  phase  possesses  a  very 
low  matrix-to-particle  misfit  and  is  known  to  form  homogenously  throughout  the  matrix 
during  the  quenching  process  (4).  Subsequent  growth  of  the  S'  phase  during  artificial  aging 
has  been  found  to  follow  Lifshitz-Wagner  kinetics  (4).  The  advantage  of  the  S  phase  is  that 
it  will  prevent  the  severe  strain  localization,  and  resulting  low  ductility,  that  is  inherent 
in  many  Al-Li  based  alloys  (5).  However,  precipitation  of  the  S  phase  is  sluggish  and  will 
occur  heterogeneously  at  dislocations  and  other  defect  sites  (5).  A  post-SHT  stretch  has 
been  employed  to  increase  the  density  of  defect  sites  and  thus  improve  the  precipitation 
of  this  phase  (5).  Such  a  thermo-mechanical  treatment,  however,  would  not  be  feasible 
in  commercial  applications  where  the  complex  shapes  produced  by  superplastic  forming 
preclude  imposition  of  a  pre-strain  prior  to  aging.  Unlike  other  variations  within  the  Al- 
Li-Cu-Mg-Zr  system,  the  8091  alloy  has  been  found  to  display  a  homogeneous  dispersion 
of  the  S  phase  without  post-SHT  deformation  (4).  The  objective  of  this  work  is  to  examine 
the  aging  characteristics  of  this  alloy  and  identify  heat  treatment  parameters  which  will 
maximize  the  strength. 


Experimental 

The  8091  Al-Li  alloy  (Al-2.6  Li-1.90  Cu-0.55  Mg-0.12  Zr)  utilized  in  this  study  was 
provided  by  British  Alcan  and  Rockwell  International  Corporation.  Specific  processing 
methods,  which  resulted  in  a  heavily  rolled  microstructure,  were  employed  to  impart 
superplastic  characteristics  in  the  material.  An  initial  sheet  gauge  of  0.090  inches  was 
used  for  both  the  as-rolled  and  superplastic  deformation  studies.  However,  the  inherent 
thinning  that  accompanies  superplastic  forming  resulted  in  some  thinner  gauge  sections. 

Initially,  the  strengthening  kinetics  of  the  as-rolled  material  were  monitored  entirely 
through  Rockwell  superficial  hardness  tests  (45T  scale)  conducted  according  to  ASTM 
Standard  E  18.  Hardness  test  specimens  were  taken  from  the  sheet  stock  and  SHT  for 
1.25  hours  in  air  using  a  cylindrical  tube  furnace.  Temperatures  ranging  from  515°C 
to  545°C  were  chosen  in  an  effort  to  optimize  the  SHT  temperature  and  the  SHT  was 
followed  immediately  by  a  quench  into  cold  water.  The  rapid  and  detrimental  oxidation 
behavior  of  this  alloy  has  been  established  by  previous  researchers  (6).  Therefore,  in 
order  to  unambiguously  determine  the  bulk  hardness  of  the  material,  the  outer  surface 
of  each  specimen  was  removed  by  grinding.  Finally,  the  prepared  hardness  samples  were 
aged  either  at  ambient  temperature  or  in  a  cylindrical  tube  furnace  using  the  temperature 
range  20 °C  to  225°C. 

Tensile  tests  were  conducted  only  on  selected  tempers  of  the  alloy  which  where  based 
on  hardness  results.  Heat  treat  practice  identical  to  that  used  in  the  hardness  study  was 
employed  on  the  tensile  specimens.  All  tensile  specimen  dimensions  were  obtained  from 
ASTM  Standard  B  557  (subsize  specimen,  1.25  inch  gage  length)  and  tensile  testing  was 
conducted  on  an  Instron  Series  2150  servohydraulic  testing  system.  The  tensile  specimens 
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were  tested  in  the  longitudinal  (rolling)  direction  at  a  crosshead  speed  of  0.001  inches  per 
second. 

The  superplasticaily  formed  (SPF)  material  was  obtained  from  rectangular  test  pans, 
approximately  5  inches  x  1.5  inches  x  0.5  inches  in  size,  which  were  produced  by  Rockwell 
International.  A  back  pressure  was  employed  during  SPF  to  reduce  cavitation.  A  two 
step  strain  rate  path  consisting  of  t  =  2  x  10-1  -f-  2  x  10-4  was  used  to  form  the  pans 
to  an  effective  strain  state  of  0.414.  Hardness  samples  weie  cut  from  this  material  and 
heat  treated  in  a  manner  similar  to  that  of  the  as-tolled  study.  The  aging  response  of  the 
SPF  material  was  examined  only  under  selected  parameters  derived  from  the  study  of  the 
as-rolled  material.  Metallographic  specimens  were  electrolytically  etched  using  Barker’s 
etch  and  examined  under  polarised  light. 

Results  and  Discussion 

It  was  determined  that  the  optimum  SHT  temperature  for  this  alloy  is  545°C  which 
is  in  good  agreement  with  the  results  of  other  researchers  (7).  The  increased  hardening 
response  following  SHT  at  545°C  is  especially  evident  during  natural  aging  as  shown  in 
Figure  1.  Initially,  a  short  incubation  period  of  8  hours  was  observed  followed  by  a  rapid 
hardening  interval  which  lasted  approximately  to  times  of  300  hours,  500  hours,  and  700 
hours  for  the  545°C,  530°C,  and  515°C  SHT  temperatures,  respectively.  The  hardening 
rate  diminished  quickly  after  the  initial  rapid  increase.  The  higher  rate  of  hardening 
observed  for  the  545°C  SHT  may  be  the  result  of  increased  vacancy  supersaturation  cou¬ 
pled  with  increased  solutionizing  of  the  intermetallics  (4).  Several  explanations  have  been 
proposed  to  account  for  the  natural  aging  response  in  this  alloy.  A  continued  precipita¬ 
tion  of  S'  at  room  temperature  has  been  pr  :tulated  based  on  evidence  from  small  angle 
neutron  scattering  (SANS)  (4).  Others  have  suggested  that  the  natural  aging  may  arise 
from  a  precursor  to  the  S  phase  (8),  or  perhaps  that  the  reduced  solubility  of  Li  in  the 
presence  of  increased  Mg  and  Cu  serves  as  an  enhancement  to  the  S'  precipitation  (4). 
Additional  explanations  include  the  formation  of  GP  zones  from  the  Al-Cu-Mg  system 
and  the  formation  of  dislocation  loops  and  helices  from  quenched-in  vacancies  (4). 

The  results  of  the  artificial  aging  study,  shown  in  part  in  Figure  1,  revealed  that  the 
165°C  aging  temperature  results  in  a  peak  hardness  value  after  1000  hours  of  aging  time. 
Highest  initial  hardening  (i.e.  within  approximately  10  hours)  was  obtained  after  aging 
at  185°C,  while  225°C  resulted  in  a  low  peak  hardness  and  rapid  overaging. 


Figure  1.  Artificial  aging  curves  after  SHT  at  545°C,  and  natural  aging  curves 
after  SHT  at  515°C,  5300C,  and  545*0. 
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The  initial  rapid  hardening  found  for  all  three  artificial  aging  temperatures  can  be 
related  to  the  homogeneous  precipitation  of  a  high  volume  fraction  of  the  S1  phase  (4), 
whereas  further  hardening  is  the  result  of  co-precipitation  of  the  S1  and  S  phases.  The 
S  phase  possesses  an  orthorhombic  structure  and  is  found  to  form  as  laths  along  the 
(100)  orientation  of  the  A1  matrix  (5).  Initial  nucleation  and  growth  of  this  phase  occurs 
heterogeneously  on  low  angle  grain  boundaries  (8),  and  as  the  aging  time  and  temperature 
are  increased,  a  widespread  homogeneous  network  of  S  phase  has  been  observed  between 
the  heterogeneous  sites  (3).  It  has  been  proposed  that  the  increased  concentration  of  Cu 
and  Mg  found  in  this  alloy  results  in  a  greater  thermodynamic  driving  force  for  S  phase 
precipitation  (4),  and  a  reflection  of  this  is  a  more  homogeneous  dispersion  of  the  S  phase. 
The  aging  temperature  used  on  this  alloy  must  be  limited  to  190°C  to  avoid  the  formation 
of  the  equilibrium  S  phase  (AlLi)  at  the  expense  of  the  metastable  S'  precipitate  (8).  The 
hardening  characteristics  corresponding  to  the  225°C  aging  temperature  are  an  indication 
of  the  development  of  this  phase. 

The  tensile  test  data  corresponding  to  the  hardness  results  in  Figure  1  can  be  seen 
in  Figure  2.  The  185°C  aging  temperature  resulted  in  slightly  higher  initial  strength  val¬ 
ues  (i.e.  within  approximately  2  hours).  A  transition  occurred  at  2  hours  of  aging  time 
where  the  165°C  aging  temperature  resulted  in  moderately  higher  strength  values.  The 
naturally  aged  material  displayed  significantly  lower  strength  values  and  the  shape  of  these 
curves  appeared  to  deviate  somewhat  from  the  hardness  trends.  This  discrepancy  may 
be  explained  from  the  slight  seasonal  changes  in  ambient  temperature  that  occurred  over 
the  long  5000  hour  aging  interval.  The  percent  elongation  values  for  all  the  temperatures 
appear  to  decrease  with  increasing  aging  time  and  increasing  aging  temperature.  Clearly, 
the  hardness  data  indicates  that  higher  strengths  are  possible  by  utilizing  longer  aging 
times  although  such  times  may  exceed  that  which  can  be  considered  practical  for  com¬ 
mercial  use.  The  strength  and  elongation  data  in  Figure  2  correlates  well  with  previously 
determined  values  (1). 


Figure  2.  Ultimate  strength,  yield  strength,  and  percent  elongation  values  after 
SHT  at  51o°C  and  aging  at  20°C,  165°C,  and  185°C. 


Some  preliminary  hardness  results  for  the  SPF  material  aged  at  20oC,  165°C,  and 
185  C  are  shown  in  Figure  3.  Apart  from  the  earlier  overaging  displayed  at  185V,  no 
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significant  differences  in  aging  response  could  be  detected  between  the  185°C  and  165°C 
aging  temperatures.  The  natural  aging  behavior  of  the  SPF  material  was  found  to  be 
similar  to  the  as-rolled  response  with  the  exception  of  slightly  lower  hardness  values  and 
a  plateau  at  long  aging  times.  In  general,  the  initial  hardness  values  obtained  for  the 
SPF  material  at  all  aging  temperatures  are  lower  than  those  found  from  the  as-rolled 
investigation.  This  difference  can  be  attributed,  in  part,  to  the  dynamic  recrystallization 
that  is  known  to  occur  during  superplastic  deformation  (9,10).  Figure  4  shows  the  heavily- 
worked  and  partially  recrystallized  microstructures  of  the  as-rolled  and  SPF  materials, 
respectively.  It  is  likely  that  the  identity  of  the  precipitating  phases  has  not  been  altered 
by  the  superplastic  deformation.  However,  additional  work  must  be  conducted  in  order 
to  isolate  the  effects  that  superplastic  defor-iation  may  have  on  the  other  strengthening 
mechanisms. 


Figure  3.  Aging  behavior  found  in  SPF  8091  Al-Li  alloy  at  20 "C,  165°C,  and 
185°C  after  SHT  at  545°C\ 


Figure  4.  Polarized  light  optical  micrographs  of  8091  Al-Li  alloy  showing  a).  The 
as-rolled  microstructure  and  b).  The  partially  recrystallized  microstruclure  found 
after  SPF  (longitudinal  dircc,:on). 
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Conclusions 


1.  The  optimum  SHT  temperature  for  8091  Al-Li  alloy  alloy  is  545 °C. 

2.  The  8091  Al-Li  alloy  is  heat  treatable  to  high  strength  levels  without  the  use  of  post- 
SHT  strains. 

3.  Based  on  preliminary  hardness  results,  superplastically  deformed  8091  Al-Li  alloy 
appears  to  be  heat  treatable  to  moderately  high  strength  levels. 
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Abstract 


This  paper  reports  the  analysis  of  the  effects  of  hydrogen  as  a  tran¬ 
sient  alloying  element  on  the  superplastic  flow  properties,  strain  rate  sen¬ 
sitivity  and  flow  activation  energy  of  Ti-6A1-4V  alloy.  The  testing  tempera¬ 
ture  was  chosen  according  to  the  beta-transus  temperature  which  varies  with 
hydrogen  concentration  to  maintain  the  ratio  of  Tsp/T*  constant.  Experimental 
results  show  that  there  is  an  obvious  change  in  the  superplastic  flow  proper¬ 
ties  as  hydrogen  concentration  increases  from  0.17wt%  to  0.29wt7„.  A  maximum 
strain  rate  sensitivity  appears  around  the  hydrogen  concentration  of  0.07wt7«. 
Calculation  results  indicate  that  there  comes  a  sharp  drop  in  the  flow  acti¬ 
vation  energy  when  hydrogen  concentration  exceeds  0.2wt%,  and  the  minimum  ac¬ 
tivation  energy  corresponds  to  the  hydrogen  concentration  of  0.35wt%  at  given 
stresses.  The  decohension  effect  caused  by  hydrogen  atoms  is  discussed  co  ex¬ 
plain  the  experimental  and  calculating  results. 


-Superpissticity  and  Superplastic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Paton 
The  Minerals,  Metals  &  Materials  Society,  1988 
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Introduction 


In  recent  years  a  great  interest  was  focused  on  the  effects  of  hydrogen 
on  the  superplasticity  of  titanium  alloys.  Investigations  showed  that  small 
amounts  of  hydrogen  added  in  titanium  alloys  can  notably  reduce  the  high  tem¬ 
perature  flow  stress  at  given  deformation  velocity(l),  or  increase  the  strain 
rate  at  applied  stresses(2).  It  has  been  noticed  that  the  earlier  experiments 
were  conducted  at  given  unvaried  temperatures.  As  we  know  the  alpha  and  beta 
phase  ratio  is  an  important  factor  influencing  the  superplasticity  of  alpha 
and  beta  titanium  alloys(3),  and  the  phase  ratio  varies  with  hydrogen  concen¬ 
tration  for  the  beta-transus  temperature  decreases  with  the  increase  in  hy¬ 
drogen  concentration^) .  In  earlier  studies  the  hydrogenation  induced  impro¬ 
vements  in  superplasticity  have  been  mainly  attributed  to  the  increase  in  the 
amount  of  beta  phase  at  lower  temperature.  Unfortunately  the  variation  in  the 
phase  ratio  makes  it  difficult  to  understand  the  direct  effects  of  hydrogen 
on  the  superplasticity  of  titanium  alloys. 

In  our  investigation  the  alpha  and  beta  phase  ratio  was  controlled  ap¬ 
proximately  unvaried  by  maintaining  Tsp/T^  constant.  It  is  therefore  possible 
to  discuss  the  more  direct  effects  of  hydrogen  on  the  superplasticity  of  ti¬ 
tanium  alloys.  Both  experiment  and  calculation  were  conducted  to  examine  the 
improvements  in  the  superplasticity  of  Ti-6A1-4V  alloy  induced  by  hydrogena¬ 
tion. 


Experimental 

A  rolled  Ti-6A1-4V  alloy  was  annealed  at  900°C  for  4  hours  to  obtain  a 
stable  microstructure.  The  mean  grain  si2es  of  alpha  phase  and  beta  phase  are 
6B4pm  and  6.77  pm  respectively. 

All  the  specimens  were  hydrogenated  in  different  controlled  mixture  at¬ 
mospheres  of  hydrogen  and  argon  at  650°C,  which  resulted  in  saturated  hydro¬ 
gen  concentrations  from  0.07wt%  to  0,53wt%. 

The  superplastic  tests  were  performed  using  an  Instron-1185  machine.  A 
step-tensile  velocity  method  was  employed  to  obtain  the  basic  phenomenologi¬ 
cal  flow  properties  of  these  hydrogenated  alloys.  The  testing  temperatures 
were  chosen  according  to  the  beta-transus  temperature(T<e )  which  varies  with 
hydrogen  concentration  to  maintain  the  ratio  of  Tsp/T*  constant,  as  showing 
in  Figure  1.  In  this  way  an  approximately  unvaried  phase  ratio  of  V*/V  was 
obtained.  The  experimental  data  are  listed  in  table  I. 


Table  I.  Experimental  Data 


Hydrogen  concentration 

tb 

Tsp 

Phase  ratio 

H  ( wt% ) 

(°c) 

(°C) 

Vd/V  ( %) 

Before  test  After  test 

(Tsp/Tg  =  0.89) 

<0.005  <0.005 

990 

880 

56 

0.07  _ 

920 

820 

0.14  _ 

875 

780 

0.17  -0.17 

860 

765 

65 

0.29  -0.29 

825 

735 

0.40 

810 

720 

0.53 

805 

715 

68 
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Results  and  Analyses 


Flow  properties 

Figure  2  shows  the  variation  in  flow  stress  with  strain  rate  at  differ¬ 
ent  hydrogen  concentrations(dif f erent  testing  temperatures).  All  the  experi¬ 
mental  data  were  fitted  by  the  exponent  function: 

log  <T  =  l/[a+b.exp(-c. log  £.  )]  .  (1) 

It  is  clear  that  there  exists  an  obvious  change  in  the  flow  behavior  as  hy¬ 
drogen  concentration  increases  from  0.17wt7„  to  0.29wt7„. 


Strain  Rate  Sensitivity 

Figure  3  indicates  the  corresponding  relation  of  strain  rate  sensitivity 
(m)  with  strain  rate,  which  comes  from  the  defination: 


m=( 


>  Iorct 
ilogt 


T ,  d 


(2) 


At  given  flow  stresses  we  obtained  the  variations  of  strain  rate  sensi¬ 
tivity  with  hydrogen  concentration  and  fitted  them  by  triple-spline  function. 
Figure  4  gives  the  processing  results.  It  can  be  noticed  that  there  appears 
a  maximum  m  value  around  the  concentration  of  0.07wt7.  at  all  given  stresses 
even  if  the  corresponding  temperature  has  been  lowered  from  880  C  to  820  C. 
All  the  strain  rate  sensitivities  however  dorp  sharp  to  minimum  when  hydrogen 
concentration  exceeds  0.07wt7.  -  0.14wt7«. 


Activation  Energy 


The  semiempirical  constitutive  equation: 

i *  •  <3’ 

was  employed  to  calculate  the  variation  of  activation  energy(Q)  with  hydrogen 
concentration(S) .  Where  G-shear  modulus,  b-Burgers  vector,  K-Boltzmann  con¬ 
stant,  T-Kelvin  temperature,  d-grain  size,d-flow  stress,  D0-frequency  factor 
,  R-gas  constant,  A-dimensionless  constant,  p-grain  size  index,  and  n-flow 
stress  index.  Here 


n=l/m*  , 


(4) 


and  we  can  notice  that  if  the  variations  in  the  parameters  of  m*,  p,  and  Q 
with  strain  rate  are  neglected: 


_i£r 

4  log  4 


T,d~ 


(  d  9.  )  -o 

'  TToJI  >T,d 


(5) 


we  will  have 


m*-  m  -  ( 


&  logcr 

noli 


T ,  d 


(6) 


Experimental  results  indicate  that  at  constant  ratio  of  Tsp/T  as  well 
as  at  given  flow  stress  and  grain  size,  there  exist  following  relatios: 


Tsp=Tsp( H )  ,  m  =  m(H)  ,  E  =  E ( H )  ,  G  *  G(H)  ,  (7) 


where  H  represents 
ure  1  and  Figure  4 
fitted  by  exponent 


hydrogen  concentration.  These  relations  are  shown  in  Fig- 
-  Figure  6  respectively.  All  the  experimental  data  were 
function(Tsp  -  H),  triple-spline  functionim  -H,  log  G  - 
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-  H),  and  linear  functiondog  G  -  H) 


According  to  equation(3),  it  is  easy  to  induce  the  partial  differential 
equation: 

(  »2_  )  -  5l££  r(_2_  _d(  ai°sT.sP-  >  *  (1_  i 

'  /T»  rr  A~  A  /  V  >  u  'Ten  /  T  -  V  1  V  >U  '  Ter.  /T« 


*H  'Tsp/T*,a,d  loge  LVRT 


Tsp/T^ 


3H  Tsp/T* 


log(G/g)  ,  3  m  .  ,  aiog£  ,  1  (8) 

m  V  <>H  'Tsp/Tp.a.d  ~  3H  'Tsp/Te,a,dJ  ’ 


here  we  have  taken  the  approximations: 


m*=m  ’  (  —  ^Tsp/Tj  ,g,  d=°  •  (9) 

Substituting  all  the  fitted  results  into  equation(8),  we  can  obtain  a  complex 
partial  differential  equation: 

<  -TT  >Tsp/Ts,a,d=F(  H’  Q  5  •  (10) 

The  Runge-Kutta  numerical  method  was  used  to  solve  this  differential  e- 
quation.  We  have  chosen  Q0=  189  KJ/mol  at  H < 0.005wt”4( 6) . 


Figure  7  and  Figure  8  show  the  calculation  results  at  different  flow 
stress  levels.  The  most  notable  characteristic  is  that  there  is  a  sharp  drop 
in  the  activation  energy  as  hydrogen  concentration  exceeds  0.2wt°4,  following 
which  there  comes  a  minimum  value  at  the  hydrogen  concentration  of  0.35wt%. 
Q/T  shows  the  same  characteristic  in  spite  of  the  lowering  in  temperature. 


Discussion 

It  has  been  noticed  that  titanium  is  one  of  the  transition  elements.  A 
decohension  effect  could  be  induced  by  the  filling  of  hydrogen's  electron  in 
the  3d  electron  orbit  of  titanium  atoms(7,8  )  .  Such  effect  would  dominate 

the  high  temperature  superplastic  deformation  because  the  elastic  distorsion 
caused  by  the  solute  atoms  of  hydrogen  is  much  smaller  at  high  temperature 
than  at  ambient  temperature. 


Experimental  results  show  that  small  amounts  of  hydrogen  can  improve 
strain  rate  sensitivity.  This  improvement  could  be  mainly  attributed  to  the 
promotion  of  interface  diffusion  caused  by  this  decohension  effect,  which  as 
a  result  may  induce  a  more  effective  interface  sliding.  As  the  hydrogen  con¬ 
centration  exceeds  0.2wt”4,  an  overall  decohension  effect  would  cause  a  sharp 
drop  in  flow  activation  energy  until  to  a  minimum  value  at  0.35wt”4.  Corres- 
pondently,  much  more  lattice  dislocations  may  be  activated  inside  grains  do¬ 
minating  the  superplastic  deformation,  which  results  in  an  obvious  decrease 
in  the  strain  rate  sensitivity  as  well  as  a  remarkable  change  in  the  flow 
properties.  More  serious  interactions  between  dislocations  and  between  deslo- 
cation  and  hydrogen  atoms  would  again  cause  the  increase  in  flow  activation 
energy  beyoud  the  hydrogen  concentration  of  0.35wt°4. 


The  influence  of  stress  levels  on  the  variations  in  m  and  Q  with  hydro¬ 
gen  concentration  implies  that  the  effects  of  hydrogen  on  the  superplasticity 
of  Ti-6A1-4V  alloy  may  be  related  to  the  dominating  deformation  mechanism. 
Further  works  are  proceeding  to  investigate  the  influence  of  grain  size  index 
(p)  as  well  as  the  crystal  defects  variations. 


Cone  1  usi ons 

1.  There  is  an  obvious  change  in  the  superplastic  flow  properties  of  Ti- 
-6A1-4V  alloy  as  hydrogen  concentration  increases  from  0.17wt%  to  0.29wt'4. 
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T  (K) 


2.  A  maximum  strain  rate  sensitivity  appeas  around  the  hydrogen  concentra¬ 
tion  of  0.07wt7„  at  the  constant  ratio  of  Tsp/T^=0.89  and  at  all  given  flow 
stresses . 

3.  There  comes  a  sharp  drop  in  the  flow  activation  energy  when  hydrogen 
concentration  exceeds  0.2wt”4.  The  minimum  activation  energy  values  correspond 
to  the  hydrogen  concentration  of  0.35wt°4  at  given  stress  levels. 

Acknowledgement 

We  would  like  to  acknowledge  all  the  great  helps  from  senior  specialist 
Yanwen  Wang  and  Mrs.  Yuelong  Huang  working  in  the  Beiling  Institute  of  Elec¬ 
tric  and  Mechanical  Engineering. 


References 


1.  M.  Birla  and  V.  Depierre,  "A  Test  Method  for  Evaluation  of  Metal  Powders" 
(Report  AFML/TR-75-171 , Air  Force  Materials  Laboratory,  1975). 

2.  R.  J.  Lederich,  S.  M.  L.  Sastry,  and  J.  E.  O'Neal,  Advanced  Processing 
Methods  for  Titanium  (New  York,  NY:  The  Metallurgical  Society  of  AIME.1982), 
115. 


3.  C.  H.  Hamilton,  A.  K.  Ghosh,  and  M.  M.  Mahoney,  Advanced  Processing 
Methods  for  Titanium  (New  York,  NY:  The  Metallurgical  Society  of  AIME,  1982), 


129. 


4.  W.  R.  Kerr  et  al.,  Titanium'80;  Science  and  Technology,  vol.4  (New  York, 
NY:  The  Me tal lurgica 1  Society  of  AIME,  1980),  2477. 

5.  T.  G.  Langdon,  Superplastic  Forming  of  Structural  Alloys  (New  York,  NY: 
The  Metallurgical  Society  of  AIME.1982),  27. 

6.  C.  H.  Hamilton,  Superplasticity  (15,  Quai  Anatole  France,  PA:  Centre 
National  de  la  Recherche  Scient if ique ,  1985),  14.1 

7.  A.  R.  Troiano,  "The  Role  of  Hydrogen  and  Other  Interstitial  in  The  Me¬ 
chanical  Behavior  of  Metals,  "  Trans.  A.S.M. ,  53(1960)  54. 

8.  R.  A.  Oriani  and  P.  H.  Josephic,  "Hydrogen-Enhanced  Load  Relaxation  in 
a  Deformed  Medium-Carbon  Steel,"  Acta  Metal  1 ■ ,  26(1979)  997-1005. 


STRAIN  RATE  (1/iec) 


Figure  2  -  Relations  of  flow  stress 
with  strain  rate  at  different  hydro¬ 
gen  concentrations. 
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Figure  3  -  Relations  o£  strain  rate 
sensitivity  with  strain  rate  at  dif¬ 
ferent  hydrogen  concentrations. 


HYDROGEN  CONCENTRATION  (wtl) 

Figure  4  -  Variations  in  strain  rate 
sensitivity  with  hydrogen  concentra¬ 
tion  at  given  flow  stresses. 


Figure  5  -  Variations  in  strain  rate 
with  hydrogen  concentration  at  given 
flow  stresses. 


Figure  6  -  Relation  of  shear  modulus 
with  hydrogen  concentration. 


Figure  7  -  Variations  in  activation 
energy  with  hydrogen  concentration 
at  given  flow  stresses. 


Figure  8  -  Variations  in  (activition 
energy/testing  temperature)  with  hy¬ 
drogen  concentration  at  given  flow 
stresses. 
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Abstract 

The  methods  of  grain  refinement  for  2024A1  alloy  and  its  superplastic 
behaviour  have  been  investigated.  The  grain  size  of  2024A1  alloy  can  be 
produced  in  5-8  urn  by  control  of  recrystallization.  The  maximum  elongation 
of  485  Jtand  the  average  about  400  %  for  the  fine-grained  2024A1  alloy  can 
be  obtained  at  the  temperature  480°C  with  the  strain-rate  4.17  x  10“*sec“l 
and  the  strain-rate  sensitivity  index  m  is  upto  0.4-0. 6,  The  sheets  of  fine 
grained  2024A1  alloy  can  be  bulged  into  hemispheres  under  the  low  pressure. 
The  study  indicates  that  the  fine-grained  2024A1  alloy  is  also  a  kind  of 
material  senstive  to  the  existence  of  cavitation,  but  the  refinement  of  the 
grain  can  make  superplastic  strain  well-distributed  and  avitation  fine, 
veil-distributed.  So  the  refinement  of  the  grains  is  helpful  to  restrain 
the  formation  of  any  neck  or  internal  neck  during  the  superplastic  deforma¬ 
tion,  and  to  Improve  the  superplasticity  of  the  alloy. 


SuperplaBlicity  and  Supcrplaatic  Forming 
Edited  by  C.H.  Hamilton  and  N.E,  Paton 
The  Mineral*,  Metal*  &  Material*  Society,  1988 


465 


Introduction 


Aluminium  alloys  which  have  been  thermomecnamically  processed  to  develop 
a  fine  microstructure  show  considerable  superpla3ticity.  The  addition  of 
siaall  quantities  of  alloying  elements  which  3erve  to  prevent  grain  growth  by 
pinning  grain  boundaries  either  with  precipitates,  haanbeen  applied  to  a 
range  of  commercial  aluminium  alloys,  suc.-i  as  Zr  additions  in  the  alloys  liave 
been  utilized  to  produce  a  small,  stanle  grain  size  (l).  However,  Zr  addi¬ 
tions  in  the  alloys  bring  a  lot  problems  in  industral  application.  It  is 
notable  to  develop  superpiasticity  in  high  strength  700U  aluminium  alloys  by 
thermomechanical  processing  scnedule  (2),  and  to  expect  to  develop  superpias¬ 
ticity  in  conventional  2000  aluminium  alloys. 

2024  aluminium  alloy  is  widely  developed  commercially  because  of  its 
interesting  mechanical  properties,  if  it  is  capable  to  develop  superplastic 
properties,  it  will  be  used  for  forming  structural  aerospace  components  and 
substantial  benefits  in  terms  of  weight  and  cost  saviiigs  nave  been  demonstr¬ 
ated. 


The  aim  of  tne  present  work  is  to  show  that  it  is  possible  to  develop 
superplaatici ty  in  a  conventional  2024A1  alloy  (nominal  composition  Al-4.6 
pet  Cu-1.6  pet  Kg-0.5  pet  i-'.n)  using  a  conventional  rolling  and  heat  treatment 
system  tiiat  promoting  nucleation  and  limiting  ,,rain  Orowtr.  during  recrystall¬ 
ization.  In  the  present  paper  tne  role  of  grain  size  on  tne  nucleation  and 
growth  of  cavitation  in  2C24A1  alloy  will  be  examined. 

Experimental  Details 

"ne  work  was  carried  out  on  the  aluminium  alloy  2024A1  bought  from 


Northeast  Light- A l loy 
compoai t ion 

Works 

of  China  in 

tne  form  of  14 

m;:i  thick 

plate  witn 

Element 

Cu 

Pig 

Fn 

ITe 

Si 

Zn 

Ti 

Al 

Jt  pet 

4 .02 

1.01 

0.^)2 

0.28 

0.20 

0.2 

0.05 

balance 

(Wt  pet  by  spectrographic  analysis) 


Thermomechanical  Processing  Schedule.  In  order  to  obtain  a  fine 
grained  mi  cron  true  ture  t..e  alioy  was  reduced  by  hot  rolling  at  440-400^c  to 
3-8  mm  to  produce  a  convenient  uiickne-.s  tor  subsequent  cold  roiling  to  1.5 

min  • 


'^ensile  specimens  were  punched  longitudinally  fru.i.  tne  roiled  strip  to 
a  ga.,e  length  of  10  mm  and  width  6  mm  from  a  1.5  mm  tnicx  sheet  of  2024M 

al loy. 


Hecrystallization  into  a  fine-grained  structure  wa o  carried  out  prior 
to  the  3uperplastic  deformatiun.  The  thermomecnanicai  processing  schedule  i3 
Shown  in  r’i.,.1. 

Ur.iaxiai  tensi  1c  testing  was  carried  out  at  co..3ta:it  cross-head  volost ty 
at  a  variety  ol  initial  strain-rute3  in  the  temperature  range  4 JO  to  490'“c 

Circular  ii.emberar.es  of  2024A1  alloy  were  free-:.ulg"U  into  he  it. j;  t  eres 
under  low  gas  ( res.iure  in  the  temperature  48G°c 
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Results  and  Discussion 


Fine-Grained  Structure 


By  the  controlled  recryatallization  processing  route  fine  equiaxed 
grain  structure  was  achieved  in  2024A1  alloy.  The  fine  grain  size  of  the 
alloy  is  about  5-8  urn  as  shown  in  Fig.2.  It  meets  the  main  microstructurai . 
requirements  for  the  appearance  of  superplasticity  of  materials.  One  of  the 
microstructurai  requirements  is  that  the  grain  size  should  be  less  than  10 
um. 


Figure  2  -The  fine-grained  structure  of  *0*4^ 
alloy  by  oontrol  of  reorystailization 
The  size  of  the  grains  is  about  b-dum 

1*200; 


k. 
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The  result  proves  that  it  is  able  to  produce  fine-grain  structure  by 
control  of  recrystallization  process.  She  alloy  was  rapidly  heated  upto  high 
temperature,  held  a  short  time  then  rapidly  cooled  down.  It  is  the  controlled 
recrystallization  processing  route  by  promoting  nuoleation  and  limiting  grain 
growth.  The  alloy  held  at  the  temperature  500-}50°d  for  a  longer  time  in 
order  to  make  fine-grained  structure  stable. 

Mechanical  Properties 

The  specimens  were  first  elongated  50  pet  at  one  initial  strain  rate 
and  then  subjuo-ted  to  ohange  rate  testing,  enabling  values  of  m  to  be  deter¬ 
mined  and  a  lntfvs  In  k  (In  stress  vs  In  strain-rate)  plot  to  be  obtained. 
lna  VS  ln£  curve  of  the  material  at  the  first  50  pet  strain  of  testing  is 
shown  in  Fig.  5,  and  conventional  division  into  Region  E  and  Region  IE  is 
indicated.  Region  n  is  the  superplantic  regime  and  displays  high  strain-rate 
sensitivity,  ra  5  0.4-0.6.  It  is  shown  that  2024A1  alloy  with  fine-grained 
structure  is  of  high  ability  of  resistant  local  reduction. (See  Fig. 4.) 


Figure  4  -  Tensile  test  of  r0r4Al  alloy  without  neck 
Average  elongation  is  more  than  40U  V 
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Tensile  test  shows  total  elongations  more  than  300  pet  and  the  maximum 
elongation  of  4 85  pot  was  measured  In  the  superplastic  condition  of  480°C 
and  the  strain-rate  4.17  x  10“^sec”  .  Fig. 4  indicates  the  tensile  specimens 
after  superplastic  deformation.  During  the  superplastic  deformation, the 
specimen*  of  refine-grained  structure  differed  from  that  of  the  received 
condition  in  no  neck  forming.  This  phenomenon  is  in  agreement  with  their 
strain-rate  sensitivity  m  values,  but  it  iB  not  agreetment  with  their 
unsatisfied  superplastic  elongations.  There  should  be  much  higher  superplastic 
elongations  vs  the  high  strain-rate  sensitivity  m  values. 

The  reason  may  be  that, when  local  reduction  and  neck  forming  are  the 
main  cause  of  materials  damage  during  the  superplastic  deformation,  the 
strain-rate  sensitivity  m  values  are  in  agreement  with  uniaxial  elongations, 
while  cavity  role  in  local  flowing,  m  values  can  not  be  provided  quantitive 
charac  teristic^. 

The  effect  of  the  refine-grained  and  origional  structures  on  the  cavity 
is  shown  in  Fig. 5  and  Fig. 6.  The  figures  show  clearly  the  beneficial  effect 
of  refine-grained  structure  on  cavitation  distributed  random  and  fine  during 
the  superplastic  deformation,  while  cavitation  in  origional  structure  sample 
tended  to  be  confined  within  the  central  region  of  the  tensile  specimen,  in 
fact, this  kind  of  locally  distributed  cavitation  makes  an  internal  neck  in 
the  specii’an. 

Circular  memberanes  of  fine-grained  2024A1  alloy .were  free-bulged  into 
hemispheres  under  low  gas  pressure  without  damage  (  see  Fig. 7  ). 


Figure  -  4  Superplastic  deformation  of  refine  grained 

r0i4Al  alloy  IT  -  480°U,  e0  -  6*53  A  lCT^sec) 
Cavitation  in  the  middle  of  specimens  is 
fine  and  weil-distribute  (strain  385?  ) 
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Figure  6  -  Superpiaatic  deformation  of  origional 

202411  alloy(  T  -  480°u,  ia  -  H.55  x  l0“<sec; 
Cavitation  in  the  middle  of  specimens  is 
tended  to  form  local-distribute  like  an 
internal  neck  in  the  specimens  (strain  150  /) 


Figure  7  -  Picture  of  free-bulging  under  low  pressure 
in  several  minutes 
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Conclude 


1  The  grain  size  of  2024A1  alloy  can  be  achieved  in  5-8  um  by  a  con 
ventional  rolling  and  heat-treatment  system. 

2.  xt  i8  feasible  to  develop 

2024A1  alloy  following  a  simple  *h^°^imujn  elongation  485  pot  under  t;he 

deformation  480*0  and  initial  strain-rate  4^7*10  . 

sec'-1  • 

s*ror' 

mation  temperature. 

4.  The  main  limitation  ^ .  the  =lasticity  o^O^alloy  unfits 
SftoaU--Ia SSui:  TSL  alloy  during  the  superplastic  deformation. 
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Abstract 

Diffusion  bonding  of  superplastic  titanium  alloys  is  now  a  well 
established  technology.  The  extension  of  diffusion  bonding  to  superplastic 
aluminium  alloys  has  been  limited  by  the  tenacious  surface  oxide.  However, 
bonding  processes  which  rely  of  large  deformations  within  the  bond  zone  or 
a  transient  liquid  phase  to  displace  or  fracture  the  thin  alumina  film  have 
produced  bonds  with  virtually  parent  metal  strength.  The  bonds  have  been 
shown  to  be  capable  of  surviving  a  superplastic  forming  operation.  Nickel 
base  superalloys,  which  can  be  rendered  superplastic,  have  been 
successfully  bonded  and  superplasticity  formed.  However,  for  nickel-base 
materials  diffusion  bonds  are  primarily  formed  between  dissimilar  materials 
and  the  development  of  Kirkendall  porosity  in  the  bond  plane  during 
elevated  temperature  service  could  be  problematic. 

Theoretical  studies  of  the  micromechanisms  of  diffusion  bonding  have, 
in  the  case  of  solid  state  bonding,  reached  a  sufficient  degree  of 
refinement  to  define  a  viable  process  window.  However,  a  corresponding 
evaluation  of  the  kinetics  of  transient  liquid  phase  bonding  still  remains 
in  its  infancy. 
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Introduction 


Diffusion  bonding  may  best  be  defined  as  a  ioining  process  which 
involves  no  macroscopic  distortion  of  the  components  being  joined.  Joining 
is  achieved  primarily  by  atomic  transport  at  the  mating  interfaces  which 
removes  the  bondline  voids.  Two  types  of  joining  are  common,  that  which 
takes  place  entirely  within  the  solid  state,  and  that  which  relies  on  the 
isothermal  melting  and  re-solidification  of  a  thin  transient  liquid  phase. 
To  ensure  sufficiently  short  process  times,  bonding  generally  takes  place 
at  high  homologous  temperatures,  though  the  applied  pressures  must 
necessarily  remain  low  in  order  to  avoid  macroscopic:  deformation.  In  the 
case  of  euperplaatic  materials,  the  temperature  at  which  bonding  takes 
place  generally  corresponds  to  those  where  optimum  superplasticity  is 
exhibited  in  order  that  grain  growth  during  bonding  is  minimised  and  the 
superplast.ic  capabilities  of  the  materials  being  joined  are  not  lost. 

In  this  paper  both  the  theoretical  and  practical  aspects  of  diffusion 
bonding  are  examined.  Particular  attention  is  given,  to  superplastic 
titanium  and  aluminium  alloys.  However,  the  increasing  interest  in 
diffusion  bonding  dissimilar  nickel-base  alloys  has  prompted  the  inclusion 
of  a  section  on  nickel  since  many  of  the  alloys  being  joined  are  capable  of 
being  rendered  superplastic,  Table  1. 

Bonding  Mechanisms  and  Kinetics 

When  two  surfaces,  no  matter  how  smooth,  are  placed  together,  contact 
only  occurs  at  points  distributed  at  rardom  over  those  surfaces.  When  a 
load  is  subsequently  applied  the  asperities  separating  the  surfaces 
plastically  deform  and  the  contact  area  increases  until  it  can  support  the 
applied  load.  If  it  is  assumed  that  a  chemical  bond  forms  between  the  two 
surfaces  when  the  atoms  on  those  surfaces  are  within  an  atomic  spacing  of 
each  other  then  the  initial  area  fraction  bonded  is  given  by  the  ratio  of 
the  applied  stress  to  the  yield  strength  of  the  materia]  at  the  bonding 
temperature.  The  bond  zone  thus  consists  of  'islands'  of  bonded  material 
distributed  randomly  within  a  'sea'  of  voids.  During  the  remainder  of  the 
diffusion  bonding  process  the  bond  zone  voids  are  removed  by  any  or  all  of 
several  possible  mechanisms. 

The  kinetics  of  the  diffusion  bonding  process  are,  if  a  true  chemical 
bond  forms  between  the  two  surfaces  when  the  atoms  on  those  surfaces 
approach,  given  by  the  sum  of  the  kinetics  of  each  of  the  operative 
independent  bonding  mechanisms.  The  mechanisms  include  diffusion,  time 
dependent  plastic  collapse  and  vapor  phase  transport. 

During  the  initial  stages  of  bonding  the  islands  of  contact  expand 
laterally  as  the  asperities  collapse  by  power-law  creep  fthis  includes 
superplastic  flow)  fl,2).  As  the  asperities  collapse,  the  free  surface 
approach  and  thus  both  the  area  of  interfacia]  rontact  and  the  volune  of 
the  intcrfacial  voids  is  reduced.  Derby  and  Wallarh  13,4]  have  shown  that, 
for  all  but  the  most  smooth  surface  finishes,  power-law  creep  for 
superplastic  flow)  is  the  dominant  'bonding'  mechanism.  The  rate  at  which 
the  interfacial  voids  are  removed  from  the  bond  zone  bv  time  dependent 
plastic  flow  is  dependent  on  the  geometry  or  the  voids  but  independent  of 
their  initial  dimensions.  The  rate  of  increase  in  the  area  fraction  of 
bonded  interface,  f,  decreases  rapidly  as  f  increases  to  so. 2  and 
thereafter  remains  approximately  constant  until  fv0.9.  The  rate  of  change 
of  the  area  fraction  bonded  with  time,  df/dt,  for  an  upright  cylindrical 
void  closing  under  isostatic  compression  is  aiven  by 
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u> 


df 

—  =  2t  f 

dt  r 

where  e  is  the  radial  strain  rate  in  the  wall  of  the  cylinder,  itself  a 
rather  complex  function  of  f  and  the  applied  pressure,  P  (5].  The  increase 
in  the  value  of  f  in  equation  (1)  during  bonding  is  offset  by  a  reduction 
in  e  as  the  walls  of  the  cylinder  thicken  and  the  axial  stress  compressing 
the  Cylinder  decreases. 

As  the  voids  become  smaller,  diffusive  mass  transfer  becomes  more 
significant.  Void  closure  can  result  from  the  diffusive  transfer  of 
material  from  the  bond  zone  interface  to  the  neck  or  free  surfaces  of  the 
void.  The  flux  of  atoms  is  driven  by  the  difference  in  chemical  potential 
between  the  nominally  stress  free  void  surface  and  the  bond  interface  which 
experiences  a  compressive  stress  as  a  result  of  the  applied  pressure.  Mass 
transfer  can  occur  via  both  the  interface  and  the  bulk  lattice.  The  bonded 
area  fraction  can  also  increase  as  a  consequence  of  surface  diffusion  and 
vapor  phase  transport.  Again  “-he  difference  in  chemical  potential  between 
the  low  curvature  surfaces  remote  from  the  bond  interface  and  the  high 
surface  curvatures  in  the  neck  regions  drive  both  the  surface  diffusion  and 
vapor  phase  transport  processes.  While  the  transfer  of  material  around  the 
surface  of  the  void  cannot  change  the  volume  of  the  void,  the  cross 
sectional  area  of  the  void  in  the  bond  plane  decreases  as  the  void 
sperhoidise.  The  change  in  the  value  of  f  due  to  surface  diffusion  then 
affects  the  other  mass  transfer  processes  which  actually  reduce  the 
ir.terfaeial  void  volume.  The  rate  of  change  of  bonded  area  with  time  due 
to  diffusive  mass  transfer  under  an  isostatic  pressure,  P,  is  given  by 


df 

dt 


4c  anp 
—3h _ 

X2h  KT 
o 


Al-f)  In  (1/  (l-f ) )  -  f/2 
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where  D  6  is  the  grain  boundary  diffusion  coefficient,  fl,  the  atomic 
volume,  *,  the  wavelength  and  h  ,  the  amplitude  of  the  surface  roughness. 
Since  each  of  the  mechanisms  operates  independently  of  the  others  the 
overall  kinetics  of  the  bonding  process  are  given  by  the  sun  of  the  rates 
of  the  individual  mechanisms.  Thus,  given  the  relevant  material  properties 
data,  the  bonding  time,  t,  can  be  obtained  from 


1 

Ii (df /dt) 

.p/°y 


(3) 


In  deriving  the  rate  equations  for  each  process  [1-6]  it  is  important 
to  define  the  geometry  of  the  interfacial  voids  and  the  applied  stress 
state  in  such  a  way  that  there  is  no  discontinuity  in  the  rale  equations 
when  the  voids  become  isolated  from  each  other.  Moreover,  it  is  important 
to  recognize  that  the  surfaces  being  joined  have  a  complex  topography. 

Often  a  short  wavelength,  low  amplitude  roughness  is  superimposed  on  a  much 
longer  wavelength,  low  aspect  ratio,  waviness  and  it  is  normally  the  latter 
aspect  of  the  surface  geometry  that  determines  the  overall  bonding  time, 
Figure  1. 

Given  the  uncertainties  in  the  material  property  data  (a  factor  of  2 
to  5  for  most  values)  a  truly  realistic  mode  of  interfacial  asperity 
collapse  Is  not  normally  justified.  Furthermore,  the  times  for  bending 
that  are  predicted  by  the  models  should  not  be  regarded  as  absolute,  but 
rather  as  a  auide  to  the  "process  window'  in  which  experimentation  should 


477 


TIME  (arbitrary  units) 


Fig.  1.  The  variation  of  bonding  time  with  pressure  (schematic)  for 
bonding  under  isostatic  compression.  Two  limiting  cases  are 
apparent:  a  size  independent  limit  arising  from  time  dependent 
plastic  collapse  and  a  sintering  limit,  the  location  of  which 
depends  on  the  magnitude  of  the  surface  roughness. 


W6  W°  10* 

TIME.hrs 


Fig.  2.  The  calculated  variation  of  bonding  time  with  applied  pressure 
for  A1  and  Al-7475.  The  bands  contain  all  the  solutions  for 
surface  finishes  in  the  range  1  to  20um,  applied  pressures  of  1 
to  10  MPa  at  temperatures  within  the  superplastic  regime,  500  to 
520°C.  The  actual  conditions  used  to  develop  solid  state  bonds 
in  Al-7475  are  also  shown. 


be  carried  out.  Figure  2.  By  isolating  the  time  frame  in  which  bonding 
would  be  expected  to  occur  under  a  given  set  of  bonding  conditions 
(pressure,  temperature,  surface  finish  and  material)  actual  experimentation 
and  destructive  evaluation  of  the  bond  properties  can  be  minimized. 

The  process  of  transient  liquid  phase  bonding,  while  often  a  practical 
success,  has  received  little  attention  in  terms  of  defining  the 
micromechanisms,  evaluating  their  kinetics  and  hence  determining  the  rate 
controlling  process (es). 


Testing  of  Diffusion  Bonds 

The  quality  of  diffusion  bonds  can  only  be  reliablv  assessed  by 
comparing  the  fracture  characteristics  of  the  bond  with  those  of  the  parent 
metal  after  a  simulated  bonding  heat  treatment  cycle.  Nondestructive 
evaluation  of  the  bond  quality  is  presently  incapable  of  resolving  bond 
line  microvoids  (d<5um)  since  the  wavelength  of  the  sound  wave  (''-200um)  is 
much  greater  than  the  defect  size  and,  in  thin  sheets,  the  transit  times 
are  extremely  short.  More  recently,  improvements  in  signal  processing  have 
enabled  some  headway  to  be  made  in  detecting  disbonds  in  which  the  two 
surfaces  are  often  in  intimate  contact  [7] .  Once  the  conditions  required 
to  produce  a  bond  of  acceptable  quality  have  been  determined  by  destructive 
testing,  strict  process  control  is  normally  employed  to  ensure  reproduc¬ 
ibility  of  the  bond  properties.  Process  control  is  often  supplemented  by 
the  proof  testing  of  lugs  which  have  been  designed  onto  the  component  and 
which  are  removed  from  it  after  the  bonding  cycle  is  complete  [8] . 

A  number  of  mechanical  tests  have  been  devised  to  assess  the  quality 
of  diffusion  bonds.  In  the  case  of  ’massive’  bonds,  conventional  tensile, 
rotating  bend  fatigue  and  impact  test  pieces  can  be  readily  fabricated  and 
the  fracture  strength  compared  with  that  of  the  parent  material.  In 
practice,  parent  metal  tensile  strengths  are  often  achieved  in  bonds  with 
more  than  85%  interfacial  contact  while  parent  metal  fatigue  endurance 
normally  requires  a  complete  absence  of  interfacial  microvoids.  However, 
the  most  discriminating  test  of  bond  quality  is  measured  by  impact  testing, 
with  poor  bonds  that  show  complete  interfacial  contact  exhibiting  low 
impact  strengths. 

Unfortunately,  the  majority  of  diffusion  bonds  are  formed  between 
sheet  materials  and  impact  testing  is  inapplicable.  In  such  cases  the 
fracture  strength  of  the  joint  is  measured  usina  a  constrained  lap  shear 
test  piece,  thouqh  no  standard  geometry  or  dimensions  exist.  Similarly, 
the  attainment  of  parent  metal  fracture  strength  is  no  guarantee  that  a 
high  quality  bond  has  been  formed,  nor  that  the  bond  will  be  capable  of 
resisting  peel  during  superplastic  forming.  It  is  this  latter  capability 
which  might,  perhaps,  be  the  most  discriminating  test  for  evaluating 
diffusion  bonds  between  thin  sheets. 

Diffusion  Ponds  in  Superplastic.  Materials 


Titanium  Alloys 

Titanium  alloys  such  as  Ti-6A1-4V  (IMI  338),  Ti-6Al-2Sn-4Zr-?Mo  and 
Ti-4Al-4Mo-2Sn-0.5Si  (IMI  550)  are  readily  bonded  at  temperatures  between 
8eC  and  940°C  with  applied  pressures  of  0.6  to  2MPa  for  process  times  up  to 
3hrs.  The  temperatures  and  pressure'  used  for  bonding  normally  correspond 
to  the  conditions  under  which  optimum  superplasticity  is  observed.  Table  I. 
In  general,  as  the  bonding  temperature  and  time  are  increased,  the 
integrity  of  the  bonds  formed  increases.  However,  excessive  temperatures 
and  long  process  times  can  lead  to  grain  growth  during  the  bonding  cvcle 
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Fig.  3 


Fatigue  properties  of  Ti-6A1-4V  after  bonding  for  2  hours  at. 
950°C  under  an  applied  pressure  of  0.69  MPa  [16) . 


□  THERMAL  CYCLE 


07  12  2  0  60 

BONDING  PRESSURE  (MRa) 


Fig.  4. 


Impact  strengtli  of  IMI  550  after  bonding  for  2  hours  at  950 °c 
under  various  applied  pressures  [161. 


Table  1.  Summary  of  conditions  urder  which  euperplast.ici  ty  is  developed  in  cosmerioal 
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and  a  reduction  in  the  subsequent  superplastic  formability  of  the  alloys. 
The  relative  ease  with  which  solid  state  diffusion  bonds  can  be  formed  in 
titanium  base  alloys  is  reflected  in  the  growinq  body  of  literature  and  its 
acceptance  as  a  mainstream  manufacturing  technology  |9-]4). 

The  ease  with  which  titanium  can  be  bonded  may  be  attributed  to  the 
ability  of  titanium  to  take  into  solution  both  its  oxide  and  other  surface 
contaminants,  particularly  carbon,  when  subjected  to  pressure  at  elevated 
temperature  [15].  It  has  been  found  that  parent  metal  fatigue  strengths 
can  be  attained  in  titanium  diffusion  bonds  [13],  Figure  3,  but  that  impact 
strengths  are  often  less  than  those  of  the  parent  metal  [16],  Figure  4. 

The  latter  can  be  improved  by  heating  the  bond  to  the  6-transus  after 
bonding  is  complete  allowing  grain  boundary  migration  and  hence  a 
disruption  of  the  planar  bond  interface. 

ftluminium  Alloys 

After  titanium  base  alloys,  the  second  most  important:  group  of 
superplastic  materials  are  those  based  on  aluminium,  in  particular  Al-7475 
and  more  recently  Al-8091.  Unfortunately,  the  tenacious  surface  oxide  has 
limited  the  success  of  diffusion  bonding  in  aluminium  alloys  (this  becomes 
even  worse  when  lithium  is  present)  and  hence  the  adoption  of  DR/SPF 
technology  in  these  materials  has  been  slow.  However,  studies  have  shown 
that  'solid  state'  diffusion  bonds  with  fracture  strengths  in  excess  of 
those  attained  using  polymeric  adhesives  can  be  realised  and  that  two 
bonding  processes  have  emerged.  Firstly,  those  involving  surface 
modification,  notably  the  deposition  of  a  silver  coating  on  a  nominally 
oxide  free  aluminium  surface  and  secondlv,  the  use  of  large  scale 
deformation  in  the  bond  zone  to  fracture  the  tenacious  layer  of  alumina  on 
the  aluminium  surface. 

Silver  coated  surfaces  have  been  produced  on  clad  Al-7010  [17, 1R) , 
Al-2014  and  Al-6082  |19],  Al-5056,  Al-5657  and  Al-6351  (201.  In  coating 
the  aluminium  surface  with  silver  two  objectives  are  thought  to  be 
attained;  firstly,  the  protection  of  the  aluminiun  from  the  formation  oi 
alumina  ard  secondly  the  generation  of  an  oxide  (Ag^O)  which  is  soluble 
under  pressure  at  elevated  temperature.  The  aluminium  sui face  to  be  coated 
was  first  polished  using  lum  diamond  paste  or  finer  then  sputter  cleaned  in 
vacuum  using  argon  ions.  The  silver  coating  is  applied  either  by  physical 
vapor  deposition  or  by  silver  ion  plating. 

Bonding  was  generally  carried  out  in  vacuum  at  pressures  ranging  from 
1.5  to  5MPa  at.  temperatures  in  the  range  450  to  550°C  for  times  up  to  1 
hour.  For  the  clad  Al-7010,  bonding  was  carried  out  at  200  to  300°C  usinq 
pressures  of  130  to  14C  MPa.  In  all  cases,  the  bond  shear  fracture 
strength  increased  with  an  increase  in  the  bonding  temperature  and  the 
extent  of  deformation  in  the  bond  zone.  Despite  the  large  number  of  alloys 
and  conditions  investigated,  bond  shear  fracture  strengths  in  the  range  5C 
to  80  MPa  were  usually  obtained.  Figure  5.  Post-bondinq  heat  treatment, 
usually  to  the  T6,  or  equivalent,  condition  resulted  in  increased  bond 
fracture  strengths  of  140  to  1B0  MPa. 

Solid  state  bonding  without  the  use  of  a  protective  coating  has  been 
restricted  to  two  alloys,  Supral  220  (a  fine  grain  derivative  of  Al-2004) 
[21]  and  Al-7475  [22-24],  In  both  cases  it  was  imperative  that  the  fine 
grain  size  and  hence  superplastic  properties  of  the  parent  netal  he 
maintained  during  bonding.  The  bonding  temperatures  and  times  were 
therefore  limited  by  the  amount  of  grain  growth  that  could  be  tolerated 
during  the  bonding  cycle.  Bonds  which  were  fabricated  under  static 
compressive  ’oading  gave  shear  fracture  strengths  in  the  range  40  to  150 


Fig.  5 


Fracture  surfaces  of  Al-7475  formed  after  5  hours  at  515°C  urder 
an  applied  pressure  of  5MPa.  a)  poor  bond  with  a  fracture 
strength  T,  <40  MPa  and  b)  a  medium  strength  bond,  70<T  <100 

MPa.  f 


NORMALISED  FRACTURE  STRESS 


Fig.  6.  Probability  of  fracture,  as  determined  by  Weibull  Statistics, 

versus  normalized  fracture  stress  (i„/t _ )  for  Al-"'4',5  and 

Ti-6A1-4V.  f  UTS 
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MPa.  Again,  the  bond  strength  could  be  improved  by  the  application  of  a 
post-bonding  heat  treatment  with  shear  fracture  strengths  as  high  as  250 
MPa  being  recorded. 

The  conditions  under  which  solid  state  bonds  were  fabricated  in 
aluminium  alloys  are  summarized  in  Table  2  together  with  the  reported 
fracture  strengths. 

One  disquieting  feature  of  solid  state  bonds  formed  between  two 
aluminium  surfaces,  where  reported,  has  been  the  wide  variation  in  the 
measured  fracture  strength  of  bonds  formed  under  nominally  the  same 
conditions.  For  example,  Byun  and  Yavari  [23] ,  who  examined  3  to  4  bonds 
per  set  of  process  variables  recorded  deviations  of  +/-  15%  while  Pilling 
and  Ridley  [24],  who  examined  between  16  and  20  bonds  per  set  of  process 
variables,  observed  deviations  of  +  100%  to  -60%  of  the  mean  fracture 
strength.  In  the  latter  study,  the  variability  of  the  measured  bond 
fracture  strength  was  analyzed  using  Weibull  statistics:  Weibull  modulii  of 
4  to  6  were  typical  of  the  inherent  variability  of  the  bond  fracture 
strength.  Figure  6.  (By  way  of  comparison,  repeated  measurements  of  the 
yield  strength  of  copper  would  give  a  Weibull  modulus  of  140,  while  that  of 
the  modulus  of  rupture  of  a  structural  ceramic  would  be  closer  to  10) . 

Although  not  strictly  diffusion  bonding,  attempts  have  been  made  to 
bond  aluminium  using  a  transient  liquid  phase.  By  interposing  a  melting 
point  depressant  between  the  two  aluminium  surfaces  it  is  possible  to  form 
a  liquid  layer  in  the  bond  zone  during  the  bonding  cycle.  The  liquid  phase 
forms  directly  by  melting  on  heating  or  bv  isothermal  melting  at  the 
bonding  temperature  as  the  concentration  of  the  melting  point  depressant 
builds  up  in  the  surface  layer  of  the  parent  metal.  Application  of  a 
moderate  pressure  after  the  liquid  phase  has  formed  displaces  the  bulk  of 
the  liquid  and  oxide  from  the  bond  zone.  During  the  remainder  of  the 
bondinq  cycle  the  concentration  of  the  melting  point  depressant  in  the  bond 
zone  decreases  as  it  diffuses  further  into  the  parent  metal  and  the  bond 
zone  isothermally  solidifies. 

Only  elements  which  are  compatible  with  the  base  alloy  are  suitable 
for  forming  a  transient  liquid  phase.  Tn  the  case  of  aluminium  the  choice 
is  limited  to  silver,  magnesium,  silicon  and  zinc  (copper,  although 
compatible,  is  unsuitable  as  it  causes  intergranular  embrittlement  of  the 
aluminium).  The  melting  point  depressants  are  usually  interposed  between 
the  aluminium  surfaces  as  elemental  coatings  [21,23]  or  as  aluminium  alloy 
foils  1231. 

Fracture  strengths  similar  to  those  obtained  by  solid  state  bonding 
have  been  recorded  for  bonds  formed  by  the  transient  liquid  phase  approach, 
Table  2. 

Nickel  Alloys 

After  titanium  and  aluminium,  nickel-base  alloys  are,  perhaps,  the 
next  most  important  group  of  superplastic  materials,  see  Table  I.  However, 
their  use  has  been  concentrated  in  massive  rather  than  thin  sheet 
components,  applications  were  their  low  flow  stress  at  elevated  temperature 
has  enabled  them  to  be  superplastically  forged  into  complex  shapes  [25,26]. 
Diffusion  bonding  of  nickel  (super) alloys  has  recently  received 
considerable  attention  particularly  as  a  means  for  joining  dissimilar 
alloys  or  superplastic,  mechanically  alloyed,  single  crystal  or 
directionally  solidified  materials. 
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Nickel,  like  titanium,  is  capable  of  taking  into  solution  its  surface 
oxide  when  under  pressure  at  elevated  temperature,  though  other  surface 
contaminants  are  not  as  readily  soluble.  Nickel  base  superalloys  are 
normally  bonded  at  temperatures  just  below  the  y'  solvus.  Depending  on  the 
alloy,  bonding  can  be  carried  out  at  temperatures  between  1100°C  and  1250°C 
with  applied  pressures  in  the  range  1  to  20  MPa,  conditions  which 
corresponds  to  those  where  superplasticity  can  be  exhibited.  The 
mechanical  strength  of  bonds  formed  between  dissimilar  materials  can  be 
degraded  by  a  number  of  factors  which  would  not  normally  be  apparent  when 
bonds  are  formed  between  like  alloys,  Figure  7.  These  are  [27]: 


Fig.  7.  Schematic  illustration  of  the  microstructural  changes  that 
accompany  diffusion  bonding  of  dissimilar  Ni-basp  alloys. 

(1)  Penetration  of  the  single-phase  y  microstructure  into  the 
two-phase  y-y'  microstructure  due  to  diffusion  of  the  y'  forming 
elements  into  the  single-phase  alloy, 

(2)  Formation  of  TiC  particles  or  films  at  the  interface  as  titanium 
reacts  with  adsorbed  CO  on  the  mating  surfaces,  and 

(3)  Development  of  Kirkendall  porosity  on  the  aluminium  rich  side  of 
the  joint. 

The  latter  factor  would  not  normally  be  apparent  after  fabrication  as 
the  isost.atic  pressure  applied  to  form  the  bond  is  often  more  than 
sufficient  to  counteract  the  necessity  to  form  pores  as  a  result  of  the 
flux  imbalance  between  Ni  and  A1  [28).  The  diffusion  rate  of  A1  in  Ni,  and 
hence  the  flux  of  A1  leaving  the  A]-rirh  side  of  the  joint,  is  greater  than 
that,  of  Ni  in  Ni,  and  hence  the  counter-balancing  flux  of  Ni  arriving  in 
the  Al-rich  side.  However,  during  subsequent  service  at  elevated 
temperatures  porosity  will  develop  rapidly  in  the  absence  of  a  confining 
pressure  [28], 

The  formation  of  carbides  within  the  bond  zone  can  be  avoided  by 
treating  the  mating  surfaces  with  NH  BF^  which  decomposes  on  heating, 
reacting  with  Tic  to  form  volatile  titanium  fJouride  and  fluoro-carbon 
[29]  . 


It  has  been  demonstrated  that  nickel  base  alloys  such  as  IN-718  can  be 
diffusion  bonded  and  superplasticially  formed  [30].  Bonds  were  formed  at 
’VL000°C  and  resulted  in  fracture  strengths  of  180  to  690  MPa. 

Conclusions 


Diffusion  bonding  is  now  an  established  joining  technology.  Its 
application  in  the  DB-SPF  process  has  enabled  low  weight  -  high  stiffness 
cellular  structures  to  be  fabricated  simply  and  cheaply  using  titanium-base 
alloys.  Although  it  is  possible  to  join  superplastic  aluminium  alloys 
using  both  solid  state  and  transient  liquid  phase  techniques,  the  poor 
reproducibility  of  each  of  those  processes  has  so  far  limited  the 
introduction  of  DB-SPF  of  aluminium  alloys.  Both  superplastic  and 
non-superplastic  nickel  base  alloys  can  be  successfully  diffusion  bonded. 
However,  where  dissimilar  materials  are  to  be  used  at  elevated 
temperatures,  careful  consideration  needs  to  be  given  to  composition  to 
ensure  that  Kirkendall  porosity  does  not  becomes  evident  during  service. 
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DIFFUSION  BONDING  AND  SUPERPLASTIC  FORMING, 
TWO  COMPLEMENTARY  MANUFACTURING  TECHNIQUES 


P.-J.  Winkler 

Messerschmi tt-Bolkow-Blohm  GmbH,  Central  Laboratories 
Munich,  Vest  Germany 


Abstract 

The  importance  of  Diffusion  Bonding  (DB)  has  increased  since  the  early 
1970's  in  conjunction  with  the  development  of  Superplastic  Forming  (SPF)  as 
a  sheet-manufacturing  process.  Superplastic  Forming  without  Diffusion 
Bonding  offers  a  limited  spectrum  of  structural-part  applications. 

The  combined  use  of  Superplastic  Forming  and  Diffusion  Bonding 
(SPF/DB)  is  highly  advantageous  for  the  manufacture  of  a  large  number  of 
secondary  and  primary  aerospace  parts.  The  growing  demand  for  high- 
quality,  high-cost  materials,  such  as  Ti-alloys  and  Al-Li-alloys,  has 
increased  the  necessity  of  further  developing  this  cost  and  weight-saving 
process. 

This  paper  provides  a  review  of  the  recent  progress  in  Diffusion 
Bonding  as  a  complementary  process  to  Superplastic  Forming. 

This  overview  focusses  on  the  major  aerospace  materials,  i.e.  Ti- 
alloys,  Al-alloys  and  Metal  Matrix  Composites  (MMC)  and  provides  a  com¬ 
parison  of  the  process-development  status. 

The  influence  of  the  main  processing  parameters  such  as  temperature, 
pressure,  time,  atmosphere,  and  surface  roughness  on  Diffusion  Bonding 
quality  will  be  discussed.  Bond-strength  values  and  possible  joint  defects 
are  considered  to  be  the  most  important  criteria.  The  status  of  NDT  tech¬ 
niques  for  detecting  joint  defects  is  also  evaluated. 

Finally,  design  concepts  and  exemplary  SPF/DB  parts  are  presented  and 
the  future  prospects  of  this  manufacturing  process  as  well  as  further  re¬ 
search  needs  are  discussed. 


Supcrplasticity  and  Supcrplaatic  Forming 
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Introduction 


Superplastic  Forming  and  Diffusion  Bonding  are  tvo  modern  manu¬ 
facturing  methods  vhich  are  each  used  individually  in  the  aerospace  indu¬ 
stry.  The  high  development  and  application  status  of  Superplastic  Forming 
is  impressively  demonstrated  at  this  conference. 

Diffusion  Bonding  of  Titanium  alloys  as  a  manufacturing  process  in  its 
ovn  right  has  been  used  since  the  sixties  for  producing  integrally  stiff¬ 
ened  structural  parts  vith  better  material  utilization  and  lover  machining 
costs.  An  impressive  example  of  this  manufacturing  method,  vhich  is  called 
"press  bonding"  is  the  ving  carry-through  section  of  the  BIB  bomber.  [1] 

This  paper  gives  an  overviev  of  the  potential  of  Diffusion  Bonding  as 
a  complementary  process  to  Superplastic  Forming  and  provides  a  reviev  of 
recent  progress  (SPF/DB).  The  groving  demand  for  high-quality,  high-cost 
materials  such  as  Ti-alloys  and  Al-Li -alloys ,  has  increased  the  necessity 
of  further  developing  this  cost  and  veight-saving  process. 


The  term  Diffusion  Bonding  is  used  in  the  videst  sense  and  includes 
all  methods  for  producing  complex  multi-sheet  structural  parts,  e.g.  solid- 
state  diffusion  bonding  vith  minimum  macroscopic  deformation,  liquid-phase 
joining  methods  and  high-deformation/limited-diffusion  processes,  such  as 
roll  bonding. 

This  overviev  focusses  on  the  major  aerospace  materials,  i.e.  Ti- 
alloys,  Al-alloys  and  Hetal  Matrix  Composites  (MMC). 

Materials 


A  high  fly-to-buy  ratio  is  one  of  the  main  economic  advantages  of 
SPF/DB  in  comparison  to  conventional  fabrication  methods.  Expensive 
materials  like  Ti-alloys  and  recently  Ti-Aluminides,  high-strength  Al- 
alloys  vith  special  emphasis  on  Al-Li -alloys,  exemplary  Ni-base  alloys  for 
engine  applications  and  MMC  materials  vith  an  Aluminium  and  Titanium  matrix 
are  therefore  especially  suitable  for  manufacturing  vith  this  technique. 

SPF/DB  development  of  Ti-alloys  has  proceeded  furthest.  There  are 
already  many  parts  in  production  and  in  application.  This  is  due  to  the 
fact  that  solid-state  bonding  of  Ti-alloys  can  be  realized  vith  mechanical 
properties  similar  to  the  base  material.  Unfortunately,  high-quality 
diffusion-bonded  joints  in  other  alloy  systems,  for  example  in  Al-alloys, 
are  much  more  difficult  to  achieve  and  require  a  detailed  understanding  of 
the  bonding  mechanism  in  the  presence  of  stable  oxide  layers.  Research  and 
development  activities  vorldvide  concentrate  on  the  realization  of  Dif¬ 
fusion  Bonding  of  Al-alloys,  because  of  the  high  application  potential  for 
multisheet  Al-alloy  structures.  SPF/DB  processing  of  MMC  materials  and  of 
Ti-Aluminides  is  just  at  the  beginning. 

Combined  Benefits  of  Superplastic  Forming  and  Diffusion  Bonding 

The  benefits  of  Superplastic  Forming  concerning  technical  and  economical 
aspects  have  been  described  frequently.  The  cost  savings  are  mainly  based 
on  a  high  material  utilization,  reduced  part  count  and  resulting  lov  assem¬ 
bly  costs.  The  actual  savings  achieved  are  a  function  of  component  type, 
its  equivalent  conventional  method  of  manufacture,  and  the  material  price. 
121 
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Typical  characteristics  of  diffusion-bonded  joints  are  listed  in  Fig. 
1  (3,4).  They  exhibit  some  distinct  advantages  in  conparison  to  more  con¬ 
ventional  joining  techniques  like  riveting,  fusion  veldlng  and  adhesive 
bonding. 


I 

Joint  strength*  approaching  or  aqual  to  cha  parent  metal. 

2 

Bonding  involves  minimi®  distortion  and  deformation  and  close 
dimensional  control  is  possible. 

3 

Large  area  bonds  are  possible,  with  improved  joint  efficiency 
compared  with  conventional  joining. 

4 

Thick  and  thin  sections  can  be  joined  to  each  ocher. 

5 

Cast,  wrought  and  sintered  powder  products  and  dissimilar 
metals  can  be  joined.  May  be  only  choice  for  metal  matrix 
composites. 

6 

Process  time  independent  of  bond  aree  or  numbers  of 
components. 

7 

Machining  costs  may  be  reduced. 

8 

Corrosion  resistance  of  parent  metal  or  of  selected 
interlayer  combination.  No  fluxes  are  required. 

9 

More  efficient  design  and  a  smeller  buy  to  fly  ratio  may  be 
possible. 

10 

May  be  combined  with  superplastic  forming. 

Figure  1  -  Some  characteristics  of  diffusion  bonded  joints  [3,4] 

The  combined  application  of  Superplastic  Forming  and  Diffusion  Bonding 
leads  to  an  almost  unlimited  design  flexibility,  the  cost  savings  in  com¬ 
parison  to  other  fabrication  methods  reach  values  up  to  60  X.  These  values 
have  been  substantiated  by  a  vide  range  of  design-to-cost  studies  conducted 
by  aerospace  companies  throughout  the  Western  world.  A  highly  significant 
factor  in  respect  of  these  cost  savings  is  an  SPF/DB-oriented  design  in¬ 
stead  of  reproducing  the  conventionally  devised  part. 

The  design  flexibility  resulting  from  the  SPF/DB  process  is  demon¬ 
strated  in  Fig.  2,  in  which  one-,  two-,  three-  and  four-sheet  structural 
parts  are  schematically  presented  (5).  The  realization  of  such  structures 
presumes  either  bonding  before  forming  or  forming  before  bonding. 


Design 

Advantages 

Disadvantages 

1  -shaet  tine  wave  web 

simple  tooling 

bonding  of  flanges  only 
on  one  side  possible 

2 -sheet  design 

(^—8839— 

completely  symmetric 
little  specing 

expensive 
tooling  (two  dies) 

needy  symmetric 
tooling  relative  simple 

formation  of  groom 
if  skin  is  too  thin 

4  sheet  sandwich 

symmetric 

no  formation  of  groom 

more  complicate 
processing 

isniHii 

Figure  2  -  Design  concepts  for  SPF  and  SPF/DB  parts  |5| 
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Multi-Sheet  Design  Concepts 


The  concurrent  application  of  SPF/DB  can  be  used  cither  for  local 
reinforcement  of  single-sheet  structures  or  for  production  of  multi-sheet 
parts.  Subsequently  I  would  like  to  demonstrate  this  separately  for  tvo-, 
three-  and  four-sheet  applications. 

Two-Sheet  Structures 


Thinning  is  an  inevitable  consequence  of  the  SPF  process  and  a 
limiting  factor  for  the  use  of  those  parts.  C.H.  Hamilton  discussed 
different  possibilities  in  controlling  and  influencing  the  thinning 
process,  as  can  be  seen  in  Fig.  4  {6}.  A  further  possibility  to  overcome 
thinning  is  the  local  reinforcement  of  superplastically  formed  parts  as 
shown  exemplarily  in  Fig.  3,  where  caps  are  diffusion-bonded  on  top  of 
corrugated  sheets  [7]. 


pjwvo-o#  gugsLggj  co— uGATiow 


CmHUO’lPOI  CAP  COggUgATlOM  / 


SM=/0# 

SCCTlVrt 

WITH 

NClNFOACCD 

CAPS 


Figure  3  -  Corrugated  sheet  structures  made  by  SPF  and  SPF/DB  |7] 

The  majority  of  two-sheet  SPF/DB  structures  is  integrally  hat- 
stiffened  parts.  They  usually  are  fabricated  by  Diffusion  Bonding  with 
subsequent  blow  forming.  Typical  examples  of  this  type  are  door  panels  [8, 
9).  In  Fig.  4  a  two-sheet  SPF/DB  version  of  a  door  panel  is  compared  with 
a  conventionally  produced  part  made  out  of  16  single  parts  and  500  rivets 
[9].  The  published  cost  savings  are  in  the  order  of  50  X  with  weight 
savings  of  about  30  X.  [8] 
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16  Parts 

500  Riwts  ffiwtinj 


Integration  wan 


Diffusion  Bonding 

< — l  Toei 


Figure  4  -  Conventional  structure  and  integrated  plan  for  door 
panel  using  SPF/DB  [9] 

Three-  and  four-sheet  structures 


Three-  and  four-sheet  SPF/DB  techniques  permit  designing  and  fabrica¬ 
ting  stiff  and  light  sandvich  structures.  While  the  face  sheets  of  such 
sandwiches  are  mostly  flat  or  slightly  curved,  the  core  configurations  can 
be  varied  in  many  different  vays,  tailored  to  the  calculated  design  loads. 
HO, 111 

Design  and  fabrication  of  sandwiches  with  one,  two  or  more  core  sheets 
are  possible,  exemplary  core  patterns  of  different  two-sheet  core  versions 
are  shown  in  Fig.  5  [10].  Spot  welding,  roll-seam  welding  or  diffusion 
bonding  were  used  to  join  the  two  core  sheets.  They  were  then  expanded  by 
blow  forming  to  the  face  sheets  and  subsequently  diffusion  bonded  to  form 
various  types  of  cells. 


RECTANGULAR  TRIANGULAR  AND  HEXAGONAL 


Figure  5  -  Exemplary  core  patterns  for  producing  SPF/DB  sandviches  [10) 

Core  pattern  1  e.g.  shows  seam  welds  that  form  vertical  walls  with 
continuous  longitudinal  webs.  This  pattern  can  be  used  for  high  axial 
loading  efficiency,  when  hardly  any  transverse  loading  or  shear  loading  is 
the  case.  Core  pattern  2  is  used  for  typical  aircraft  structures  when  some 
transverse  loading  and/or  shear  loading  occurs.  Core  pattern  4  is  used  if 
higher  axial  loadings,  pressure  loading  (bending)  and  shear  loading  are  the 
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case.  The  vertexes  of  the  triangles  are  spot-welded  to  form  hexagonal 
shapes.  Finally,  core  pattern  7  vas  developed  to  sustain  high  axial  loads 
with  high  shear  loadings. 

Fig.  6  shows  four  sandwich  types  for  a  supersonic  wing  concept  [10]. 
Design-to-cost  analysis  indicated  that  the  upper  left  rectangular  core  was 
the  best  compromise  for  weight  and  cost. 
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RECTANGLE  CORE 


Tnxrn 

ijiii!.1 

-H-H-tr 

linin'1 

jhlUtll. 

SINGLE-TRUSS  CORE 
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ISOGRID  CORE 


U.LLIXI 


y-wwv 


COMBINED  CORE 


Figure  6  -  SPF/DB  candidate  wing  concepts  (101 


Diffusion  Bonding  Techniques 

There  is  a  big  confusion  in  literature  concerning  the  terminology  of 
Diffusion  Bonding  and  related  processes.  Some  of  the  terms  which  have  been 
used  synonymously  with  diffusion  welding  include  diffusion  bonding,  solid- 
state  bonding,  pressure  bonding,  pressure  welding,  roll  bonding,  isostatic 
bonding,  eutectic  bonding,  hot-press  bonding,  and  so  on  [12J. 

The  process  of  Diffusion  Bonding  is  defined  in  British  Standard  499  as 
"a  joining  process,  wherein  all  of  the  faces  to  be  bonded  are  held  together 
by  a  pressure  insufficient  to  cause  readily  detectable  plastic  flow,  at  a 
temperature  below  the  melting  point  of  any  of  the  parts,  the  resulting 
solid  state  diffusion,  with  and  without  the  formation  of  a  liquid  phase, 
causing  bonding  to  occur.  Additional  heat  may  or  may  not  be  applied." 

In  this  paper,  which  aims  to  illustrate  the  possibilities  of  the  com¬ 
bined  application  of  Superplastic  Forming  and  Diffusion  Bonding,  the 
definition  of  Diffusion  Bonding  is  extended  to  high-deformation/limited- 
diffusion  processes  according  to  V.A.  Owczarski  and  D.F.  Paulonis  [12]. 

Thereby  the  methods  which  can  be  used  to  produce  multi-sheet  parts  can 
be  subdivided  into: 

-  solid-state  diffusion  bonding  with  minimum  macroscopic  deformation 

-  liquid-phase  joining  methods 

-  high-deformation/limited-diffusion  processes. 
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Figure  7  -  Solid  state  bonding  stages  [12] 

Diffusion  bonding  in  the  solid  state  involves  the  folloving  stages 
(Fig.  7).  The  first  stage  after  initial  contacting  is  dominated  by  yield 
and  creep  deformation  during  which  the  mating-surface  contact  area  grovs  to 
a  large  fraction  of  the  joint  area.  During  the  second  and  third  stages, 
deformation  mechanisms  became  Insignificant  and  diffusional  processes  take 
over  as  the  primary  means  of  grain  boundary  rearrangement,  void  elimination 
and  final  joint  formation.  In  the  second  stage,  grain  boundary  diffusion 
predominates,  while  in  the  third  stage  volume  diffusion  is  most  important 
[12|.  Temperature  is  the  most  influential  parameter  since  it  determines  a) 
the  extent  of  contact  area  and  hence  the  extent  and  size  of  voids  to  be 
eliminated  during  stage  1  and  b)  the  rate  of  diffusion  which  governs  void 
elimination  during  the  second  and  third  stages.  Pressure  is  necessary  only 
during  the  first  stage  of  bonding  to  produce  a  large  area  of  contact  at  the 
joining  temperature. 

Surface  roughness  has  a  strong  influence  on  bonding  quality.  In 
general,  rough  initial  surfaces  adversely  affect  joining  by  impeding  the 
first  stage  and  by  producing  large  voids.  In  bonding  of  materials  with  a 
stable  oxide  layer  like  Al-alloys,  a  rough  initial  surface  can  be  bene¬ 
ficial,  because  the  higher  degree  of  deformation  in  stage  1  can  promote 
local  break  up  of  oxide  layers.  A  protective  atmosphere  is  necessary 
during  the  contacting  phase  to  prevent  the  formation  or  the  growth  of  oxide 
layers.  The  use  of  non-melting  intermediate  materials  can  be  of  signifi¬ 
cant  practical  importance  in  solid-state  bonding  of  similar  and  dissimilar 
materials,  e.g.  to  reduce  temperature  and/or  pressure  required  for  bonding 
due  to  better  contacting  by  using  soft  interlayer  materials  and/or  to 
prevent  the  formation  of  unwanted  brittle  phases. 

Liquid-phase  joining  processes  generally  use  an  interlayer  with  a 
melting  point  lower  than  that  ot  the  base  material.  The  initial  bond  is 
made  by  heating  the  assembly  to  a  temperature  at  which  the  interlayer  and 
perhaps  a  small  amount  of  the  parent  metals  being  joined  at  least  partially 
melt.  The  assembly  is  then  held  at  this  or  a  somewhat  lower  temperature  to 
raise  the  remelt  temperature  of  the  joint  by  diffusing  critical  elements 
away  from  the  joint  region. 
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Figure  8  -  Schematic  illustration  of  diffusion  brazing  (13] 

Diffusion  brazing  has  been  described  by  Ovczarski  using  Fig.  8  [13]. 

An  interlayer  or  coating  with  composition  1  is  heated  to  the  bonding  tem¬ 
perature  and  melts.  During  isothermal  annealing,  diffusion  changes  the 
j  composition  from  1  to  3  and  the  joint  solidifies.  Further  diffusion  re¬ 

sults  in  a  large  dilution  of  the  interlayer  elements  vith  minimal  effect  on 
the  parent  metal. 

A  variation  of  this  method  involves  use  of  interlayers  which  in 
themselves  will  not  melt  at  the  bonding  temperature  but  react  with  the 
material  being  joined  to  form  a  low  melting-point  eutectic.  Liquid  inter¬ 
faces  can  also  be  used  in  bonding  materials  with  stable  oxide  layers  either 
to  protect  deoxidized  surfaces  from  reoxidation  or  to  attack  the  oxide 
layer  by  a  chemical  reaction. 

High  deformation/limited  diffusion  processes,  such  as,  for  example, 
roll  bonding  and  explosive  bonding,  are  mainly  used  to  bond  materials  with 
a  stable  oxide  layer  or  dissimilar  materials  which  form  brittle  inter- 
me tallies  during  a  high- temperature  bonding  process.  High  local  deforma¬ 
tions  lead  to  a  break  up  of  the  oxide  layer  and  create  ttue  metallurgical 
bonds.  The  bond  quality  can  be  Improved  by  subsequent  heat  treatment. 

Roll  bonding  has  been  used  as  a  joining  method  for  many  years  in  the 
aerospace  industry  in  the  cladding  of  high  strength  Al-alloys  with  pure 
Aluminium  for  corrosion  protection.  A  high  bonding  quality  all  over  the 
sheets  is  mandatory  for  this  application. 

Since  about  10  years  roll  bonding  has  also  been  used  to  prepare  multi¬ 
sheet  structural  parts  [14],  In  this  case  a  selective  bonding  pattern  must 
be  realized.  Such  a  pattern  is  screened  onto  the  metal  strips  with  an  ink 
that  restricts  bonding.  Almost  any  type  of  pattern,  such  as  e.g.  dots, 

1  lines,  arcs,  etc.  can  be  applied.  When  calculating  and  applying  ink  pat¬ 

tern,  the  lengthening  of  the  sheets  mainly  in  longitudinal  direction  during 
i  roll  bonding  operation  must  be  taken  into  consideration. 

The  unbonded  areas  are  blow-formed  by  two  different  methods.  In  one 
!  case  the  pattern  ink  contains  an  agent  that  decomposes  to  a  gas  during  heat 

|  treatment.  The  gas  pressure  actually  expands  or  blisters  the  material, 

j  wherever  it  was  inked.  The  disadvantage  of  this  method  is  that  it  may  re¬ 

sult  in  an  uncontrolled  strain  rate.  Therefore  a  combination  of  roll  bon- 
i  ding  with  a  neutral  ink  and  a  subsequent  pressure/time-controlled  blow-for¬ 

ming  operation  is  preferred. 
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Various  technical  difficulties  have  to  be  considered  vhen  applying 
roll  bonding  to  produce  multi-sheet  structures. 

-  fine-grained  structures  should  not  be  destroyed  by  the  hot-rolling 
process;  coarse-grained  starting  material  should  recrystallize  to  a 
finer  grain  due  to  the  thermomechanical  treatment 

-  tolerances  of  the  core  patterns  after  the  roll  bonding  process  must  be 
calculated  and  assured  with  regard  to  the  lengthening  of  sheets  and 
simultanously  core  patterns 

-  the  bonding  line  should  not  deviate  in  the  through-  thickness  direction 
due  to  roll  bonding 

Explosive  Bonding  results  in  large  distortions  vhen  thin  sheets  are 
bonded  [IS].  Therefore  the  future  prospects  of  this  joining  technique  in 
connection  vith  Superplastic  Forming  are  rather  lov. 

Bonding  capabilities  of  different  materials 

Fig.  9  summarizes  typical  strengths  of  DB  joints  in  Titanium  and 
Aluminium  alloys.  These  are  compared  for  reference  vith  parent  material 
strengths  and  typical  rivetted  and  adhesively  bonded  joint  strengths  [16]. 


Material 
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Figure  9  -  Mechanical  properties  of  DB  joints  [16] 

T16A14V  is  especially  suitable  for  solid-state  diffusion  bonding.  Such 
a  joint  can  reach  microstructure  and  mechanical  properties  of  the  base  ma¬ 
terial.  At  temperatures  above  800°C,  Titanium  and  its  alloys  become  highly 
reactive  and  vill  absorb  their  ovn  limited  oxide  layer,  then  producing  a 
self-cleaning  action  vhich  is  compatible  vith  the  DB  process  requirements. 
The  reactivitiy  of  Titanium  at  these  temperatures  on  the  other  hand  does, 
hovever,  require  an  inert  atmosphere.  Because  of  the  self  cleaning  action 
associated  vith  Titanium  alloys,  these  materials  can  be  used  in  the  as- 
received  condition  vith  the  standard  cleaning  processes,  such  as  degreasing 
and  pickling. 

The  bonding  parameters  for  Ti-alloys  have  been  reported  in  many 
publications.  The  creep  rate,  a  determining  factor,  increases  above  850°C 
and  decreases  rapidly  at  the  8-transus.  Because  of  the  simultaneous  appli¬ 
cation  of  Diffusion  Bonding  and  Superplastic  Forming  in  manufacturing 
multi-sheet  Ti-parts,  the  process  temperature  corresponds  to  optimum  SPF 
temperature  and  is  in  the  order  of  850°C  to  930°C  for  Ti-alloys. 

Liquid-phase  joining  methods  can  significantly  reduce  the  pressures 
and  times  required  to  realize  a  bond.  The  decrease  in  bonding  strength  can 
be  balanced  by  drastic  cost  savings.  As  an  example,  Royster  et  alia 
describe  a  tvo-step  Superplastic  Forming/Veld  Brazing  process  to  produce 
Titanium  skin-stiffened  compression  panels  [17-19).  Panel  brazing  is 
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accomplished  after  Superplastic  Forming  in  a  vacuum  furnace  at  a  pressure 
of  1.33  MPa  and  a  temperature  of  677°C.  3003  aluminium  braze  alloy  was 

used.  Other  brazing  interlayers  for  Ti-alloys  with  interesting  properties 
are  AlCuAg-,  AgAIMn- ,  TiCuNi-  and  TiCuNiBe-alloys. 

Al-alloys  exhibit  a  tenacious  oxide  layer  vhich  is  insoluble  even  at 
DB  temperatures  and  which  makes  a  solid-state  diffusion  bond  as  applied  to 
steel  and  Titanium  alloys  difficult  to  achieve.  Attempts  to  overcome  this 
problem  have  either  centered  around  the  removal  of  oxide  followed  by  the 
protection  of  the  surface  by  coating  techniques  or  by  the  use  of  inter¬ 
layers  designed  to  modify  or  disrupt  the  natural  oxide  during  bonding. 
Because  solid-state  bonding  of  A17475  will  be  presented  in  detail  in  the 
following  keynote  paper  [20],  1  only  want  to  mention  two  promising  methods 
in  joining  high  strength  Al-alloys.  One  is  a  transient  liquid-phase  bon¬ 
ding  using  roll-clad  Zn  alloy  interlayers  [21].  One  of  the  posters  at  this 
conference  deals  in  detail  with  this  method  [22].  Another  method  is  the 
production  of  oxide-free  surfaces  on  Al-alloys  by  argon-ion  sputter  clean¬ 
ing  and  subsequent  coating  with  Cu  and/or  Ag.  [23].  Fig.  10  shows  micro¬ 
structures  of  Al-Li  bonded  sheets,  the  left  one  without  any  interlayer 
(plain-bonded),  the  right  one  with  a  roll-clad  Zn  interlayer. 


plain  bonding  |  40  pm  |  Zn-interlayer 

Figure  10  -  Exemplary  microstructures  of  Al-Li  bonds 

The  large  deformations  during  roll  bonding  disrupt  the  oxide  film  and 
assure  a  good  bonding  quality.  Fig.  11  shows  a  typical  two-sheet  roll 
bonded  simplified  part,  the  pattern  is  visualized  by  US  techniques.  The 
microstructures  of  roll-bonded  joints  with  different  thermomechanical 
treatments  and  resulting  different  grain  sizes  are  shown  in  Fig.  12. 


Figure  11  -  US-C-scan  of  roll  bonded  Al-Li  with  pattern 
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thermomechanical  treatment  X  thermomechanical  treatment  II 

grain  size  -50  ym  grain  size  ~20  ym 

Figure  12  -  microstructure  of  A1  7475,  roll  bonded  with  different 
thermomechanical  treatments 

Nev  research  and  development  activities  aim  at  the  application  of 
SPF/DB  processing  for  MMC  materials  [24]  and  Ti-Aluminides  [25].  These  nev 
materials  are  becoming  of  increasing  interest  for  application  in  hypersonic 
airplanes  and  transatmospheric  vehicles. 

Processing 

As  with  SPF  processing,  hot  presses  are  generally  used  for  SPF/DB 
processing.  They  have  tvo  main  tasks,  firstly  to  heat  die  and  sheet-metal 
or  sheet-metal  packages  to  forming  and/or  bonding  temperature,  and  secondly 
to  ensure  gastightness  by  pressing  together  the  tvo  halves  of  the  die.  The 
demands  in  respect  of  inert  atmosphere  are  much  higher  for  the  SPF/DB  tech¬ 
nique  in  comparison  to  simple  SPF  technology,  because  bonding  quality  is 
mainly, Influenced  by  an  oxidefree  surface. 

As  far  as  the  production  of  multi-sheet  structures  by  SPF/DB  is  con¬ 
cerned,  in  principle  tvo  variations  can  be  distinguished: 

-  Diffusion  Bonding  before  Superplastic  Forming  (DB/SPF) 

-  Superplastic  Forming  before  Diffusion  Bonding  (SPF/DB). 

All  the  other  process  variations  can  be  related  to  these  tvo  tech¬ 
niques. 

Fig-  13  shovs  exemplarily  the  DB/SPF  process  for  fabricating  a  three- 
sheet  sandvich.  The  sheets  are  bonded  in  a  package,  the  core  configuration 
is  determined  by  the  preparation  of  the  single  sheet  surfaces  vith  a  given 
stop-off  pattern  [26] . 

Bonding  and  subsequent  blov  forming  can  be  realized  in  one  step  vithin 
one  temperature  cycle  or  in  a  tvo-step  process.  Though  the  one-step  pro¬ 
cess  allovs  part  production  vithout  intermediate  disassembly  of  the  die, 
the  tvo-step  process  has  some  distinct  advantages: 
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-  Diffusion  Bonding  pressure  can  be  applied  either  by  gas  pressure  or  by 
■echanical  pressing. 

-  Diffusion  Bonding  temperature  and  Superplastic  Forming  temperature  may 
differ. 

-  Alternative  bonding  techniques  to  solid-state  bonding, such  as,  for 
example,  roll  bonding,  can  be  applied. 

-  Atmosphere  quality  can  be  adjusted  more  easily  than  e.g.  vhen  using 
steel  envelopes. 

-  Non-destructive  testing  of  DB  joints  before  blov  forming  is  possible. 

-  Several  sheet  packages  can  be  bonded  in  one  operation,  vhich  increases 
the  economy  of  the  process. 

13 


[51  pack  bonding 

14  4  4 


Figure  13  -  Schematic  illustration  of  SPF/DB  three-sheet  fabrication  [26] 


Figure  14  -  DB/SPF-T16A14V  sandwich  structure 
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Fig.  14  shovs  a  three-sheet  sandvich  structure  processed  in  the  one- 
step  procedure. 

The  opposite  process — Superplastic  Forming  before  Diffusion  Bon¬ 
ding — is  schematically  illustrated  in  Fig.  15  for  producing  a  four-sheet 
sandvich  with  cellular  stiffening  [26J.  The  two  core  sheets  are  seam- 
velded  in  a  pattern  vhich  determines  the  final  core  type.  Face  sheets  and 
core  sheets  are  diffusion-bonded  at  the  periphery  and  aftervards  blov 
formed.  Diffusion  Bonding  betveen  the  core  sheets  and  betveen  core  sheets 
and  face  sheets  occurs  after  contacting  under  high  pressure  at  SPF  tem¬ 
perature. 


[a]  cose  SHEETS 


line  sonos 


(D  PACK  BONDING 


[51  FORMING 


[51  0ONOING 


Figure  15  -  Schematic  illustration  of  DB/SPF  four-sheet  fabrication  [26] 

The  secondary  diffusion  bond  is  more  difficult  to  realize  in  com¬ 
parison  to  the  primary  diffusion  bond.  Diffusion  Bonding  pressure  can  only 
be  applied  by  gas  pressure.  Contamination  of  the  bonding  surfaces  due  to 
impurities  of  argon  gas,  by  the  enclosure  of  the  insoluable  argon  gas,  or 
by  residues  from  stop-offs  during  the  SPF  process,  may  deteriorate  bonding 
quality. 

Pressure-time  cycles  for  blov  forming  have  to  be  optimized  for  ensu¬ 
ring  a  constant  strain  rate  in  the  range  of  optimum  m-values  in  critical 
areas.  Activities  are  increasing  vhich  predict  pressure-time  cycles  by  FEM 
me. hods  [27-29 J . 


+, 
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Figure  16  -  pressure-time  relation  for  Diffusion  Bonding  of  Ti-alloys  [30] 

The  relation  between  pressure  and  time  for  solid-state  Diffusion 
Bonding  of  T16A14V  is  shown  in  Fig.  16  for  the  bonding  temperature  925°C 
and  different  conditions  concerning  atmosphere  and  stop-off  [30].  Bonding 
is  insufficient  below  the  curves,  the  presence  of  argon  instead  of  vacuum 
and  more  distinct  the  presence  of  stop-offs  require  higher  pressures  and/or 
times  to  produce  a  good  bond.  The  two  exemplary  microstructures  illustrate 
that  one  hour  and  10  bars  are  insufficient  for  a  good  bond,  while  five 
hours  and  20  bars  lead  to  an  excellent  bond  quality. 

Quality  assurance 

The  quality  and  integrity  of  SPF  or  SPF/DB  components  must  be  ensured 
and  verified.  This  is  the  key  to  converting  the  manufacturing  method  from 
a  laboratory  technique  to  a  reliable,  cost-effective  manufacturing  process. 
Quality  assurance  efforts  depend  among  others  on  the  degree  of  complexity 
of  the  component  as  well  as  on  stress  conditions  in  operation.  In  general, 
dimensional  checks,  metallographic  tests  and  destructive  examination  of 
accompanying  process  specimens  are  sufficient  for  simple  SPF  parts.  This 
should  be  preceded  by  a  type  sample  test  on  a  complete  qualification  sample 
applying  both  destructive  and  non-destructive  investigation.  Standard 
process-control  procedures  assure  consistent  component  quality. 

Naturally,  complex  SPF/DB  multi-sheet  structures  require  a  greater 
quality  assurance  effort,  above  all  because  the  quality  of  the  DB  joints 
must  be  verified  through  suitable  NDT  methods.  Developing  special  NDT 
techniques  to  check  DB  joints  has  concentrated  mainly  on  ultrasonic  test 
methods  Including  conventional  US  techniques,  US  spectroscopy  and  high- 
frequency  US  techniques  [31,  32].  According  to  these  results,  higher- 
'  frequency  focussing  probes  proved  to  be  the  most  suitable  ones.  A.F.  Evans 

et  alia  [33]  designed  a  detailed  quality  assurance  evaluation  scheme  to 
,  establish  the  structural  integrity  of  complex  critical  load-bearing  air- 

|  craft  engine  hardware  operating  at  high  temperatures.  It  involves  deter- 

i  mining  and  controlling  each  of  the  critical  processing  steps,  and  includes 

dimension  measurements,  NDT,  mechanical  tests  and  metallography. 
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In  recent  years,  Superplastic  Forming  has  become  a  recognized  manu¬ 
facturing  method.  In  conjunction  vith  Diffusion  Bonding,  it  enables 
single-  and  multi-sheet  structures  to  be  made  vith  diverse  configurations. 
The  references  to  application  examples  published  over  the  last  years  as 
veil  as  the  lectures  and  posters  at  this  conference  emphasize  the  spectrum 
of  relevant  applications. 

SPF/DB  development  of  Ti-alloys  has  proceeded  furthest.  There  are 
already  many  parts  in  production  and  application.  Future  activities  should 
concentrate  on  increasing  the  economy  of  the  process.  Decreasing  produc¬ 
tion  times  can  be  achieved  by  optimal  peripheral-equipment  design  and, 
additionally,  more  time-saving  joining  techniques  in  comparison  to  solid- 
state  bonding,  such  as  liquid-interface  bonding. 

Al-alloys  exhibit  a  tenacious  oxide  layer  vhich  makes  a  solid-  state 
diffusion  bond  difficult  to  achieve.  That  is  the  main  reason,  to  the 
author's  knovledge,  vhy  no  SPF/DB  aluminium  parts  are  in  production  as  of 
today.  Attempts  to  overcome  this  problem  have  centered  around  the  removal 
of  oxides  folloved  by  the  protection  of  the  surface  by  coating  techniques, 
by  the  use  of  interlayers  designed  to  modify  or  destroy  the  oxide,  or  by 
extensive  deformation  processes  like  roll  bonding  in  order  to  disrupt  the 
oxide  layer.  Roll-clad  Zn-layers  as  veil  as  ion  etching  of  the  surface 
folloved  by  ion  sputtering  of  protective  Cu  and  Ag  layers  seem  most 
promising. 

Bond  strength  values  of  published  A1  joints  are  far  from  base  metal 
values  but  already  exceed  the  values  of  adhesively  bonded  joints.  This 
allows  an  optimistic  estimation  of  future  prospects.  Other  bonding  tech¬ 
niques,  such  as  roll  bonding,  also  shov  promising  results  and  should  be 
further  pursued. 

MMC-materials  and  Ti-Aluminides  are  experiencing  groving  interest  due 
to  development  activities  for  hypersonic  airplanes  and  transatmospheric 
vehicles.  Research  and  development  activities  in  the  near  future  will 
therefore  concentrate  more  intensively  on  the  realization  of  SPF/DB  struc¬ 
tures  of  these  nev  materials. 
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Abstract 

In  recent  years  there  has  been  a  great  deal  of  interest  in  the  superplastic  deformation  of 
engineering  alloys.  Among  these  alloys  are  steels  containing  more  than  1%  carbon  -  -  the 
Ultrahigh  Carbon  (UHC)  steels.  The  UHC  steels  exhibit  superplastic  behavior  over  a  wide  range  of 
temperature  and  strain  rate.  Recently,  advanced  UHC  steels  containing  up  to  10%  aluminum  have 
been  developed.  These  new  steels  further  extend  the  range  of  superplastic  behavior  and  thus,  the 
UHC  steels  have  become  more  economically  attractive.  The  aluminum-containing  UHC  steels  are 
currently  being  evaluated  as  candidate  materials  for  the  Isothermal  forming  of  intricately  shaped 
machine  components.  Trial  castings  have  been  prepared  and  thermomechanically  processed  using 
conventional  hammer  forging  techniques.  The  forming  characteristics  of  the  resulting 
superplastic  material  have  been  investigated.  A  description  of  alloy  composition  and  processing 
history  is  presented  along  with  mechanical  properties  data  for  the  alloys  under  investigation.  In 
particular,  experiences  with  the  forming  characteristics  of  UHC  steel  under  conditions  of 
isothermal  superplastic  die  forging  are  presented. 

Introduction 

The  superplastic  forming  of  structural  components  offers  several  advantages  over  more 
traditional  methods  of  metal  forming  or  machining.  These  advantages  include  a  reduction  in 
energy  costs  over  forging,  conservation  of  material  with  respect  to  machining,  and  ability  to  form 
parts  of  intricate  geometry  which  would  be  difficult  or  impossible  to  fabricate  by  any  other 
means.  It  has  been  demonstrated  that  alloys  based  on  titanium,  aluminum,  and  iron  exhibit  useful 
superplastic  behavior.  The  superpiastic  forming  of  titanium-based  and  aluminum-based  alloys 
h3ve  won  commercial  acceptance.  Although  there  has  been  a  great  deal  of  research  activity 
Involving  iron-based  superpiastic  materials  -  particularly  the  ultrahigh  carbon  (UHC)  steels  - 
there  has  been  no  reported  use  of  these  materials  in  an  actual  fabricated  component.  The  purpose 
of  this  report  is  to  provide  an  example  of  an  industrial  application  of  superplastically  formed  UHC 
steel. 

The  UHC  superpiastic  steels  were  originally  developed  in  1975  by  Sherby  ef  a/(1 ,2].  The 
material  of  the  original  Invention  contained  carbon  In  excess  of  t  .0%  and  a  small  amount  of  a 
carbide  stabilizing  element  such  as  chromium.  By  extensively  hot  and  warm  working  these  steels, 
a  microstructure  consisting  of  very  fine  equiaxed  ferrite  grains  and  a  dispersion  of  spheroidized 
carbides  is  obtained.  Typical  ferrite  grain  size  is  1-2  pm.  The  spheroidized  carbides  lie  along 
grain  boundaries  and  act  to  stabilize  the  fine  grain  size  at  intermediate  temperatures.  Thus  fine 
structure  superplasticity  is  readily  obtained  for  the  UHC  steels. 

The  usefulness  of  a  superpiastic  material  can  generally  be  characterized  by  considering  the 
maximum  strain  rate  and  temperature  combination  at  which  superplasticity  is  observed.  For  the 
UHC  steels,  the  temperature  of  optimal  superpiastic  behavior  is  limited  by  the  ferrite  to  austenite 
transition  temperatue.  Above  the  transformation  temperature,  a  large  portion  of  the  carbides 
dissolve  and  grain  growth  occurs.  With  grain  growth  oomes  a  reduction  in  the  superpiastic 
capabilities  of  the  material.  Thus,  for  the  early  UHC  steels  -  the  ’plain  carbon'  UHC  steels  -  the 
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temperature  for  the  maximum  superpiastlc  strain  rate  is  in  the  range  of  720°-  730°  C.  The 
maximum  superplastic  strain  rate  is  determined  in  large  part  by  the  ferrite  grain  size.  When 
grain  boundary  sliding  is  the  dominant  deformation  mechanism,  smaller  grain  sbres  lead  to  higher 
deformation  rates.  Walser  and  Sherby  have  demonstrated  that  the  strain  rate  for  superplastic 
flow  in  UHC  steels  is  inversely  related  to  the  third  power  of  grain  size  [3].  One  technique  for 
providing  and  maintaining  a  smaller  grain  size  is  to  increase  the  volume  fraction  of  grain 
boundary  carbides.  Thus  it  has  been  shown  that  higher  carbon  contents  in  UHC  steels  lead  to  an 
increase  in  superpiastlc  strain  rate  {4].  The  innuence  of  other  alloying  additions  has  been  studied 
as  well.  For  example,  chromium  (4]  and  vanadium  [5]  have  been  srtown  to  stabilize  the  cementite 
and  act  to  prevent  graphitization.  Nickel  promotes  graphitization  in  UHC  steels  and  leads  to  poor 
ductility  [5]. 

Recent  improvements  to  UHC  steels  have  resulted  from  attempts  to  raise  the  ferrite  to 
austenite  transition  temperature  through  alloy  modification.  Such  alloy  modification  would  lead  to 
higher  forming  temperatures  and,  presumably,  lower  forming  stresses.  The  first  successful 
attempt  toward  this  goal  has  involved  the  use  of  silicon.  UHC  steels  containing  from  1%  to  4%  Si 
have  been  shown  to  raise  the  ferrite  to  austenite  transition  temperature  resulting  in  a  stable 
superplastic  microstructure  at  temperatures  as  high  as  800°  C  for  a  3%  Si  UHC  steel  [6]  and  as 
high  as  850°  C  for  a  4%  Si  steel  [7],  Such  large  silicon  additions,  while  enhancing  the 
superplastic  nature  of  the  UHC  steels,  tend  to  promote  graphitization  and  thus,  a  reduction  in 
tensile  ductility  is  observed. 

Most  recently,  It  has  been  shown  that  aluminum  additions  to  UHC  steel  have  a  marked  influence 
on  the  ferrite  to  austenite  transition  temperature  [8].  UHC  steels  containing  1 .6%  Al  have  been 
shown  to  exhibit  an  optimum  superplastic  response  at  760°  C  while  a  UHC  steel  containing  1 0% 

Al  exhibits  an  optimum  superplastic  response  at  a  temperature  of  920°  C  [9].  At  these  high 
deformation  temperatures,  superplasticity  is  observed  at  true  strain  rates  approaching  to  2  sec1 
and  flow  stresses  in  the  range  of  10  to  30  MPa.  This  remarkable  advance  greatly  increases  the 
economic  attractiveness  of  isothermal  superplastic  forming  of  UHC  steel  components. 

Alloy  Selection 

In  order  to  exploit  the  most  recent  advances  in  UHC  steel  alloy  chemistry,  two  aluminum 
containing  UHC  steels  have  been  chosen  for  investigation.  The  chemical  composition  of  these 
materials  is  shown  in  Table  I. 

Table  I 

Composition  of  UHC  Steels  in  this  Investigation  (Wt.  %) 

— C  .  -Mn _ E _ S _ Cr_  Al 

1.32  0.60  0.010  0.012  1.68  1.90 

1.11  0.48  0.011  0.002  1.45  9.30 

The  low  aluminum  UHC  steel  was  air  melted  and  air  cast  while  the  high  aluminum  steel  was 
vacuum  induction  melted  and  vacuum  cast:  both  alloys  into  25  kg  ingots.  Sherby  at  al  have 
determined  that  the  ferrite  to  austenite  transition  for  the  aluminum  containing  UHC  steels  occurs 
over  a  range  of  temperatures  in  which  three  phases  -  cementite,  austenite,  and  ferrite  -  are 
present  [9].  Dilatometric  analysis  for  the  alloys  of  the  present  investigation  indicates  that  the 
ferrite  to  austenite  transition  occurs  over  the  temperature  range  of  650°  to  810°  C  for  the  low 
aluminum  steel  and  occurs  over  the  temperature  range  of  690°  to  915°  C  for  the  high  aluminum 
steel.  A  knowledge  of  these  transformation  temperatures  Is  essential  in  determining  the  proper 
thermomechanical  processing  procedure  which  is  described  below. 

Processing 

In  order  to  produce  the  desired  fine  grained  superplastic  microstructure  for  UHC  steels,  a 
two-stage  Ihermomechanical  processing  procedure  is  oommonly  utilized  [1 0,1 1].  For  the  first 
stage,  the  as-cast  material  is  heated  to  a  high  enough  temperature  for  dissolution  of  substantial.  .< 
all  of  the  cementite  and  for  chemical  homogenization  of  the  coarse  cast  microstructure.  For  the 
low  aluminum  UHC  steel,  a  temperature  of  1 1 20°  C  was  found  to  be  sufficient  while  for  the  high 
aluminum  material  a  temperature  of  1220°  C  was  used.  The  120  mm  diameter  castings  were  held 
at  the  elevated  temperature  for  a  period  of  6  to  8  hours  and  then  hot  and  warm  worked  (HWW) 
while  cooling  to  a  temperature  below  the  upper  austenite  to  ferrite  transition  temperature.  This 
first  stage  of  processing  resulted  In  a  blllett  of  60  mm  square  cross  section  having  a  micro¬ 
structure  of  fine  pearihe  colonies  (20  to  30  pm  diameter)  and  a  dispersion  of  proeutectoid 
cementite. 
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The  second  stage  of  thermomechanical  processing  was  designed  to  spheroidize  the  peartitic 
microstructure  and  at  the  same  time  produce  a  semifinished  section  of  geometry  suitable  for 
subsequent  isothermal  forming.  A  variety  of  techniques  are  available  for  achieving  this  goal 
Including  a  Divorced  Eutectoid  Treatment  (DET),  a  Divorced  Eutectold  Treatment  with  Associated 
Deformation  (DETWAD),  and  Isothermal  Warm  Working  (IWW)  at  temperatures  below  the 
ferrite  to  austenite  transus  [10,1 1].  In  a  commercial  forging  operation,  it  is  common  practice  to 
reheat  a  workpiece  intermittently  during  the  forging  process.  Such  intermittent  reheating  is  not 
compatible  with  DET  and  DETWAD  processing  because  these  methods  are  commonly  practiced  as  a 
single  thermal  or  thermomechanical  step.  Therefore,  IWW  by  hammer  forging  and  ring  rolling 
was  chosen  as  the  most  practical  method  for  obtaining  the  desired  fine-grained  microstructure. 

The  second  stage  of  processing  for  the  materials  of  this  investigation  consisted  of  heating  the  60 
mm  by  60  mm  billett  to  a  temperature  below  the  upper  ferrite  to  austenite  transus  (780°  C  for 
the  low  aluminum  alloy  and  860°  C  for  the  high  aluminum  alloy),  upsetting  to  a  disk  of  30  mm 
height  and  120  mm  diameter,  piercing  the  center  of  the  disk,  and  final  processing  on  a  ring 
rolling  machine  to  final  dimensions  of  1 35  mm  inner  diameter,  1 90  mm  outer  diameter,  and  a 
height  of  26  mm.  The  material  was  reheated  periodically  whenever  the  temperature  fell  to  50°  C 
below  the  aim  processing  temperature.  The  resulting  microstructure  of  the  forged  ring  is  shown 
in  Figure  1  for  the  case  of  the  low  aluminum  UHC  steel.  A  ferrite  grain  size  of  1  -2  pm  is  obtained 
with  a  dispersion  of  spheroidized  carbides.  This  is  the  desired  superpiastic  microstructure.  For 
the  high  aluminum  UHC  steel,  a  similar  microstructure  was  obtained  (Figure  2)  except  that  the 
grain  size  was  slightly  larger  -  3  to  4  pm.  It  is  desirable  to  have  a  finer  grain  size  for  the  high 
aluminum  UHC  steel  and  processing  modifications  are  currently  under  investigation  to  produce  a 
grain  size  in  the  1  -2  pm  range  for  this  material. 

Superpiastic  Properties 

The  elevated  temperature  mechanical  behavior  of  the  as-forged  steels  was  determined  in 
tension  on  cylindrical  specimens  having  a  gauge  length  of  30  mm  and  a  diameter  of  4  mm. 

Elevated  temperature  strain-rate  change  tests  were  performed  in  air  to  obtain  information  on  the 
relationship  between  flow  stress  and  strain  rate.  The  strain-rate  change  tests  were  performed  in 
accordance  with  previously  described  procedures  [12].  Walser  and  Sherby  have  shown  that  grain 
growth  occurs  during  the  superpiastic  deformation  of  UHC  steels  [3].  Excessive  structural 
change,  such  as  grain  growth,  during  the  course  of  the  strain-rate  change  test  could  lead  to  errors 
in  interpretation  of  the  experimental  data  [13].  In  order  to  determine  the  influence  of  grain 
growth  during  testing  for  the  UHC  steels  of  the  present  investigation,  some  strain  rates  were 
applied  twice  to  a  specimen  during  the  time  of  testing.  Ideally,  for  the  case  of  constant 
microstructure,  all  data  should  lie  along  the  same  line  when  true  strain  rate  is  plotted  as  a 
function  of  true  flow  stress.  The  results  of  the  elevated  temperature  tests  are  shown  in  Figure  1 
for  the  low  aluminum  UHC  steel  and  in  Figure  2  for  the  high  aluminum  material.  The  minimum 
amount  of  scatter  in  the  data  of  Figures  1  and  2  indicates  that,  while  some  grain  growth  did  indeed 
occur  during  testing,  the  deviation  is  small  when  compared  to  the  magnitude  of  the  quantities  being 
measured. 

The  low  aluminum  UHC  steel  (Figure  1)  exhibits  a  stress  exponent  of  n«2.3,  indicative  of 
superpiastic  behavior,  at  true  strain  rates  up  to  and  above  above  10'3  sec'1.  The  optimum 
strain  rate  for  superpiastic  flow  was  obtained  at  a  temperature  of  780°  C.  When  tested  at 
temperatures  in  excess  of  780°  C,  the  superpiastic  behavior  of  the  material  degrades  somewhat 
(data  not  shown).  The  high  aluminum  steel  (Fig.  2)  exhibits  an  unusually  low  stress  exponent  for 
UHC  steels  of  n-1 .35.  The  steel  exhibits  optimum  superpiastic  behavior  at  900°  C  for  the 
temperature  range  investigated.  The  results  shown  in  Figure  2  are  in  close  agreement  with  those 
reported  by  Fukuyo  for  a  high  aluminum  steel  of  similar  composition  [7]. 

To  further  emphasize  the  comparative  advantage  of  the  aluminum  containing  UHC  steels,  a  plot 
comparing  the  optimum  superpiastic  behavior  of  a  number  of  UHC  steels  is  presented  as  Figure  3. 
Shown  are  data  from  a  ’plain  carbon’  UHC  steel  [4],  UHC  Steel  with  3%  SI  [6],  and  the  aluminum 
containing  steels  of  the  present  investigation.  It  is  clear  from  Figure  3  that  the  high 
aluminum-containing  UHC  steel  offers  the  best  combination  of  low  forming  stresses  and  high 
forming  rates  observed  thus  far. 

Ambient  Temperature  Mechanical  Properties 

The  room  temperature  mechanical  behavior  of  the  as-forged  steels  from  this  investigation  are 
presented  In  Table  II.  The  steels  exhibit  high  strength  but  moderate  to  low  ductility.  The  design 
requirements  for  the  machine  component  under  consideration  call  for  wear  resistance  under 
conditions  of  light  compressive  loading.  Thus  the  low  tensile  ductility  of  these  materials  is  not 
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regarded  as  a  limiting  design  factor  at  this  time. 

Table  II 

Room  Temperature  Mechanical  Properties  of  UHC  Steels  Containing  Aluminum 

Steel  Yield  Strength  Ultimate  Tensile  Strength _ Failure  Elongation 

1 .9%  A!  788  MPa  896  MPa  14.3% 

9.3%  Al  786  1050  4.4% 

Superplastic  Forming  of  Machine  Component 

In  order  to  determine  the  engineering  feasibility  of  utilizing  isothermal  superplastic  forming 
on  a  production  basis,  a  machine  component  having  a  curved  geometry  with  many  details  was 
selected  for  evaluation.  An  isothermal  forging  press  with  a  capacity  of  8000  kN  has  been 
installed  at  Sulzer.  Forming  dies  have  been  constructed  of  a  Ni-based  superalloy  and  heat  is 
applied  to  the  dies  by  means  of  an  induction  coil.  Initial  forming  trials  have  been  conducted  on  a 
segment  of  the  machine  component  using  the  low  aluminum  UHC  steel.  The  result  of  one  such  trial 
is  shown  in  Figure  4.  The  pari  shown  was  formed  in  4  minutes  at  760°  C  requiring  a  maximum 
load  of  500  Newtons.  The  complex  details  of  this  component  (Figure  4)  clearly  make 
superplastic  forming  an  attractive  alternative  to  competetive  processing  technologies  such  as 
machining  or  casting. 

Based  on  this  encouraging  trial,  a  die  is  currently  being  fabricated  for  the  pilot  production  of 
the  complete  component  design.  Also,  the  forming  characteristics  of  the  high  aluminum  UHC  steel 
are  being  evaluated.  The  high  aluminum  material  can  be  superplastically  formed  at  stresses  on 
the  order  of  10  MPa  (Figure  2)  and  thus  offers  advantages  over  the  low  aluminum  material  in 
terms  of  die  wear.  Additional  work  is  also  being  conducted  to  establish  a  commercial  supplier  of 
UHC  steels. 

Conclusions 

Ultrahigh  Carbon  (UHC)  steels  have  undergone  a  period  of  maturation  since  the  material  was 
initially  invented  in  1975.  Recent  alloy  modifications  based  upon  the  addition  of  aluminum  have 
improved  the  material  to  the  point  where  isothermal  superplastic  forming  is  now  a  viable 
manufacturing  alternative.  Investigations  conducted  at  Sulzer  indicate  that  it  is  leasable  from  an 
engineering  standpoint  to  cast  and  forge  aluminum-containing  UHC  steels  to  an  appropriate 
preform  shape  having  the  desired  superplastic  properties.  Further,  initial  forming  trials  have 
been  conducted  and  the  results  are  satisfactory  enough  to  warrant  a  scaling  up  of  the  manufacture 
of  a  complex  machine  component. 
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Abstract 

Although  diffusion  bonding  of  metals  has  found  successful  applications 
in  some  fields,  there  is  no  comprehensive  theory  which  accuratelly  describes 
the  mechanisms  and  the  relative  dynamics  which  operates  when  the  surfaces  to 
be  joined  are  brought  together  under  an  applied  pressure  at  an  elevated 
temperature  now.  In  this  paper,  a  dynamic  model  for  diffusion  bonding  of 
metals  is  represented,  the  aim  of  which  is  to  give  the  relationship  between 
the  joint  strength  and  the  material  parameters  and  the  process 
variables, therefore  to  be  able  to  chose  process  variables  reasonably.  The 
approach  adopted  bears  some  similarity  with  that  used  when  modelling  the 
recrystal ization  of  deformed  metals. 

Introduction 

Diffusion  bonding  of  metals  is  a  solid  joining  process  which  has  been 
increasingly  employed  in  the  past  few  years  in  aerospace, nuclear,  and  other 
appl ications . In  this  technique  two  surfaces  are  brought  into  close  contact 
at  elevated  temperature  in  vaccum  and  with  pressure  applied  normal  to  the 
bond  line,  and  allowed  to  join  together.  The  temperature  is  usually  in  the 
region  of  0.5-0.8Tm,  where  Tm  is  the  absolute  melting  point  of  the  metal 
being  joined.  The  pressure  must  be  sufficiently  low  so  that  no  large  scale 
deformation  of  the  parts  to  joined  occurs.  If  the  process  is  conducted 
properly, a  joint  having  properties  and  metallurgical  structures 
indistinguishable  from  those  of  the  base  metal  is  produced.  In  this  paper,  a 
dynamic  model  is  described  to  understand  how  the  rate  control  1 ing  mechanism 
governing  the  realization  of  the  metallurgical  bond  between  the  two  surfaces 
is  affected  both  by  the  process  variables(t,T,p)  and  by  the  material 
parameters  of  the  metal  being  joined  when  diffusion  bonding  similar 
metals .predict  the  extent  of  the  bonding  at  given  bonding  temperature, 
pressure,  and  time. 

Dr .C.H.Hami lton( 1 )  represented  diffusion  bonding  as  the  following  four 
stages:  ( 1 ) development  of  intimate  physical  contact, (2)formation  of  the 
metallic  bond , (3)interdif fusion , and  (4)recrystal ization  and/or  grain  growth 
across  the  interface .Limitations  of  the  earlier  researchs(2,3) 
are, first, only  the  stages  (1)  was  considered  and  ana  I yzed , second , the 
mechanisms  proposed  were  based  on  the  behaviour  of  indivadual  atom, but  that 
of  mass  atoms. In  the  present  work.it  is  the  other  stages  but  (1)  that  are 
investigated  based  on  the  behaviour  of  the  mass  atoms  in  the  zone  near  to 
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the  bonding  interface, supposing  that  the  physical  contact  has  been  obtained 
and  that  the  surfaces  being  joined  are  clear. 


Dynamic  model 

Solids  are  system  formed  by  atoms  bond  with  internetal lie  force. This 
determines  the  basic  condition  of  achieving  metallurgical  joint  in  diffusion 
bonding  of  metals, i .e. .formation  of  metallic  bond  all  over  the  bonding 
interface. However  this  kind  of  joint  can  not  be  found  in  real  crystal 
metals, because  it  is  neither  mechanical  equilibrium  state  nor  thermodynamic 
equi librium. In  fact, the  extent  of  bonding  depends  on  the  degree  of 
occupation  of  the  interface  by  grains  across  the  interface, which  is  a 
process  same  as  that  of  the  recrystal ization  of  deformed  metals. 

The  idea  to  establish  the  model  is  like  this  :  micro-plastic  deformation 
of  asperities  of  surfaces  being  joined  produces  a  number  of  activation 
centers  which  distribute  randomly  on  the  interface.  The  chemical  reaction 
forming  metallic  bond  will  occur  at  the  activation  center. As  the  reaction 
can  only  release  the  distortion  energy  of  atoms  at  surface,  the  grain 
boundary  formed  is  unstable.  These  boundary  may  migrate  under  the  effect  of 
the  chemical  potential,  and  the  grains  across  the  bonding  interface  would  be 
formed.  These  randomly  distributed  small  joined  region  are  called  bond 
nuclei  (abbreviated  as  bonu).  During  diffusion  bonding,  bonu  formed  grow  and 
new  bonu  form  continuously  until  the  entire  bonding  interface  is  occupied  by 
the  grains. 

Consider  the  micro-plastic  deformed  zone  near  to  the  interface  being 
joined  at  a  isothermal  temperature  T  and  with  a  pressure  p.  After  a  time  a 
small  joint,  i.e.  a  bonu  nucleates  at  a  point  of  the  interface  and  begins  to 
grow.  Frequently,  this  bonu  will  increase  in  size  until  it  impringes  upon  a 
neighboring  bonu.  Suppose  the  cross  section  of  bonu  with  the  bonding 
interface  is  circle  with  a  radius  of  R.  We  may  take  R  as: 

R  =  /  1  G  dt  (i) 

at  a  time  t  (t>  ) .Where  G=G(t)  is  the  growth  rate  of  the  bonu  along  the 
bonding  interface  defined  as  dR/dt.  Define  a  nucleation  rate  : 

number  of  bonu  formed/unit  time 

- 

area  not  yet  bonded 

Between  time  t  and  t+dt ,  each  bonu  grows  along  the  bonding  interface  by 
ds-  n  (  /g(  t)dt?dt,  where  s  is  the  bonded  area  and  the  bonded  area 


fraction  x  increases  by  growth  into  that  not  yet  bonded  (1-x)  by: 


dx  -  n  (  /  1  (^t)dl)2  fldt(l-x) 

(2) 

i  .e. 

-In  (i-x)=  ji  (  J*  C  ;t1  G(t)dt)2  Sdt) 

(3) 

or 

x=  1-exp  (-ji  /  *  (  /Tl  G(t)dt)2  #dt) 

(4) 

This 

is  the  dynamic  equation  of  diffusion  bonding  of  similar 

metals, 

G.fll 

are  constant,  is  neglected, 

n  2  3 

x=  l-exp(-  — —  N  G  t  ) 

(5) 
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Let  X  —  a  /  o  have 

ab  b 

0db~  ab  (1~exP( - y~  NO2  t3  ))  <6) 

where  °  db  ,  ab  are  the  bonding  strength  of  Joint  and  the  strength  of  the 
base  metal  respectively. 


Nucleation 


It  is  considered  that  bonu  nucleate  by  the  mechanisms  similar  to  those 
of  the  recrystalization.  As  this  occurs  under  dynamic  state,  the  rate  of 
nucleation  ft,  could  be  considered  constant  with  time.  Dependence  of  ft  on  the 
temperature  follows  the  Arrhenius  equation 

*  =  *0  e  x  P  <-  Qn/  RT)  (7) 

where  On  is  nucleation  activation  energy,  Qn-Qgb,  Qgb  is  the  grain  Doundary 
self-diffusion  activation  energy  .  Thus 

=  exp  (-Qgb/RT)  (8) 


Factor  N  associates  with  the  number  of  activation  centers  at  the  bonding 
interface. What  is  the  activation  center  in  topochemical  reaction  between 
metals  in  solid  state?  An  earlier  investigation^)  proved  the  activation 
center  to  be  a  dislocation  with  a  field  of  elastic  distortions.  Let  A  be  the 
frequency  of  emergence  of  dislocations  into  the  bonding  interface.  We  can 
determine  with  the  help  of  kinetics  of  dislocations  as  this: 


L  b 

where  e  is  the  rate  of  creep  of  the  bonding  zone.  L  is  the  distance  moved  by 
dislocation  and  b  is  the  Burgus  vector.  For  the  stage  of  steady  creep,  the 
creep  rate  can  be  written  as: 


k  -  A'pnexp  (-AH/RT) 


(10) 


Thus 


A  =  2A’pnexp  (-&H/RT)  /  Lb 


(11) 


Where  A  '.and  n  are  constant,  a  is  effective  stress  of  creep, p  is  the  bonding 
pressure, AH  is  the  creep  activation  energy. If  ft* is  proportional  to  A  ,we  can 
write: 


N0=Apnexp  (-AH/RT)  /  Lb 


(12) 


and  so  we  get: 

N  =  Apnexp  (  -  (AH+Qgb)  /  RT)  /  Lb  (13) 

Where  A  is  a  constant  associated  with  materials. 


Growth  of  bonu 

The  growth  to  be  discussed  here  will  be  different  from  that  of  the 
classical  recrystal ization .As  the  growth  of  bonu  is  very  complicated.it  is 
impossible  to  give  a  detailed  physical  picture  within  so  small  a  space. Only 
some  ideas  are  given  below. 

The  growth  of  bonu  is  the  process  that  the  junction  if  the  bonu  and  the 
bonding  interface  moves  outward  to  consume  the  area  not  yet  bonded.  This 
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process  may  be  developed  by  two  mechanisms.  First, migration  of  the  grain 
boundary  drived  by  stored  energy,  elastic  strain, and  interface  curvature  may 
cause  the  junction  to  move.  Second  ,  diffusion  of  atoms  in  following  three 
ways  may  cause  the  junction  to  move: 

(X)  diffusion  from  volume  of  bonu  to  the  junction  . 

(2)  diffusion  along  grain  boundary  to  the  junction. 

(3)  diffusion  along  the  bondiung  interface  to  the  junction. 

Conclusions 

In  the  model ,  the  dynamic  process  of  the  diffusion  bonding  after 
attainment  of  the  physical  contact  is  considered  to  be'. 

(1)  topochemical  reaction  forming  metallic  bond  occurs  at  activation 
center  which  is  a  dislocation  with  a  field  of  elastic  distortions. 

(2)  bonu,  small  local  bonded  regions,  are  formed  in  situ. 

(3)  the  bonu  formed  grow  and  new  bonu  form  continously  until  entire 
bonding  interface  is  occupied  by  the  by  the.  grains  across  the  interface. 

It  is  shown  in  the  model  that  the  strength  of  the  joint  depends  on  the 
process  variables  and  material  parameters  in  the  different  degree. 
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Abstract 

It  has  been  said  that  the  dominant  mechanism  in  the  early  process  of 
the  solid  state  bonding  is  deformation  in  the  vicinity  of  bonding 
interface.  The  purpose  of  this  study  is  to  make  clear  the  effects  of 
transformation  superplasticity  on  this  process.  The  specimens  of  pure  iron 
were  bonded  to  micro-V-grooved  tools  (30,60,90  deg  in  V-groove  angle  and  1 
mm  in  depth)  under  temperature  cycles  including  A3  transformation 
temperature  or  at  a  high  constant  temperature.  In  the  course  of  the 
study,  the  accomodation  process  at  the  bonding  interface  due  to  semi- 
macroscopic  deformation  was  simulated  with  the  inflow  process  of  specimen 
into  the  micro-V-gr oove.  After  bonding,  the  cross  section  of  the 
specimen  was  observed  with  an  optical  microscope  and  the  percentage  of 
filled  area  Ry  was  measured.  The  increase  in  Rf  is  associated  with 
proceeding  of  transformation  superplasticity,  depending  on  the  factors  of 
superplasticity  (maximum  temperature,  repeated  number  of  temperature 
cycles,  compressive  load)  and  results  in  the  promotion  of  the  decrease  in 
bonding  time.  The  effective  ratio  n=R  f /Rp,  ( Rf, :  reduct  ion  in  height  of 
specimen)  in  the  superplastic  bonding  is  larger  than  that  under 
isothermal  condition. 

For  the  semi-macroscopic  strain  analyses  of  the  deformation  in  the 
vicinity  of  V- groove,  grid  analyses  were  carried  out  at  50  um  intervals. 
As  a  result,  the  transformation  superplastic  deformation  mode  under 
compression  is  found  to  be  incompressible  and  homogeneous,  and  is 
different  from  that  of  both  creep  and  plastic  deformation  at  a  room 
temperature.  Furthermore,  in  the  vicinity  of  inflow  area  of  specimen  into 
micro-V-groove,  e!.c  distribution  of  direction  angle  of  principal  strains 
(which  were  measured  at  50  pm  intervals)  reveals  good  agreement  with  that 
of  principal  stresses  calculated  on  the  basis  of  continuum  mechanics. 
These  results  suggest  that  transformation  superplastic  deformation 
propagates  intimately  corresponding  to  the  stress  gradient  at  the  bonding 
interfaces  and  results  in  the  promotion  of  the  accomodation  process. 
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Introduction 


The  effect  of  transformation  superplasticity  on  the  initial 
accomodation  at  the  bonding  interface  has  been  reported  by  Ohashi(l)  et. 
al..  They  have  pointed  out  the  effect  is  due  to  a  great  ductility  of 
superplasticity.  However,  the  characteristics  of  semi-macroscopic 
deformation  (in  other  words;  deformation  in  polycrystalline  system)  under 
stress  gradient  in  the  vicinity  of  rough  surface  has  not  been  studied  for 
transformation  superplasticity  or  creep.  Hence,  in  this  study,  from  this 
point  of  view,  the  semi-macroscopic  deformation  at  the  bonding  interface 
is  simulated  by  the  deformation  of  a  specimen  which  flows  into  the  micro- 
V-grooved  tool  under  compression. 

Experimental  Procedures 

A  schematic  diagram  of  the  apparatus  is  shown  in  Fig. 1.(2)  The 
chemical  analysis  appears  in  Table  1.  The  specimen  shown  in  Fig.2(a,b) 
and  the  micro-V-grooved  tool(Fig.2(c) )  were  heated  to  a  given  temperature 
by  induction  heating  and  were  cooled  with  a  regurated  spurt  of  air  or 
argon  gas.  During  the  cycle,  the  temperature,  displacement  and  compressive 
load  of  a  specimen  were  continuously  recorded.  After  the  test  the 
reduction  in  height  were  measured  and  the  cross  section  of  the  specimen 
was  observed  with  an  optical  microscope  and  the  percentage  of  filled  area 
Rf  of  specimen  into  the  V-groove  was  measured  by  picture  processing  as 
shown  in  Fig. 3.  On  the  other  hand,  micro-grid  analysis  in  the  vicinity  of 
the  V-groove  was  carried  out  on  a  specimen  shown  in  Fig.2(b).  A  typical 
time-temperature,  -compressive  strain,  and  -load  curve  are  shown  in  Fig. 4. 


High  frequency 

1 

[Temperature  1 

■ 

Air  cylinder 

Differential  [  ' 
transformer  |  prn 

OitolacT^ui 
Fig.l  Schematic  diagram  of  test 
apparatus 


*  7 


(a) 

Fig. 2  Configulations  of  (a,b) 
specimens  and  (c)V-grooved  tool 


Table  1  Chemical  composition  (wt.%) 


C 

Si 

Mn 

P 

s 

Pur»  iron 

0.012 

0.21 

0.07 

0.009 

0.012 

Reduction  in  height 

Rh"->*h.h  ,0°  PW 


h« :  height  of  specimen 

before  d*  for  mat  ion 
h  :  height  of  specimen 
after  deformation 


Specimen 


Percentage  of  fitted  area 


R|  •  — r—  100  CM 

Ag 

Af  •  fitted  area  (m* ) 
Ag  :  groove  area  [  m*) 


Fig. 3  Used  nomenclature 


temperature •  -load,  and  -strain 
under  compression  in  pure  iron 
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Percentage  of  filled  area  Rf /*/. 


Fig. 6  Effect  of  applied  stress  o 
on  Rf  and  Rf,. 


Results 


(1)  Effect  of  superplastic  factors  on  Rf  and  Rf,. 

The  couples  of  the  specimen  and  the  tool  were  heated  up  to  various 
maximum  temperatures  Tmax  at  a  heating  rate  of  50  K/s  and  were  cooled 
under  a  initial  stress  of  19.6  MPa.  After  the  cycle,  the  reduction  in 
height  Rf,  and  the  percentage  of  filled  area  Rf  were  measured  and  the 
results  are  shown  in  Fig. 5.  The  inflow  of  the  specimen  is  found  to  be 
caused  above  about  1100  K  and  the  value  of  Rf  and  Rf,  increases 
cosiderably  at  about  1180  K  ,  that  is  the  temperature  of  A3  transformation 
start  point  (AC3S).  This  fact  indicates  the  acceleration  of  the 
accomodation  due  to  transformation  superplasticity . 

The  similar  experiments  were  carried  out  under  various  initial 
stresses  Of  up  to  40  MPa.  Fig. 6  shows  the  effect  of  Of  on  Rf,  and  Rf.  In 
the  lower  stress  range  ,  Rf  increases  with  an  increase  of  Of  up  to  the 
proportional  limit  of  20  MPa. 

To  determine  the  effect  of  cycle  numbers,  specimens  were  subjected  to 
repeated  cycles  under  a  stress  of  19.6  MPa.  In  each  cycle,  maximum 
temperature  Tmax  was  1470  K  and  minimum  temperature  Tmin  was  970  K,  and 
the  time  required  was  48  s/cycle.  The  result  is  shown  in  Fig. 7.  On  the 
other  hand,  similar  tests  were  carried  out  at  a  constant  temperature  of 
1470  K  for  the  equivalent  time  with  that  required  in  the  case  of  the 
cycles  shown  above.  Fig. 7  indicates  that  the  much  amount  of  economy  of 
time  for  the  mechanical  accomodation  at  bonding  interfaces  can  be  enabled 
by  transformation  superplastic  cycles. 

(2) Effective  ratio  n=Rf/Rh  1°  various  deformations 

Fig. 9  shows  Rf  replotted  from  Fig. 8  on  the  basis  of  Rf,  under 
transformation  superplastic  cycle,  creep  and  plastic  deformation  at  a  room 
temperature.  The  gradient  of  each  line  means  the  effective  ratio  n=Rf/Rf, 
and  indicates  the  characteristics  of  semi-macroscopic  fluidity  against 
macroscopic  ductility  and  also  semi-macroscopic  precision  formability. 
The  highest  value  in  n  is  found  in  the  case  of  transformation  superplastic 
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Percentage  of  filled  area  R (/•/. 


'".V> 


Fig. 7  Inf lowed  area  of  specimens 
after  superplastic  cycles  of  (a) 5 
(b)10  and  after  (c)creep  defor¬ 
mation  for  480  s  at  1470  K ,  (d) 
plastic  deformation  at  room  tempera¬ 
ture  under  a  true  stress  of  5 10  MPa. 


2  4  6  8 

Number  of  cycle 


<10* 


0  12  3  4 

Time  t  /  s 

Fig. 8  Increases  of  Rf  by  repeated 
cycles  of  transformation  super- 
plasticity  and  by  holding  time  of 
creep  deformation  at  1470  K 
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A  at  room  temperature,  aw*. 

/  s' 

o/  o/  cs 

0  10  20  30  40  50 

Reduction  in  height  Rh  /  V. 

Fig. 9  Comparison  of  Rf  on  the  basis 
of  /?/,  under  various  conditions  of 
(a) super plastic  cycles,  (b)creep  and 
(c)plastic  deformation 


cycle  and  Rf  will  become  to  be  100  %  with  the  further  increase  in  number 
of  cycles  or  the  macroscopic  deformation.  On  the  other  hand,  in  a  plastic 
deformation  or  creep  deformation,  further  great  more  amount  of  time  or 
macroscopic  deformation  may  be  required. 

(3)Strain  analysis  in  the  vicinity  of  V-groove  under  stress  gradiation 

In  the  previous  section,  transformation  superplastic  deformation  has 
been  characterized  by  a  good  formability  in  semi-macroscopic  scale.  Hence, 
g-id  analyses(3)  were  carried  out  from  this  point  of  view  under  a 
compressive  load.  For  the  first  time,  an  analysis  of  flow  paths  of  grid 
points  was  carried  out  and  the  value  of  'n'  is  found  to  be  2.0  for 
transformation  superplastic  deformation  in  Fig. 10.  This  fact  means  the 
deformation  is  incompressible  and  homogeneous,  and  is  different  from  creep 
or  plastic  deformation.  The  semi-macroscopic  deformation  in  the  vicinity 
of  micro-V-groove  is  observed  in  Fig. 11  and  the  results  of  the  stress  and 
strain  analyses  are  shown  in  Fig. 12.  From  the  figures,  the  distribution  of 
direction  angle  of  principal  strains  (which  were  measured  at  50  um 
intervals)  reveals  good  agreement  with  that  of  principal  stresses 
calculated  on  the  basis  of  continuum  mechanics.  In  a  plastic  deformation, 
as  shown  in  Figs. 12(b)  and  12(d),  both  direction  angles  can  not  always 
agree  in  the  polycrystalline  system  by  the  characteritic  factors  such  as 
schmid  factor.  Theses  results  for  transformation  superplasticity  may  be 
due  to  the  behaviour  of  transformation  interface  as  a  deformation 
mechanism(3)  under  stress  gradiation  in  polycrystalline  system. 
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Instantaneous  distance  X/mm 
Fig. 10  Flow  paths  of  grid  points 
during  superplastic  deformation 
under  a  compressive  stress  of  19.8 
MPa.  'n'  is  found  to  be  2.0  in 
the  equation  Xn‘ Y=const , 


Fig. 11  Grid  analysis  of  superplastic 
deformation  in  the  vicinity  of  V- 
groove  under  the  stress  ay  of  19.8 
MPa.  Grid  is  20  lines/mm  in  dencity 


Load 


Specimen 


tool 


Area  of 
stress  and 
strain  analyses 


(a) 

Fig. 12  Stress  and  strain  analyses  in  the  vicinity  of  V-groove. 
(a)problem  definition,  location  of  analysis.  Distributions  of  principal 
strains  in  (b)plastic  deformation  (c)superplastic  deformation,  and  of 
(d)principal  stresses  by  FEM  analysis  in  the  vicinity  of  V-groove. 


Conclusion 


(1) The  inflow  into  micro-V-groove  was  caused  depending  on  the  factors  of 
transformation  superplasticity.  The  effective  ratio  ry =R  f  /  R  h  f°r 
transformation  superplasticity  is  larger  than  that  under  isothermal 
condition  and  may  result  in  an  acceleration  of  semi -macroscopic 
deformation  at  bonding  interfaces. 

(2) From  semi-macroscopic  strain  analyses,  the  deformation  propagates 
intimately  corresponding  to  the  stress  gradiation  such  as  that  in  the 
vicinity  of  rough  surface  and  results  in  a  promotion  of  the  accomodation 
process. 
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Abstract 


The  diffusion  bonding  (DB)  of  7475  aluminum  alloy  sheet  has  been  evaluated  by  determin¬ 
ing  the  effect  of  bonding  temperature,  pressure,  and  time  on  bond  mechanical  properties 
and  bond  interface  characteristics.  High  strength  bonds  with  grain  boundary-like  interfaces 
have  been  produced  by  bonding  7475  alloy  at  the  superplastic  forming  temperature  (516°C) 
using  very  low  pressures  (S100  psia)  without  diffusion  aids  ot  intermediate  materials.  The 
tensile-shear  strength  and  cyclic-shear  behavior  of  7475-T6  diffusion  bonds  were  comparable 
to  that  of  7475  base  metal.  Also,  it  has  been  shown  that  it  is  possible  to  integrate  low- 
pressure  diffusion  bonding  technology  with  superplastic  forming  (SPF)  for  7475  aluminum. 
SPF/DB  two-sheet,  Z-stiffened  compression  panels  were  fabricated  and  had  superior  buckling 
resistance  compared  with  riveted  built-up  panels. 
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Introduction 


The  diffusion  bonding  of  similar  material  combinations  is  particularly  attractive  as  a  means 
to  fabricate  built-up  structures  of  sheet  metal  or  plate  materials  because  machined  parts  could  be 
joined  over  large  areas  with  minimal  distortion,  while  reducing  machining  operations,  fastener 
problems,  and  material  waste.  The  combined  use  of  superplastic  forming  and  diffusion  bonding 
(SPF/DB)  offers  the  potential  to  manufacture  lighter  and  cheaper  aircraft  structures  than  those 
made  by  conventional  means.  Experience  with  titanium  has  shown  that  diffusion  bonding  in 
conjunction  with  SPF  greatly  increases  manufacturing  flexibility,  thus  allowing  consideration  of 
unique  integral  structures  that  would  not  be  otherwise  possible  (1-3). 

The  use  of  diffusion  bonding  in  conjunction  with  superplastic  forming  to  produce  integral 
near-net  shapes  of  aluminum  alloys  has  been  severely  impeded  until  now  because  of  aluminum’s 
stable  surface  oxide,  which  provides  a  tenacious  barrier  against  metal-to-metal  contact  (4-6). 
Bonding  techniques  that  rely  upon  high  pressure  and  extensive  deformation  to  fragment  surface 
oxide  films  are  not  compatible  with  the  pressure  limitations  imposed  by  SPF  technology.  Therefore, 
a  simple  and  cost-effective  diffusion  bonding  technique  capable  of  producinghigh-  quality  structural 
joints  in  a  manner  compatible  with  SPF  technology  could  significantly  advance  the  use  of  aluminum 
structures. 

This  paper  describes  work  to  evaluate  the  diffusion  bonding  of  7475  aluminum  alloy  sheet. 
The  results  of  experiments  to  determine  the  effects  of  bonding  pressure  and  time  on  bond  shear 
strength  are  presented,  and  characterization  of  typical  bond  interfaces  by  optica),  scanning  electron, 
and  transmission  electron  microscope  are  discussed.  Finally,  the  results  of  initial  experimentation 
to  integrate  low-pressure  DB  technology  with  superplastic  forming  are  described. 


Experimental  Details 

Two  sheets  of  commercially  available  7475  aluminum  alloy,  1.5  and  2.0  mm  thick,  were  used  . 
They  were  provided  by  Alcoa  in  the  WE6  condition  after  superplastic  processing  by  a  proprietary 
rolling  procedure,  designated  as  Schedule  E.  The  composition  of  the  alloy  was  reported  as  follows 
(wt%)  :  5.7  Zn,  2.3  Mg,  1.6  Cu,  0.12  Fe,  0.22  Cr,  0.1  Si,  0.06  Mn,  and  0.06  Ti.  Diffusion  bonding 
experiments  were  conducted  with  these  materials  in  the  as-received  condition,  i.e.,  WE6. 

Diffusion  bonding  was  accomplished  by  using  a  fixture  that  permitted  simultaneous  argon  gas 
pressurization  at  one  side  of  the  specimen  and  air  evacuation  i.  pressure  «  1x10-3  torr)  at  the  other 
side.  The  bonded  specimens  used  for  shear  testing  consisted  of  a  pair  of  2.0  mm  thick  7475  disks, 
appoximately  45  mm  in  diameter.  The  disks  were  prepared  for  bonding  by  a  proprietary  procedure 
that  did  not  rely  upon  the  use  of  intermediate  materials  or  diffusion  aids.  Bonding  was  conducted 
in  a  box  furnace  at  516°C  using  various  combinations  of  pressure  and  time.  After  heating,  the 
bonding  fixture  was  removed  from  the  furnace  and  cooled  in  air  to  room  temperature.  Subsequent 
to  diffusion  bonding,  specimens  were  heat  treated  to  the  T6  condition  by  solution  treating  at  482°C 
for  1  h,  water  quenching,  and  then  aging  at  12  l’C  for  24  h .  The  shear  strength  of  diffusion  bonds  were 
determined  by  testing  lap-shear  specimens  machined  from  the  bonded  disks.  The  shear  specimens 
were  tensile  loaded  ata  crosshead  speed  of 0.004  mm/s  at  room  temperature.  A  minimum  of  five  tests 
to  failure  were  usually  conducted  for  each  condition.  Bond  peel  strengths  were  determined  in  a 
similar  manner.  Fatigue  tests  were  performed  on  lap-shear  specimens  in  a  servohydraulic  machine 
under  sine  wave  loading  up  to  10  Hz  with  a  load  ratio,  R  =0. 1.  Tests  were  done  on  diffusion  bonds 
and  base  metal  in  the  T6  condition  at  room  temperature  in  air. 

Experiments  to  integrate  low-pressure  DB  technology  with  superplastic  forming  were  conducted 
in  a  modified  DB  fixture  designed  to  produce  7475  aluminum  alloy  SPF/DB  two  sheet,  Z-stiffened 
compression  panels.  This  was  accomplished  using  baseline  bonding  parameters  by  scaling-up  the 
basic  DB  fixture  design.  Diffusion  bonding  of  1.5  and  2.0  mm  thick  sheet,  cut  into  disks 
approximately  119  mm  in  diameter,  was  done  at  516°  C  and  100psiafor4h.  During  the  same  heating 
run,  bonding  was  immediately  followed  by  blow  forming,  which  involved  a  six-step,  pressure-time 
sequence.  Boron  nitride  was  used  as  a  parting  agent  in  selected  regions  to  permit  sheet  separation 
during  SPF.  The  SPF/DB  Z-stiffened  compression  panels  were  fabricated  by  machining  the  formed 
and  bonded  parts.  Subsequently,  they  were  aged  to  the  T6  condition  and  statically  loaded  to  evaluate 


524 


their  buckling  behavior.  Mechanically  fastened  panels  of  the  same  configuration  also  were  tested  for 
comparison. 


The  effects  of  pressure  and  time  on  bond  shear  strength  are  presented  in  Pig.  1.  It  is  evident  that 
shear  strength  is  time  and  pressure  dependent  for  these  conditions  and  that  the  shear  strength  of 
the  unbonded  base  metal  can  be  attained.  The  shear  strength  of  unbonded  7475  base  metal  was 
determined  using  comparably  prepared  specimens.  These  results  suggest  that  a  minimum  pressure¬ 
time  condition  must  be  satisfied  to  attain  high  strength  bonds.  For  example,  the  data  indicate  that 
4  h  is  an  adequate  processing  time  at  the  highest  pressure  but  is  marginal  at  lower  pressures,  which 
could  account  for  the  scatter  at  those  pressures.  Low  strength  and  large  scatter  were  mainly 
attributed  to  incomplete  bonding  due  to  insufficient  time  or  pressure.  In  contrast,  other  cases  of  low 
strength  were  observed  but  have  been  associated  with  traceable  causes  of  contamination,  such  as 
improper  surface  preparation  or  loss  of  vacuum  during  bonding.  As  expected,  the  size  and  number 
of  interfacial  voids  decreases  with  time  at  each  pressure.  After  4  h,  the  higher  pressure  bonds 
appeared  to  be  relatively  freer  of  small  interfacial  voids.  Similar  effects  have  been  observed  in  other 
materials  and  have  led  to  theoretical  models  that  account  for  diffusion  bonding  variables  (7-9). 
Pressure,  temperature,  and  time  are  intrinsically  related  to  basic  bonding  mechanisms  and 
subsequent  interfacial  properties,  and  thus  will  continue  to  be  important  variable  in  future  work. 


The  interfaces  of  high  strength 
bonds  can  be  characterized  by  their 
more  discontinuous  nature,  as 
shown  by  the  optical  micrograph  in 
Fig.  2.  Although  there  is  evidence 
of  flattened  grain  boundaries,  the 
trace  of  the  prior  straight  bond  line 
is  interrupted  and  barely  discern¬ 
ible,  suggesting  interfacial  disso¬ 
lution  or  migration.  In  contrast, 
the  interfaces  of  very  low  strength 
bonds  were  mainly  flat  and  con¬ 
tinuous  with  no  apparent  grain 
boundary  movement  and  were 
characterized  by  a  large  number  of 
voids.  Fractographic  observation 
of  fracture  surfaces  in  7475  diffu¬ 
sion  bonded  specimens  after  shear 
testing  revealed  a  high  degree  of 
metallurgical  bonding  at  the  bond 
interface.  The  tensile-shear  frac¬ 
ture  surfaces  of  high  strength 
bonds  had  ductile  tear  ridges. 
Transmission  electron  microscopic 
observations  of  high  strength 
bonds  also  revealed  that  the  bond 
interface  looked  essentially  like  a 
normal  grain  boundary  and  did  not 
contain  obvious  layers  or  films  of 
oxide.  Obviously,  the  appearance 
of  a  grain  boundary-like  interface 
is  a  very  positive  indication  of 
having  attained  desirable  joint 
properties.  However,  microcon¬ 
stituents  at  the  bond  interface 
have  not  been  completely  identi¬ 
fied  nor  have  the  effects  of  bonding 
on  surface  oxides  been  adequately 


Figure  1  -  Effect  of  DB  pressure  and  time  on  shear 
strength. 


Figure  2  -  Microstructure  at  DB  interface  of  7475-T6 


525 


accounted  for.  Although  an  area  of  great  interest,  there  have  been  veiy  few  definitive  studies  to  iden¬ 
tify  and  characterize  oxide  fragments  ( and  other  debris )  at  the  interface  of  aluminum  alloy  diffusion 
bonds. 

A  summary  of  room  temperature  shear  and  peel  strengths  for  as-bonded  and  T6  7475  aluminum 
alloy  diffusion  bonds  after  bonding  at  516°  C  (the  superplastic  temperature)  for  4  h  at  100  psia  and 
comparison  with  unbonded  base  metal  and  with  general  strength  ranges  common  to  adhesive  bonds 
are  shown  in  Table  1.  In  general,  the  strength  of  bonds  in  the  as-bonded  and  heat  treated  conditions 
are  comparable  to  those  of  the  base  metal  and  are  significantly  greater  than  typical  values  for 
adhesive  bonded  aluminum.  These  results  demonstrate  that  a  low  pressure  bonding  approach  for 


Shear  Strength  Peel  Strength 


Material 

Condition 

(ksi) 

AS-DB 

T6 

(Ib/in) 

AS-DB  T6 

Diffusion- 

bonded 

23 

48 

>  400 

>  500 

Base 

Metal 

23 

48 

- 

- 

Adbesive- 

booded 

1-5 

1-5 

22-60 

22-60 

Table  1  -  Strength  of  7475  aluminum 
alloy  joints. 


Figure  3  -  Cyclic  shear  behavior  of  7475-T6 
aluminum  alloy. 

this  alloy  can  virtually  match  base  metal 
properties.  Fatigue  tests  on  7475-T6  diffu¬ 
sion  bonds  also  were  conducted  as  part  of 
the  evaluation  of  bond  mechanical  proper¬ 
ties.  The  results,  shown  in  Fig.  3,  indicate 
that  the  cyclic  shear  behavior  of  7475-T6 
diffusion  bonds  was  comparable  to  that  of 
7475  base  metal.  Similar  behavior  also  was 
observed  for  cyclic-shear  tests  performed 
on  as-bonded  material.  Overall,  these  data 
reinforce  the  potential  for  low-pressure 
bonding  and  SPF/DBin  structural  applica¬ 
tions. 

A  diffusion  bonded  and  superplastically 
formed  test  article,  4.75  in.  in  diameter,  is 
shown  in  Fig.  4.  After  bonding  at  516°  C 
and  100  psia  for  4  h,  the  0.060  in.  thick 
upper  skin  was  blow  formed  into  a  pocket 
0.049  in.  deep  x  1.5  in.  wide  x  2.8  in.  long,  to 
a  maximum  elongation  of  approximately 
65  %.  Subsequently,  Z-stiffened  compres¬ 
sion  panels  2.25  in.  wide  x  2.75  in.  long  were  machined  from  the  bonded  and  formed  parts,  as  shown 
in  Fig.  5.  The  results  of  static  loading  in  the  T6  condition  to  evaluate  buckling  behavior  are  shown 
in  Fig.  6.  It  can  be  seen  that  two  out  of  three  tests  on  bonded  panels  were  stopped  because  their 
buckling  resistance  exceeded  the  loading  capability  of  the  test  machine.  All  three  tests  on  riveted 
panels  collapsed  at  loads  below  those  cf  the  bonded  panels.  Therefore,  compared  with  riveted  built- 
up  panels  of  the  same  configuration,  the  SPF/DB  compression  test  panels  offered  more  buckling 
resistance  and,  thus,  had  increased  structural  efficiency.  The  significance  of  these  findings  is  that 
improved  structural  efficiency  can  be  translated  directly  into  weight  savings  by  designing  to  take 
advantage  of  SPF/DB. 


26  mm  1 


Figure  4  -  SPF/DB  7475  aluminum  alloy  test,  article 
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Figure  5  -  SPF/DB  two-sheet,  Z-stiffened 
7475  aluminum  alloy  compression  specimen. 


Figure  6  -  Buckling  behavior  of  SPF/DB 
7475-T6  aluminum  alloy  stiffened  structure 


Summary 

It  is  possible  to  produce  high  strength  diffusion  bonds  with  gTain  boundary-like  interfaces  in  7475 
aluminum  alloy  by  bonding  at  the  superplastic  forming  temperature  using  very  low  pressures 
without  the  use  of  diffusion  aids  or  intermediate  materials.  The  tensile-shear  strength  and  tyclic- 
shear  behavior  of  7475-T6  diffusion  bonds  were  comparable  to  that  of  7475  base  metal.  The 
integration  of  low-pressure  diffusion  bonding  technology  with  superplaBtic  forming  for  7475  has 
been  demonstrated.  SPF/DB  two-sheet,  Z-stiffened  compression  panels  exhibited  superior  buckling 
resistance  compared  with  riveted  built-up  panels. 
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Summary 

The  post-formed  mechanical  properties  of  titanium  and  aluminium  alloys 
may  depend  upon  the  thermal  cycle,  on  plastic  deformation  and  on  reactions 
with  the  environment.  The  effects  of  these  variables  are  illustrated  with 
reference  to  the  tensile,  creep,  fatigue,  fracture  toughness  and  impact 
strength  data  for  SPF  and  SPF/DB  sheet. 
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Introduction 


Superplastic  forming  (SPF)  of  thin  sheet  is  now  an  established  process 
for  the  manufacture  of  aerospace  structures  offering  substantial  weight  and 
cost  reductions  compared  with  alternative  processes  (1).  In  recent  years 
the  emphasis  has  moved  from  the  determination  of  forming  parameters  towards 
the  measurement  of  post  formed  mechanical  properties  to  satisfy  design 
requirements.  The  post  formed  properties  of  current  commercial  Ai.-  and 
Ti-alloys  and  the  factors  that  affect  their  determination  are  described  in 
this  paper. 


Factors  Affecting  the  Post-Formed  Mechanical  Properties 

Optimum  superplasticity  requires  a  small  stable  grain  size  and  this 
dictates  the  sheet  processing  route  for  a  given  alloy  system.  Commercial 
superplastic  Ti-alloys  are  readily  produced  in  thin  sheet  form  with  a  fine¬ 
grained  equiaxed  cwo  phase  ( a  +  8)  microstructure.  Superplastic  Af-alloys 
however  are  single  phase  with  either  a  dispersoid  stabilised  recrystallised 
grain  microstructure  produced  by  thermomechanical  processing  (TMT)  e.g. 

7475E  or  a  cold  worked  micro structure  which  dynamically  recrystallises 
during  SPF  e.g.  SUPRAL  100,  ISO,  200  and  Al-Li  alloys  8090,  8091  and  2090. 
With  the  TMT  route  sheet  thicknesses  tend  to  be  limited  to  <3  mm  whereas 
sheet  up  to  at  least  6  am  can  be  produced  by  the  second  route. 

The  factors  affecting  post-formed  properties  can  be  divided  into 
3  groups  according  to  their  dependence  on:- 

1)  The  thermal  cycles  associated  with  SPF 

2)  Plastic  deformation 

3)  Reactions  with  the  environment. 

The  thermal  cycle  during  forming  i.e.  heating,  holding  and  cooling  from 
the  SPF  temperature  is  responsible  for  annealing  and  isothermal  grain 
coarsening  in  mill  annealed  Ti-alloy  sheet  and  causes  a  decrease  in  strength 
of  up  to  12%  (2).  A  similar  reduction  occurs  in  SUPRAL  alloys  due  to 
discontinuous  recrystallisation.  The  effect  of  cooling  rate  on  mechanical 
properties  depends  on  whether  the  alloys  are  quench  sensitive  (AJl-Cu-Zr, 
At-Zn-Mg,  Al-Li  (8091  and  2090)  alloys)  or  quench  insensitive  (A£.-Li  (8090) 
alloy) . 

Grain  growth  is  usually  greater  under  SPF  conditions  than  under 
isothermal  conditions  as  illustrated  for  Ti-6A£-2Sn-4Zr-2Mo  alloy  (3)  in 
Figure  1  and  for  Al-alloys  in  Figure  2.  During  SPF  of  coarse  grained 
B-Ti  alloys  a  reduction  in  grain  and  sub-grain  sizes  occurred  but  low  post- 
formed  elongation  values  were  attributed  to  severe  surface  roughening  (2) . 

The  alignement  of  a  and  S  phases  in  Ti-6A!-4V  alloy  lead  to  both  stress 
and  strain  anisotropy  during  SPF  (6)  (Figure  3).  A  similar  effect  can  be 
caused  by  large  grain  aspect  ratios  in  Ai-alloy  sheet.  In  both  cases  non- 
uniform  thinning  (surface  roughening)  or  local  necking  may  arise  and 
adversely  affect  mechanical  properties.  However  superplastic  strain  also 
has  the  remarkable  effect  of  causing  non-equiaxed  grains  to  become  equiaxed 
and  aligned  phases  to  become  more  homogeneously  distributed.  This  occurs 
even  in  fusion  welds  present  in  SPF  Ti-alloy  sheet  (7) .  These  changes 
occur  within  30-100%  elongation  and  subsequent  deformation  is  more 
isotropic. 

In  Ti-6At-4V  alloy  cavitation  has  been  reported  at  low  forming  temper¬ 
atures  (<850'C)  or  in  bonded  regions  deficient  in  8-phase  (8),  but  it  is 
not  considered  important  in  commercial  SPF  (9).  Cavitation  can  be  a 
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serious  problem  in  AJt-alloys  since  it  limits  the  superplastic  elongation 
and  reduces  post-formed  mechanical  properties .  The  degree  of  cavitation 
varies  through  the  thickness  and  increases  with  strain.  Cavitation  can  be 
inhibited  or  prevented  by  imposing  a  net  positive  pressure  of  £0.6  of  the 
maximum  flow  stress  (10,11,12)  or  by  the  use  of  a  post  forming  H1F  operation 
(13,14).  In  the  latter  it  is  essential  to  ensure  the  cavities  are 
discontinuous  and  gas  free.  Vacuum  degassing  prior  to  HIPing  has  been 
recommended  to  prevent  cavities  reforming  on  re-solution  heat  treatment. 

The  literature  on  the  role  of  texture  in  superplasticity  is  very  con¬ 
fusing.  There  are  two  aspects  to  be  considered,  firstly  whether  the  initial 
texture  affects  formability  and  secondly  whether  the  texture  changes  during 
SPF  affects  the  post  formed  properties.  The  presence  of  a  strong  texture 
has  little  effect  on  the  formability  provided  optimum  forming  conditions  are 
used  so  that  there  is  no  significant  contribution  from  preferred  slip  modes 
(15).  Superplastic  strain  tends  to  weaken  and  randomise  the  initial 
texture,  but  it  may  not  be  eliminated  even  after  strains  up  to  300% 

(12,16).  However  in  Ti-alloys  the  increased  randomness  can  lead  to  a 
reduction  in  Che  post  formed  Young's  modulus. 

Thickness  variation  is  inherent  in  SPF  sheet  and  depends  primarily  on 
the  SPF  technique  used  and  the  m-value  for  the  material  at  a  given  position 
in  the  die  at  a  given  time.  Various  techniques  can  be  used  to  minimise 
sheet  taper  but  the  emphasis  in  production  is  on  consistency.  However 
tapered  sections  in  Lest  pieces  can  cause  difficulties  in  determining  the 
post  formed  mechanical  properties  and  lead  to  increased  scatter  in  the 
results  and  less  accurate  moduli  values . 

It  may  not  be  appreciated  that  a  significant  increase  in  surface 
roughness  can  occur  during  SPF,  particularly  on  non-die  contact  surfaces; 
the  effect  is  greater  the  larger  the  grain  size  and  for  Ti-alloy  sheet  with 
an  aligned  a  phase  microstructure.  These  factors  can  contribute  to  reduced 
ductility  and  strength  for  thin  sections.  In  Ti-  and  Ai-alloys  super- 
plastically  formed  to  below  1  mm  in  thickness  elongation  values  may  be 
reduced  from  '\-8%  to  ''■0.5%.  The  greater  sheet  surface  area  may  accentuate 
surface  contamination.  Both  02  and  H2  (from  water  vapour)  can  embrittle 
Ti-alloys.  For  example  the  cracks  present  in  C>2-rich  a-case  on  Ti— 1 5—3—3 
(Figure  5)  can  reduce  the  fatigue  strength.  Surface  reaction  products  can 
occur  on  Ai-Li  alloys  formed  in  air  but  are  less  pronounced  in  argon  gas 
and  have  not  been  shown  to  be  detrimental  to  properties  in  thick  sections. 


Mechanical  Properties  of  Ti-alloys 

The  effect  of  superplastic  forming  on  the  tensile  strength  of  Ti-6A!.- 
4V  sheet  in  various  thicknesses  is  shown  in  Figure  5.  Strength  reductions 
of  up  to  12%  were  caused  by  the  thermal  cycle  and  smaller  reductions  (<5%) 
were  caused  by  superplastic  strain.  Note  the  range  of  strengths  achieved 
in  different  batches  of  sheet.  Post  forming  heat  treatments  can  regain 
some  of  the  strength  lost  in  heat  treatable  alloys  such  as  IMI  550  (Table  I) 
but  ageing  alone  could  be  effective  if  the  cooling  rate  from  the  SPF  tem¬ 
perature  was  adequate.  Thus  components  made  in  "muffle  boxes"  involving 
slow  cooling  would  have  lower  strength  than  components  formed  in  hot  open 
dies  and  air  cooled  (1,7);  contamination  was  more  likely  in  the  latter 
process . 

Curves  of  elevated  temperature  strength  for  Ti-6A4-4V  sheet  after  SPF 
remained  lower  and  approximately  parallel  to  those  for  the  parent  sheet  up 
to  about  400°C  (Figure  6).  After  SPF  an  increase  in  grain  size  increased 
the  creep  resistance  of  Ti-6Ai-2Sn-4Zr-2Mo  alloy  in  the  temperature  range 
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Figure  3  -  Ti-6A£-4V  sheet  test  piece  after  machining  from  bar  and  SPF  at 
875°C  to  300%  elongation  [17]. 


Figure  4  -  Cracks  in  a-case  on  Ti-15V-3Cr-3A£-3Sn  alloy  after  200% 
elongation  in  1.8  h  at  910°C  in  argon. 


Figure  5  -  Effect  of  SPF  at  925°C  Figure  6  -  Effect  of  SPF  at  9250C 
on  strength  of  Ti-6A£-4V  sheet  on  elevated  temperature  strength  of 

121.  Ti-bAi-4V  sheet  [21. 


300-500°C.  Creep  curves  are  compared  at  537°C  and  276  MPa  in  Figure  7. 
Attempts  to  regain  the  tensile  strength  by  reheat-treatment  led  to  a 
dramatic  decrease  in  creep  strength  to  that  of  the  original  parent  sheet  (3). 
Since  grain  size  increased  linearly  with  time  (Figure  1)  it  was  concluded 
that  for  a  given  SPF  strain  a  slower  superplastic  strain  rate  would  result 
in  higher  creep  strength. 

Superplastic  forming  had  negligible  effect  on  notched  S/N  fatigue 
strength  for  R  =  0.05  and  Kj  »  2.68  (Figure  8).  Programme  loaded  fatigue 
tests  (FALSTAFF)  for  Kj  =  2.44  and  stress  levels  of  =  49  MPa  and 
Oj2  =  660  MPa  exhibited  considerable  scatter  (factor  2  in  life)  with  some 
tendency  for  longer  lives  for  the  hot  open  die  processed  sheet.  There 
appeared  to  be  no  adverse  effects  of  SPF  on  crack  growth  rates  or  fracture 
toughness. 

Finally  some  comments  on  the  mechanical  properties  of  diffusion  bonded 
joints  are  apposite  since  they  may  form  a  critical  part  of  future  SPF/DB 
Ti-alloy  structures.  Parent  metal  properties  can  be  obtained  for  bonded 
joints  between  Ti-alloys.  Small  residual  voids  reduce  the  fatigue  strength 
but  it  may  still  exceed  the  notched  (Kt  =  2.4)  fatigue  strength  used  in 
current  design.  Impact  strength  appears  to  be  particularly  sensitive  to 
residual  voids  and/or  interface  contamination.  For  example  2  Izod  fracture 
surfaces  of  nominally  identical  test  pieces  taken  from  a  gas  pressure  bonded 
stack  of  1  ram  thick  sheets  are  shown  in  Figure  9.  The  sheet  planes  were 
normal  to  the  test  piece  axis  and  no  bond  defects  were  detected.  However 
one  fracture  was  rough  (Ra  =4.4  pm)  with  coarse  ductile  cusps  and  failed  at 
22.4  J  whilst  the  other  fracture  was  smoother  (Ra  =  0.72  pm)  with  small 
ductile  cusps  and  it  failed  at  12.9  J. 


Mechanical  Properties  of  Al-alloys 

The  tensile  properties  are  reduced  by  superplastic  deformation.  This 
degradation  was  initially  correlated  with  cavitation  (Figure  10)  and  the 
degradation  was  greater  for  clad  sheets  rather  than  unclad  sheets  due  to 
increased  cavitation  (19).  Suppression  of  cavitation  by  back  pressure  does 
not  completely  prevent  the  degradation  (Figure  11)  which  is  then  attributed 
to  grain  growth  and  in  the  A£-Li  alloy  to  the  loss  of  sub-grain  strengthen¬ 
ing  due  to  the  gradual  replacement  of  the  initial  unrecrystallised  micro¬ 
structure  by  a  recrystallised  one.  The  lower  strength  observed  for 
Supral  220  in  lightly  strained  material  is  due  to  the  production  of  large 
grains  up  to  200  pm  by  discontinuous  growth  compared  with  fine  grains 
(4-6  pm)  developed  by  continuous  recrystallisation  in  higher  strained 
material.  The  A5.-Li  alloys  have  the  advantage  of  higher  elastic  modulus 
(78  GPa)  and  lower  density.  The  AJl-Li  8090  alloy  has  the  added  advantage 
of  being  less  sensitive  to  quench  rate.  This  is  extremely  important  since 
it  avoids  the  risk  of  distortion  in  complex  shaped  SPF  components  during 
subsequent  solution  treatment  prior  to  ageing  (Figure  11).  However  if  the 
copper  content  in  8090  is  increased  from  1.2%  to  1.6%  the  alloy  becomes 
quench  rate  sensitive  (5,23)  (Figure  12)  like  8091,  a  high  copper 
derivative  (5,24).  The  loss  in  the  as-formed  +  aged  strength  is  caused  by 
the  formation  of  a  copper-rich  precipitate  containing  CuMg(Li)A£  during  the 
slow  cool  (5,23) . 

Although  the  AJl-Li  alloys  are  recrystallised  during  SPF  the  initial 
crystallographic  texture  present  in  the  straight  rolled  sheets  is  not  com¬ 
pletely  eliminated  and  results  in  some  anisotropy  e.g.  the  0.2%  PS  in  the  L, 
45°  and  T  orientations  in  8090  after  250%  strain  is  320  MPa,  280  MPa  and 
340  MPa  (25),  whereas  in  2090  after  200%  strain  the  corresponding  values  are 
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Figure  9  -  Impact  fracture  surfaces  of  diffusion  bonded  Ti-6A£-4V  sheet 
stack  of  a)  smooth  b)  rough  fracture. 


Figure  10  -  Effect  of  uniaxial  SPF 
strain  on  tensile  properties  and 
void  volume  Z  in  7010  A£-alloy 
sheet  [18]. 


Figure  11  -  Effect  of  post  formed  heat  treatment  on  strength  of  biaxially 
formed  Af-alloys  under  back  pressure.  8090  (L)  1.2  vt*  Cu,  8090  (H) 

1.56  w«  Cu,  8091  [5],  SUPRAE  220  [20],  75E  [21],  2090  [22]. 
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Figure  12  -  Effect  of  quench  rate  and  Cu  content  on  strength  of  3  mm  thick 
8090  sheet  [23]. 
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LIFE  cycles 

Figure  13  -  Comparison  of  S/K  data  for  biaxially  formed  AH-alloys  after 
M.2  superplastic  thickness  strain.  8090,  8091  [5],  SUPRAL  220  [19], 
7475E  [21]. 
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Figure  14  -  Effect  of  biaxial  superplastic  strain  on  fatigue  crack  growth 
a)  with  back  pressure  7475  [21],  8090  [25]  b)  without  back  pressure  [19]. 


320  MPa,  305  MPa  and  295  MPa  (22).  Alcan  has  now  modified  the  production 
route  for  SPF  sheet  which  should  reduce  the  anisotropy. 

As  in  Ti-alloys,  fatigue  properties  (S/N)  are  less  sensitive  to  super¬ 
plastic  strain  than  tensile  properties  and  are  independent  of  test  piece 
orientation  (5,19,21,26,27,29).  The  fatigue  strength  of  8090  (1.2%  Cu) , 
unlike  the  tensile  properties,  is  dependent  on  the  forming  temperature;  the 
lower  fatigue  performance  of  material  formed  at  SIS'C  instead  of  530oC  can 
however  be  recovered  by  a  post  formed  530°C  treatment  (5).  In  the  -T6  con¬ 
dition  the  materials  have  similar  fatigue  even  though  markedly  different 
tensile  strengths  (Figure  13).  This  fatigue  performance  can  be  obtained  in 
8090  (1.2%  Cu)  in  the  as  formed  +  aged  condition  by  forming  at  530°C. 
Cavitation  reduces  fatigue  strength  and  increases  rhe  scatter  (19,28).  A 
clad  layer  reduces  fatigue  performance  and  this  reduction  is  greater  after 
SPF  because  the  more  rapid  grain  coarsening  in  the  cladding  favours  crack 
nucleation  (19,28).  Fatigue  crack  growth  rates  (FCGR)  appear  to  be  indepen¬ 
dent  of  superplastic  strain  in  the  absence  of  cavitation  (Figure  14a).  In 
8090  sheet  FCGR  in  high  strained  recrystallised  material  is  slightly  slower 
than  in  initial  unrecrystallised  material.  Without  back  pressure  the  FCGR 
increases  with  increase  in  superplastic  strain  (Figure  14b).  FCGR  is 
greater  for  clad  than  unclad  sheet. 


Discussion  and  Conclusions 


Although  some  structures  will  be  strength  or  fatigue  dependent  the 
majority  will  be  stiffness  critical  and  thickness  limited.  For  A£- 
components  A£-Li  alloys,  particularly  8090  with  its  lower  density  and  10% 
higher  modulus,  will  be  superior  to  Supral  and  7475E  alloys.  In  some 
designs  SPF/DB  Ti-alloy  structures  may  be  competitive  with  conventional 
Af-alloy  structures  in  terms  of  manufacturing  costs;  although  they  would 
have  a  similar  mass  there  is  the  additional  benefits  of  good  corrosion 
resistance  and  elevated  temperature  capability.  Higher  stiffness  may  be 
obtained  with  AJ.  and  Ti  particulate  MMC  some  of  which  are  superplastic 
(29,30).  However  their  properties  will  depend  on  the  extent  of  cavitation 
and  on  particle  morphology.  No  post-formed  data  is  available.  There  will 
be  a  need  for  low  quench  rate  sensitivity  in  multiple  sheet  structures  to 
avoid  distortion  and  attainment  of  the  required  strengths  in  the  core 
sheets . 


1. 

2. 


3. 


4. 


5. 


6. 


7. 


8. 


References 

D.  Stephen  Designing  with  Titanium,  (Inst.  Metals,  1986)  108. 

C.  D.  Ingelbrecht  ibid  p.252. 

W.  A.  Ossu  and  D.  M.  Royster  NASA  Tech.  Paper  2674  May  1987. 

A.  K.  Ghosh  Proc.  Conf.  "Superplastic  forming",  (Los  Angeles  1984)  23. 

D.  S.  McDarmaid  and  A.  J.  Shakesheff  Int .  Conf.  "AJl-Li  IV',  (Paris  1987) 

257  . 

P.  G.  Partridge,  D.  S.  McDarmaid  and  A.  W.  Bowen  Acta  Met  33,  (1987)  571. 

P.  G.  Partridge  and  D.  Dunford  Int ,  Titanium  Conf.  Cannes,  (1988)  In  the 

press . 

M.  T.  Cope  and  N.  Ridley  Mat.  Sci.  Tech.  2,  (1986)  140. 


539 


9.  D.  Stephen  "Superplasticity",  (AGARD  LS-154)  Paper  7  (1987). 

10.  C.  C.  Bampton  and  R.  Raj  Acta  Met  30,  (1982)  2043. 

11.  C.  C.  Bampton  et  al  Met,  trans.  14A,  (1983)  1583. 

12.  A.  J.  Shakesheff  and  D.  S.  McDarmaid  Int .  Conf.  "Superplasticity  in 
Aerospace  -  Aluminium"  (Cranfield,  1985)  180. 

13.  P.  J.  Mesch,  P.  S.  Pao  and  R.  J.  Lederich  Scripta  Met  18,  (1984)  83. 

14.  H.  Ahmed  Ph.D.  Thesis,  (Cranfield  1986). 

15.  D.  S.  McDarmaid  and  P.  C.  Partridge  J.  Mat.  Sci.  21,  (1986)  1525. 

16.  P.  G.  Partridge,  A.  W.  Bowen,  C.  D.  Ingelbrecht  and  D.  S.  McDarmaid, 
Int.  Conf.  "Super plasticity"  (Grenoble  1985)  10. 

17.  P.  G.  Partridge,  D.  S.  McDarmaid,  I.  Bottomley  and  D.  Comnon  as  Ref  9 
Paper  6. 

18.  P.  G.  Partridge  and  A.  J.  Shakesheff  RAE  Tech.  Report  TR  84020  (1984) 

19.  A.  J.  Shakesheff  as  Ref  12  p.36. 

20.  D.  S.  McDarmaid,  A.  J.  Shakesheff  and  B.  Ginty  RAE  Tech.  Report 
TR  85091  (1985). 

21.  S.  P.  Agrawal  and  J.  M.  Truss  as  Ref  12  p.296. 

22.  C.  W.  Cho,  B.  A.  Cheney,  D.  J.  Lege  and  J.  I.  Petit  as  Ref  5  p.277. 

23.  S  Kyle-Henney  and  A.  J.  Shakesheff  Unpublished  MOD  work. 

24.  R.  Grimes,  W.  S.  Miller  and  R.  G.  Butler  as  Ref  5  p.239. 

25.  D.  S.  McDarmaid  Unpublished  MOD  work. 

26.  C.  C.  Bampton  and  J.  Edington  J,  Eng.  Mat.  Tech.  105,  (1985)  55. 

27.  C.  C.  Bampton,  F.  McQuilkin  and  G.  Stacher  as  Ref  4  p.76. 

28.  H.  C.  Lipsius,  J.  Stock  and  A.  Shames  AFVIAL-TR-  85-3050  Pt .  I  1985. 

Wright-Patterson  AF  Base,  Ohio  45433. 

29.  R  J.  Lederich,  P.  J.  Heschter,  and  S.  M.  L.  Sastry  ASTM  STP  890  p.319 

30.  Mahoney  and  A.  K.  Ghosh  Met.  Trans.  A  18,  (1987)  653. 


540 


THE  APPLICATION  OF  SUPERPLASTIC  FORMING  FOR 
MAKING  PLASTIC  INJECTION  MOULD 

- CAVITY  DESIGN  AND  SUPERPLASTIC  PRESSING 

Zhang  Dixiang 

Radio  Manufacture  Factory,  Beijing,  China 


Abstract 

A  kind  of  mould  cavity  with  complicated  shape,  which  is  used  for  injec¬ 
ting  plastic  radio  cabinet( 118x70X15 ) ,  is  formed  through  superplastic  te¬ 
chnique.  The  experience  in  forming  as  well  as  the  characteristic  in  design 
are  introduced. 

The  cavity  of  mould  was  made  from  the  superplastic  alloy  Zn-4%Al-l%Cu. 
Considering  the  lower  strength  and  hardness  of  this  alloy  in  design,  the 
surrounding  of  the  cavity  mould  was  covered  with  some  steel  jacket.  So  the 
guide  for  side  loose  cores  was  borne  mainly  by  the  steel  jacket,  so  as  to 
decrease  the  wear  of  the  mould  parts. 

There  are  340  sound  holes  with  diameter  of  1.2  mm  on  the  main  surface  of 
the  capinet  of  radio  MX108.  A  newly  designned  structure  was  adopted,  in 
which  the  sound  holes  were  fixed  by  the  core  of  cavity  of  rest  die  and  were 
formed  through  rendezvous  with  the  grid  in  moving  die. 

Semi-closed  superplastic  pressing  was  taken  at  low  speed.  The  terrace 
die  and  formed  parts  were  at  the  same  temperature  of  350°C  throughout  the 
process.  Much  higher  accuracy,  better  geometric  shape  and  clearer  arris  line 
are  got  with  superplasticlly  formed  cavity  than  that  made  by  traditional 
process . 

In  production,  fully  according  to  the  process  requirment  of  conventional 
condition,  after  35000  times  of  injection,  through  examing,  the  cavity  is 
still  undamaged. 


Superplaaticity  and  Superplastic  Forming 
Edited  by  CJL  Hamilton  and  N.E.  Paton 
The  Mineral*,  Metal*  A  Material*  Society,  1988 


Introduction 


Die  plays  an  important  part  in  mordern  industry.  But  die  making  is 
of  precision  and  difficulty,  special-purpose  equipments  and  high-level 
technicians  are  frequently  needed.  High  cost  and  long  period  of  produc¬ 
tion  are  resulted.  This  situation  can  be  improved  by  the  use  of  new 
materials,  new  techniques  and  new  processes.  Some  medium  experiments 
have  been  made  on  a  kind  of  superplastic  zinc  alloy  and  superplastic 
forming  of  it  for  die  making.  The  complex  cavity  mould  of  Zn-alloy  which 
is  used  for  injecting  plastic  cabinet  of  radio  has  been  formed  through 
SPP.  Some  basic  aspects  as  well  as  the  characteristics  in  design  are 
introduced  as  following. 

The  Possibility  of  Making  Plastic  In.iection  Mould  with  Zn-Alloy 

The  physical  and  mechanical  properties  of  Zn-4Al-1Cu  alloy  are  shown 
in  table  1.  Comparing  with  general  die  materials,  it  possesses  lower 
melt  temperature,  lower  strength  and  hardness.  Is  it  possible  to  make 
plastic  injection  mould  with  it?  This  is  the  question  that  many  people 
have  raised. 


Table  1,  Some  Physical  and  Mechanical  Properties  of  Zn-4Al-lCu 


Melting  Point 

Yield  Stress  (kg/mm^) 

Hardness  HB 

660-661 K 

?7-29 

110 

Fig.1  shows  tne  hardness  as  the  function  of  temperature.  It  can  be 
seen  that  the  hardness  of  Zn-4Al-1Cu  lowers  sharply  with  the  rise  in 
temperature.  The  hardness  at  423K  is  only  about  KB50.  Nomally,  plastica- 
tion  temperature  is  433-453K-  But  according  to  the  demand  of  forming 
process, +he  temperature  of  die  is  in  the  range  of  303K  to  353K.  The 
hardness  under  the  condition  is  above  HB90.  Based  on  the  properties  of 
the  alloy,  thermal  deformation  does  not  take  place  at  that  temperature. 


Fig.1,  Hardness  change  with  temperature 

Adopting  certain  die  structure,  in  which  the  Zn-alloy  is  only  respon¬ 
sible  for  plastic  forming,  not  for  load-bearing,  the  affect  of  low 
strength  of  the  alloy  can  be  avoided. 
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Design  of  Plastic  Injection  Mould  of  MX-108  Radio  Cabi  et 


The  size,  shape  and  structure  of  plastic  part  as  well  as  forming 
characteristics  of  Zn-alloy  should  be  considered  in  die  design. 

There  are  three  1X0. 5mm  grooves  on  the  facade  of  the  cabinet,  which 
can  add  effect  of  exteror  view  (Fig. 2).  Forming  static  mould  cavity 
through  superplastic  pressing  with  Zn-alloy  is  suitable  ior  above 
characteristics. 


Fig. 2,  Exteror  view  of  the  cabinet  of  MX-108 


Fig. 3,  The  schematic  diagram  of  the  lcose-core  structure  in  the  die 

There  are  340  sound  holes  with  diameter  of  1.2mm  on  the  main  surface 
of  the  cabinet.  The  spring  loose  cores  are  used  for  the  conventional 
structure.  But  the  reliability  of  this  structure  is  poor.  While  some 
breakdown  takes  place  such  as  spring  fatigue  falure,  540  loose  cores  can 
not  be  taken  out,  plastic  part  can  fall  into  static  cavity  mould.  At  that 
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situation  the  workers  can  only  take  out  the  cabinet  with  pry  bar.  Even 
prying  steel  mould  with  copper  bar,  the  mould  cavity  are  often  damaged. 
So  a  new  structure  is  adopted,  in  which  the  sound  holes  are  formed 
through  butting  of  the  cavity  cores  in  rest  die  and  the  grids  in  moving 
die. 


Prom  Fig.?,  it  is  easy  to  be  seen  tnat  the  plastic  part  definitely 
falls  onto  the  moving  die  due  to  contracting  with  cold  while  opening  the 
die  after  forming. 

There  are  a  22X4mm  rectancle  hole  and  a  7  mm  diameter  round  hole  on 
the  side  of  the  plastic  part.  Side  loose  cores  are  used,  the  guided  way 
of  which  relies  on  steel  cover. 


Results  and  Conclutlons 


Up  to  now  more  than  30,000  plastic  parts  have  been  made  using  Zn- 
alloy  mould  which  was  formed  through  superplastic  pressing.  The  plastic 
cabinet  are  more  regular  than  that  made  by  steel  mould.  Their  lines  and 
edges  are  more  artistic.  The  mould  was  measured  after  25,000  plastic 
parts  had  been  injected.  No  size  change  was  found.  Its  smoothness  was 
raised  to  some  extent. 

It  has  been  proved  that  superplastic  Zn-alloy  and  superplastic  press¬ 
ing  process  are  feasible  in  die  making  in  some  cases. 
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COMBINED  EXTRUSION  OF  SUPERPLASTIC  Al-Zn  SYSTEM  ALLOYS 
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Chiba,  Japan 


Abstract 

A  new  method  named  "Combined  Extrusion"  similar  to  backward  extrusion 
has  been  developed.  The  characteristic  of  this  method  is  the  reactional 
movement  of  the  die  or  the  back-up  punch  against  the  movement  of  the  upper 
punch.  In  this  study,  formability  of  the  superplastic  Al-78Zn  alloy  was 
investigated  using  the  developed  controlling  system.  As  a  result  of 
experiment,  the  alloy  could  be  easily  formed  into  thin-walled  cylindrical 
vessel  with  complicated  outside  shape  in  one  working  process.  As  for  the 
control  of  forming,  constant  load  extrusion  was  easier  than  constant  speed 
extrusion.  Non-super  plastic  alloys  such  as  cast  Al-78Zn  alloy  and  Al-Zn 
system  alloys  with  less  Zn  content  were  also  tried  to  be  applied  to  this 
equipment.  Formability  of  these  alloys  were  not  so  good  as  that  of 
superpla3tic  alloy.  It  decreased  with  decreasing  Zn  content.  But  such 
alloys  also  could  be  formed  by  suitable  forming  conditions,  that  is, 
higher  forming  load,  slower  extrusion  speed  and  higher  forming  temperature 
by  this  method. 
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Introduction 


In  order  to  apply  the  good  flowability  of  Al-78Zn  alloy  to  plastic 
forming,  the  authors  have  developed  an  equipment  which  can  form  a  block  of 
the  alloy  into  a  thin-walled  product  which  has  non-uniform  cross  section 
and  complicated  outside  shape  in  one  working  process.  Furthermore,  Al-78Zn 
superplastic  alloy  powder  could  be  made  into  a  composite  with  SiC  whisker 
by  compacting  and  forming  in  this  equipment  (1).  There  are  a  few  similar 
methods  (2)(3),  but  there  cannot  be  seen  such  a  method  as  the  combined 
extrusion  method  which  can  extrude  and  jut  material  in  the  direction 
perpendicular  to  that  of  extrusion  at  the  same  time.  In  this  study,  as  the 
first  step  to  industrial  use,  oil  pressure  circuit  of  combined  extrusion 
equipment  was  designed  to  control  the  forming  load  and  speed  and  factors 
which  affect  formability  were  examined.  In  addition  to  Al-78Zn 
superplastic  alloy,  this  method  was  tried  to  be  applied  to  non¬ 
superplastic  alloys  of  the  same  system. 

Materials  and  Experimental  Methods 


Commercially  extruded  bar  of  Al-78Zn  eutectoid  alloy  (named  BE)  which 
was  composed  of  fine  and  equiaxed  crystal  grains  and  exserted  super¬ 
plasticity  was  mainly  used.  The  factors  affecting  formability  were  made 
clear  providing  this  alloy  at  the  superplastic  temperature  of  it  250  "C. 
This  forming  process  was  also  applied  to  metal-mold  casted  Al-78Zn  alloy 
(named  AC)  and  Al-(78-30)Zn  alloys.  These  were  non-superplastic  alloys  and 
the  specific  strength  was  improved  by  reducing  Zn  content.  Three  ways  of 
movement  of  the  die  and  the  punches  are  schematically  shown  in  Figure  1 

(a)-(c).  Combined  extrusion  corresponds  to  (b)  or  (c).  In  this  paper,  so 
the  die  installed  with  heater  was  fixed,  oil  pressure  circuit  to  control 
upper  punch  and  lower  back-up  punch  in  the  manner  of  Figure  2  was  designed 
and  then  factors  which  affect  formability  were  clarified.  Constant  load  or 
constant  speed  in  forming  was  obtained  by  using  valve  E  and  E  or  E  and  El , 
respectively.  Forming  temperature  was  varied  between  150  and  400 °C. 


(a) 


(b) 


Pr 

dti 


ip» 

(c) 


(a)  closed  packaged 

(b)  combined  extrusion  (lower  punch  fixed) 

(c)  combined  extrusion  (fixed  die). 


Figure  2  -  Oil  pressure  circuit 
for  combined  extrusion. 


Results  and  Discussions 


Forming  Process 

In  Figure  3,  forming  processes  with  screw  type  and  fin  type  dies  are 
explained  by  showing  the  cross  sections  of  die  and  specimens.  The  specimen 
is  set  at  stage  (a)  and  is  under  forming  at  (b)  and  (c).  Characteristics 
of  this  method  is  described  as  follows.  The  specimen  compressed  by  both 
punches  is  jutted  into  screw  or  fin  pattern  of  the  die  and  fitted  there. 
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So,  only  the  part  under  forming  is  moving  downward.  According  to  this 
forming  process,  friction  force  generated  between  sample  and  die  is 
neglected  and  forming  load  is  reduced  as  compared  to  conventional  backward 
extrusion.  Examples  of  products  obtained  with  various  dies  are  summarized 
in  Figure  4. 


Figure  3  -  Cross  sectional  photographs 
during  forming  process,  (a)  before 
forming  (b)  screw  die  (c)  fin  die. 


(a)  (b)  (c)  (d)  (e)  (f) 


Figure  4  -  Forming  samples, 
(a)  specimen  (b)  flat  plate 
with  fins  (c)  fin  type  A 
(d)  fin  type  B  (e)  spline 
type  (f)  screw  type. 


Formablllty  under  Constant  Punch  Loads 

Forming  under  control  of  constant  punch  loads  as  shown  in  Figure  5 
was  examined.  The  load  difference  dP  between  punch  load  Pp  and  back-up 
punch  load  PB  is  given  by  equation  dP=P{>  -Pg  .  PB  corresponds  to  net 
compressive  force  on  specimen,  but  PP  includes  frictional  forces  generated 
among  die  punch  and  material.  Therefore,  Pg  was  kept  constant  (=10kN)  and 
dP  was  varied.  As  shown  in  Figure  6,  forming  speed  varied  depending  on  dP. 
Forming  speed  was  about  constant  when  dP«10kN,  accelerated  when  dP>10kN, 
and  when  dP<10kN,  it  reduced  because  the  contribution  of  friction 
increased.  Forming  speed  also  depends  on  1^.  If  PB  was  reduced  under 
constant  dP,  forming  speed  increased.  But,  when  it  was  excessively 
reduced,  the  sample  broke  because  material  flow  became  insufficient. 
Contrary  to  this  occasion,  that  is,  when  PB  was  excessively  applied, 
material  penetrated  into  the  thin  gap  of  split  dies.  States  of  products 
formed  under  various  conditions  are  summarized  in  Figure  7,  where  VB2o 
stands  for  the  speed  of  back-up  punch  when  its  stroke  is  20mm.  As  shown 
in  this  figure,  perfect  forming  region  exists  widely  between  the  broken 
region  or  the  imperfect  forming  region  and  the  over  load  region. 


Figure  5  -  Combined  extrusion 
load— stroke  diagrams  under 
constant  forming  load. 
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Figure  6  -  Effect  of  forming 
load  on  forming  speed. 


Formability  under  Constant  Punch  Speed 

The  punch  load  Pp  depending  on  punch  stroke  under  constant  punch 
speed  and  back-up  punch  load  is  shown  in  Figure  8.  Pp  attains  to  a 
maximum  value  which  seems  to  correspond  with  the  maximum  load  that  appears 
uniaxial  compression  teat.  In  Figure  9,  dependence  of  dPmax  on  punch 
speed  Vp  at  various  extrusion  temperatures  is  shown.  At  every 
temperature,  dPmax  proportionally  increases  with  increasing  temperature. 
This  tendency  corresponds  to  the  results  of  closed-die  forging  reported  by 
Takei  et  al.  (4).  Though  Al-78Zn  superplastic  alloy  was  used  here, 
forming  load  simply  decreased  with  increasing  temperature  regardless  of 
its  superplastic  temperature. 


Figure  7  -  Forming  limit  diagram  Figure  8  -  Forming  load — stroke 
for  combined  extrusion.  curves  under  constant  punch  speed. 


Formability  of  Hypo~eutectoid  Al-Zn  Alloys 


The  combined  extrusion  equipment  was  applied  to  the  forming  of  non¬ 
superplastic  cast  hypo-eutectoid  Al~Zn  alloys.  In  Figure  10,  dependence 
of  dPmax  on  punch  speed  Vp  for  the  Al-(50-78)Zn  alloys  is  shown.  At  the 
same  punch  speed,  dPmax  for  the  superplastic  Al-78Zn  alloy  (BE)  is  the 
smallest.  But  non-superplastic  alloys  are  also  formable  by  higher  load 
and  temperature.  Forming  limit  of  such  cast  alloys  at  250”C  is  shown  in 
Figure  11,  where  symbol  "0"  indicates  a  product  without  breakage  and  "X" 
Indicates  a  broken  product.  According  to  this  figure,  speed  limit  for 
forming  becomes  higher  with  increasing  Zn  content.  Though  Al-30Zn  alloy 
is  not  formable  at  this  temperature,  it  becomes  formable  if  temperature  is 
increased  up  to  320 °C  as  shown  in  this  figure  or  Pb  is  increased. 


Figure  9  -  Dependence  of  punch  Figure  10  -  Formability  of  the 

speed  on  the  maximum  punch  load  Al-(50-78)Zn  alloys  at  250  °C 

at  various  extrusion  temperature.  under  constant  back-up  load. 


Strength  of  Products 


The  forming  condition  should  be  decided  also  by  taking  the  strength 
of  product  into  account.  In  Figure  12,  effect  of  forming  temperature  on 
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Vickers-hardness  of  the  products  is  shown  for  different  alloys  and  cooling 
rates  from  forming  temperature,  that  is,  water  quenching  and  air  cooling. 
The  hardness  of  products  of  the  eutectoid  alloys  does  not  depend  on  the 
micro— structures  before  forming,  that  is,  AC  or  BE,  but  depends  on  ^the 
temperature  and  cooling  rate.  Over  the  eutectoid  temperature  (275  C), 
cooling  rate  clearly  had  an  effect  on  the  hardness.  In  this  temperature 
range,  air  cooled  product  was  hardened  depending  on  the  increase  of 
temperature  because  volume  fraction  of  peralite  structure  increased  with 
increased  temperature.  As  for  Al— 60Zn  alloys,  the  hardness  almost 
corresponded  with  air  cooled  eutectoid  alloy  even  when  it  was  water 
quenched.  This  means  that  specific  strength  and  fabrication  cycle  can  be 
improved  by  reducing  Zn  content  from  78%  to  60%. 


Figure  11  -  Forming  limit  of  the  Figure  12  -  Effect  of  forming 

cast  alloy  with  Zn  concentration  temperature  on  the  hardness  of 

at  250  12.  the  products  in  various  alloys 


Conclusion 


(1)  By  using  combined  extrusion  equipment,  forming  of  superplastic  Al~78Zn 
alloy  into  complicated  shape  products  in  one  working  process  became 
possible  under  constant  load  or  constant  speed.  Comparing  these  two 
forming  conditions,  the  former  was  rather  easier. 

(2)  There  existed  formable  limitations  to  this  method.  When  back-up  punch 
load  was  set  between  20kN  and  40kN,  comparatively  wide  perfect  forming 
region  and  high  forming  speed  were  obtainable. 

(3)  This  method  could  be  also  applied  to  non-superplastic  Al-Zn  system 
alloys  such  a3  hypo-eutectoid  alloys  or  metal-mold  casted  alloy.  Though 
formability  of  these  was  inferior  to  that  of  superplastic  alloy,  it  could 
be  improved  by  increasing  temperature  or  back-up  punch  load. 

(4)  In  case  of  Al-78Zn  alloy,  the  strength  of  formed  products  strongly 
depended  on  forming  temperature  and  cooling  rate  from  it  rather  than  the 
micro-structure  before  forming.  As  for  water-qunched  Al-60Zn  alloy,  the 
hardness  almost  corresponded  with  air-cooled  eutectoid  alloy. 
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Abstract 


Hot  die  steel  4Cr3Mo3W2V  is  normally  used  to  make  hot  forging  die. 
Through  pretreating  specially,  the  structure  of  the  steel  can  be  fully 
fined,  and  the  average  grain  size  is  2  to  4//o.  This  paper  studies  the 
relationship  between  plasticity  of  pretreated  steel  and  deformation 
temperature /strain  rate  by  tensile  tests.  The  results  show  that  the 
steel  candisplay  superplasticity  in  the  proper  range  of  deformation  tem¬ 
perature  and  strain  rate.  In  the  state  of  superplasticity,  flow  stress 
is  under  60  MPa,  maximum  elongation  is  up  to  307%,  and  strain  rate  sen¬ 
sitivity  (m)  is  about  0.38. 

On  the  basis  of  above-mentioned  results,  two  kinds  of  finish  forging 
dies  made  of  4Cr3Mo3W2V  steel  have  been  manufactured  by  Buperplastic 
hobbing  and  used  in  production.  The  dies  have  good  accuracy  and  finish, 
after  forming,  further  machining  for  the  cavities  is  no  need  before  they 
are  put  into  service.  In  addition,  as  a  result  of  superplastic  forming, 
the  structure  is  improved,  the  grain  is  refined,  and  the  longer  service 
life  of  dies  is  obtained.  Comparing  with  the  normal  manufacture  methods, 
superplaatic  forming  of  dies  has  less  invest  in  equipment  and  puts  into 
production  easily.  The  cost  for  making  dies  can  be  reduced  above  30%. 
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Introduction 


In  the  last  few  years,  researches  on  superplastic  forming  technology 
of  dies  manufacture  have  been  more  and  more.  The  involved  die  materials 
include  Zn-alloys,  low  melting  alloys,  Al-alloys,  Cu-alloys  and  steels. 
Recently,  superplastic  forming  technology  of  steel  die  has  been  developed 
fast.  In  China,  more  than  20  sorts  of  steels  have  been  studied  in  this 
field,  which  are  mainly  for  industrial  uses.  Py  superplastic  forming, 
various  dies  have  been  produced  and  applied,  e.g,  hot  forging  die,  cold 
extrusion  die, die  casting  die,  trimming  die  and  plastic  extrusion  die. 

Tab. I  shows  some  results  of  our  laioratory(l).  The  materials  studied 
are  die  steels  widely  used  in  production,  which  show  superplasticity 
under  definite  conditions.  Many  kinds  of  dies  made  of  these  steels  can 
be  formed  superplastical  ly . 


Tab. I  Super  plasticity  Data  and  Application  of  Steels 


Material 

El ongation 
*(#) 

Flow  Stress 

m 

Appl  icat ion 

GCr15 

543 

27 

Cr 1 2KoV 

2p8 

6l 

0.4 

cold  extrusion  die 

5CrMnMo 

550 

49 

0.56 

hot  forging  die 

3Cr2*/8V 

307 

57 

0.35 

die  casting  die 

4Cr3Mo3W2V 

307 

59 

0.38 

hot  forging  die 

The  research  on  4Cr3Mo3W?V  steel  introduced  in  this  paper  is  one  of 
the  last  achievements,  and  has  been  applied  in  industry. 

Tensile  Testing  material  and  Method 

41r3Mo3'42V  steel  contains  more  carbide  forming  elements,  and  has  good 
wear  resistence  and  high  temperature  strength.  Its  room  temperature 
strength  is  above  l600Mffe,  and  the  elongation  is  below  8%.  ""he  chemical 
composition  is  shown  as  Tab. II  (2). 


Tab. II  Chemical  Composition  of  4Cr3Mo3W?V  Steel  (^>) 


C 

Si  Mn 

Cr 

Ko  W  V 

0.32-0.42 

0.60-0.90  <0.65 

2.80-3.30 

2. 50-3.00  1.20-1,80  0.60-1.20 

The  specimen  is  machined  from  15  mm  diameter  bar  which  is  reforged. 

In  order  to  show  the  material  superplasticity,  the  ul  tra-ref  ining  pre- 
treatment  of  material  must  be  carried  out. 

n t  various  temperatures  and  tensile  rates,  the  pretreated  specimens 
are  stretched  at  isotriermal  condition.  Tne  relationships  bptveen  flow 
stress  (o")/elon  atior,  (<y)  and  tempera ture/strair.  rate  (£'  can  be  obtained, 
from  which  the  optimum  range  of  deformation  temperature  and  strain  rate 
can  be  defined.  The  strain  rate  sensitivity  (m)  is  determined  by  the 
step  strain  rate  test. 
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Isothermal  Tensile  Testing  of  Material  (3) 


Before  isothermal  tensile  testing,  the  specimens  must  be  taken  place 
ultra-refining  pretreatment.  Through  the  treatment,  grain  is  fully  re¬ 
find,  substructure  is  developed,  the  quantity,  shape,  size  and  distribu¬ 
tion  of  the  second  phase  are  reformed,  interface  iE  increased  greatly,  so 
that  the  mechanism  of  superplasticity  related  to  interface  movement  is 
fully  carried  out.  The  reformation  of  material  sturcture  can  prevent  the 
formation  and  development  of  cavity  and  help  to  raise  plasticity.  There 
are  different  ways  of  pretreatment.  It  is  simple  to  use  heat  treatment  to 
refine  structure.  Quenching  and  tempering  can  make  the  grain  size  of 
4Cr3Mo3W2V  steel  refine  to  2-4  /tin.  It  ensures  the  stiucture  condition  to 
realize  super plasticity. 

The  temperature  is  the  one  of  improtant  parameters  during  superplastic 
deformation.  At  various  temperatures,  the  flow  stress,  maximum  elongation 
and  strain  rate  sensitivity  are  all  different.  Beyond  a  deformation 
temperature  range,  material  can  not  show  superplasticity.  As  for  many 
metal  materials,  the  superplasticity  is  closely  related  to  phase  trans¬ 
formation.  Superplastic  deformation  temperatures  of  many  steels  are 
placed  near  Ac,,  above  or  below  Ac,  20-30°C.  ’’'he  optimum  deformation  tem¬ 

perature  can  be  determined  by  tests. 

The  4Cr3Ko3w2V  steel  tensile  specimens  pretreated  are  tested  isother- 
mally  at  a  same  strain  rate  but  various  temperatures.  The  results 
(Tab. Ill)  show  that  the  maximum  elongation  is  obtained  at  880°2,  when  the 
speed  of  crosshrad  of  tension  machine  is  0.25  mm/min. 


Tab. Ill  Isothermal  Tensile  Testing  at  Various  Temperatures 


Temperature 

T(°C) 

Speed  of  Crosshead 
S(mm/mim) 

Flow  stress 
cr(KF&) 

El  ongation 

*00 

870 

0.25 

70.4 

220 

880 

0.25 

57.5 

307 

850 

0.25 

56.5 

190 

500 

0.25 

66.9 

240 

another  important  parameter  of  superplastic  deformation  is  strain 
rate,  at  the  So.«e  temperature,  the  flow  strain,  tne  maximum  elongation 
and  m  value  of  material  change  with  strain  rate.  If  strain  rate  is  too 
high  or  low, material  does  not  show  superplasticity  because  it  can  not  be 
suited  to  intrinsic  speed  of  relates  superplasticity  mechanisms.  Under 
definite  microstructure  condition  and  deformation  temperature,  there  is  an 
optimum  range  of  strain  rate,  in  which  the  best  superpl  ast  ic  ity  can  be 
obtained . 

Tensile  testing  is  done  at  880°C  and  various  strain  rates.  The 
results  (Tkb.IV)  show  tnat  tne  optimum  tensile  speed  is  a.  out  0.25  mm/min, 
and  there  is  a  quite  wide  range  of  strain  rate,  in  wnich  the  material  lias 
nigh  plasticity.  By  means  of  the  step  strain  rate  testing,  strain  rate 
sensitivity  is  measured,  and  the  maximum  m  value  is  0.38. 

Superplastic  dotting  of  Finish  Forging  Dies 

At  superplasticity  state,  the  plasticity  of  materials  is  much  higher 
than  normal,  and  resistance  to  deformation  becomes  very  low.  ’’’his  proper¬ 
ty  of  material  can  be  used  for  die  manufacture,  so  a  new  way  of  making  die. 
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superplastic  forming  technology , appears . 

In  our  research,  two  finish  forging  dies,  connecting  rod  die  and 
transmission  fork  die,  for  motor  bicycle  parts  are  selected.  Both  of  them 
are  used  on  friction  press.  Now,  they  are  made  by  superplastic  hobbing, 
instead  of  common  machining  or  electrosparking.  n'he  procedure  of  the  new 
die  manufacture  method  is  as  following.  At  first,  the  blank  with  protec¬ 
tive  agent  and  lubricant  is  neated  to  superplastic  deformation  temperature 
Then  at  this  temperature,  a  smooth  punch  with  high  accuracy  is  extruded 
into  the  blank  at  definite  velocity,  after  putting  out  the  punch,  a  cavi¬ 
ty  is  formed  in  the  blank,  and  its  surface  finish  and  accuracy  are  as  high 
as  those  of  punch.  After  machining  contour  and  heat  treatment,  the  die 
can  be  used. 


Tab.IY  Isothermal  Tensilt  Testing  at  Various  Strain  Rates 


Temperature 

T(°C) 

Speed  of  Crosshead 
S(mm/min) 

Flow  Stress 
<T(MFb) 

Elongation 

6(%) 

880 

0.1 

45.4 

193 

880 

0.2 

52.0 

212 

880 

0.25 

57.5 

307 

880 

0.3 

61.4 

224 

880 

0.35 

64.9 

217 

The  pretreatment  procedure,  deformation  te  .p°rature  and  hobbing 
velocity  for  superplastic  hobbing  of  dies  can  be  designed  on  the  basis  of 
the  results  of  tensile  testing. 


Fig.  1  Kotor  Bicycle  Connecting  Rod  Fig. 2  Kotor  Bicycle  Transmission  Fork 
Die  Made  by  Superplastic  Hobbing  Die  Made  by  Superplastic  nobbing 


Fig.  1  and  2  show  the  4Cr3Mo3W2V  steel  connecting  rod  die  and  trans¬ 
mission  fork  die  made  by  superplastic  hobbing.  They  have  been  applied  in 
production. 


The  dies  made  by  superplastic  hobbing  have  high  accuracy,  finish  and 
shape  repeatability  of  cavity.  This  new  technology  is  suitable  for  mass 
production.  Sometimes,  it  is  very  easy  to  form  superplasticlly  the  cavity 
dies  which  are  made  difficultly  by  machining  and  electrosparking.  The 
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material  streamline  in  the  surface  layer  of  die  made  by  superplastic 
hobbing  is  not  cut  off,  and  very  uniform,  fine  sturcture  is  obtained  after 
hobbing.  The  comprehensive  mechanical  properties  are  enhanced,  so  the 
service  life  of  die  is  improved  in  varying  degree. 

Because  material  is  in  superplasticity  state,  the  formability  of  blank 
is  better  during  superplastic  hobbing  than  hot  or  cold  extrusion,  and 
extrusion  force  is  smaller  (200  to  300  ME&).  The  cavity  with  a  more  com¬ 
plex  shape  and  considerably  great  deepness  can  be  formed,  and  power  to  be 
needed  for  hobbing  can  be  reduced. 

By  superplastic  forming,  the  expense  in  manufacture  of  die  is  lower, 
and  the  service  life  of  die  is  longer,  so  the  total  cost  of  dies  is 
obviously  reduced.  Normally,  the  cost  can  be  saved  more  than  30%. 


Conclusions 


1.  4Cr3Mo3W2V  steel  is  a  commercial  hot  die  steel  contained  more  carbide 
formers.  Prefined  properly,  it  can  show  superplasticity  under  the  condi¬ 
tion  of  definite  deformation  temperature  and  strain  rate,  'f'he  maximum 
elongation  is  301%,  and  the  flow  stress  of  material  is  below  60  MI&.  It 
can  meet  the  needs  of  superplastic  hobbing  technology  of  die. 

2.  Finish  forging  die  can  be  made  by  superplastic  hobbing.  The  shape 
repeatabil ity,  accuracy ,  surface  finish  of  die  are  very  good.  The  service 
life  of  die  is  improved.  Normally,  the  cost  of  die  can  be  saved  more  than 
30  %  (4). 
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Abstract 

Structural  aluminium  alloys  are  now  commercially  available  in  a 
form  specifically  processed  for  superplastic  forming.  In  order  to 
allow  the  successful  incorporation  of  such  alloys  into  lightweight 
expanded  structures,  a  method  of  bonding  is  required  which  will 
withstand  the  superplastic  forming  operation.  This  problem  is 
exacerbated  in  aluminium  alloys  by  the  tenacious  oxide  film  which 
effectively  prevents  the  successful  deployment  of  solid  state  bonding 
as  applied  to  steels  and  titanium  alloys.  Attempts  to  overcome  these 
effects  have  either  centred  around  the  removal  of  oxide  followed  by 
the  protection  of  the  surface  by  coating  techniques,  which  may  also 
promote  bonding  by  liquation,  or  by  the  use  of  interlayers  designed 
to  modify  or  disrupt  the  native  oxide  during  bonding. 

This  paper  reports  some  results  obtained  through  a  collaborative 
research  programme  between  Alcan  International  Limited  (Banbury)  and 
M.B.B.  Central  Laboratories  (Ottobrunn) .  A  wide  variety  of  surface 
treatments  are  under  investigation  and  in  this  paper  the  use  of  a 
protective  coating  of  a  Zn  base  alloy,  applied  by  roll  cladding 
techniques,  is  described.  It  is  shown  that  successful  transient 
liquid  phase  bonds  (T.L.P.)  may  be  obtained  using  this  process 
provided  the  correct  combination  of  process  parameters  is  employed. 
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Introduction 


The  concept  of  using  roll-clad  protective  surface  coatings  to 
promote  the  bonding  of  aluminium  base  alloys,  by  either  solid  or 
transient  liquid  phase  means ,  has  attractive  potential  owing  to  the 
initial  dispersion  of  the  tenuous  aluminium  oxide  film  during  the 
cladding  operation.  The  choice  of  surface  coating  is  rather 
restrictive  in  the  case  of  aluminium,  owing  to  the  relatively  low 
melting  point  of  the  metal.  The  requirement  to  maintain  some  degree 
of  microstructural  integrity  after  bonding,  either  for  subsequent 
superplastic  forming  operations  or  simply  to  achieve  adequate  post¬ 
bond  property  levels,  favours  the  use  of  transient  liquid  phase 
bonding,  since  solid  state  bonding  with  the  associated  long  bonding 
times  would  tend  to  cause  microstructural  degradation.  This  latter 
point  is  especially  valid  when  the  bonding  temperatures  of  the 
surface  layers  need  to  be  chosen  so  as  to  avoid  liquation  or 
degradation  of  the  substrate. 

The  selection  of  surface  coatings  available  which  would 
successfully  lead  to  an  ability  to  liquate  and  bond  at  the 
appropriate  temperatures  is  further  reduced  when  the  requirement  to 
prevent  undue  surface  oxidation  prior  to  liquation  is  taken  into 
consideration.  Of  the  pure  metals  which  meet  these  requirements, 
zinc  is  possibly  the  most  attractive,  especially  when  consideration 
is  also  given  to  the  physical  properties  match  needed  to  actually 
allow  roll-cladding  to  be  successfully  achieved. 

This  paper  describes  some  results  which  have  been  produced  as 
part  of  a  joint  research  programme  between  Alcan  International 
Limited  and  M.B.B.  Central  Laboratories,  concerned  with  the 
development  of  bonding  methods  which  are  compatible  with  superplastic 
forming  conditions  in  Al-Li  alloys.  A  wide  range  of  bonding 
techniques  are  under  evaluation,  although  in  this  paper  only  the  use 
of  roll-clad  Zn  interlayer  materials  will  be  reported'1'. 
Consideration  is  given  to  the  type  of  interlayer  alloy  chosen,  the 
thickness  of  interlayer  required  and  the  bonding  conditions  necessary 
to  achieve  true  transient  liquid  phase  bonding  during  the  bonding 
cycle. 


Experimental 

For  this  study,  the  substrate  material  used  was  the  Al-Li  alloy 
8090  (Al-2.4%  Li-1. 2%  Cu-0.6%  Mg-0.12%  Zr  nominal  composition). 
Various  clad  layer  materials  were  employed,  including  a)  pure  Zn, 
b)  Zn-Cu  alloys,  c)  commercial  purity  Zn,  and  each  was  roll-clad  to 
the  8090  substrate  to  give  a  range  of  cladding  thicknesses  ranging 
from  approximately  1%  to  2.5%  of  the  total  final  sheet  thickness. 
Considerable  care  was  taken  with  the  roll-cladding  operation  to 
ensure  minimal  oxidation  took  place  at  the  Zn-8090  interface  before 
any  metallurgical  bond  was  developed  in  the  rolling  operation. 

Specimens  for  bonding  trials  were  cut  to  a  50  x  50  mm  square 
shape  and  bonding  was  carried  out  in  a  specially  constructed 
diffusion  bonding  apparatus  designed  to  allow  either  vacuum  or  inert 
atmosphere  conditions  to  prevail  during  bonding.  Pressure  was 
applied  hydraulically  and  temperature  control  was  achieved  by  the  use 
of  closed  loop,  feedback  controlled  R.F.  induction  heating  of  the 
plattens  and  specimen,  allowing  bonding  temperatures  to  be  reached 
after  •'>  20-30  mins.  For  this  study  a  bonding  time  of  60  mins  and 
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Figure  1  Lap-shear  test 

specimen  geometry 

pressure  of  5  MPa  were  chosen  with  an  argon  atmosphere,  since  these 
would  be  typical  of  conditions  achievable  in  a  gas-forming  press  used 
for  superplastic  forming  operations.  In  addition,  these  conditions 
were  known  to  achieve  adequate  bonding  pressures  without  undue 
specimen  deformation. 

Bond  strengths  were  assessed  using  simple  shear-lap  specimen 
geometries,  as  shown  in  Figure  1.  Although  not  providing  fundamental 
data  necessary  to  understand  the  likely  behaviour  of  the  bonds  during 
any  subsequent  superplastic  forming  operation,  this  method  of  testing 
proved  very  useful  in  determining  the  comparative  strengths  of  bonds 
made  using  varying  process  conditions. 

Bond  microstructures  were  determined  from  the  specimen  halves 
after  shear  testing,  enabling  correlation  between  bond  strength  and 
microstructure  to  be  carried  out.  This  technique  enabled  any 
strength  variations  to  be  quickly  assessed  in  terms  of  quality  of 
bond  microstructure.  Both  optical  and  scanning  electron  microscopy 
were  used  for  this  examination. 


Results 


Initial  work  in  this  investigation  was  concerned  with 
optimisation  of  the  cleaning  procedures  of  the  Zn  cladding  necessary 
to  achieve  consistent  bond  strengths.  Details  of  these  processes 
must  remain  confidential  at  this  time,  but  it  may  be  stated  that 
specimen  surface  geometry  and  topography  must  be  consistent  with  the 
demands  for  optimum  cleanliness  and  oxidation  prevention  prior  to 
liquation. 


Table  1 


Interlayer  Materials 

Pure  Zn 
Zn-Cu  Alloy 
Commercial  Zn  Sheet 


Typical  Bond  Strength 
Range  (MPa) _ 

90-140 

93-150 

60-  85 
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Figure  2  As-bonded  microstructures  for  Zn-Cu  alloy  interlayer  (a) 
and  commercial  purity  Zn  interlayer  (b) 

For  the  given  set  of  bonding  conditions  used  in  this  study  no 
significant  difference  in  final  bond  strength  could  be  detected 
between  the  use  of  pure  Zn  and  Zn-Cu  alloy  interlayers.  A  large 
reduction  was  detected  if  commercial  purity  Zn  sheet  was  u3ed,  these 
data  are  given  in  Table  1.  Examination  of  the  microstructures  of 
these  bonds  showed,  for  a  constant  thickness  of  cladding,  that  the 
bond  microstructures  obtained  were  different  for  these  two  cases 
(Figure  2).  In  the  case  of  pure  Zn  and  pure  Zn-Cu  alloys, 
diffusional  processes  had  effectively  removed  the  interlayers  during 
the  bonding  cycle  and  bonding  had  taken  place  (Figure  2a)  leaving 
grain  boundary  precipitates  rich  in  Zn  and  Cu  (Figure  3) .  If 
commercial  purity  Zn  sheet  was  used,  the  bond  microstructure  was  seen 
to  consist  of  wide  bands  of  Zn-rich  intermetallics  (Figure  2b) 
positioned  either  side  of  the  bond  line.  Post-bond  heat  treatments 
could  be  employed  to  cause  dissolution  of  these  precipitates  but  no 
improvement  in  bond  strength  was  observed  (Figure  4) .  Close 


Figure  3  Back  scattered  S.E.H.  Figure  4  Effect  of  post-bond 

image  and  Zn  -  X-ray  ageing  on  bond  strength 

map  of  Zn-Cu  bond  area  for  commercial  purity 

Zn  interlayer 


560 


Figure  5  Intermetallic  formation 
at  the  bond  line  after 
ageing  commercial 
purity  Zn  interlayer 


cracking  observed 
with  thick 
interlayers  of 
commercial  purity  Zn 


examination  of  bonds  made  with  commercial  purity  Zn  interlayers  after 
complete  dissolution  of  Zn-rich  precipitates  revealed  the  existance 
of  further  intermetallic  formation  at  the  bond  line  (Figure  5) , 
caused  by  the  impurities  present  in  the  Zn  sheet,  which  effectively 
reduced  the  strength  of  the  bond. 

Thickness  of  roll-clad  interlayer  was  found  to  be  crucial  in 
determining  the  degree  of  bonding  achieved  during  the  heating  cycle. 
If  the  cladding  thickness  was  too  great,  incomplete  solidification 
took  place  during  the  bonding  cycle,  resulting  in  either  complete 
separation  upon  completion  of  heating  or  solidification  cracks  during 
cooling  (Figure  6) .  Conversely  problems  could  also  arise  if  the 
cladding  layer  became  too  thin  during  processing,  since  diffusional 
processes  were  found  to  alter  the  chemistry  of  the  interlayer 
material  leading  to  poor  bond  properties.  This  problem  is  obviously 
exacerbated  when  the  substrate  material  contains  rapidly  diffusing 
species  such  as  Li. 


Discussion  and  Conclusions 


The  results  of  this  study  have  demonstrated  that  roll-clad  Zn 
alloy  interlayers  can  be  used  to  develop  useful  shear  strengths  by  a 
process  of  transient  liquid  phase  bonding.  To  achieve  these  bond 
strengths  care  must  be  taken  during  all  stages  of  the  material 
production,  surface  cleaning  and  bonding  cycle  and  that  the  correct 
interlayer  alloy  must  be  chosen.  Further  work  is  now  in  progress  to 
exploit  these  bond  strengths  in  a  combined  diffusion  bonding  - 
superplastic  forming  operation.  Previous  studies  in  this  field  have 
already  indicated  that  simple  shapes  may  be  fabricated  by  this 
means'2  ,  future  work  will  be  targeted  at  the  development  of  a  wider 
understanding  of  the  process  requirements. 
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Abstract 

The  multi-cycle  heating  the  metal  through  solid  state  transformation 
point  under  a  small  stress  produces  superplasticity.  If  a  small  pressure  is 
applied  ,  then  it  is  the  result  that  two  pieces  of  metal,  which  has  been 
pressed  closely  with  the  surface,  could  be  bonded. 

The  transformation  superplasticity  bonding  in  the  carbon  steels  was  so 
observed.  It  was  shown  that  the  bonding  strength  was  related  to  the  maximum 
heating  temperature,  the  value  of  pressure,  the  cooling  speed  and  the 
roughness  of  the  machined  surface  of  the  specimen. 

The  bonded  specimen  was  observed  microscopically.  It  was  shown  that  the 
deformation,  the  migration  of  materials  and  the  recrystallization  took  place 
during  cyclic  phase-transformation. 

Some  complex  metal  parts  were  manufactured  by  this  solid-state  bonding 
method  and  applied  in  the  factories. 
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Introduction 


The  transformation  superplasticity  in  metal  can  be  obtained  by  multi¬ 
cycle  heating  through  the  solid  state  transformation  point  under  a  small 
stress.  The  metal  solid-state  bonding  based  on  the  transformation  superplas¬ 
ticity  effect  occurs  under  perssure  coudition.  So  the  following  two  tests  to 
observe  the  transformation  superplasticity  behavior  under  pressure  condition 
were  designed.  The  material  of  specimen  was  carbon  steel  with  0.2%C.The 
extra  pressure  acting  on  the  specimen  was  loaded  smoothly  by  a  double-lever 
mechanism.  The  specimen  was  heated  by  single-circle  inductor.  The  data  of 
the  experiment  were  recorded  by  electronic  potentiometer  type  XWX-2040  (1). 

1 .  The  transformation  superplasticity  effect  in  0.27oC  steel  under 
pressure  condition 


A  thermo-cycling  transformation  test  and  a  constant  heating  test  were 
carried  out  respectively.  The  dimension  of  specimen,  the  time  length  of  the 
test  and  the  value  of  pressure  were  identical  for  each  test. The  results  were 
presented  in  Fig.l  and  table  1.  It  was  shown  that,  the  total  deformation 
obtained  from  the  cycling  transformation  test  was  about  5.3  times  as  large 
as  the  total  deformation  from  the  constant  heating  test,  though  the  heating 
temperature  in  the  later  case  was  the  highest  temperature( 1 173K)  in  the 
transf ormat ion  case.  The  value  of  creep  in  transformation  superplasticity 
was  less  than  1/5  of  the  total  deformation.  So  it  can  be  said,  the 
superplasticity  effect  was  obvious  in  the  transformation  case. 
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Figure  1  -  Deformation  of  0.27.C  steel,  a)  constant 
heating  test  b)  cycling  heating  test. 

2 .  A  comparison  method  to  estimate  the  relationship  ff-E  and  ff-t  in 
the  case  transformation  superplasticity  under  the  perssuer  condition. 

In  order  to  eliminate  the  cycling  heating  influence  on  the  measurement 
of  the  deformation  during  test,  the  superplastic  deformation  was  measured 


564 


by  means  of  a  comparison  method,  i.e.  to  compare  the  variation  in  length  of 


Table  X.  Deformation  of  0.27.C  Steel  under  Pressure 


Thermo- 

schedule 

Stress  Temperature 

(kg/mm2)  (K) 

Time 

(s) 

Original 

length 

(mm) 

Length  after 
diformation 
(mm) 

Total 

deformation 

(mm) 

Constant 

heating 

3.26  1173 

264 

29.62 

29.32 

0.3 

Cycling 

1173  773 

heating 

3.26  ^  cycles 

264 

30.00 

28.40 

1.6 

the  specimen  under  the  pressure  condition  with  the  variation  of  the  specimen 
in  the  free  state.  The  process  of  the  test  was  shown  in  Fig.  2.  Where,  the 
displacement  (Lg-Lg)  represents  the  variation  in  length  of  specimen  in  the 
free  state  during  heating  for  one  cycle;  (Lg-Lc)-  in  the  pressure  loading 
case  during  heating;  (Le-Lg) — in  the  free  state  during  cooling;  (LE-LB) — in 
the  pressure  loading  state  during  cooling.  Then,  the  displacements  due  to 
the  superplasticity  effect  in  the  pressure  condition  during  heating  and 
cooling  for  one  cycle  will  be£L|,=  (L„-Lc  )-(L^-hji)  and4Lc  =  ( Lf -LB  )-(Lc- 
Lg)  respectively,  and  the  total  displacement  (A  L=dLfc  +  A  Lc  =L{  -  Lj  ) 
respresents  the  total  deformation  for  one  cycle  in  the  pressure  condition. 


Figure  2  -  Relationship  between  Figure  3  -  ln<7-  InC  curve. 

stress  and  deformation  of  0.2%C 

steel. 


Further,  to  convert  A  L,  A  L),  and  A  Lc  into  C  ,  Cg  and  £gH  and  based  on 
this,  the  Fig.  4  was  plotted,  the  curve  slope  as  shown  in  Fig.  3  is  the 
value  m?  when<F<3kg/rom  ,  m  =  0.85,  when  <X>  3kg/mm  ,  the  value  m  decreases, 
when  <T  =5kg/mm  ,  the  value  m  decreased  to  0.5. 

Transformation  Superp las t ic i t y  Bonding  in  0.27.C  Steel 

The  bonding  was  performed  on  two  pieces  of  steel  of  $  13x30mm.  After 
bonding,  the  specimen  was  manufactured  as  the  tensile  specimen  with 
parallel  length  of  «6X30mm,  and  then  the  tensile  test  was  carried  out.  The 
result  of  the  test  showed  that  the  bonding  strength  of  specimen  had  a 
connection  with  various  factors  such  as  the  thermo-process  and  the  value  of 
pressure.  The  experimental  results  were  shown  in  table  2  and  3. 
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Table  2.  The  Bonding  Results  under  Different  Pressures 


Bonding  pressure  Percentage  expanded  Tensile  strength  Fracture  site 
(kg /mm2  )  (O',  %)  (kg/mm*) 


b 

.2 

l8 

4 

f) 


1.0 

44.4 

Bonding  seam 

1.2 

46.2 

Bonding  seam 

1.92 

55.6 

Bonding  seam 

2.5 

56.6 

Bonding  seam 

3.3 

59.5 

Bonding  seam 

4.1 

57.2 

Ma  t  r i x 

Original  diameter  -Diameter  after  bonding 

a  - -  100% 

Original  diameter 


Table  3  The  Bonding  Results  in  Different  Maximum  Temperatures 
and  Different  Cooling  Speeds 


Maximum  temperature  (K) 

j  1073 

1173 

Cooling  speed  (K/S) 

5 

26 

45 

270 

5 

26 

45 

270 

Bonding  Strength  (kg/mra’; 

42.8 

46.2 

49 

H 

54.1 

54.9 

57.7 

67.7 

The  Relationship  Between  Deformation  and  Bonding  Strength 

It  was  observed  from  the  test  mentioned  above  that  the  bonding  strength 
was  related  to  the  percentage  of  expanding  (o').  Further  micro-analysis 
showed  that  the  bonding  strength  was  in  the  direct  ratio  of  the  no 

reflection  percentage  (  rj  )  on  the  bonding  surface  of  the  specimen,  which  has 
been  parted  in  tensile  test  after  bonding.  The  Fig. 4  gave  the 

microphotographs  of  the  bonded  surface  of  the  specimen  with  different 
bonding  strength.  The  black  part  of  the  photo  was  the  bonded  area,  and  the 
white  part  was  no  bonded.  The  percentage  of  the  black  part  was  measured  by 
means  of  a  quantitive  metal lographic  microscope  (0PT0N  MV-2)  and  was  the 
percentage  of  the  bonded  area  (  tj  )  in  fact.  These  micro-photos  showed 
vividly  that  the  bonding  strength  was  the  additive  strength  from  a  lot  of 
micro  bonded  area.  The  more  the  micro  bonded  area  was,  the  higher  the 
bonding  strength  would  be.  The  relationship  among  the  bonding  strength,  the 
percentage  of  expanding  (  O' )  and  the  fraction  of  the  bonded  area  (  Tj  )  was 
shown  in  Fig. 5.  It  was  concluded  that  there  must  be  a  certain 

relationship  between  the  micro  bonded  area  and  the  plastic  deformation 
formed  during  cycle  phase  transformation.  The  micrograph  of  the  vertical 
section  close  to  the  bonding  seam  of  the  specimen  was  shown  in  Fig.  6.  In 
the  photo,  it  was  visible,  that  there  was  no  definite  line  at  the  place  well 
bonded,  and  that  the  unbonded  place  showed  many  voids. 
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Figure  4  -  Bonded  surfaces,  which  have 
been  parted  in  tensile  test  after 
bonding,  a)  Oj,  =  44.4kg /mm’ ,7=  0.71; 

b) <Tb=  SS.bkg/mm1 ,  r)=  0.90; 

c )  0b  =  59 . 5kg/mmJ  ,  r/=  0.96. 


Figure  5  -  Relationship  among 
bonding  strength,  expanding 
percentage  and  bonded  area 
percentage . 


The  Application  of  the  Transformation  Superplasticity  Bonding 


The  bonding  between  the  materials  of  same  sort  and  also  the  materials 
of  different  sort  can  be  done  by  the  utilization  of  the  effect  of 
transformation  superplasticity.  We  have  made  tools  and  dies  of  bimetal  based 
on  this  way.  Fig. 7  showed  the  extrusion  die  (1),  the  cold  forging  die  for 
nut  (2),  the  head  part  of  the  extrusion  die  for  alluminium  cover  for  tooth¬ 
paste  (3),  the  punch  for  nut  (4),  the  small  punch  for  silicon  steel  plate 
(5),  and  the  cold  extrusion  die  for  steel  shuttle  of  seamer  (6). 


Figure  6  -  Vertical  section  close  Figure  7  -  Complex  dies  and 
to  bonding  seam.  tools  by  bonding. 


Reference 


1.  Wang  Yanwen  and  Feng  Zezhou,  "Transformation  Superplasticity  under 
Pressure  in  Steels  and  Bonding",  Proceeding  of  Japan-China  Joint 
Symposium  on  Superplasticity,  1986,  Yokohama,  145-148. 


567 


DESIGN  CONCEPTS 


AND 

FUTURE  DIRECTIONS 


D3V2L0PMZHT  OF  SUP3RPLASTIC  FORMING  T3C3i OLOGY  IM  CHINA 


Hai  J intao,  Dai  Jilin,  Chen  Sanshan 

Bel.iing  Resarch  Institute  of  Mechanical 
and  Slectrical  Technology 

Z.R.Wang,  Zhang  Kaifeng 
Harbin  Institute  of  Technology 


Abstract 

The  superplastic  research  in  China  began  in  early  1970's, 
Chinese  researchers  repeated  the  work  of  foreigners  to  study  Zn- 
A1  alloy  in  this  period.  Since  1080’s,  we  have  caught  up  with 
advanced  countries  step  by  step.  We  have  emphasised  the  applica¬ 
tion  of  superplasticity  and  given  priority  to  study  on  the  su- 
oerplasti ci ty  of  existing-alloys  other  than  that  of  new  alloys. 
We  have  organized  the  researchers  who  study  in  different  fields 
such  as  material,  mechnics,  mechnism  and  plastic  material 
machining  together  and  extended  superolastic  research  Into  more 
new  fields. 

This  oacer  introduces  the  development,  strategy  and  practical 
application  of  superplastic  technology  in  china.  The  superplas- 
tcity  of  several  tons  of  alloys  have  been  systematically  Investigated 

such  ns  Ti-alloys,  Al-alloys,  Cu-allovs  and  steels,  and  se¬ 
veral  hundreds  of  practical  applications  in  different  domains  have 
been  obtained,  among  which  the  application  of  Ti-alloys  and  Al- 
alloys  achieved  especially  good  results.  We  have  also  made 
obviously  progress  in  the  transformation  superplasticitv,  diffu¬ 
sive  bonding,  powder  superplasticity  and  other  fields. 

How  there  are  near  one  hundred  organizations  and  enterprises 
all  over  the  country  participating  in  the  research  and  applica¬ 
tion  of  supe rplas ti ci ty .  Suoerplastic  technology  is  entering  a 
steady  stage  of  industrial  application. 

Supcrplasticity  and  Superplaatic  Forming 
Edited  by  Oil.  Hamilton  and  N.E.  Paton 
The  Minerals,  Metals  It  Materials  Society,  1988 
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The  General  Situation  of  the  Study  on  Superplastlclty  in 

China 

The  study  on  superplasticity  in  China  began  in  early  1970's 
with  the  cooperation  between  industry  and  scientific  research 
Institutes.  The  cooperation  is  carried  out  un  to  now  and  become 
a  noticeable  feature,  that  means  pay  attention  to  the  industrial 
application  of  superplasticity.  N ow  the  application  of  super¬ 
plasticity  has  extended  to  about  400  kinds  of  products  inclu¬ 
ding  the  fields  of  aerospace,  instrument,  electronics,  machinery 
and  light  industry. 

With  the  progressing  of  study  and  the  extending  of  its  applica- 
tions,  researchers  and  technicians  from  many  fields  join  in  the 
study  of  superplasticity  and  form  the  feature  of  wide  distribu¬ 
tion  of  the  researchers.  In  China  today,  there  are  more  than  30n 
professors,  scientists  and  engineers  from  about  100  units  engag¬ 
ing  in  the  study  of  superplasticity.  The  Dr.  and  MA  students 
both  in  university  and  scientific  research  institute  play  an  im¬ 
portant  role  in  the  study,  more  than  30  students  have  got  their 
Master's  Degree  and  a  few  people  got  a  PhD. 

At  the  same  time  of  paying  attention  to  the  forming  technology 
Chinese  scientists  study  material  deeply.  The  combination  of  ma¬ 
terial  and  forming  technology  gives  another  noticeable  feature 
in  the  development  of  superplasticity  in  China.  More  than  50 
kinds  of  superplastic  alloy  have  been  investigated  and  applied. 

(see  Table  1.)  While  developing  new  alloys,  Chinese  scientists 
pay  much  attention  to  the  increasing  ductile  properties  of  exis¬ 
ting  commercial  alloys  in  order  to  out,  them  into  practical  use 
as  soon  as  possible.  It  has  been  shown  the  measures  mentioned 
above  shorten  the  time  from  laborary  investigation  to  industrial 
application . 

Up  to  now,  four  sessions  of  symposium  on  superplasticity  have 
been  held  in  China  with  about  300  academic  papers  having  been  pub¬ 
lished.  Many  projets  on  sunerplas ti ci ty  are  superplasticity  are 
suported  by  the  Chinese  goverment.  In  1980,  the  National  Super¬ 
plasticity  Academic  Council  was  established. 

The  Superplastic  Hobbing  of  mould  and  die  cavity 

In  the  die  cavity  superplastic  hobbing,  the  materials  used  at 
the  beginning  of  research  were  Zn-alloys  (ZnA122,  ZnA14.  ZnA15, 
ZnA127,  ZnA122,  Cu0.5).  The  advantages  of  Zn-alloys  are  the 
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Jo 

Alloys  and  Contents 
(weight  %) 

Superplas¬ 
tic  tem¬ 
perature 

S  train 
rate  S_l 

m  Value 

max 

elonga¬ 
tion  a) 

1 

Al-6Cu-0. 5Zr 

430 

1.3  10*3 

0.42 

1600 

5. 

A 1  -1  0Zn-1  Mg-0 . 4Z  r 

550 

10_3-10~2 

0.64 

1950 

6 

Al-82n-1Mg-0.4Zr 

525 

10*3-10*2 

0.6 

1650 

7 

A 1 - 6Zn-2 . 2Mg-1  .  39Cu 
-0.25Mn-0.14Cr(LC4) 

516 

1 

O 

x — 

X 

r*-\ 

CO 

0.85 

1  550 

8 

LC  9 

500 

8.33x10*- 

1  300 

2 

Al-5. 5Ca 

550 

3. 3X1 0* 3 

0.40 

71  5 

3 

Al-5Ca-4.8Zn 

550 

8.33x1  O'3 

0.38 

930 

4 

Al-6Cu-0.35Mg-0.42r 

440 

1 . 67x1 0” 3 

0.47 

1  320 

9 

A 1  - 4 . 5C  u - 1  .  5Mg-0.6M 
(Lyl 2) 

440 

1 . 67x1 0*  4 

0.36 

330 

10 

A 1-6M g— 0. 6Mn-3  e 

520 

8.33x10*4 

1  000 

1 1 

Al-1 3si 

520 

8.33X10*4 

0.5 

248 

1  2 

62Cu-38Zn('i  62) 

750 

3.3x10*- 

0.65 

1  1  74 

1  3 

59Cu-40Zn-1pb(Hpb-1  ) 

620 

2x10*- 

0.45 

61  5 

1  4 

66Cu-6Al-3Mn-2Fe 
(4 ALMn66-6-3-2) 

720 

2 . 8x 1 0* 2 

0.32 

400 

1  5 

95CU-2.8A1-1 . 8Si -0 . 4 

600 

6x 1 0*  3 

750 

16 

T i -6A1 -4V ( TC  4 ) 

900-925 

- 1  0" 3 -1 0" s 

0.6 

1  500 

1  7 

Ti-5Al-4Mo-4Cr-2Sn- 

2Zr 

800-840 

1  0*--1 o*5 

0.6 

2000 

18 

TC  6 

900 

2000 

1  9 

Ti - 4A 1 -7Mo-1 0V -2Fe 

450-550 

*/» 

1 

o 

1 

-»• 

1 

O 

0.4 

300-500 

lower  deformation  resistance  force  and  forming  temperature,  they 
are  easy  to  flow  in  the  deformation.  So,  they  are  suitable  for 
the  making  of  plastic  bulging  and  injection  moulds. Fig. 1  shows 
the  plastic  parts  using  superplastic  forming  dies.  This  mold¬ 
making  technology  can  reduce  the  production  period  and  cut  down 
the  manufacture  expense.  The  surface  finish  of  mould  is  good. 
Among  those  die  cavity  moulds,  the  maximum  depth  is  131  nun,  the 
ratio  of  height  to  diameter  is  11,  the  maximum  extrusion  area  is 
460  cm2,  The  forming  force  required  is  less  than  1 00C  K1 . 
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The  successful  application  of  superplastic  die  forming  of 
Zn-alloys  encourages  the  Chinese  researchers  to  investigate  the 
superplastic  forming  of  steel  moulds  in  order  to  get  over 
the  limits  of  the  lower  working  temperature  and  lower  strength 
of  Zn-alloy  moulds.  For  the  die  cavity  area  of  460  mm2  mentioned 
above,  more  than  100,  000  KN  forming  force  is  needed  when  the 
die  is  extruded  for  mild  steel.  In  superplastic  forming  the  load 
can  be  reduced  to  1/5  to  1/3  of  the  original  value. 

In  the  developing  of  superplasticity  of  ferrous  metal,  the 
Chinese  researchers  pay  much  attention  to  those  used  currently 
in  industry,  such  as  5CrMnMo,  5CrtIiMo,  3Cr2W8V,  9SiCr,  CrWMn, 
Cr12MoV,  GCrl 5.  The  elongation  is  between  260-560?,  the  yield 
strss  is  2/3- 4/ 5  lower  than  the  non-superplastic  materials.  The 
superplasticity  of  steel  has  been  successfully  used  in  the 
making  of  moulds  of  connecting  rod  in  the  car,  cold  extrusion 
moulds  and  others.  Fig. 2  is  a  photo  of  a  steel  mould  made  by  the 
aid  of  superplasticity. 

The  Superplastic  Forming  of  Alloys  Which  are  Difficult 

to  Machine 

The  difficult  machined  alloys  which  are  widely  used  in  China 
are  Ti-alloys  and  Ni-alloys.  They  are  difficult  both  for  plastic 
forming  and  cutting  process.  The  reform  of  machining  process  of 
difficult  machined  alloys  is  becoming  the  key  in  many  technical 
fields,  such  as  aerospace  engineering. 

It  is  fortunate  that  the  superplastic  properties  of  Ti-alloys 
are  so  good  that  some  Ti-alloys  can  be  superplastic  formed  in 
commercial  supply  state.  Alomst  all  of  the  forming  techniques  of 
metals  are  employed  by  the  superplastic  forming  of  Ti-alloys  in 
China,  such  as  superplastic  extrusion,  superplastic  forging, 
sheet  metal  bulging,  bulging  with  empty  centre  and  the  compound 
process  of  bulging  and  diffusion. 

The  superplastic  forming  of  Ti-alloy  products  brings  about 
great  technical  and  economical  interests.  The  successful  forming 
of  a  kind  of  turbine  disks  with  dense  rows  of  axial  blades  made 
of  Ti-alloy  (the  distance  between  vanes  is  1.8mm,  the  thinnest 
thickness  is  0.3mm)  reduces  the  manufacture  cost  from  300  yuan 
per  piece  to  30  yuan  per  piece,  therefore  2,700,000  yuan  can  be 
saved  for  every  10,000  pieces.  On  the  other  hand,  the  total  ex- 
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pense  of  research  and  technical  reform  is  within  10?  of  the 
figure  above. 

The  high  pressure  spherical  vessels  made  of  Ti-alloy  play  an 
important  role  in  space  equipment.  Because  of  the  difficulty  of 
machining  of  Ti-alloy,  they  have  been  made  by  the  aid  of  two- 
piece  welding  structure  before.  The  technical  processes  are: 

workpiece-*first  forging-*twi  ce  die  forging  on  a120,000KN 
hydraulic  press-nnechanical  working  of  surface+heat  treatment-*- 
welding-*-X -ray  test+hydraulic  test 

The  superplastic  forming  of  gas  bulging  can  produce  one- 
piece  high  pressure  spherical  vessels  with  nonwelding  seam,  the 
technical  process  is  as  following: 

tube  billet-*cutting-*necking  by  spinning  -*-superplastic  forming 
by  bulging-*-mechanical  working  of  tube  mouth-*-hydraulic  test 

It  is  known  from  the  comparison  between  these  two  technical 
processes  that  the  superplastic  bulging  of  whole  sphere  exceeds 
the  high  capacity  equipments  and  welding  process,  the  gas 
bottle  with  nonwelding  seam  eliminate  the  unsafe  effects,  the 
stability  is  improved  greatly  and  the  manufacturing  cost  is  also 
reduced  largely. 

The  superplastic  formed  tubine  disks  and  gas  bottles  made  of 
Ti-alloy  are  shown  in  Fig. 3. 

Another  widely  concerned  problem  in  the  field  of  superplastic 
forming  research  in  China  is  the  solving  of  the  lower  forming 
capacity  of  N i  base  super  alloys.  The  superplastic  forming  of 
Xi  base  super  alloys  can  be  achieved  by  hot  extrusion  of  the 
power  of  Vi  base  alloys,  from  which  material  with  fine  grains 
will  be  obtained.  The  optimal  temperature  Is  investigated  by  experi¬ 
mental  results  show  that  great  force  is  needed  when  the  working 
temperature  is  low.  On  the  contrary,  if  the  extrusion  tempera¬ 
ture  is  high  no  superplastic  deformation  will  occur.  The  Ni  base 
super  alloy  after  the  extrusion  under  the  proper  temperature 
will  obtain  rather  high  elongation.  Sxperiments  show  this  process 
is  of  practical  significance  to  the  making  of  turbine  disks  and 
other  workpieces  made  of  Xi  base  super  alloys. 

It  is  known  that  the  cutting  property  of  N i  base  high  tem¬ 
perature  alloys  is  terrible.  In  cutting,  the  tools  are  worn 
rapidly,  the  cutting  force  and  cutting  heat  increase  greatly 
and  the  surface  condition  is  also  poor.  The  Chinese  scientists 
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have  obtained  the  ultra-thin  specimen  which  is  less  than  10  um 
(see  Fig. 4)  on  each  point  within  the  small  cutting  region  by  the 
aid  of  a  specimen  making  method  called  "m.t",  and  find  that  y' 
hardening  phase  disappears  when  the  temperature  is  between  930- 
1080  °C .  From  this  point,  a  new  concept  called  "superplastic 
cutting"  is  introduced,  this  means  under  a  certain  temperature 
the  material  within  the  small  cutting  region  is  of  superplastic 
state  and  high  efficiently  maching  can  be  achieved.  It  has  been 
proved  by  experiments  that  the  cutting  force  can  be  reduced  by 
30 %,  the  tool  wear  reduce  by  40?  and  the  cutting  efficiency  of 
material  inctease  by  100?  with  the  superplastic  cutting  method. 
This  method  set  up  a  new  approach  for  the  cutting  of  those 
difficult  machined  material. 

The  Superplastic  Forming  of  Arts  Craft  Articles 

In  plastic  forming,  the  minimum  radius  of  product  on  the 
corners  is  restricted  by  the  flowing  ability  of  material.  There¬ 
fore,  with  the  normal  extrusion  and  hydraulic  bulging  methods 
it  is  restricted  and  difficult  to  produce  a  product  with  fine 
detail  surface  and  complex  appearce  which  is  just  what  arts  and 
craft  articles  need. 

Since  the  opening  of  China  to  the  rest  of  the  world,  the 
tourist  enterprise  and  international  commerce  have  provided  a 
wide  market  for  arts  and  craft  articles.  In  such  circumstance, 
superplastic  forming  prompts  the  combination  between  metal  for¬ 
ming  technology  and  arts  and  craft  articles.  At  superplastic 
state  metal  flow  easily  and  form  a  sharp  corner,  which  meet  the 
need  of  the  copying  of  the  fine  and  complex  appearence  of  arts  and 
craft  articles.  The  extruded  memorial  coins  and  air  bulging  craft 
articles  with  Chinese  national  feature  gains  wide  popularity 
among  Chinese  and  foreign  people  (see  Fig. 5). 

Besides  what  are  mentioned  above,  a  series  results  have  been 
made  on  the  phase  transformation  superplastic  welding  of  steel 
on  compressive  state  and  the  applications  of  both  Ni-alloys  and 
Al-alloys . 

The  Study  and  the  Development  of  the  Deformation 

Mechanism  and  Mechanics  of  Superplasti cty 

Apart  from  the  application  research,  the  Chinese  researchers 
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of  superplasticity  have  made  a  series  of  theorical  researches 
on  the  deformation  mechanics  and  the  analysis  of  stress  and 
strain  from  the  points  of  metal  physics,  metal  science  and 
engineering  plasticity  correspondingly 

The  superplastic  deformation  mechanism  of  the  fine  and 

coarse  grain  and  the  effect  of  adding  trace  elements 

The  study  of  superplastic  deformation  are  focussed  on  three 
aspects: 

A.  The  superplastic  deformation  of  fine  grain 

On  this  aspect  the  conclusions  we  obtained  accord  with  what 
other  references  mentioned. 

8.  The  effects  of  trace  elements  on  the  fine  grain  super- 
plastic  deformation  mechanism,  especially  the  reform  of  super¬ 
plasticity  of  rare-earth  elements. 

It  has  been  verified  by  experiments  that  some  rare-earth 
element  Ce  collects  on  the  crystal  boundaries  apart  from  uni¬ 
formly  dispersed  base,  which  fined  grains,  in  other  words,  the 
proper  adding  of  rare-earth  can  refine  cast  structure. 

C.  Deformation  mechanism  of  coarse  grain  superplastic 
materials 

It  is  found  in  experiments  that  some  materials  with  grain 
size  over  200um  still  show  very  good  superplasticity  properties. 
This  kind  of  material  is  considered  to  have  high  value  of  app¬ 
lications.  Grain  refining  treatment  is  not  necessary  for  this  kind 
of  material  and  it  is  superplastic  in  commercial  state  of  coarse 
grains.  The  chemical  components  of  an  industrial  copper  alloy 
are  shown  in  Table  2. 


Table  2.  The  content  of  copper  alloy 


CCWT31T 

Cu 

Zn 

Al 

Mn 

Pb 

Fe 

P3RC3STAG3 

52.  06 

10-39 

2.56 

4.37 

0.50 

0.01 

The  initial  grain  size  is  about  200um  with  each  grain  having 
subgrains,  but  the  density  is  different  in  each  grain.  The  large 
grains  extends  in  the  direction  of  tension  after  tension  and  the 
number  of  subgrains  decrease.  This  shows  that  the  superplastic 
deformation  of  coarse  grained  alloys  is  mainly  within  grains, 
in  the  form  of  turning  and  twisting  of  subgrains.  Intergrain 
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slip  does  not  take  leading  place.  The  superplasticity  tempera¬ 
ture  is  400° c  and  elongation  can  be  reached  300?. 


Mechanical  analysis  of  superplastic  deformation 

The  research  on  superplastic  mechanics  in  China  initiated 
almost  at  the  same  time  with  the  development  of  superplastic  ma¬ 
terials.  And  progress  is  being  rapidly  made  in  this  field.  This 
includes  the  following  aspects: 

A.  Yielding  path  and  constitutive  equations  of  superplastic 
material  s. 

It  is  to  be  verified  by  experiment  whether  the  yield  path  and 
constitution  equations  are  applicable  to  superplastic  materials. 
The  Zn-Al  alloy  and  Sn-Pb  alloys  thin  tubes  were  used  under  the 
combination  of  tension-torsion.  The  yield  path,  as  shown  in  Fig.  6, 
could  be  obtained  based  on  the  experimental  results  of  shear 
stress  x  and  normal  stress  a.  This  path  lies  in  between  the 
Tresca  and  Mises  paths.  Experimental  investigations  also  shows 
that  the  yield  path  extends  uniformly  expands  as  the  strain  rate 
increases. 

Some  new  constitutive  equations  have  been  proposed  for  better 
explanation  of  this  phenomenon  of  superplasticity 

B.  Test  of  strain  rate  sensitive  exponent  m 

The  exponent  m  in  Backofen  equation  o  =  k*m  is  an  important 
parameter  to  represent  superplasticity  characteristics .  Much 
emphasis  has  been  put  on  the  test  of  m  from  investigators  of 
many  countries  including  China.  A  lot  of  test  methods  have  been 
proposed,  most  of  which  are  simple  in  test  means  and  sufficient 
in  accuracy  and  easy  to  use,  etc. 

First,  the  method  of  changing  cross  sections.  When  a  specimen 
of  changing  cross  section  is  stretched  because  of  the  strain 
rate  sensitivity  of  stress.  Rather,  deformation  spreads  from  the 
part  of  small  section  to  that  of  large  one.  A  formula  is  given 
to  calculate  m  in  changing  section  tension  test: 

m-ln(A 2/A  i  )/ln{Ej/E  i )  (1) 

where,  A  is  area  of  cross  section,  e  is  strain,  foot  numbers  1 
and  2  shows  parts  of  different  sections. 

Second,  the  method  of  load-specimen  length.  The  calculating 
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formula  is 


p 

m=-dlog  /dlogl-1 


(2) 


where,  P  is  load  and  1  the  length. 

In  addition,  there  are  methods  of  changing  loads,  hardness 
and  so  on.  A  series  of  new  ideas  are  presented  of  the  physical 
sense  of  m,  the  relation  ship  between  m  and  elongtion  6  and  the 
unification  of  the  testing  methods  of  m. 

C.  Some  methods  of  classical  plasticity  applied  to  superplaaticity 
deformation  analysis 

At  present,  the  primary  conditions  for  analysing  superplastic 
deformation  are:  1.  Accept  that  superplastic  deformation  observes 
iiises  yield  criterion  2.  Constitution  equation  is  o=kjm  ,  or 
Backofen  equation.  In  essence,  it  is  the  introduction  of  strain 
rate  sensitivity,  characterized  by  Backofen  equation,  into 
classical  plasticity  methods.  Of  course,  this  brings  about  some 
difficulties  for  analysis.  CJ p  till  now,  many  methods  of 
engineering  plasticity  have  heen  used  to  solve  problems  of  su¬ 
perplasticity  . 

The  key  to  analyze  superplasticity  defornation  using  the  slab- 
method  lies  in  the  introduction  of  Backofen's  equation  into  the 
equilibrium  equations.  For  a  thick-walled  tube  under  uniform 
inner  pressure,  the  radial  stress  or  is 


(!)2m_  1  ^o2mP 
r  2m  □ 

r0 


(3) 


where,  m  is  strain  rate  sensitivity  exponent. 

For  most  problems,  a  formula  like  (3)  can  be  obtained.  Take 
the  suoerplastic  compression  of  circular  ring,  numerical  integral 
of  the  equations  are  needed  to  obtain  the  standard  curve  for 
testing  friction  coefficient  of  superplastic  deformation  ( see 
Tig.  7}  . 

The  slab  methods  has  also  been  used  in  air  bulging  of  sheet 
metals.  Bulging  of  circular  sheet  and  V-slot  has  been  analysed. 

Other  methods  such  as  variational  method  and  visual  plasticity 
are  said  to  be  noticed. 

As  a  new  branch  of  science,  supemlasticity  is  still  unknown 
in  many  respects.  Its  aoplication  will  be  extremly  wide..  We 
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Chineses  researchers  will  co-operate  with  colleagues  in  other 
countries  in  this  new  branch  of  science. 


In  this  paper,  only  an  outline  is  given  of  the  progress  of 
superplasticity  technology  in  China  in  recent  years.  Other  new 
achievements  will  be  presented  else  where  in  the  same  collection 
of  this  conference. 


f 


Fig.  1  The  plastic  products  made  from  the  superplastic 
formed  moulds 


Fig. 2  The  photo  of  a  steel  mould 
from  superplastic  forming 
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F i cj .  3  The  superplastic  formed  turbine  disks  and  gas 
bottles  made  of  Ti-alloy 


Fig. 4  The  phenomenon  of  cutting  region  of  Si  base  super 
alloy 
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ABSTRACT 

Three  types  of  atomistic  mechanisms  are  proposed  for  superplastic  defor¬ 
mation  in  ceramic  materials.  They  are  distinguished  by  the  structure  of 
grain  interfaces  since  matter  transport  between  interfaces  is  invariably  the 
key  feature  of  superplasticity  in  crystalline  materials.  In  Type  I,  bound¬ 
ary  structure  is  such  that  the  exchange  of  atoms  at  the  interface  is  much 
faster  than  grain  boundary  diffusion.  In  this  type  boundaries  generally 
have  a  high  angle  structure.  In  Type  II,  boundaries  contain  a  small  amount 
of  fluid  which  leads  to  enhanced  diffusion  at  the  interface  provided  that 
the  crystal  phase  is  at  least  somewhat  soluble  in  the  liquid.  In  Type  III 
the  interfaces  are  predominantly  low  angle  boundaries.  Interestingly,  the 
last  type  produces  the  fastest  rates  of  superplastic  deformation  and,  there¬ 
fore,  is  technologically  most  significant,  but  also  is  the  least  understood. 
He  speculate  that  grain  boundary  dislocations  shuttle  between  interfaces  to 
produce  Type  III  superplasticity. 


Supcrplasticily  and  Superplastic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Paton 
The  Minerals,  Metals  &  Materials  Society,  1988 


583 


INTRODUCTION 


Superplastic  flow  Is  the  ability  of  polycrystalline  solids  to  defora  at 
teaperatures  considerably  below  the  melting  point  In  a  way  that  Is  phenomeno¬ 
logically  similar  Co  the  flow  of  glass.  Elongations  of  several  thousand 
percent  can  be  obtained  without  flow  localization  and  fracture  that  char¬ 
acterizes  ordinary  defornatlon  of  crystalline  solids.  The  technological 
significance  of  superplastic  flow  is  highlighted  by  the  fact  that  materials 
which  are  very  hard  such  as  ceramics  can  deform  In  superplastic  flow  with 
ease.  Often,  superplastic  deformation  Is  the  only  mechanism  that  can  be 
employed  in  net-shape  forming  of  hard  materials. 

A  detailed  understanding  of  superplastic  flow  develops  when  the  phe¬ 
nomenon  Is  approached  from  several  standpoints  that  Include  the  mechanics  of 
flow  localization  in  large  deformations,  modelling  of  superplastic  flow  using 
a  materials  science  approach,  and  the  knowledge  of  the  atomic  structure  of 
grain  boundaries.  Each  is  discussed  below: 


(a)  Mechanics  of  Flow  Localization 


From  a  continuum  standpoint,  large  deformations  in  a  strain  rate  sen¬ 
sitive  material  are  possible  only  if  the  Btraln  rate  sensitivity  index,  m, 
in  the  flow  equation  is  close  to  unity.  The  ability  of  a  material  to  resist 
flow  localization  is  explicitly  related  to  the  strain  rate  sensitivity  index 
(1).  The  index  is  defined  by  the  relationship  between  the  deviatorlc  (or 
shear)  stress,  o^,  and  the  deviatorlc  strain  rate,  c  ,  as  given  below: 


The  parameter  B  in  Eq.  (1)  Includes  the  effects  of  temperature  and  micro¬ 
structure.  The  equation  assumes  that  the  microstructure  remains  constant 
during  deformation. 

The  formablllty  of  a  material  is  tied  to  the  value  of  m  in  Eq.  (1). 

In  the  ideal  case,  m"l,  the  material  behaves  like  a  Newtonian  viscous  fluid, 
and  is  indefinitely  deformable.  In  reality,  even  smaller  values  of  m  lead 
to  ductility  that  is  large  enough  for  most  forming  operations  (2).  Gener¬ 
ally,  in  polycrystals,  the  flow  is  assumed  to  be  potentially  superplastic  if 
m  lies  in  the  range  0.4<m<1.0. 


(b)  Micromechanlstlc  Modelling  of  Superplastic  Flow 

The  success  of  superplastic  flow  emanates  from  the  fact  that  two  clas¬ 
sical  mechanlsma  of  dlffusional  creep  known  as  Nabarro-Herrlng  creep  (3)  and 
Coble  creep  (4),  lead  to  an  equation  of  the  type  given  by  Eq.  (1)  where  m«l. 
The  mechanism  Involves  transport  of  atoms  from  one  Interface  to  another 
either  by  lattice  diffusion  (N-H  creep),  or  by  boundary  diffusion  (Coble 
creep).  In  fact  both  transport  paths  are  additive,  leading  to  the  following 
general  equation  for  dlffusional  creep  (5,6): 


a 

e 


c 


d 


3 


*14n(«D.  +  udD  ) 
b  v 


(2) 


where  Q  is  the  atomic  volume,  d  is  the  grain  size  and  D.  and  D  are  the 
boundary  and  lattice  diffusion  coefficients.  £  is  the  dlffusional  width 
of  the  grain  boundary.  The  derivation  of  Eq.  (2)  assumes  that  grain  inter¬ 
faces  are  ideal  sources  and  sinks  of  atoms,  that  is,  the  interface  reac- 
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tion  Is  ouch  faster  than  the  tine  required  for  the  atons  to  diffuse  over  a 
distance  of  about  one  grain  size. 


Equation  (2)  assumes  that  the  entire  polycrystal  deforms  by  dlffuslonal 
creep.  If  this  were  so  then  the  ideal  value  of  n»l  will  be  obtained.  In¬ 
deed,  that  has  been  found  to  be  the  case  for  hard  materials  such  as  ceramics 
(7,8,9).  But  in  metals,  other  deformation  mechanlsaa  Intervene  which  have  a 
smaller  value  of  m;  this  often  creates  mixed  mode  defornation  involving  both 
dlffuslonal  creep  for  which  m“l ,  and  dislocation  creep  for  which  m£0.25. 


(c)  Grain  Boundary  Structure 

The  derivation  of  Eq.  (2)  assumes  the  grain  boundary  to  have  very 
simple  properties.  It  assumes  (a)  that  the  boundary  provides  a  path  for 
fast  dlffuslonal  transport  (10),  and  (b)  that  the  atoms  can  be  absorbed  and 
emitted  at  the  boundary  with  ease.  The  fact  that  the  second  assumption 
appears  to  hold  in  many  materials  is  remarkable;  it  implies  that  the  growth 
of  a  crystal  that  meets  another  crystal  at  a  grain  boundary  can  be  at  least 
as  fast  as  the  growth  of  free  crystal  surface  from  the  vapor  phase. 

The  structure  of  interfaces  can  influence  superplastic  flow  in  various 
ways.  The  transport  properties  of  the  Interface  are  likely  to  be  structure 
dependent.  The  rate  at  which  atoms  can  exchange  with  the  crystals  may  be¬ 
come  limited  by  the  structure  of  the  interface.  In  ceramics,  in  particular, 
the  Interface  can  trap  a  very  thin  film  of  a  fluid  phase  that  can  enhance 
diffusion.  Another  consequence  of  structure  Is  that  the  growth  and  dissolu¬ 
tion  of  crystals  can  lead  to  enhanced  mobility  of  the  interface;  this  re¬ 
sults  in  grain  growth  that  is  entirely  strain  induced.  The  phenomenon  of 
strain  induced  grain  growth  is  not  only  interesting  fundamentally,  it  is 
also  technologically  important  since  the  flow  stress  Increases  as  the  third 
power  of  the  grain  size  (see  Eq.  2);  a  large  increase  in  the  flow  stress  can 
abort  a  superplastic  forming  process. 

The  ideas  given  above  reflect  unusual  experimental  aspects  of  super- 
plastic  behavior  that  cannot  be  explained  in  terms  of  Eq.  (2).  They  reflect 
the  importance  of  the  structure  of  the  grain  boundary.  In  order  to  give 
form  to  these  ideas  we  classify  the  relationship  between  superplastic  flow 
and  the  structure  of  grain  boundaries  into  three  types: 

Type  I.  Here  the  boundaries  are  assumed  to  be  high  angle  boundaries. 
Typically  these  will  be  found  in  single  phase  materials  when  the  grain  size 
is  greater  than  a  few  micrometers. 

Type  II.  Fine  grained  polycrystals  that  contain  a  few  volume  percent 
of  a  fluid  phase  in  grain  interface  regions  form  an  Important  class  of 
ceramic  materials.  The  presence  of  even  a  very  small  amount  of  the  fluid, 
less  than  1  percent,  for  example,  can  have  a  dramatic  effect  on  the  super¬ 
plastic  characteristics  of  the  polycrystals. 

Type  III.  This  type  is  the  least  understood  and  potentially  of  greatest 
technological  importance  because  it  appears  to  produce  very  fast  rates  of 
deformation.  We  assume  that  in  this  case  boundaries  are  assumed  to  be  pre¬ 
dominantly  of  low  angle.  Their  structure  is  described  as  arrays  of  lattice 
dlslocationa.  Recent  work  shows  that  the  population  of  low  angle  boundaries 
in  polycrystals  increases  as  the  grain  size  gets  smaller;  thus  Type  III  may 
be  relevant  to  ultra  fine  grained  ceramics,  for  example  zlrcouia. 

In  the  following  sections  features  of  each  of  the  three  types  are  dis¬ 
cussed  with  the  intention  of  showing  the  different  ways  in  which  grain 
boundary  structure  can  lead  to  distinctly  different  superplastic  behavior. 
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A  schematic  description  of  the  three  types  of  grain  boundaries  Is  given  in 
Fig.  1. 


TYPE  X:  Superplastic  Flow  by  Nabarro-Herrlng/Coble  Creep 

In  his  classical  derivation  of  dlffusional  creep  Herring  (3)  assumed 
that  grain  boundaries  are  perfect  sources  and  sink  of  vacancies.  The 
mechanism  is  Illustrated  schematically  In  Fig.  2  by  means  of  a  single 
grain  that  changes  Its  shape  by  diffusion  of  atoms  along  the  surface.  The 
Interesting  point  about  this  mechanism  is  that  the  rate  of  deformation  can 
be  related  explicitly  to  the  kinetics  of  atom  transport  and  to  the  kinetics 
of  crystal  growth  and  dissolution  at  grain  boundaries.  Just  as  crystal 


Type  n 


Type  m 


Subgroin 


Boundaries 


Fig.  1.  The  three  types  of  superplastic  flow  are  based  upon  differences 
In  grain  boundary  structure.  In  Type  I  boundaries  are  normal,  high  I 
boundaries.  They  occur  most  commonly  In  single  phase  polycrystals  having 
a  grain  sice  of  a  few  Um.  In  Type  II  boundaries  contain  a  thin  film  of  a 
fluid  phase;  this  Is  often  the  case  In  ceramic  materials.  In  Type  III  the 
boundaries  are  predominantly  low  angle  or  subgrain  boundaries. 
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Fig.  2.  A  schematic  showing  how 
a  crystal  grain  can  change  its 
shape  by  the  diffusion  of  atoms 
along  its  surface.  A  similar 
process  can  occur  in  polycrystals 
except  that  atoms  move  along 
Interfaces. 


Fig.  3.  Strain  induced  grain  growth 
in  alumina  during  superplastlc  de¬ 
formation.  The  open  point  is  the 
virgin  grain  size.  The  full  points 
have  the  same  time  and  temperature 
hlBtory  but  represent  varying 
amounts  of  applied  strain;  the 
e  -0  specimen  was  annealed  without 
deformation  while  the  other  speci¬ 
mens  were  deformed  at  increasing 
strain  rates. 


growth  and  solid  state  transformation  kinetics  can  be  interface  limited  or 
diffusion  limited  (11).  diffuslonsl  creep  can  also  be  limited  either  by  the 
rate  at  which  atoms  are  removed  from  or  attached  to  the  crystals  at  the 
grain  boundaries,  or  by  the  rate  at  which  the  atoms  are  transported  over  a 
distance  of  about  one  grain  size. 

The  assumption  Inherent  in  Eq.  (2),  that  creep  is  diffusion  rather  than 
interface  reaction  limited,  can  be  experimentally  confirmed  by  studying  the 
grain  size  dependence  in  the  equation.  Interface  limited  creep  would  give  a 
linear  grain  size  dependence  (12)  instead  of  the  square  or  the  cubic  depen¬ 
dence  obtained  for  the  diffusion  limited  case.  Nearly  all  experimental 
data,  obtained  on  a  variety  of  materials,  shows  a  cubic  grain  size  depend¬ 
ence  (fast  strain  rates  of  deformation  require  a  grain  size  of  a  few 
micrometers  or  smaller;  at  these  grain  sizes  the  boundary  diffusion  term  in 
Eq.  (2)  is  dominant  which  prescribes  a  cubic  grain  size  dependence  of  flow 
stress) .  Clesr  evidence  of  linear  grain  size  dependence  has  not  yet  been 
obtained,  leading  to  the  inference  that  grain  boundaries  do  not  create  a 
barrier  to  the  growth  and  dissolution  of  crystals.  In  one  sense  this  is  not 
a  surprising  result.  Since  boundaries  have  structure,  tbe  diffusion  of 
atoms  along  the  Interface  probably  Involves  Jumps  betwsen  ledge  sites,  which 
is  also  mechanism  that  underlies  the  growth  and  dissolution  of  the  crystal; 
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diffusion  over  the  distance  of  several  atoa  spacings,  therefore,  would  be 
necessarily  slower  than  the  Interface  reaction. 

The  fact  that  Interfaces  have  definite  structure  la  believed  to  lead 
to  the  unusual  phenomenon  of  strain  Induced  grain  growth  In  superplastic 
deformation  of  single  phase  materials .  The  results  for  alumina  (7)  are 
shown  in  Fig.  3;  the  open  circle  shows  the  Initial  grain  size  and  the  full 
circles  show  the  grain  size  as  a  function  of  the  applied  strain.  The  full 
circles  represent  specimens  which  had  experienced  the  same  time  and  tem¬ 
perature  history  but  different  strain  (and  strain  rate)  history;  for  ex¬ 
ample,  the  point  at  zero  strain  was  simply  annealed  without  deformation,  and 
the  other  points  were  deformed  for  the  same  time  and  at  the  same  temperature 
but  to  different  strains  (by  varying  the  rate  of  deformation) . 

In  summary,  Type  I  superplasticity  Is  limited  by  the  transport  prop¬ 
erties  of  grain  interfaces.  Single  phase  polycrystals  that  contain  mostly 
high  angle  boundaries  follow  this  behavior.  The  unusual  effect  of  Interface 
structure  is  that  It  leads  to  strain  induced  grain  growth;  this  phenomenon 
is  most  probably  tied  to  the  atomistic  mechanism  involved  in  superplastic 
deformation  where  atoms  are  transported  in  order  to  change  the  shape  of  the 
grains  by  a  crystal-growth-and-dlssolutlon-llke  process.  The  structure  In 
the  boundary  can  produce  asymmetric  growth  in  the  crystals  that  meet  at  an 
Interface;  as  a  result  some  crystals  can  grow  at  the  expense  of  their 
neighbors  leading  to  strain  induced  grain  growth.  A  definitive  study  of 
this  mechanism  has  not  yet  been  carried  out. 


TYPE  II:  Superplastic  Flow  Enhanced  by  a  Fluid  Phase 

Impurity  segregation  in  grain  boundaries  can  create  a  liquid  phase  if 
the  segregants  form  a  low  temperature  eutectic  with  the  crystalline  phase. 

In  ceramics,  the  presence  of  silica  at  Interfaces  is  a  common  cause  of  a 
liquid  eutectic  phase.  The  residual  silica  can  arise  from  additives  that 
are  used  to  promote  sintering  (example:  silicon  nitride),  or  from  Incomplete 
crystallization  of  the  glass  In  glass  ceramic  materials  (example:  B-spodu- 
mene) ,  or  from  unintentional  absorption  of  silica  during  powder  processing 
and  sintering  since  silica  Is  a  combos  Impurity  in  the  environment  and, 
especially.  In  the  Insulation  materials  used  In  high  temperature  furnaces. 
The  presence  of  a  chin  fluid  layer  of  a  silicon-oxynitride  glass  in  silicon 
nitride  has  a  dramatic  effect  on  the  creep  rate  (13).  The  data  In  Fig.  4 
show  that  silicon-nitride  that  Is  processed  with  a  glass  additive  deforms 
much  faster  than  the  reaction  bonded  material  which  is  free  from  silica.  In 
another  study  (14)  a  comparison  between  the  creep  of  aggregates  of  potassium 
chloride  that  were  saturated  in  one  case  with  water,  and  in  another  case 
with  alcohol,  demonstrated  that  creep  enhancement  Is  not  possible  unless  the 
crystal  has  some  solubility  in  the  fluid  (15). 

A  mechanistic  understanding  of  how  the  liquid  phase  enhances  creep  is 
not  entirely  understood,  principally  because  the  stomietlc  detalle  of  the 
structure  are  not  clear.  High  resolution  microscopy  of  Interfaces  In 
slllcon-nltrlda  show  that  the  glass  resides  at  the  triple  junctions  while  a 
thin  layer,  approximately  1  to  2  m  thick,  is  trapped  at  the  two  grain 
junctions  (16);  this  result  agrees  with  thermodynamic  analysis  that  Is  based 
upon  Interface  free  energy  arguments  (17).  A  simple  view  of  liquid  phase 
enhanced  creep  is  that  the  fluid  enhances  the  rate  of  dlffuslonal  transport 
through  the  Interface;  since  the  thickness  of  this  layer  is  believed  to  be 
Independent  of  the  total  volume  fraction  of  the  glass  we  Infer  that  only  a 
small  amount  of  the  liquid  is  needed  to  promote  creep  enhancement;  although 
definitive  studies  of  this  point  have  not  been  done,  in  general  the  data 
support  this  prediction. 
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Fig.  4.  The  Influence  of  approximately  1  to  5Z  liquid  phase  on  the  creep 
rate  of  silicon-nitride  (13). 


The  details  of  the  interface  structure  become  Important  when  one  con¬ 
siders  the  thermodynamic  driving  force  for  matter  transport  (the  normal 
traction  gradient  at  Interfaces) ,  and  the  kinetics  of  matter  transport 
(Interface  diffusion) .  The  dichotomy  arises  because  on  the  one  hand  we 
require  the  Interface  to  support  a  gradient  in  normal  traction,  while  on  the 
other  we  ask  for  the  presence  of  a  continuous  fluid  film  that  can  enhance 
dlffusional  transport;  the  conceptual  difficulty  arises  because  a  continuous 
fluid  film  cannot  support  a  gradient  in  normal  traction.  In  one  proposal 
(18)  the  Interface  is  assumed  to  have  an  island  structure  where  solld-to- 
solid  contacts  support  traction  gradients  and  the  interpenetrating  fluid 
provides  a  path  for  fast  diffusion  (see  Fig.  5) .  The  matter  remains  unre¬ 
solved.  An  important  phenomenological  difference  between  Type  1  and  Type  II 
behavior  is  that  strain  induced  grain  growth  that  occurs  in  Type  I  is  not 
seen  in  Type  II  superplasticity  (9) ;  the  explanation  should  lie  in  the 
difference  in  the  structure  of  the  Interface.  The  other  difference  between 
the  two  cases  is  that  interface  limited  creep  (with  linear  grain  size  de¬ 
pendence  of  the  flow  stress)  definitely  occurs  in  Type  II  (9,18)  but  has  yet 
to  be  unambiguously  reported  in  Type  I  superplasticity. 

The  flow  equation  for  Type  II  superplasticity  has  been  derived  in  Refs. 
15  and  18  by  invoking  the  mechanical  work  argument  that  equates  the  external 
work  done  to  the  energy  dissipated  in  dlffusional  transport.  Here  we  give 
the  result  for  the  diffusion  limited  case  (15): 


2.3  coft 


(3) 


where  c  is  the  molar  solubility  of  the  crystal  in  the  fluid,  n  is  the  vis¬ 
cosity  of  the  grain  boundary  phase,  0  is  the  atomic  volume,  d  is  the  grain 
size,  and  a  is  a  factor  that  depends  on  the  structure  of  the  grain  boun¬ 
daries.  Mote  that  the  equation  does  not  depend  on  the  volume  fraction  of 
the  liquid  phase  but  it  does  depend  on  its  viscosity.  The  linear  relation 
between  stress  and  strain  rate,  and  the  cubic  dependence  on  grain  size  have 
been  unambiguously  established  experimentally  (9)  in  a  modal  glass  ceramic 
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Fig.  S.  A  proposed  Island  structure  of  the  interface  in  polycrystals 
where  the  fluid  phase  leads  to  enhanced  rates  of  deformation.  The 
solid-solid  contacts  can  support  the  traction  gradients  while  the 
topologically  interconnected  fluid  layer  provides  a  path  for  enhanced 
diffusion  (18). 


material.  A  picture  showing  auperplastic  deformation  in  a  specimen  is 
reproduced  in  Fig.  6. 

Interestingly.  Eq,  (3)  predicts  that  the  viscosity  of  a  ceramic 
polycrystal  is  directly  proportional  to  the  viscosity  of  the  glass  phase 
even  when  the  glass  is  present  in  small  amounts.  Presence  of  dopants  can 
change  the  viscosity  of  the  glass  by  several  orders  of  magnitudes,  and  is, 
therefore,  an  Important  processing  variable.  The  results  in  Fig.  7  show 
the  vide  range  of  strain  rates  that  are  obtained  in  0-spodumene  glass 
ceramics  simply  by  changing  the  chemistry  of  the  intergranular  glass.  The 
graph  shows  the  grain  size  normalized  strain  rate  plotted  against  the  flow 
stress.  The  linear  slope  for  each  data  set  shows  adherence  to  Eq.  (3),  but 
the  change  in  the  strain-rate  Intercept  is  the  result  of  the  change  in  the 
viscosity  of  the  Intergranular  glass.  As  the  glass  becomes  increasingly 
pure  silica,  its  viscosity  decreases;  the  change  spans  several  orders  of 
magnitude . 

In  summary.  Type  II  superplasticity  is  produced  by  the  presence  of  a 
very  thin  layer  of  a  fluid  phase  at  grain  Interfaces.  The  film  enhances 
diffusion  but  in  contrast  to  Type  I  superplastldty ,  strain  Induced  grain 
growth  is  not  observed.  Also,  Type  II  superplasticity  shows  evidence  of 
Interface  reaction  controlled  deformation  vhich  has  not  yet  been  seen  un¬ 
ambiguously  in  Type  I  superplasticity.  Thesa  differences  reflect  the 
difference  in  the  atomic  structure  of  Interfaces  with  and  without  a  fluid 
phase,  but  are  not  well  understood  at  this  time. 
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Fig.  6.  Superplastic  deformation 
of  a  ceramic  material  containing 
leas  than  5Z  residual  glass  (9) . 


Fig.  7.  Effect  of  the  composition 
of  the  segregated  glass  phase  on 
the  strain-rate  of  polycrystals 
of  the  same  crystalline  material. 
The  linear  slope  between  grain-size 
compensated  strain  rate  and  the 
flow  stress  is  In  agreement  with 
Eq.  (3).  (9). 


TYPE  III:  Sub-Grain  Superplasticity 

The  dlffuslonal  mechanisms  of  superplasticity  described  as  Type  I  and 
Type  II  lead  to  a  strain  rate  sensitivity,  m,  equal  to  unity.  In  sub-grain 
superplaatlcity  m  Is  approximately  equal  to  0.5.  This  case  of  superplas¬ 
ticity  has  been  much  less  studied  than  the  previous  two.  The  mechanism  is 
not  well  understood  and  features  of  this  mechanism  described  here  are  likely 
to  be  controversial.  In-depth  studies  are  particularly  needed  because  this 
type  of  super plasticity  leads  to  the  highest  rates  of  deformation  and, 
therefore.  Is  technologically  significant.  The  special  features  of  Type  111 
superplasticity  are  now  discussed. 

Measurement  of  the  strain  rate  sensitivity  and  the  grain  size  depen¬ 
dence  of  the  flow  stress  can  distinguish  between  the  dlffuslonal  and  the 
dislocation  mechanisms  of  deformation.  As  discussed  earlier  the  dlffuslonal 
mechanism  requires  a  grain  size  dependence  such  that  the  flow  stress 
increases  rapidly  with  increasing  grain  size.  In  the  dislocation  mechanism 
the  flow  stress  la  either  independent  of  the  grain  size  or  decreases  with 
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increasing  grain  size.  The  n  value  is  not  an  unambiguous  indicator  of  a 
distinction  between  the  dislocation  and  dlffusional  mechanisms.  While  m-1 
necessarily  implies  dlffusional  creep,  m<l  can  be  a  result  of  either  diffu- 
slonal  or  dislocation  creep,  or  a  combination  of  both. 

In  at  leaat  two  ceramic  materials  evidence  of  subgrain  superplasticity 
has  been  obtained.  In  magnesium  eliminate  spinel,  m~0.5  was  measured  and 
the  flow  stress  waB  found  to  drop  with  increasing  grain  size  (19).  In 
zlrconia,  m-0.5  (20)  was  measured  and  dominant  mechanism  was  ascertained  to 
be  dislocation  creep  (21).  The  behavior  of  these  two  ceramics  resembles  the 
very  high  strain  rate  superplasticity  that  has  been  reported  in  specially 
processed  aluminum  alloys  (22);  here,  two  very  interesting  observations  were 
made  with  regard  to  the  grain  structure:  first,  the  grain  size  depended  on 
the  deformation  parameters  (strain  rate  and  temperature)  rather  than  on  the 
initial  grain  size  of  the  polycrystal,  and  second,  the  grain  boundaries  were 
generally  low  angle  boundaries  with  a  Disorientation  of  between  one  and  five 
degrees.  In  aluminum  alloys  the  subgrain  size  was  approximately  1  pm,  in 
the  spinel  the  subgrain  size  varied  from  10  to  IS  pm,  while  in  zlrconia  it 
is  not  yet  confirmed  whether  or  not  the  interfaces  were  low  angle  boundaries. 

Assuming  that  the  subgrain  boundaries  in  Type  III  superplastldty  con¬ 
sist  of  arrays  of  lattice  dislocations,  a  modal  has  been  proposed  (22)  where 
deformation  accrues  by  the  transfer  of  dislocations  from  one  boundary  to 
another  via  the  crystal  lattice,  as  shown  schematically  in  Fig.  8.  In  the 
steady  state,  the  emission  rate  of  the  dislocations,  will  be  equal  to  the 
arrival  rate  of  dislocations  at  the  adjacent  interface;  both  will  be  equal 
to  the  ratio  of  the  dislocation  velocity  through  the  lattice  divided  by  the 
subgrain  size,  which  we  call  d*.  If  it  is  assumed  that  the  dislocation 
velocity  is  related  to  the  applied  shear  stress  by  a  linear  coefficient  of 
friction  V,  then  it  can  be  shown  (22)  that: 


J 


h  V-  *-  t-  »-  t- 


X..-X— *X.. 
(mobility) 


1 

X 

l 

X 

X 

1 

1 

X 

1 


I 

X  (emission  rate) 


Fig.  8.  A  schematic  explaining  the  mechanism  of  Type  III  superplasticity. 
The  grain  boundaries  are  assumed  to  be  low  angle  boundaries  and  deforma¬ 
tion  occurs  by  emission  and  absorption  of  dislocations  between  the  boun¬ 
daries.  The  dislocations  travel  through  the  crystal  lattice. 
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where  40  is  che  alsorlentation  at  the  boundaries  and  (1  is  the  atomic  volume. 
At  a  fixed  value  of  the  subgrain  size,  d' ,  the  equation  predicts  a  linear 
relation  between  stress  and  strain  rate.  Actually,  experience  shows  Chat 
the  subgrain  size  decreases  with  increasing  strain  rate,  which  means  that 
the  flow  stress  will  Increase  less  rapidly  with  strain  rate  than  suggested 
by  the  linear  relationship,  leading  to  a  strain  rate  aensitivlty  of  less 
than  one.  Eq.  (4)  is  a  first  step  in  understanding  this  type  of  super- 
plastic  flow,  where  the  macroscopic  deformation  behavior  is  linked  to  the 
structure  of  interfaces. 

In  summary.  Type  til  superplasticity  is  believed  to  be  a  result  of  a 
polycrystal  that  contains  predominantly  small  angle  grain  boundaries.  It  is 
the  least  understood  of  the  three  types  discussed  in  the  paper  but  is  tech¬ 
nologically  most  significant  because  it  produces  very  high  strain  rates. 
Further  work  should  emphasize  this  case  of  superplastic  deformation. 
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FORMING  NON-SUPERPLASTIC  MATERIALS  WITH  SUPERPLASTIC  MEMBRANES 


D.M.Ward 

Incoform  Limited, 
Wiggin  Street, 
Birmingham.  England. 


Abstract 


Knowledge  of  superplasticity  has  led  to  the  development  of  a  related 
technology  that  uses  a  superplastic  sheet  to  form  non-spf  alloys.  The 
process  developed  by  Incoform  for  aerospace  components  is  called 
■membrane'  forming  and  uses  a  throwaway  or  reusable  standard  spf 
(membrane)  sheet  to  form  the  non-spf  (component)  sheet. 

The  purpose  behind  this  development  was  to  apply  the  benefits 
of  superplastic  forming  i.e.  one  die,  accuracy  of  form,  repeatability, 
no  spring  back  to  non-spf  alloys  for  the  additional  cost  of  a  membrane. 

The  results  of  membrane  forming  show  that  while  the  spf  sheet 
(membrane)  is  being  blow  formed  in  the  standard  spf  process  it  draws 
the  non-spf  3heet  along  with  it  into  the  form  of  the  die.  Because  the 
non-spf  sheet  is  free  to  move  it  forms  with  much  less  thinning  and 
structural  damage  than  if  it  had  been  stretched  to  shape.  Nickel, 
titanium  and  aluminium  non-spf  alloys  are  formed  to  complex  curvatures 
by  membrane  forming  without  structural  damage  and  with  little  or  no 
thinning.  Aluminium  and  titanium  spf  alloys  formed  by  the  same  membrane 
technique  also  show  the  same  benefits  of  reduced  thinning  and  minimal 
structural  damage. 

Potentially,  the  new  technique  can  be  used  on  numerous  alloys. 
Inevitably,  there  are  limits  on  the  complexity  of  shape  that  can  be 
formed  by  this  technique  and  it  is  likely  to  be  limited  to  the  aerospace 
industry  because  of  the  added  cost  of  the  membrane. 


Suporplaaticity  and  Superplastic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Paten 
The  Minerals,  Mctala  &  Material*  Society,  1988 
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Introduction 


The  benefits  that  accrue  from  superplastic  forming  are  many  and 
are  documented  in  the  technical  publications  on  this  subject.  For 
aerospace  applications  these  benefits  often  outweigh  the  added  process 
cost  which  comes  from  relatively  small  batch  production  which  is  needed 
to  minimise  degradation  of  surface  finish  from  build  up  of  lubricant 
and  from  airborne  dust  which  sticks  to  the  die  and  imprints  the 
superplastically  formed  components.  Also  the  forming  rates  of  10"^/10~ 
4  per  second  used  to  minimise  sheet  thinning,  and  the  high  forming 
temperatures,  at  least  0.5  Tm,  i.e.  500°C  for  aluminium  alloys,  900°C 
for  titanium  alloys  and  1000°C  for  stainless  steels  both  add  to  the 
process  cost.  Outweighing  these  high  process  costs  are  important  benefits 
of  close  conformance  to  shape,  which  reduces  assembly  costs,  repeatability 
of  shape  without  spring  back,  which  therefore  reduces  rectification 
work  needed  for  the  superplastically  formed  parts,  and  the  requirement 
for  only  one  female  (or  male)  die,  instead  of  the  matching  die  set  needed 
with  creep  forming,  which  gives  additional  cost  benefits  to  superplastic 
forming. 

Superplasticity  has  found  its  niche  in  sheet  forming  technology 
and  research  and  development  is  trying  to  extend  its  range  of 
applicability.  This  has  been  directed  towards  a  wider  range  of  alloys 
viz  aluminium  alloys,  7475  and  8090  for  aerospace  applications,  and 
stainless  3teels  Avesta  2205  and  Sandvik  3RE60  for  non  aerospace 
applications.  Developments  have  improved  process  economics  by  reducing 
forming  temperature  viz  titanium  alloy  development,  and  by  applying 
superplastic  forming  techniques  to  non-superplastic  materials  viz  membrane 
forming.  Incoform  has  developed  a  hybrid  superplastic  forming  process 
called  membrane  forming  which  uses  a  sheet  of  superplastic  material 

-  the  membrane  -  to  form  a  smaller  sheet  of  non-superplastic  material 

-  the  component  -  into  a  die  (Figure  1).  The  component  material  may 
be  but  need  not  be  superplastic.  In  practice  the  superplastic  membrane 
presses,  and  then  flatens  the  component  against  the  die  at  its  forming 
pressure.  Because  only  the  membrane  and  not  the  component  is  trapped 
by  the  pressure  seal  on  the  flange,  the  component  iB  free  to  slide  down 
the  die  and  is  drawn  into  shape  by  the  membrane  until  it  conforms  exactly 
to  the  die.  The  drawing  rather  than  stretching  action  in  the  component 
causes  far  less  thinning  than  is  caused  by  the  completely  stretching 
action  in  the  membrane,  (Figure  2). 


Figure  1  Membrane  and  component  (a)  before  forming  (b)  after  forming 
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Thickness  A  -  A^ 
strain 

B  -  B  1 

Component  0,.10,0 

Membrane  .18,. 43,. 54 

0,0,0 

.68, .46, .13 

Figure  2  Trimmer  made  in 

Nimonic*»lloy  263 


The  requirements  for  membranes  are  that  they  are  superplastic 
at  the  forming  temperature  of  the  component,  that  they  have  sufficient 
ductility  so  they  do  not  fracture  or  puncture  during  forming  and  release 
the  pressure  prematurely  and  that  the  membrane  is  able  to  transmit  the 
gas  pressure  applied  to  it  through  to  the  component.  This  means  that 
the  membrane  has  to  have  a  flow  stress  low  enough  that  it  forms  into 
all  the  die  cavities  and  does  not  restrict  the  forming  radii  of  the 
component.  Beyond  these  requirements,  the  membrane  should  add  a  little 
or  no  process  cost  to  the  operation  by  being  of  low  initial  cost  itself, 
or  by  being  designed  to  be  used  a  second  or  multiplicity  of  times  in 
forming  components.  In  its  favour,  provided  the  membrane  does  not  burst, 
there  is  no  need  for  a  low  forming  rate,  indeed  higher  strain  rates 
leading  to  thinner  material  at  some  points  will  actually  aid  forming 
by  reducing  the  forming  pressure  needed.  The  component  is  not  stretching 
significantly  say  0.10/. 20  strain  and  for  this  strain  rate  is  unimportant. 
The  membrane  therefore  should  have  a  wide  range  of  ductility  with  strain 
rate  like  Formall  700  (Figure  3)  which  has  adequate  ductility  over  a 
wide  strain  rate  range.  (Shown  by  kind  permission  of  Alusuisse  ). 
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Figure  3  Total  elongation  versus  strain  rate  Formall  700  (7475) 


Membrane  Forming  Stainless  Steels  and  Nickel  Base  Alloys 


Hot  forming  of  stainless  steels  and  nickel  base  alloys  by  gas 
pressure  requires  forming  temperatures  as  high  as  950°  to  1050°C  or 
1100°C.  Beyond  about  0.30  strain,  cavitation  occurs  in  many  alloys 
causing  marked  structural  damage  (Figure  4a).  However  in  membrane  forming 
the  strain  levels  are  low  (Figure  2)  and  no  cavitation  occurs  (Figure 
4b)  furthermore  mechanical  properties  are  unimpaired  by  the  process 
(Table  I). 


Other  complex  forms  have  been  used  to  demonstate  the  application 
of  membrane  forming  to  forming  of  a  range  of  nickel  base  alloys  and 
stainless  steels.  Results  show  about  0.16  max  strain  on  mixer  lobes 
made  in  304  stainless  steel  (Figure  5a).  Results  for  Hastelloy  X,  Nimonic1 
alloys  PE11,  and  86  are  given  in  Table  II. 
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Condition 

RT  Hardness 

780 °C  UTS 

El 

Membrane  formed 
and  aged  8h  800  °C 

316  Hv30 

640  N/mm2 

24% 

Specification 

280  min.HV3Q 

540  min.N/mmJ 

9%min. 

Membrane  Forming  of  Titanium  Alloys 

Hot  forming/superplastic  forming  of  titanium  alloys  is  well  known 
and  practised  extensively.  Creep  forming  has  some  drawbacks  because 
of  the  cost  of  the  matching  die  set  and  the  propensity  for  scratching 
and  scoring  of  the  component  by  the  dies.  With  superplastic  forming 
there  is  a  reduction  of  sheet  thickness  consistent  with  the  depth/width 
aspect  ratio  and  bend  radii  of  the  part  being  formed.  By  using  long 
forming  times  (low  strain  rates),  lubrication,  and  judicial  prethinning 
of  the  sheet  by  chemi-milling  prior  to  forming,  some  control  over  thinning 
can  be  achieved.  However,  in  membrane  forming  where  the  component  is 
free  to  move,  much  better  thickness  distributions  are  achieved. 


Figure  5  Thickness  strain  12-lobe  mixer 


Table  II  Maximum  Strain  on  Mixer 


Alloy 

D 

B 

A 

c 

E 

Hastelloy  X 

.06 

.05 

.06 

.06 

.05 

Nim.  PEll 

.10 

.08 

.02 

.12 

.08 

Nim.  PK33 

.06 

.07 

.11 

.09 

.08 

Nim. 86 

.04 

.05 

.08 

.06 

.07 

Ti  2Cu 

.14 

.07 

.03 

.12 

.19 

is  an  In co  Trademark. 
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Examples  are  shown  in  Figure  5b  for  Ti  6A14V  alloy  and  in  Table 
II  for  Ti  2Cu  alloy,  membrane  formed  onto  the  mixer  die  which  have  only 
0.2  strain  even  for  this  complex  shaped  component. 


Section 

. . 

Component 

Membrane  | 

A  -  A1 

.02 

CO 

O 

.02 

.29 

.26  .25 

B  -  B1 

.04 

.08 

.02 

.27 

.34  .22 

C  -  C1 

.24 

.03 

.23 

.60 

.51  .74 

Figure  6  Duct  floor  thickness 
strains 


A  duct  floor  of  an  engine  with  a  ribbed  reinforcing  panel  shows 
strains  of  0.2  in  Ti  6A114V  alloy  2mm  thick  when  produced  by  membrane 
forming.  Comparison  of  the  thickness  strain  distribution  between  membrane 
and  component  shows  the  benefit  of  very  much  improved  thickness 
distribution  in  the  component  than  in  the  superplastically  formed  membrane 
(Figure  6)  which  had  marked  thinning  up  to  0.7. 

Membrane  Forming  of  Aluminium  Alloys 

With  superplastic  forming  of  aluminium  alloys  there  are  added 
cost  penalties  to  overcome  viz  quench  sensitivity,  and  cavitation. 
The  quench  sensitivity  in  7475  requires  water  quenching  from  solution 
temperature  to  develop  full  T6  properties  on  ageing.  Without  jigging 
this  causes  distortion  in  the  sheet  components.  with  the  problem  of 

cavitation  there  was  little  choice,  until  now,  but  to  apply  significant 
back  pressure  during  forming  to  minimise  the  structural  damage.  Equipment 
for  this  is  complex  and  expensive  to  operate.  With  membrane  forming 
there  is  a  real  alternative  for  many  components  to  be  produced  without 
cavitation.  In  early  trials  on  Formall  700  at  Incoform,  properties 
of  membrane  formed  components  with  520  N/mmJ  for  0.2%  PS,  575  N/mm1 

for  UTS  and  10»E1.  are  comparable  with  properties  on  superplastically 

formed  products  using  high  back  pressures. 

Concluding  Remarks 

Membrane  forming  may  be  used  to  apply  the  benefits  of 

superplasticity  to  non-superplastic  material  viz  only  die,  accuracy 

of  form,  and  repeatability  with  no  spring  back.  There  is  an  additional 
cost  involved  that  of  the  membrane  but  there  are  additional  benefits 

to  be  gained  viz  greater  uniformity  of  thickness,  and  in  nickel  and 

aluminium  alloys  less  structural  damage.  With  the  forn.^ng  of  stainless 
steels  and  nickel  base  alloys  the  thickness  range  has  been  limited  so 

far  to  2mm  for  stainless  steels  and  1.2mm  for  Hastelloy  X  and  Nimonic^ 
263.  For  titanium  alloys  thicknesses  of  over  3mm  have  been  formed 
successfully  by  this  technique.  Because  membrane  forming  produces  much 
less  structural  damage  than  superplastic  forming,  it  could  be  of  great 
value  in  forming  alloys  that  are  prone  to  cavitate.  Die  design  and 

part  configuration  are  important  variables  that  need  to  be  defined  for 
this  process  to  be  exploited  fully  for  the  forming  of  aluminium  alloys. 
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APPLICATIONS  FOR  MILITARY  AIRCRAFT 


AVIONS  MARCEL  DASSAULT  -  BREGUET  AVIATION 

Brino  ROLLANO 


1/  INTRODUCTION 

My  company,  AVIONS  MARCEL  DASSAULT,  has  been  Involved  with  SPF-DB  for 
nearly  10  years.  All  the  research  and  development  facilities  are 
located  In  Parts,  In  the  plant  where  we  are  manufacturing  military 
prototypes.  In  this  paper,  you  will  not  find  the  research  aspects  of 
SPF-DB,  but  only  SPF-DB  applications  through  some  of  our  aircraft 
parts.  The  following  points  will  be  approached  : 

-  Process  to  fabricate  four  sheets  sandwich 

-  Manufacturing  of  leading  edge  slat 

-  Manufacturing  of  the  MIRAGE  2000  strake 

-  SPF-DB  tools 

-  Quality  assurance 

-  Poitiers  production  plant. 


2/  PROCESS  TO  FABRICATE  FOUR  SHEETS  SANDWICH 

It's  well  known  that  tltanlun  is  a  famous  material  for  aerospace 
application.  But  because  of  the  raw  material  and  fabrication  cost, 
other  material  was  substituted  for  It.  In  1970,  the  use  of  SPF  and 
SPF-DB  titanlun  structure  became  cost  effective.  Among  tltanlue 
alloys,  6-4  has  long  been  the  aerospace  worlwlde  material,  used 
mainly  because  of  Its  properties.  The  6-4  also  Is  well  suited  for 
superplastic  forming  and  diffusion  bonding. 

Amid  the  fundamental  types  of  structure  that  can  be  fabricated  by 
SPF-DB,  the  four  sheets  sandwich  structure  was  employed.  This 
structure,  In  many  respects,  seemed  well  adapted  to  the  parts  that  we 
Intented  to  manufacture.  The  fabrication  of  such  a  structure  Involves 
three  main  steps  (see  figure  I).  As  soon  as  900°C  temperature  Is 
reached,  gas  pressure  is  Introduced  between  sheets  1  and  2  on  the  one 
hand,  and  the  same  gas  pressure  between  sheets  3  and  4  on  the  other 
hand.  Using  this  pressure  the  external  sheets  1  and  4  are  formed 
until  they  come  In  contact  will  the  tool.  At  the  same  time  the  core 
sheets  are  diffusion  bonded  on  selected  areas.  This  step  needs  about 
two  hours  and  the  main  difficulty  Is  to  rralntaln  the  core  sheets  In 
the  middle  of  the  part. 
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Figure  1 


The  second  step  consists  In  forming  the  two  core  sheets  until  they 
contact  the  external  sheets  and  face  sheets.  During  the  third  step 
the  pressure  Is  maintained  for  tvK>  hours  to  allow  diffusion  bonding 
of  all  the  mating  surfaces.  The  pressure  Is  about  16  bars.  A 
monolithic  structure  Is  thus  obtained. 

Among  the  problems  we  met  when  applying  this  technology,  one  Is 
concerning  the  thickness. 

As  a  matter  of  fact,  the  tlckness  of  this  structure  decreases  between 
the  side  wall  and  the  corner  and  then  Increases  (see  figure  2).  This 
Is  due  to  the  fact  that  when  the  sheet  contacts  the  mold  or  the  other 
sheet,  further  thinning  Is  Inhibited  and  subsequent  deformation  Is 
confined  to  the  free  region  of  the  sheet.  The  minimum  thickness  Is  In 
the  cell  corners  where  rupture  can  occur  during  superplastic  forming. 
Because  of  that  we  ought  to  select  thick  sheet,  but  this  would  make 
the  component  heavier. 

The  technique  we  uses  to  Improve  on  the  thickness  distribution  In 
order  to  avoid  rupture  and  save  weight  was  chemical  milling.  Figure  3 
presents  such  a  sheet  after  chemical  milling.  The  thicker  area  Is 
located  In  the  deeper  and  stiffening  portion  of  the  component. 

The  different  thicknesses  result  In  more  homogenous  thickness  distri¬ 
bution  after  forming  and  of  cours  allow  weight  saving. 


3/  MANUFACTURING  OF  LEADING  EDGE  SLAT 


This  part  Is  four  sheets  sandwich  structure  made  with  6-4  sheets 
(figure  4).  These  are  manufactured  by  RMI.  After  chemical  milling, 
their  thickness  Is  between  0.8  nm  and  2  nrn.  This  part  Is  composed  of 
a  small  spar  from  end  to  end  and  ribs.  Spars  and  ribs  come  from  the 
two  core  sheets. 

These  parts  are  from  64  Inches  to  100  Inches  long  and  from  12  Inches 
to  24  Inches  width.  After  SPF-DB,  these  parts  are  cleaned  by  mecha¬ 
nical  and  chemical  etching  processes  to  remove  surface  contamination. 

Subsequent  treatment  includes  trimming  and  finishing.  Due  to  the  high 
quality  of  the  forming  surface  tool,  the  skins  of  these  parts  are 
very  smooth. 

The  dimensional  check  gave  generally  good  accuracy.  In  fact, 
dimensional  accuracy  depends  on  the  quality  of  the  tool  and  the 
handling  vAien  the  parts  are  removed  from  the  dies.  The  structure 
validation  also  gave  very  good  results.  We  conducted  static  and 
fatigue  tests.  Static  tests  chek  the  stiffness  of  the  components. 
With  the  fatigue  test  we  widely  cover  the  In-flight  life  limit  of 
such  parts.  These  parts  have  been  tested  In  flight  on  RAFALE 
experimental  fighting  aircraft  since  July  1986  and  also  on  MIRAGE 
2000.  As  far  as  the  weight  In  concerned,  we  save  up  to  40  %  compared 
to  the  alunlntm  part.  The  price  Is  cheaper  than  the  alunlnun  part. 
These  parts  are  on  production  on  MIRAGE  2000.  About  100  parts  have 
been  produced.  Figure  1. 
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figure.  ••  Z 
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THICKNESS  DISTRIBUTION 

FOR  DIFFERENT  STAGES 
OF  FORMING  PROCESS 


PHASE  1  .  FREE  FORMING 


PHASE  2  «  FINAL  SHAPE 


Figure  2 
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Figure 


4/  MANUFACTURING  OF  THE  MIRAGE  2000  STRAKE 


This  part  Is  a  four  sheet  sandwich  structure  made  with  6-4  sheets. 
The  sheets  have  undergone  chemical  milling.  The  structure  consists  of 
an  end  rib  and  perpendicular  to  It  few  other  ribs  (figure  5).  One  of 
the  requirements  of  this  part  Is  the  Integration  of  blocks  during  the 
process.  These  blocks  are  required  to  fasten  the  strake  on  the 
fuselage.  This  part  was  tested  through  static  and  fatigue  cycle.  All 
the  results  were  very  satisfactory.  Since  April  1986/  a  MIRAGE  2000 
has  been  flowing  with  these  parts.  Figure  6  presents  a  comparison  of 
the  conventional  alanlnun  alloy  solution  and  the  SPF-DB  one. 

We  save  some  weight  ;  we  save  a  lot  of  primary  parts  which  are 
machined  or  cast  j  we  also  eliminate  a  significant  nurber  of 
fasteners  as  well  as  the  drilling  of  their  holes  and  their  Instal¬ 
lation.  The  SPF-DB  structure  Includes  four  sheets,  six  blocks  and 
Just  a  few  fasteners. 


5/  SPF-DB  TOOLS 

All  dies  were  machined  from  cast  49M  stainless  steel.  They  were  cast 
by  ESCO  (PORTLAND).  Each  die  has  a  weight  of  about  1  ton. 

This  alloy  Is  a  useful  material  for  superplastlc  forming  tool.  It  has 
suitable  high  temperature  strength  and  It  resists  to  oxidation.  The 
material  Is  weldable.  Many  gas  tubes  are  welded  around  the  die. 


6/  QUALITY  ASSURANCE 

Quality  Inspection  mainly  consists  of  : 

-  Check  of  process  parameters 

-  Radiography 

-  Inspection  of  diffusion  bonding  area 

-  Measurement  of  thickness 

Check  of  process  parameters 

We  consider  that  quality  assurance  depends  heavily  on  process 
control . 

During  the  SPF-DB  process,  we  record  all  the  parameters  (temperature, 
time,  pressure,  vacuun).  The  quality  assurance  consists  In  comparing 
the  records  of  the  charts,  vrfilch  guarantee  the  quality  of  the  parts. 
The  nunerous  SPF-DB  parts  so  far  manufactured  show  us  the  perfect 
reproducibility  of  the  process  when  all  the  parameters  are  well 
control  led. 

Radiography 

Radiography  provides  an  excellent  method  for  observing  the  core 
structure  and  mainly  the  existence  of  the  cell  walls.  We  can  accura¬ 
tely  check  the  location  of  the  primary  bond  which  has  an  effect  on 
the  final  thickness  of  the  core  sheet  after  elongation. 


607 


Figure  5 


Figure 


In  other  respects  this  control  gives  Information  about  the  quality  of 
the  primary  bond  *#ilch  Is  practically  guaranteed  If  the  cell  wall  Is 
formed.  Since  this  bond  Is  subject  to  tensile  stress  during  the 
forming,  from  our  experience.  It  is  the  appropriate  method  to 
evaluate  core  quality. 

Inspection  of  bonding  area 

Four  sheets  sandwich  structure  presents  two  kinds  of  bond  Cflgure 

1)  : 

-  The  primary  bond 

-  The  secondary  bond. 

An  ultrasonic  Inspection  of  the  first  one  is  practically  Impossible 
to  apply  as  Its  accessibility  is  not  easy.  For  this  reason  we  don't 
try  to  detect  bond  flaws.  We  only  use  as  we  said  the  Information 
given  by  the  radiography.  Our  experience  from  nunerous  observations 
indicates  that  it's  a  reliable  method. 

As  far  as  the  secondary  bond  Is  concerned,  ultrasonic  Inspection  Is 
applied  to  the  skin  area.  This  control  Is  capable  of  detecting  about 
0,02  Inches  flaws.  For  the  cell  wall  bond,  we  consider  from  our 
experience  that  this  area  Is  very  similar  to  the  skin  area  and 
consequently  we  use  the  result  of  the  previous  control.  In  addition 
all  the  parts  cut  off  have  their  bonds  examined  by  micrography. 

Measurement  of  thickness 


The  thickness  of  the  skins  Is  measured  by  ultrasonic  method  and 
compared  to  the  drawing  requirements.  As  fas  as  the  cell  walls  are 
concerned,  their  thicknesses  are  checked  by  considering  the  position 
of  the  primary  bond  and  the  skin  thickness. 


7/  POITIERS  PRODUCTION  PLANT 


The  production  of  SPF-DB  parts  takes  place  In  Poitiers  plant.  There, 
we  decided  to  put  all  the  facilities  to  manufacture  the  fully  part. 
The  main  workshops  consist  of  : 

-  Laser  cutting  for  tltaniun  sheet  and  chemical  milling  mask 

-  Chemical  etching 

-  Chemical  milling 

-  stopoff  screen  printing 

-  1000  T  hot  plattem  press  for  SPF-DB  (1600°F).  Figure  7  : 

.  with  automatic  loader 

.  computer  controlled  for  ramps,  heating  and  SPF-DB  cycle 

-  Mask  spray  equipment 

-  Sand  blasting  equipment 

-  Inspection  facilities  : 

.  X  ray  system 

.  Ultrasonic  system. 
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Figure 


8/  CONCLUSION 


As  other  companies,  AVIONS  MARCEL  DASSAULT  has  demonstrated  that 
SPF-D6  Is  an  opt  Inrun  way  to  produce  parts  with  rrany  advantages  for 
aircraft  manufacture.  The  use  of  tltanlun  offers  excellent  properties 
and  the  means  to  save  money  and  weight. 

Because  SPF-DB  Is  a  relatively  new  technology,  these  advantages  will 
be  gained  on  the  condition  that  we  think  SPF-DB  when  we  design  parts. 
That  Is  to  say,  people  must  adapt  parts  to  SPF-DB  and  not  the 
contrary. 

SPF-DB  Is  really  a  new  way  for  manufacturing  and  1  am  convinced  that 
Its  possibilities  are  limitless. 
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FABRICATION  OF  FIBER  REINFORCED  METAL  USING  SUPERPLASTIC  METAL 


POWDER  AS  MATRIX 


H.  Nishimura,  S.  Wakayama,  H.  Yamamoto  and  S.  Yamagishi 

Department  of  Mechanical  Engineering,  Faculty  of  Technology, 
Tokyo  Metropolitan  University, 

Tokyo,  Japan 


Abstract 

As  an  application  of  superplasticity,  the  powder  metallurgical 
technique  of  fabricating  'ductile'  FRM  (Fiber  Reinforced  Metal)  was 
developed.  Superplastic  zinc  (SPZ)  alloy  was  used  for  matrix  metal  and 
SiC  fibers  were  used  for  the  reinforcements.  Since  the  FRM  was  fabricated 
at  relatively  low  temperature  under  low  pressure  which  was  contributed  by 
superplasticity  of  matrix  metal,  the  damage  of  fibers  and  the  nucleation 
of  chemical  reaction  layers  at  fiber /matrix  interfaces  can  be  prevented. 
At  first,  the  most  suitable  fabricating  condition  was  examined  by  tensile 
tests  at  250  °C.  It  should  be  noticed  that  compacting  temperature  is 
below  500  °C,  the  compacting  duration  is  less  than  30  min.  and  the 
compacting  pressure  is  less  than  150  MPa.  To  control  the  ductility  at 
fiber/matrix  interfaces  for  after-forming  processes,  initial  (360  °C  x 
1h.,  WQ)  and  secondary  (250  °C  x  30  min.,  AC)  heat  treatment  techniques 
were  adopted.  Following  results  were  obtained.  (1)  The  most  suitable 
condition  was  determined  as  410  °C,  5  min.  and  70  MPa.  (2)  For  the  FRM 
fabricated  under  the  most  suitable  condition,  the  ratio  of  the  tensile 
strength,  oc,  to  the  value  calculated  using  the  rule  of  mixture,  °rau> 
exceeded  80  Z  and  the  ratio  of  Young's  modulus,  E^/E^q^,  exceeded  100  2. 
(3)  From  the  fractographs ,  the  penetration  of  matrix  metal  between  fibers 
was  sufficient.  Furthermore,  the  damage  of  fibers  and  the  nucleation  of 
chemical  reaction  layer  at  the  interfaces  were  prevented  during  the 
fabrication.  (4)  The  ductility  at  the  interfaces  was  controlled 
successfully.  The  ductility  was  increased  at  the  forming  process  by 
initial  heat  treatment  and  the  strength  was  recovered  after  the  forming  by 
secondary  heat  treatment.  (5)  70°  V  bending  was  carried  out  successfully 
at  250  °C. 
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Introduction 


Recently,  fiber  reinforced  metal  (FRM)  composites  have  been  expected 
as  one  of  the  near-future  materials  because  of  its  high  specific  rigidity, 
high  specific  strength  and  high  thermal  resistance.  On  the  other  hand, 
it  has  some  problems  to  be  conquered  such  as  low  reliability  and  brittle¬ 
ness  caused  by  the  poorly  controlled  compatibility  at  fiber/matrix  inter¬ 
faces.  Furthermore,  the  formability  of  FRM  is  one  of  the  most  important 
problems. 

In  this  study,  the  ductile  FRM  was  fabricated  using  powder 
metallurgical  technique.  Reinforcement  is  continuous  SiC  fiber  and  matrix 
is  superplastic  zinc  alloy  (SPZ  ;  22A1-Zn)  with  four  types  of  initial 
particle  sizes.  At  first,  suitable  fabricating  conditions,  i.e. 
temperature,  duration  and  pressure  of  hot-pressing,  were  examined.  The  V- 
bending  tests  were  also  carried  out  in  order  to  establish  the  technique  of 
forming  of  FRM.  Consequently,  FRM  plates  were  bent  successfully  until  70° 
at  250  °C. 

Experimental  Procedure 


Fabrication  of  FRM 


SPZ  powder  used  for  matrix  metals  has  four  types  of  initial  diameter, 
i.e.  A:  -44  um,  B:  44-74  pm,  C:  74-149  um  and  D:  149-296  um.  SiC  fibers 
used  for  reinforcements  have  diameter  of  15  um,  tensile  strength  of  2.45 
GPa,  Young's  modulus  of  180  GPa  and  density  of  2.55  g/cni  .  At  first,  SiC 
fibers  were  cut  and  laminated  into  die  with  SPZ  powder  alternatively.  1 
layer  contains  50000  fibers  and  38  g  SPZ  powder. 

FRM  plates  were  fabricated  at  the  conditions  tabulated  in  Table  1 . 
Fabricated  FRM  have  the  average  thickness  of  about  2  mm  and  the  fiber 
volume  fraction,  V^,,  of  5-8  X. 


Table  I  Fabricating  conditions  of  FRM. 


Temperature 

/  °C 

250 

300 

350 

410 

Pressure 

/  MPa 

120 

120 

120 

70 

Duration 

/  min. 

10 

10 

10 

5 

Testing  Procedure 

Tensile  tests  of  fabricated  FRM  were  carried  out  at  250  °C  under  the 
constant  crosshead  speed  of  3  mm/min.  Fractured  surfaces  were  observed 
using  scanning  electron  microscope  in  order  to  examine  the  bonding  of 
fiber/matrix  interfaces.  For  the  discussion  of  formability  of  FRM,  V- 
bending  tests  were  also  carried  out  at  250  °C,  under  the  constant  punch 
speed  of  1  mm/min  and  with  punch  radius  of  3  mm. 

Results  and  Discussion 


Examination  of  Fabricating  Condition 

Figure  1  shows  the  effect  of  compacting  temperature  on  (a)  high  tem¬ 
perature  tensile  strength  and  (b)  the  ratio  of  the  strength  obtained  by 
tensile  test  at  250  °C,  O^,  to  the  value  simply  calculated  from  the  rule 
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of  mixture,  oR„M.  The  FRM  was  fabricated  under  the  conditions  of  Table  1 
from  the  four  types  of  initial  powders.  For  the  fabricating  temperature 
below  350  °C,  the  FRM  from  the  smallest  size  (A)  powder  only  have  suffi¬ 
cient  strength. 

Fractographies  of  the  FRM  from  the  largest  (D)  powder  are  shown  in 
Fig.  2  (a)  fabricating  temperature  =  410  °C,  pressure  =  70  MPa,  duration  = 
5  min.  and  (b)  350  °C,  120  MPa,  5  min.  From  the  fractographies,  it  can  be 
observed  that  metal  matrix  well  penetrate  between  fibers  and  the  bondings 
at  interfaces  are  developed  in  the  case  of  (a)  410  °C  in  comparison  with 
(b)  350  “C.  Consequently,  the  fabricating  condition  was  decided  that 
temperature  is  410  °C,  pressure  is  70  MPa  and  duration  is  5  min. 

The  relationship  between  Young's  modulus  at  room  temperature  and 
initial  powder  diameter  is  shown  in  Fig.  3*  The  figure  shows  that  FRM 


Temperature  /  *C  Temperature  /  *c 


(a)  Tensile  strength  (b)  Ratio  of  tensile  strength  to 

-  Compacting  temperature.  ROM  value  -  Compacting  temperature. 

Fig.  1  Effect  of  compacting  temperature  on  tensile  strength  at  250  °C. 


fabricated  under  the  decided  condition  have  the  sufficient  Young's  modu¬ 
lus,  which  are  beyond  the  ROM  value  and  independent  from  initial  powder 
size. 

Heat  Treatment  of  FRM 


From  the  view  point  of  after-forming  processes,  the  ductility  of  FRM 
should  be  considered.  In  order  to  enhance  the  ductility,  initial  heat 
treatment  (360  *0  x  1  h.,  WQ)  was  attempted.  Figure  4  shows  the  load- 
displacement  curve  of  the  FRM  with  (solid  line)  and  without  (broken  line) 
initial  heat  treatment.  As  can  be  seen  from  the  figures,  first  heat 
treatment  increase  the  ductility.  But  the  heat  treatment,  to  increase  the 
ductility  for  the  purpose  of  after-forming,  in  the  same  time  decrease  the 
high  temperature  strength  (  Fig.  5  ),  that  is  one  of  the  advantages  of 
FRM,  because  of  the  poor  shear  strength  of  matrix  metal. 


Particle  diameter  /> m 


Fig.  3  Relationship  between  Young's  Fig.  4  Load  -  Displacement  curve  of 
modulus  and  initial  powder  diameter.  FRM  with  and  without  heat  treatment. 


Particle  diameter  />m 

Fig.  5  Tensile  strength  of  FRM  with 
initial  heat  treatment. 


Particle  diameter  /^m 

Fig.  6  Tensile  strength  of  FRM  with 
initial  and  secondary  heat  treatment. 
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Therefore,  an  additional  attempt,  that  is  the  secondary  heat 
treatment  was  carried  out.  Figure  6  shows  the  high  temperature  strength 
of  FRM  with  second  heat  treatment  (250  °C  x  30  min.,  AC)  following  first 
heat  treatment.  From  Fig.  1  (a)  and  Fig.  6,  it  can  be  concluded  that 
strength,  which  has  decreased  by  initial  heat  treatment,  is  recovered  by 
secondary  heat  treatment. 

Three  Point  Bending 

In  order  to  examine  the  after-formability  of  fabricated  ductile  FRM, 
three  point  bending  tests  were  carried  out.  Figure  7  show  the  results  of 
three  point  bending  of  FRM  fabricated  from  four  types  of  initial  powder. 
When  the  ductility  of  matrix  and  the  bonding  of  fiber/matrix  interface  are 
sufficient,  successful  bending  is  established  until  bending  angle  of  70° 
without  failure. 


Concluding  Remarks 

(1)  SiC/SPZ  composites  with  the  high  temperature  strength  of  200  MPa 
were  fabricated  by  powder  metallurgical  technique  as  an  application  of 
superplasticity.  Previously,  the  most  suitable  fabricating  condition  was 
decided,  i.e.  temperature  is  410  °C,  pressure  is  70  MPa  and  duration  is  5 
min. 


(2)  Heat  treatment  techniques  for  controlling  the  mechanical  proper¬ 
ties  of  FRM  were  established.  Initial  heat  treatment  (360  *C  x  1  h. ,  WQ) 
increase  the  ductility,  which  enables  after-forming  processes,  and  second¬ 
ary  heat  treatment  (250  °C  x  30  min.,  AC)  recover  the  high  temperature 
strength  which  has  been  decreased  by  initial  heat  treatment. 

(3)  The  result  of  three  point  bending  at  250  °C  suggested  the  possi¬ 
bility  of  after-forming  processes  of  FRM. 


Fig.  7  Results  of  V-bending  tests. 

A,  B,  C  and  D  indicate  the  initial  powder 
type  of  each  FRM. 
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SUPERPLASTICITY  OF  Zr02  TOUGHENED  CERAMICS 


Fumihiro  Wakai 

Ceramic  Science  Department 
Government  Industrial  Research  Institute,  Nagoya 
Nagoya,  Japan 


Abstract 

Zirconia-toughened  ceramics  (ZTC)  can  be  regarded  as  model  materials 
for  studying  superplasticity  in  ceramics.  The  superplasticity  in  quasi¬ 
single  phase  system  (Yttria-stabilized  tetragonal  ZrO,  polycrystals,  Y-TZP) 
and  the  superplasticity  in  two-phase  system  (Zr02/Al202  composites)  are 
reviewed  in  this  paper. 

1)  Superplasticity  in  Quasi-Single  Phase  System 

The  Y-TZP  material  was  elongated  more  than  200  %  at  a  constant  flow 
stress  when  it  had  the  grain  size  of  less  than  1  u*.  The  flow  behavior 
(stress  exponent  of  2)  and  the  microstructural  observation  indicated  the 
dominant  role  of  grain  boundary  sliding  during  superplastic  flow.  The 
ductility  was  greatly  reduced  with  coarsening  the  grain  size  by  heat 
treatments.  The  Nabarro-Herring  creep  was  observed  in  the  deformation  of 
coarse  grained  Zr02<  The  transition  in  deformation  mechanism  was 
interpreted  by  assuming  that  interface-reaction  controlled  process  and 
lattice  diffusion  controlled  one  are  sequential  processes  for  accommodation. 

2)  Superplasticity  in  Two-Phase  System 

Grain  growth  is  retarded  by  the  presence  of  the  second  phase  grains  in 
various  Zr02-toughened  ceramics  which  are  two-phase  composites.  As  a 
result,  the  micrograin  superplasticity  is  expected  to  occur  if  the  initial 
grain  size  of  the  composites  are  small  enough.  In  Zr02-Al20j  system  two 
composites,  one  is  a  Zr02-based  material  containing  Al20o  grains  and  another 
is  a  Al203~based  material  containing  Zr02  grains  snowed  superplastic 
elongation.  The  flow  behavior  of  the  composites  containing  the  second  phase 
grains  could  be  described  by  a  rheological  model  as  a  non-Newtonian  flow 
modified  by  the  second  phase  grains. 
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Introduction 


Superplasticity  refers  to  the  ability  of  polycrystalline  materials  to 
exhibit  extraordinary  large  elongations  in  tension  tests  (1).  The 
phenomenon  has  been  known  in  metallurgy  for  more  than  half  a  century. 
However  it  was  the  mid-1980's  when  the  micrograin  superplasticity  of 
ceramics  was  demonstrated  definitely  without  any  doubt  for  the  first  time. 
(2,3,4). 

Now  it  is  found  that  there  are  at  least  two  types  of  mechanism  for 
superplasticity  in  ceramics;  (a)  superplastic  flow  enhanced  by  a  liquid 
phase,  where  deformation  is  characterized  by  stress  exponent  of  one.  (b) 
superplasticity  of  polycrystalline  materials,  where  the  deformation  is 
characterized  by  a  non-Newtonian  flow. 

The  g-spodumene  glass  ceramics  (2)  is  an  example  of  materials  showing 
superplasticity  of  type  (a).  The  material  contains  a  fairly  large  amount  of 
glassy  phase  at  grain  boundaries.  It  is  believed  that  the  diffusional  creep 
enhanced  by  solution-reprecipitation  process  in  the  liquid  phase  is  the 
mechanism  for  this  type  of  superplasticity .  The  strain  rate  is  proportional 
to  the  stress  (Newtonian  flow). 

The  materials  which  exhibit  the  superplasticity  of  type  (b)  do  not 
contain  a  liquid  phase,  or  contains  a  negligibly  small  amount  of  amorphous 
phase,  if  any.  Most  of  the  superplastic  alloys  and  metals  belong  to  this 
type.  The  strain  rate  of  typical  superplastic  alloys  is  proportional  to  the 
square  of  stress  (Non-Newtonian  flow)(5). 

The  superplasticity  of  ^C^-stabilized  tetragonal  ZrOo  polycrystals  (Y- 
TZP)  was  found  recently  (4).  It  was  revealed  that  Y-TZP  behaved  like  a 
material  which  showed  superplasticity  of  type  (b).  The  fundamental  atomic 
bonding,  the  crystal  structure,  and  the  structure  of  grain  boundaries  are 
different  between  ceramics  and  metals.  Thus  the  investigation  to  clarify 
the  difference  and  the  similarities  between  the  superplasticity  of  ceramics 
and  that  of  metals  will  provide  an  opportunity  to  understand  the 
superplasticity  of  polycrystalline  materials  from  a  general  point  of  view. 
Furthermore,  the  discovery  of  superplasticity  in  Y-TZP  bring  about  a 
prospect  for  superplastic  forming  of  advanced  ceramics. 

One  of  the  attractive  features  of  Y-TZP  is  that  this  material  has  an 
ideal  microstructure  for  studying  superplasticity.  Over  the  last  decade,  a 
large  variety  of  zirconia-toughened  ceramics  have  been  developed  (6).  The 
results  obtained  on  Y-TZP  can  be  generalized  by  investigating  these  ceramics 
with  different  microstructures  systematically. 

Superplasticity  of  Quasi-Single  Phase  System 

TZP  is  the  material  containing  a  minimum  amount  of  amorphous  phase  at 
grain  boundaries.  Though  some  TZPs  contains  both  tetragonal  phase  and  cubic 
phase,  the  mechanical  and  chemical  properties  of  both  phases  can  be  regarded 
as  approximately  the  same.  Thus,  Y-TZP  can  be  conveniently  called  "Quasi¬ 
single  phase  materials". 

The  most  important  prerequisite  for  micrograin  superplasticity  is  that 
the  grain  size  should  be  fine.  The  Y-TZP  material  was  deformed  infinitely 
at  a  constant  flow  stress  when  it  had  the  grain  size  of  less  than  1  um  . 
The  ductility  was  greatly  reduced  with  coarsening  the  grain  size  by  heat 
treatments,  see  Fig.  1  (7). 

The  microstructural  observation  after  the  deformation  is  as  follows. 

a)  The  density  of  intragranular  dislocation  did  not  increase  distinctly. 

b)  The  equiaxed  grain  shape  was  maintained.  The  contribution  of 
intragranular  strain  to  the  total  strain  was  much  smaller  than  strain  due 
to  the  grain  boundary  sliding. 

It  was  concluded  that  the  dominant  mechanism  oi  micrograin 
superplasticity  was  the  grain  boundary  sliding.  Ashby  and  Verral  obtained 
an  expression  for  the  grain  boundary  sliding  accommodated  by  diffusion  (8). 
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Case  1:  Interface  reaction-controlled  creep 
2 


Case  2:  Diffusion  creep  of  lattice  diffusion  of  cation 


O) 


^d  -  Ad^2  ’  ^ 

When  the  case  1  and  the  case  2  are  sequential  processes,  strain  rate  is 
expressed  by  the  following  equation. 

1  1  1 

7  -  7  +  7  •  (3) 

£  ed  ei 

The  broken  line  in  Fig.  2  is  the  result  of  curve  fitting  using  Eqs.  (1), 
(2),  (3).  According  to  this  model,  superplasticity  of  Y-TZP  is  related  to 
an  interface-controlled  diffusion  creep  (9,  10). 


Fig.  1  Effect  of  grain  size  on  stress-strain  curve  for  3  mol%  Y-iOo-TZP. 
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Fig.  2  Relationship  between  stress  and  strain  rate  for  2  mol%  Y2OJ-TZP. 
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Superplasticitv  of  Two-Phase  System 

The  essential  characteristic  for  micrograin  superplasticity  is  the 
microstructural  stability  during  deformation,  namely  the  stability  of  grain 
size  and  shape,  and  the  suppression  of  cavity  nucleation  and  growth.  Two 
phase  structure  is  preferable  for  keeping  the  grain  size  small  enough. 

The  superplasticity  of  the  TZP-based  composite  in  which  the  second 
phase  AI9O3  grains  were  dispersed  uniformly  among  the  matrix  ZrO^  grains 
essentially  corresponded  to  the  superplasticity  of  quasi-single  pnase  TZP 
(Fig.  3)  (11).  The  superplasticity  of  composites  in  which  the  matrix  phase 
and  the  second  phase  exchanged  their  roles  was  studied,  that  is,  the 
superplasticity  of  ZrOo-toughened  AI2O3  in  which  ZrC^  grains  were  dispersed 
among  AI2O3  matrix  (12;. 

The  deformation  of  the  composites  in  which  the  second  phase  grains  were 
uniformly  distributed  among  the  matrix  grains  was  explained  by  a  rheological 
model.  The  non-Newtonian  flow  of  the  matrix  may  be  expressed  by  Norton's 
equation  as, 


£  =  A*On  .  (4) 

Chen's  (13)  rheological  considerations  predicted  that  the  constitutive 
equation  of  the  composite  containing  spherical  inclusion  of  volume  fraction 
(p)  should  become, 


e  =  (1  -  p)N  A*on  .  (5) 

The  exponent  q  is  positive  when  the  second  phase  is  "harder"  than  the 
matrix,  and  negative  when  the  second  phase  is  "softer"  than  that. 

The  interface-controlled  diffusion  creep  (Eq.  1)  is  the  major 
deformation  mechanism  for  fine  grained  A^O-j  (14).  From  a  rheological  point 
of  view,  the  line  of  A203-based  composite  (3Y80A)  and  that  of  ZrC^-based 
composite  should  be  parallel  to  the  lines  of  matrix  phases  in  Fig.  4  (12). 
The  flow  behavior  of  composites  was  expressed  by  n  =  2  as  expected. 

Superplastic  Forming  and  Joining 

Superplastic  properties  can  be  utilized  to  the  forming  of 
Zr02“toughened  ceramics.  Superplastic  forming,  bulge  forming,  and 
superplastic  joining  were  successfully  performed  (15).  Cavity  formation 
occurred  in  superplastically  elongated  TZF/Al^Oj  composite.  However  the 


Fig.  3  Stress-strain  curve  for  TZP/AI2O3  (20  wt%)  composite. 
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cavitation  damage  could  be  reduced  by  keeping  the  strain  rate  low  enough 
that  a  specimen  elongated  100  %  at  elevated  temperature  maintained  a 


Fig.  4  Flow  behavior  of  composites  (containing  0,  20,  80,  100  wt% 
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Abstract 

The  workability  of  Y2O3  doped  tetragonal- Zr02  polycrystals  (Y-TZP),  recently  discovered  to 
be  highly  deformable  in  tension  and  compression,  is  here  gauged  by  extruding  powder  com¬ 
pacts.  Stresses  needed  to  achieve  extrusion  are  sufficient  for  complete  densification  under 
most  circumstances,  and  pieces  extruded  can  be  strong  and  have  smooth  surfaces.  The  ability 
to  extrude  from  a  diameter  of  30  to  10  mm  (equivalent  to  a  true  strain  of  2.20)  while  retaining 
submicron  grain  size  suggests  the  viability  of  more  practical  forming  operations. 

A  slab  analysis  has  been  employed  to  describe  extrusion  of  power  law  material.  We  find: 

jjj^=  k<jp  Kgeom.,  where  Kgeom  describes  the  effect  of  die  geometry  and  depends  on  the 

friction  behaviour,  and  stress  exponent  n.  The  stress  exponent  found  in  extrusion  is  consistent 
with  that  found  in  uni-axial  compression  and  tension. 


Maaticity  and  Superplastic  Forming 
by  C Ji.  Hamilton  and  N.E.  Pston 
The  Mineral*,  Me  tali  &  Materials  Society,  1986 
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1.  Introduction 

In  the  late -60s  and  early  70 's  a  few  isolated  at¬ 
tempts  at  forming  ceramic  materials  at  elevated 
temperatures  were  undertaken.  [1]  Although  it  was 
recognized  that  fine  grain  size  was  desirable, 
technology  then  available  was  only  able  to  produce 
materials  with  grain  sizes  above  a  micron  (in 
particular  MgO  doped  AI2O3).  To  achieve  sufficient 
ductility  temperatures  in  excess  of  1700°C  were 
found  necessary.  Uncontrolled  grain  growth,  and 
subsequent  loss  of  plasticity  was  recognized  as  a 
serious  deficiency  and  consequently,  work  on  de¬ 
formation  forming  was  abandoned.[2] 

Renewed  interest  in  high  temperature  forming  is 
in  large  part  due  to  recent  advances  in  powder  tech¬ 
nology  which  have  resulted  in  a  number  of  fine  grain 
material..,  in  particular  Y-TZP.[3,4,S]  Deformed  Y- 
TZP  specimens  show  submicron  grain  size  and 
limited  grain  shape  anisotropy,  insufficient  to 
account  for  the  recorded  deformation,  suggestive  of  a 
superplastic  grain  boundary  sliding  mechanism. 
Fine,  siliceous  grain  boundary  films  do  exist  on  a 
minority  of  grain  boundaries  and  three  grain  junc- 
tionsfnot  an  uncommon  observation  in  ceramic 
materials)  which  most  probably  contribute  to  su- 
perplastic  behavior  by  promoting  solution-repre¬ 
cipitation  reactions  and  grain  boundary  sliding.  [6] 

2  Experimental  Procedures 

To  gauge  Y-TZP  workability  a  series  of  ex¬ 
trusion  tests  were  conducted  at  1500°C  in  vacuum 
with  unsupported  graphite  dies.  Dies  were 
machined  as  shown  in  figure  1  with  a  cone  angle 
$=26.6°,  a  piston  diameter  (dp)  of  30mm,  and  a  fi¬ 
nal  diameter  (df)  of  either  10mm  or  20mm.  Extru¬ 
sion  diameter  ratio's  (D=dp/df)  of  3  and  1.5  are 
equivalent  to  true  strains  of  2.20  and  0.41.  Experi¬ 
ments  were  performed  with  tetragonal  (3  mo!e%  - 
Y2O3)  Z1O2  powder.  The  manufacturer  (Toyo  Soda 
LTD)  provided  the  following  information:  crystal 
size  of  26  nm,  concentrations  in  weight  percent: 
Y203-5.19,  AI2O3-O.OO5,  SiC>2-0.006,  Fe203- 
0.010.  Na20-0.008,  and  ignition  loses  of  0.6  wt.%. 


loading  piston 
in  graphite 

die  in 
graphite 


As-received  powder  was  directly  poured  into  the 
'corked'  die  and  cold  pressed  at  10  MPa  to  ap¬ 
proximate  25%  of  theoretical  density  (6.1g/cc). 
Graphite  paper  was  both  used  as  a  lubricant  and  to 
separate  powder  from  die  wall.  Temperature  was 
measured  from  outside  the  die  using  a  type  R  ther¬ 
mocouple.  Specimens  were  heated  at  20°C/min  to 
1000°C  and  thereafter  10°C/min  to  the  extrusion 
temperature  (1500°C).  Loading  ram  displacements 
were  measured  from  outside  the  furnace  with  an 
LVDT.  Dilation  of  the  graphite  was  subtracted. 

3.  Results 

3a.  General  extrusion  behaviour 

Shown  in  figure  2  are  piston  velocities,  under 
various  piston  loads,  resulting  from  the  densification 
and  extrusion  of  a  100  gram  powder  compact.  With 
initial  heating  and  small  piston  loads  high  piston 
velocities  are  achieved,  presumably  from  the 
densification  of  the  powder  compact.  Interrupting  the 
experiment  at  100  minutes  revealed  that  this  was 
indeed  the  case,  since  the  specimen  had  not  extruded 
and  was  at  full  theoretical 


Fig  2.  Piston  velocities  for  the  densification  and 
extrusion  of  Y-TZP  through  a  conical  die 
(dp/dp=3,  26.6°,  lOOgrams  powder). 

density.  The  slug,  which  densifted  into  the  shape  of 
the  die,  was  then  refitted  into  the  die  to  continue  the 
experiment.  In  the  extrusion  regime  piston 
velocities  are  noticably  slower,  even  at  larger 
stresses,  than  those  previously  achieved  during 
densification.  Also,  piston  velocities  diminish 
somewhat  with  lime. 

Factors  affecting  piston  velocity  include;  tem¬ 
perature,  die  configuration  (shape,  die  angle,  diameter 
change,  etc.)  piston  load  and  friction.  In  this  paper 
we  will  discuss  the  effects  of  applied  load  and  lubri¬ 
cation  on  piston  velocity  and  surface  finish. 

3b.  Effects  of  Lubrication 


fig.  1  Die  geometry,  not  to  sole,  divided 
into  four  distinct  regions:  entrance,  cone, 
throat,  and  exit. 
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Lubrication  was  achieved  by  covering  the  various 
die  surfaces  with  graphite  paper.  Specifically,  two 
schemes  were  tried,  involving  either  one  or  two 


sheets  of  graphite.  The  two  experiments  shown  in 
figure  3  illustrate  that  piston  velocities  increase  50% 
when  a  single  sheet  of  graphite  paper  covers  the 
converging  nozzle  of  the  die. 


fig.  3  Piston  velocities  in  the  extrusion 
regime  illustrating  the  benefit  of  lubricating  the 
conical  surface  of  the  die  with  a  single  sheet  of 
graphite  paper  <dp/df=3). 

Even  more  dramatic  though  is  the  change  in  surface 
finish  with  lubrication,  while  the  surface  of  the  un¬ 
lubricated  specimen  is  tom.  with  tears  about  0.5  mm 
deep,  the  lubricated  specimen  is  smooth  (figure  4). 


Pig.  4  Lubricated  (left)  and  unlubricated 
(right)  illustrating  the  drastic  improvement  in 
surface  fmish  when  graphite  paper  is  used  as  a 
lubricant. 

Since  these  extrusions  began  from  a  'filled'  die,  the 
deformation  needed  to  exit  the  die  is  non-uniform. 
This  may  explain  the  decreased  tearing  one  can 
observe  near  the  tip  of  the  unlubricated  specimen. 
Also,  the  lip  of  (he  unlubricated  specimen  is  cracked. 


This  occured  some  months  after  the  experiment,  and 
may  suggest  a  combination  of  residual  stresses  and 
enviommental  attack.  Graphite  also  reduces  Z1O2 
causing  blackening.  Microstructural  aspects  of  Y- 
TZP  will  be  presented  elsewhere.[7] 

Friction  can  be  further  reduced  by  utilizing  two 
sheets  of  graphite  paper,  so  as  to  allow  one  sheet  to 
slide  over  the  other,  in  effect  allowing  co-extrusion 
of  the  ceramic  within  a  sheath  of  graphite  paper. 
Figure  5  demonstrates  that  for  dies  with  an  extrusion 
ratio  (D)  of  1.5  piston  velocities  can  be  increased  by 
over  an  order  of  magnitude.  In  these  cases  the  inner 
graphite  sheet  strongly  adheres,  and  reacts  with  the 
zirconia  producing  a  high  gloss  'metallic  like' 
surface.  We  note  here  that  lubrication  is  difficult  to 
control.  For  example,  for  dies  of  D=1.5  even  the 
single  sheet  of  graphite  paper  tended  to  brake,  and 
co-ex  trude  with  the  ceramic. 

Friction  in  the  die  entrance  region  (see  figure  1) 
also  has  an  effect  on  piston  velocity.  Experiments 
using  a  larger  batch  of  powder  have  a  larger  'head' 
and  tend  to  have  somewhat  lower  velocities.  Extru¬ 
sion  causes  this  'head'  to  diminish,  suggesting  that 
at  constant  stress  velocities  should  increase.  Both 
these  trends  are  observed  in  figure  5. 


lime  (min) 


fig.  S  Comparison  of  piston  velocities 
when  two  sheets  of  graphite  paper  are  used,  al¬ 
lowing  one  to  slide  over  the  other.  (D=1.5, 
1500®C.  35.4  MPa.  Mass  of  the  powder  batch  is 
200gms  except  where  indicated.) 

3c.  Piston  load-velocity  relation 

Rapid  stress  changes  were  used  to  both  gauge 
piston  load-velocity  relationships  and  determine  the 
effect  of  extrusion  velocity  on  surface  finish. 
Figure  6  shows  that  piston  velocity  correlates  well 
to  the  stress  cubed,  for  a  diameter  ratio  (D)  of  3  and 
graphite  paper  lubrication.  Data  is  taken  from  fig¬ 
ure  2.  No  discemabie  differences  in  surface  finish 
were  found  with  extrusion  velocity. 
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fig.  6  Piston  velocity  stress  curves 
illustrating  that  the  stress  exponent  is  3  for 
D=3.  Graphite  paper  was  folded  over  the  conical 
surface  of  the  die.  Time  at  1500°C  is  found  by 
subtracting  100  min  from  that  shown. 

4.  Analysis 

To  correlate  piston  velocity  (vp)  to  the  applied 
stress  a  typical  slab  analysis  will  be  employed,  [g] 
From  force  balances  in  the  axial  and  radial  directions: 
d2 

£FZ  =  0  =  d(<rz  rt  — )  +  (tcos$  +  Psin$)d  A  (1) 
£Ft  =  0  =  -  a,  dz  +  (tsin<t>  -  Pcos$)dl  (2) 


their  unixial  values  under  uniaxial  conditions.  In 
our  definition  of  the  effective  stress  and  strain  rate 
we  have  neglected  the  shear  terms  which  in  effect 
assumes  that  the  radial  and  axial  directions  are 
principle  directions.  It  can  be  shown  that  these 
terms  are  negligable  for  the  die  angles  considered 
here.[9] 

With  a  power  law  relationship  we  depart  from  a 
typical  'metallurgical'  analysis,  which  would  have 
equated  c2- or  to  a  rate  insensitive  yield  point  At 
elevated  temperatures  (T>Tfuslon/2)  materials  de¬ 
forming  by  diffusional  mechanisms  are  rate 
sensitive. 


fig.  7  Slab  extrusion  model,  illustrating 
stresses  considered:  axial  stress  (Ct /).  wall 
pressure  (P).  and  friction  (X). 


A  <k 

where  dA=  2itr  — —  ,  dl  =  — —  ,  and  d  is  the 
sinq>  cosp 

diameter  of  the  slab  pictured  in  figure  7,  one  can 
derive  an  equation  which  describes  the  change  in 
axial  stress  (a2)  with  z: 

(toj  _  iMi  +coi<ti)  +  oz-ar))  (3) 

Equation  3  illustrates  that  during  extrusion  the  radial 
stress  is  more  compressive  than  the  axial 
(compressive  stresses  are  negative).  Relationships 
for  the  frictional  (x),  axial  («J2)  and  radial  stresses 
(or)  are  now  postulated:  frictional  behavior  is 
assumed  to  be  simple,  i.e.  either  friclionless  or 
newton  tan  (x=pP,  where  P  is  the  stress  normal  to 
the  die  wall),  and  the  difference  o2-or  is  equated  to  an 
equivalent  strain  rale  (e*)  by  a  power  law  equation: 


ee=  ko£ 

(4a) 

where 

:2  2  (e7.-£r)2-Keree)2+<E&Ez)2 
e_3  3 

(4b) 

and 

2  (az-cr)2-KorOfi)2-Kae-<77J2 
a‘~  2 

(4c) 

The  applied  piston  load  is  nearly  always  suf¬ 
ficient  to  achieve  full  density  prior  to  extrusion  in 
Y-TZPand  cavitation  docs  not  appear  to  be  a  prob¬ 
lem.  given  the  large  compressive  stresses  involved. 
[7]  We  therefore  set  tz+Er+Eo=0,  and  given  the 
axial  symmetry  of  this  problem  set  oe«or  and 
ee«er. 

The  equivalent  strain  rate  is  calculated  from  the 
geometry  of  the  die  and  the  velocity  of  the  piston. 
Each  slab,  pictured  in  figure  7,  will  contract  in  the 
radial  direction  and  elongate  in  the  axial  direction 
during  its  journey  through  the  die.  The  equivalent 
strain  rate  of  a  given  slab  is  a  function  of  its 
diameter  (d).  die  angle  ($).  piston  diameter  (dp),  and 
velocity  (vp): 

ee.  =  4^.tarut.(i)  (5) 

Equating  the  equivalent  strain  rale  to  the  equivalent 
stress:  oe=  or0z,  we  substitute  into  equation  3: 

4tsj£  ^(lan^+cot^+^^j  j  (6) 

For  friclionless  conical  dies  equation  6  is  integrated 
with  boundary  conditions  0Z=O  at  the  die  throat  and 
0z=Cp  (stress  applied  by  the  piston)  at  the  die 
entrance.  We  find: 


The  equivalent  strain  rate  and  stress,  while 
proportional  to  the  deviatoric  components  of  their 
icspective  tensors,  are  defined  so  (hat  they  reduce  to 
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topKide*!  (7) 

where 

Kide*1  =  4tan6  Gn(D3^  -  1))  (8) 

and  D  is  the  diameter  ratio  dp/df.  The  vp/dp  cal¬ 
culated  here  is  a  convenient  strain  rate  term  for  ex¬ 
trusion. 

For  dies  displaying  newtonian  friction  equation 
4  is  integrated  numerically.  As  will  be  shown  in 
the  next  section,  solutions  have  functional  behaviour 
similar  to  equation  S  allowing  us  to  write: 

^=ka”exp(^)Kgeom.  (9) 

with  the  geometrical  factor  Kgcom  found  through 
numerical  integration.  The  exponential  term  in 
equation  7  derives  from  friction  in  the  die  entrance 
region  (y  is  the  distance  between  piston  and  cone  in 
figure  1). 

5.  Discussion 

Piston  velocity  was  shown  in  equation  9  to  be 
proportional  to  both  the  microstructure  factor  It  and 
the  applied  stress  to  exponent  n  as  could  be  found 
from  a  tensile  or  compression  test.  The  stress 
exponent  determined  in  extrusion  is  approxiamtely  3 
(see  figure  6)  which  correlates  well  with  the  values 
found  for  fine  grain  materials.  [101 

The  micros tructural  parameter  It  has  grain  size 
dependency,  usually  expressed  by  exponent  m 
(k=k*/dm).  The  decrease  in  extrusion  velocity, 
shown  in  figure  2  and  3,  are  reasonably  explained  in 
the  context  of  grain  growth:  increases  of  50%, 
from  0.4  to  0.6pm,  were  observed  at  1500°C  with 
dies  of  diameter  ratio  3.  .However,  other  factors,  for 
example  strain  hardening,  can  not  be  ruled  out.  We 
defer  microscopic  aspects  to  a  forthcoming  paper.  [7) 
Friction,  in  the  entrance  and  cone  regions,  has  a 
large  effect  on  piston  velocity  as  shown  in  figure  3 
and  5.  To  determine  Kgeom.  for  newtonian 
conditions  (x  =  lip)  we  make  the  following 
substitutions  in  equation  4: 


Equation  4  can  now  be  expressed  in  terms  of  p  where 

Kgeom.  =  Hn” 


Assuming  no  friction  in  the  die  entrance  region  (i.e. 
y=0  in  equation  9)  we  numerically  integrate  up  from 
the  die  exit  where  P=0  (since  <Tz=0,  see  equation  12) 
and  find  that  Kge0m.  is  a  strong  function  of  the 
friction  coefficient  p  (figure  8)  for  both  an  extrusion 
diameter  ratio  of  3  and  1 .5. 

fn  principle  friction  coefficients  could  be 
determined,  without  knowledge  of  the  microstrucuire 
factor  k,  since  differences  in  extrusion  velocities  are 
equivalent  to  differences  in  Kge0m.  when  k’s  are 
equal.  The  friction  coefficients  could  then  be  found 
by  lining  up  these  AKgcom  so  that  the  friction 
coefficients  are  equal  for  the  same  lubricant. 
However,  as  mention  previously,  it  is  difficult  to 
ensure  equivalent  lubrication.  Never  the  less 
velocity  differences  in  figure  3  and  5  suggest 
reasonable  differences  in  the  friction  coefficients. 


newtonian  friction  coef.  (p) 


fig.  8.  Numerically  calculated  Kgeom.  for 

conical  dies  D=1.5,  3  and  n=3. 

However  figure  8  also  indicates  that  for  the  same 
lubricants  greater  piston  velocity  differences  should 
be  found  for  dies  of  larger  diameter  ratios  (D),  in 
contridiction  with  the  results  shown  in  figures  3  and 

5.  Newtonian  friction  may  not  be  a  good 
approximation  for  high  temperature  forming 
operations.  In  a  following  paper  we  consider  a  more 
reasonable  inierfacial  mechanism,  where  it  is 
reasoned  that  drag  results  from  the  uneven  flow  of 
material  over  a  rough  die  surface.[9) 

6.  Conclusions 

With  the  development  of  extremely  fine-grain 
microstructures  ceramic  materials  have  begun  to 
achieve  ductilities  sufficient  to  justify  high  tem¬ 
perature  forming  operations,  like  close  die  forming. 
Extrusion  experiments  are  convenient  in  gauging 
workability  and  the  effectiveness  of  lubricants  on 
macro  and  microstniclure.  Experiments  indicate  that 
large  deformation  strains  can  be  achieved.  Conve¬ 
niently,  powders  can  be  extruded  to  full  density,  re¬ 
ducing  the  work  involved  in  preparing  billets  and 
enabling  the  achievement  of  fmer-grain  microstnic- 
tures. 
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ABSTRACT 

Y-TZP  Zr02  was  superplastically  deformed  in  bending  and  tension  in  the  temperature  range 
1 180  -  1450°C  and  in  the  strain-rate  range  10  6  -  10°  s  '.  The  loge  /  logo  relationship  was 
highly  linear  with  n  -  2.  A  maximum  tensile  elongation  of  246%  was  obtained.  The  activation 
energy  for  deformation  was  580kJ/mol.  Microstructural  examination  showed  that  some  strain 
enhanced  grain  growth  occured  during  deformation  together  with  limited  intergranular 
cavitation.  Some  grain  strain  took  place  during  deformation  but  no  significant  increase  in 
dislocation  content  was  noted.  Measurements  of  grain  strain  and  loss  of  density  due  to  pore 
growth  and  cavitation  indicated  that  -0.83  of  the  total  strain  was  due  to  grain  boundary  slidin  j 
during  superplastic  tensile  deformation  at  1450°C  and  an  initial  strain-rate  of  4.8-10'5  s  ’. 


Superp)of»tic'ty  and  Superplaslic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Palon 
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INTRODUCTION 


This  paper  is  concerned  with  a  microstructural  study  of  the  superplastic  deformation  of 
yttria  partially  stabilized  tetragonal  ZrO^  (Y-TZP).  Work  in  recent  years  has  shown  that 
superplastic  flow  is  possible  in  a  number  of  fine-grained  ceramic  materials  (1-4)  and,  in 
particular,  Wakai  et  al.  (4)  have  demonstrated  that  tensile  ductilities  well  in  excess  of  100%  can 
be  achieved  with  Y-TZP. 

It  is  at  present  unclear  just  how  closely  the  phenomenon  of  superplasticity  in  ceramics  is 
related  to  superplasticity  in  metals  but  it  is  apparent  there  are  significant  similarities  between  the 
two.  As  is  the  case  for  metals,  ceramics  need  to  have  very  fine  grain  sizes  and  have  to  be 
deformed  at  high  temperatures  (T  >  0.5Tm)  within  a  certain  range  of  strain-rates  in  order  to 
exhibit  maximum  superplasticity.  The  tensile  ductilities,  which  have  been  obtained  so  far  for 
superplastic  ceramics  (160%),  are  however  considerably  less  than  those  which  can  be  obtained 
for  some  metals  (4-5000%)  and  the  typical  three  region  sigmoidal  stress/strain-rate  flow 
behaviour  for  metals  does  not  seem  to  be  repeated  by  the  superplastic  ceramics.  Just  as  in  the 
case  of  metals,  these  general  observations  point  to  the  likely  importance  of  grain  boundary 
sliding  as  a  major  strain-providing  flow  mechanism  in  the  superplastic  deformation  of  ceramic 
materials  but  it  is  clear  that  there  are  likely  to  be  some  differences  in  the  details  of  the 
micromechanisms  of  flow  in  the  two  types  of  material. 


EXPERIMENTAL 

Specimens  were  first  formed  by  cold  isostatic  pressing  Y-TZP  powder  *.  They  were 
subsequently  sintered  in  air  to  96-98%  theoretical  density  by  heating  in  the  sequence:  1 100°C 
lh;  1250°C  lh;  1400°C  lh.  The  sintered  material  had  an  average  grain  size  of  0.3p.m. 
Specimens  for  bend  tests  were  in  the  form  of  rectangular  cross-section  bars  45-6-4mm  and  the 
shape  of  tensile  specimens  is  shown  in  Fig.l.  The  latter  had  a  gauge  length  of  15mm  and  cross 
section  of  4-4mm. 


Fig.  1.  Superplastic  tensile  deformation 
of  Y-TZP  ZrOj.  Bl:As-sintered  specimen 
prior  to  testing.  B2:  Strained  164%  at 
M.8-10-V1  and  1450°C.  B3:  Strained 
to  fracture  (246%)  under  the  same 
conditions. 


Both  four-point  and  three-point  bend  tests  were  carried  out  in  the  temperature  range 
1 180-1400°C  with  a  range  of  different  constant  load  point  deflection  rates.  Higher  total  strains 
were  achieved  in  the  three-point  tests.  Tensile  tests  to  even  greater  strains  were  carried  out  at 
1450°C  at  constant  cross  head  speeds  which  gave  initial  strain  rates  in  the  range  10  5-104  s  '. 


*  TZ-3Y  powder  from  Toyo  Soda  Inc. 


FLOW  BEHAVIOUR 


It  is  convenient  to  discuss  the  superplastic  flow  behaviour  in  terms  of  the  creep  equation: 


e  =  Acnexp(C2/RT) 


(1) 


where  e  is  the  strain  rate,  A  is  a  material  constant  partly  dependent  upon  grain  size,  o  is  the 
flow  stress,  n  the  stress  exponent,  Q  is  the  creep  activation  energy,  R  is  the  gas  constant  and  T 
is  the  absolute  temperature. 

Stresses  and  strain-rates  which  were  developed  during  four-point  bending  were  calculated 
using  the  theory  of  Hollenberg  et  al.  (5)  for  four-point  bending  creep  tests.  Stresses  and 
strain-rates,  which  were  developed  at  the  lower  face  of  the  test  bars  (i.e.  the  plane  of  maximum 
tensile  strain  and  stress),  are  plotted  in  Fig.2  together  with  similar  data  obtained  from  the 
tensile  tests  carried  out  at  1450°C.  It  can  be  noted  from  Fig.2  that  the  stress/strain-rate 
relationships  for  all  temperatures  were  highly  linear  with  a  stress  exponent  n  in  the  range 
1. 9-2.3.  Although  bending  tests  and  tensile  tests  were  not  conducted  at  the  same  temperatures 
the  data  shown  in  Fig.2  indicate  that  the  results  obtained  from  these  two  types  of  tests  were 
approximately  consistent  with  each  other. 


Fig.  2.  Stress/strain-rate  relationships  for  both  Fig.  3.  Tensile  curves  for  £=4.8*10‘3  s"1  at 
four-point  bending  and  tensile  tests.  1450°C.  Top:  load  vs.  elongation.  Bottom:  true 

stress  vs.  true  strain. 


The  maximum  strain  achieved  in  the  tensile  tests  was  246%  at  an  initial  strain-rate  of 
4.8-103  s1  and  1450°C.  The  load/elongation  curve  for  this  test  is  shown  in  Fig.3  together 
with  the  corresponding  derived  true  stress/true  strain  relationship.  From  this  latter  curve  it  can 
be  seen  that  some  deformation  hardening  (possibly  due  to  grain  growth)  occured  for  the  first 
100%  of  nominal  strain.  The  creep  activation  energy,  Q,  was  determined  by  varying  the 
temperature  during  four-point  bending.  A  value  of  Q  =  580kJ/mol  was  obtained  which  is  in 
good  agreement  with  the  earlier  work  of  Wakai  (4). 
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MICROSTRUCTURAL  OBSERVATIONS 


X-ray  diffractometry  showed  that  the  as-sintered  material  was  mainly  tetragonal  Zr02  but  it 
also  contained  -10%  cubic  Zr02.  The  amount  of  cubic  phase  increased  slightly  from  -10%  to 
-17%  during  deformation  to  a  nominal  strain  of  164%  at  1450°C.  The  larger  amount  of  cubic 
phase  agrees  well  with  the  equilibrium  content  predicted  by  Scott's  Zr02-Y203  phase  diagram 
(6). 


Grain  sizes  were  measured  prior  to  and  after  tensile  testing.  The  mean  diameter  was 
estimated  as  d=A0-5  where  A  is  the  average  cross-sectional  area  of  the  grains  on  a  polished 
section.  The  as-sintered  material  had  a  grain  size  of  0.3  pm  and  this  increased  to  0.37  pm  in 
the  grip  section  of  a  test  specimen  after  lOh  at  1450°C.  In  the  gauge  length  of  the  specimen, 
which  had  been  strained  164%,  the  grain  size  had  further  increased  to  0.48  pm.  This  effect  of 
strain  induced  grain  growth  appears  to  be  a  general  feature  of  the  superplastic  deformation  of 
metals  and  has  also  been  previously  observed  for  some  oxide  ceramics  (2). 

Measurements  of  the  mean  linear  intercept  grain  sizes  after  164%  tensile  strain,  made  on 
micrographs  such  as  Fig.4,  showed  that  d_=1.37dj_  where  d_  is  the  intercept  grain  size  parallel 
to  the  tensile  axis  and  dx  is  perpendicular  to  the  tensile  axis.  Use  of  the  expression  for  grain 
strain,  eg  (7): 


eg  =  2/31n(d=/d1)  (2) 

gave  the  contribution  to  the  total  strain  from  grain  elongation  as  eg~20%. 

Density  measurements  on  the  tensile  specimen  deformed  to  164%  strain  showed  that  this 
specimen  had  suffered  a  density  loss  of  -8%.  Microstructural  examination  showed  that  this 
was  due  mainly  to  the  growth  of  existing  pores  in  the  material  and  also,  to  a  lesser  degree,  to 
the  formation  of  intergranular  cavities.  More  intergranular  cavitation  occured  for  -30%  strain 
in  three-point  bending  at  the  faster  strain-rate  of  -2-10"4  s-1  and  lower  temperature  of  1400°C 
(see  Fig.5).  Compared  with  the  as-sintered  material,  superplastic  deformation  did  not  seem  to 
cause  any  significant  increase  in  dislocation  content. 

SEM  examination  of  the  surfaces  of  strained  bars  indicated  that  considerable  grain 
boundary  sliding  (GBS)  had  occured  during  superplastic  deformation  (Fig. 6).  Measurements 
of  grain  elongation  ( eg~20%)  and  porosity  increase  (-8%),  which  were  made  on  the  specimen 
that  had  been  deformed  164%  suggests  that  the  strain  due  to  GBS  was  egbs~136%,  i.e.  -0.83 
of  the  total  strain  was  due  to  GBS. 


Fig.4.  Polished  section  of  tensile  specimen 
after  164%  strain  (thermally  etched,  SEM).  Note 
the  slight  grain  elongation  in  the  tensile  direction 
(arrowed). 
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Fig.  5.  Intergranular  cavitation  (arrowed)  at 
triple  grain  junctions  in  the  three-point  bend 
specimen  deformed  30%  at  1400°C  (TEM). 


Fig.  6.  Surface  of  three-point  bend 
specimen  strained  20%  at  10"3  s_1  and 
1250°C  showing  grain  offsets  due  to  GBS 
(arrowed).  The  tensile  direction  is  also 
indicated  (SEM). 


CONCLUDING  REMARKS 

It  is  clear  from  Fig.2  that  Y-TZP  Zr02  exhibits  a  highly  linear  logf/logc  relation  over  at 
least  three  decades  of  strain-rate  rather  than  the  sigmoidal  behaviour  common  to  superplastic 
metals.  Thus,  using  previous  terminology  (8),  region  II  is  very  extensive  for  Y-TZP  and  no 
indication  of  its  limits  were  found.  The  absence  of  region  HI,  for  the  strain  rates  investigated 
here,  is  no  doubt  due  to  the  difficulty  of  dislocation  creep  in  ceramic  materials.  The  measured 
value  of  n~2  is  consistent  with  values  normally  obtained  for  superplastic  metals  (8)  and  is  also 
consistent  with  arguements  that  GBS  is  rate  controlling  during  superplastic  flow  (9). 

Financial  support  from  STU's  Technical  Research  Council  is  gratefully  acknowledged. 
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Abstract 

Post-SPF  fatigue  properties  in  Ti-6A1-4V  alloy  were 
investigated.  Regardless  of  SPF  conditions,  fatigue  strengths 
of  the  SPF  materials  were  almost  identical  and  lower  than 
that  of  the  mill  annealed  material.  The  change  in  crack 
initiation  mechanism  resulted  in  the  lower  fatigue  strengths 
in  the  SPF  materials:  The  deformation  was  localized  in  the 
grain  boundary  0  phase  in  the  SPF  materials,  while  slip 
line  formation  and  subsequent  cracking  in  the  a  phase  was 
observed  in  the  mill  annealed  material. 
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Introduction 


Recent  investigations  have  shown  that  changes  in 
microstructure  due  to  various  thermal  treatments  result  in 
significant  changes  in  mechanical  and  fatigue  properties  for 
titanium  alloys  (1~5).  In  the  superplastic  forming, 
superplastic  deformation  as  well  as  thermal  cycle  may 
influence  on  mechanical  and  fatigue  properties.  In  spite  of 
the  academic  interest  in  and  commercial  development  of 
superplastically  formed  titanium  alloys  only  little 
information  is  available  on  their  post-SPF  properties  (6,7). 
This  paper  presents  the  post-SPF  fatigue  properties  of 
Ti-6A1-4V  alloy. 


Experimental  procedure 

The  material  used  was  a  T1-6A1-4V  sheet  with  thickness 
of  3.0mm.  Specimens  for  superplastic  forming,  as  shown  in 
Fig. 1(a),  were  cut  from  the  sheet,  the  tensile  axis  of  which 
coincided  with  the  rolling  direction.  After  superplastic 
forming  a  specimen  shown  in  Fig. 1(b)  for  fatigue  tests  was 
machined  from  the  center  region  of  the  superplastically 
formed  specimen.  Eight  kinds  of  specimens  were  prepared,  as 
listed  in  Table  I:  The  material  A  is  an  as-received  (mill 
annealed)  one.  The  materials  B,  C  and  D  are  superplastically 
formed  ones  at  1173K  upto  superplastic  strain  of  100%  under 
various  strain  rates  to  investigate  the  effect  of  strain  rate 
on  post-SPF  fatigue  properties.  The  materials  E  and  F  are 


*■30 


A 

1 - 

— -Tr 

W 

7 

X 

7- 

zL 

_ 

14- 

.  16 .. 

-  16 

14 

_ 25 _ 

(a)  SPF  specimen 


(b)  Specimen  for  fatigue  tests 


Fig. 1  Specimens. 


Fig.  2  Sche«tic  thersal  cycle  in  SPF. 


Fig.  3  Microelructwes.  (a)  As-received  ■aterial  (b)  Material  D 
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Table  I  The  conditions  for  SPF.  relevant  ■echanical  properties  and  fatigue  limits. 


Material 

Conditions  for  SPF 

Mechanical  properties 

Fatigue 

To*). 

(K) 

Strain  rate 

ts") 

SP- 

strain 

Cooling 

o  o.  I 

OPa) 

a  • 

Of*) 

E 

(GPa) 

Elong. 

<*) 

H. 

(GPa) 

(Va) 

A 

as-received  (aiil  annealed) 

1034 

1085 

104.3 

24.9 

3.26 

325 

B 

1173 

2.77x10-* 

100* 

IQ 

- 

1010 

99.6 

- 

2.99 

- 

C 

1173 

2.77x10-* 

100* 

•Q 

- 

1045 

98.7 

- 

3.05 

- 

D 

1173 

2. 77x10"* 

100* 

IQ 

907 

1095 

116.3 

27.1 

2.95 

140 

E 

1173 

70  ain 

- 

IQ 

896 

1113 

89.0 

18.6 

3.08 

140 

F 

1173 

70  Bin 

- 

AC 

924 

1084 

104.8 

17.2 

3.17 

210 

G 

1173 

2. 77x10"* 

100* 

AC 

858 

1016 

102.7 

20.2 

3.08 

190 

H 

1073 

2.77x10"* 

100* 

AC 

869 

982 

95.5 

2.96 

140 

thermally  cycled  to  the  superplastic  forming  temperature  ie 
70min  at  1173K  to  investigate  the  effect  of  superplastic 
deformation.  The  material  G  is  the  superplastically  formed 

one  with  the  same  SPF  conditions  as  the  material  D  except  the 
cooling  condition.  The  material  H  is  the  superplastically 
formed  one  with  the  same  SPF  cinditions  as  the  material  G 
except  the  SPF  temperature.  The  typical  thermal  cycle  for  SPF 
and  thermal  cycling  with  no  superplastic  deformation  is 
schematically  illustrated  in  Fig. 2. 

From  the  observations  of  microstructures  for  the 

materials  used,  no  significant  difference  in  microstructure 
was  found  among  the  materials  from  B  to  H.  Typical  micrographs 
for  the  as-received  and  D  materials  are  shown  in  Fig. 3.  The 
microstructure  of  the  as-received  material  has  a  matrix  of 
primary  a  with  particles  of  0  .  The  microstructure  of  the 

SPF  and  thermal  cycling  materials  has  a  matrix  of 
recrystallized  a  with  grain  boundary  0  particles.  The 
globular  shape  of  a  phase  was  maintained  even  after  large 
superplastic  deformation.  From  these  observations  and  the 
measurements  of  density,  the  formation  of  cavity  was  hardly 

found  in  the  range  of  the  present  SPF  conditions. 

Fatigue  tests  were  carried  out  in  air  at  297K  and  55% 
relative  humidity  using  a  servohydraulic  testing  machine 
under  a  load-controlled  condition  of  R=0.05  at  a  frequency 
ranged  from  5  to  40  Hz. 

Results  and  discussion 


The  relationship  between  stress  amplitude  a  .  and  number 
of  cycles  to  failure  Nr  is  shown  in  Fig. 4.  Since  the  present 
fatigue  test  was  carried  out  under  R=0.05,  the  maximum  stress 
a  m. .  is  given  as 

O  all  =  2  O  . /( 1— R)  “  2,1  O  m. 

Fatigue  limits  obtained  from  Fig. 3  are  listed  in  Table  I. 
From  the  figure,  the  fatigue  lives  of  the  SPF  and  thermal 

cycling  materials  were  almost  identical  and  shorter  than  that 
of  the  mill  annealed  material.  Busch  et  al  (6)  also  reported 
that  fatigue  lives  under  the  annealed  and  the 
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Fig.  4  S-N  diagram 


superplastically  formed  conditions  were  almost  identical  and 
both  of  them  were  shorter  than  that  under  the  as-received 
one.  Therefore,  superplastic  deformation  will  not  play  an 
important  role  in  the  fatigue  properties  at  least  in  the  case 
of  SPF  without  void  formation.  As  can  be  seen  from  Table  I, 
the  SPF  and  thermal  cycling  produced  a  significant  reduction 
of  35-57%  in  fatigue  limit. 

The  crack  initiation  mechanisms  vary  from  slip  line 
formation  and  subsequent  cracking  in  the  a  phase,  a  /  8 

interface  cracking  or  slipless  cracking  of  the  a  phase  (8). 
Slip  line  formation  and  subsequent  cracking  in  the  a  phase 
was  reported  to  be  the  main  initiation  mechanism  in  the  a  /  8 
structure  (1).  In  the  present  as-received  material,  since  the 
facets  fractured  along  slip  lines  were  observed,  as  shown  in 
Fig. 5(a),  slip  line  formation  and  subsequent  cracking  in  the 
a  phase  seems  to  be  the  main  initiation  mechanism.  It  was 
reported  (4)  that,  in  the  recrystallized  anneal  material, 
microstructure  of  which  was  almost  identical  with  those  the 
SPF  and  thermal  cycling  materals  used,  the  deformation  was 
localized  in  the  grain  boundary  8  phase  and  the  recrystallized 
a  phase  was  nearly  dislocation  free  but  the  8  phase  had 

numerous  defects.  In  the  SPF  and  thermal  cycling  materials, 
since  the  transgranular  and  cleavage  facets  were  observed  as 
shown  in  Fig.  6(a),  localized  deformation  in  the  grain 
boundary  8  phase  and  subsequent  cracking  seems  to  be  the 

main  initiation  mechanism. 

Irving  and  Beevers  (2)  showed  that  the  fatigue  crack 
growth  rates  of  the  heat  treated  materials  (as- received  + 
1203K  30min  or  1073K  30min  ♦  air  cool)  agreed  well  with  that 
of  the  as-received  (mill  annealed)  material  except  in  the 
near  threshold  region.  In  the  fracture  surface  far  from  the 
initiation  point,  the  striation  was  observed  in  all  materials 
used.  No  significant  difference  in  morphology  of  the 
striation  was  found  among  the  materials  used,  as  shown  in 
Fig. 5(b)  and  6(b).  Therefore,  the  change  in  crack  initiation 
mechanism  will  be  a  main  reason  for  the  lower  fatigue 
strengths  in  the  SPF  and  thermal  cycling  materials. 

The  material  E,  which  was  thermally  cycled  to  the 
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Fig.  5  Fractographs  for  the  as-received  aaterial.  (a)  Initiation  region  (b)  Striation 


Fig.  6  Fractographs  for  the  aaterial  D. 


(a)  Initiation  region  (b)  Striation 


superplastic  forming  temperature  but  not  superplastically 
deformed,  was  heat-treated  under  the  conditions  of  1223K,  lh, 
WQ.  This  heat  treatment  increased  fatigue  life  by  a  factor  of 
1.45.  Further  investigations  are  needed  for  improving  the 
post-SPF  fatigue  properties. 
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Abstract 

SPF/DB  titanium  is  a  proven  production  technology  at  BAe.  Until  recently 
SPF  of  aluminium  alloys  has  been  confined  to  secondary  and  tertiary 
aircraft  structures  due  to  the  lack  of  a  suitable  structural  alloy. 

Project  studies  have  indicated  that  useful  cost  and  weight  savings  can  be 
achieved  by  the  application  of  SPF  aluminium  to  various  military  aircraft 
primary  structure  components.  The  development  of  high  strength  7475F.  and 
8090  SPF  aluminium  alloys  offers  the  potential  of  manufacturing  such 
structures . 

The  objectives  of  achieving  manufacturing  cost  savings  and  weight  benefits 
have  been  verified  through  design  and  manufacture  of  the  L/H  module  door 
for  Tornado.  The  subsequent  scale-up  manufacture  of  a  large  complex  S 
shaped  SPF  8090  EAP  main  undercarriage  door  has  also  been  demonstrated. 

This  paper  discusses  the  manufacture  of  the  Tornado  door. 
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Introduction 

During  the  early  1970' s  British  Aerospace  (formerly  British  Aircraft 
Corporation)  and  North  American  Rockwell  established  the  manufacturing 
methods  for  SPF/DB  titanium  structures  (1)  -  (4) .  This  has  matured  to  a 
fully  proven  production  technology  with  several  thousand  production 
components  having  now  been  manufactured  at  the  Military  Aircraft  Division, 
Warton  Unit.  About  this  time  development  of  SPF  aluminium  materials  and 
processes  also  commenced,  but  production  maturity  was  delayed  due  to  the 
lack  of  a  high  strength  material. 

Early  work  was  mainly  concerned  with  the  zinc  alloy  ZAM,  followed  later  by 
the  Supral  100/150  alloys  and  the  Al-Ca  alloy  08050.  Considerable 
manufacturing  data  with  respect  to  tooling,  processing  techniques  and 
associated  manufacturing  costs  was  gained  from  this  work.  However,  these 
materials  were  of  relatively  low  strength  and  unsuitable  for  most  primary 
structural  applications  with  the  Supral  materials  generally  being  confined 
to  secondary  and  tertiary  aircraft  structures  (5). 

The  emergence  of  the  high  strength  7475  and  more  recently  Al-Li  alloys  (6) 
has  led  to  a  re-assessment  of  SPF  aluminium  structural  applications  and  the 
subsequent  development  of  the  manufacturing  technology  at  BAe  to  a  state  of 
production  readiness. 

This  paper  outlines  the  manufacture  of  a  SPF  aluminium  Tornado  L/H  module 
door  and  also  refers  to  the  subsequent  scale  up  manufacture  of  a  large 
complex  S  shaped  SPF  8090  main  undercarriage  door  for  the  EAP  (Experimental 
Aircraft  Programme). 

Applications 

An  assessment  of  the  potential  SPF  aluminium  applications  for  future 
military  aircraft  has  been  carried  out  by  BAe  and  substantial  usage 
identified.  Similar  conclusions  have  been  derived  by  other  aerospace 
companies  (7).  As  a  result  of  these  studies  one  of  the  areas  of  technology 
application  which  showed  potential  cost  and  weight  pay-offs  was  the 
manufacture  of  aircraft  doors. 

To  validate  the  applications  studies  and  to  create  a  design  and 
manufacturing  database  an  extensive  technology  development  programme  has 
been  carried  out  at  BAe. 

Manufacture  of  Tornado  SPF  L/H  Module  Door 

As  part  of  the  technology  development  programme  a  Tornado  module  door  was 
re-designed  for  SPF  manufacture. 

The  objectives  of  the  module  door  demonstrator  programme  were:- 

-  To  validate  the  design. 

-  To  prove  the  tooling  concepts. 

-  To  prove  the  manufacturing  process  produced  components  of  an 
acceptable  accuracy  and  quality. 

-  To  verify  cost  savings, 

Component  Design 

The  conventional  door  is  a  fabricated  aluminium  assembly  consisting 
basically  of  Z-member  stiffeners  rivetted  to  a  stretch  formed  skin.  The 
SPF  version  is  basically  a  two  sheet  structure  consisting  of  a 
superplastically  formed  inner  skin,  in  this  case  rivetted  to  the 
conventionally  formed  outer  skin.  For  skins  of  more  complex  shape  it  is 
more  likely  that  the  outer  skin  would  also  be  SPF'd. 

A  reduction  in  parts  count  from  12  to  7  and  in  fasteners  from  114  to  87  is 
achieved  by  the  change  of  design  to  SPF  as  shown  In  the  exploded  views  of 
the  two  doors,  figure  1. 
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For  the  purpose  of  this  exercise  the  shoot  bolt  locations,  hinges  and 
associated  packers  are  common  to  both  versions  of  the  door.  These  have 
been  included  in  the  total  parts  count  although  they  are  not  shown  in 
figure  1. 

Comparison  of  Manufacturing  Routes 

For  the  conventional  door  the  manufacturing  route  consists  of  manufacturing 
individual  details  by  hand  forming,  rubber  press  forming  and  stretch 
forming  which  are  subsequently  assembled  by  rivetting.  A  table  showing  the 
number  of  tools  required  for  the  manufacture  of  all  details  is  shown  in 
figure  2  (18  tools  in  total) .  Both  manufacturing  techniques  require  one 
assembly  jig.  This  method  of  production  although  tried  and  tested  is 
labour  intensive  and  it  is  the  reduction  in  manufacturing  hours  that  is 
primary  in  driving  the  SPF  technology.  The  comparison  between 
manufacturing  costs  of  the  conventional  and  SPF  door  will  be  discussed  in 
more  detail  later.  However,  as  previously  Indicated,  the  parts  count  for 
the  SPF  door  is  reduced  resulting  in  a  modular  approach  to  build,  with  a 
reduction  in  the  number  of  tools  required  to  5. 


Detail 

CONVENTIONAL 

Form  Tool 

Template 

Detail 

SPF 

Form  Tool 

Template 

-003 

1 

i 

-007 

1 

2 

-005 

1 

i 

-017 

1 

1 

-011 

1 

i 

-015 

2 

-017 

1 

i 

-019 

1 

2 

-029 

1 

1 

-031 

2 

1 

TOTAL 

10 

8 

TOTAL 

2 

3 

Figure  2  Comparison  of  Tooling  Requirements 

The  differences  in  construction  are  further  highlighted  in  the  photographs 
of  the  two  assembled  doors  figure  3.  Although  for  the  purpose  of  this 
exercise  the  SPF  door  was  assembled  by  rivetting,  the  design  of  the  SPF 
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structure,  unlike 
conventional  structure  is 
particularly  suited  to  advanced 
assembly  techniques  such  as  adhesive 
bonding,  diffusion  bonding  (8)  and 
weld  bonding  (9) .  These  techniques 
are  currently  under  development 
with  a  view  to  further  reducing 
cost  and  mass. 


Figure  3  Comparison  of 

Assembled  Doors 

SPF  Manufacture 

The  SPF  form  tool  was  designed  to  enable  both  the  manufacture  of  the  waffle 
pressing  and  outer  CPL  skin.  The  form  tool  is  shown  in  figure  4.  The 
waffle  was  manufactured  by  loading  the  flat  blank  into  the  heated  form  tool 
at  5151  10°C.  The  Initial  curvature  of  the  door  was  formed  by  closing  the 
tool.  The  pressure  time  cycle  was  then  initiated  (figure  5)  and  the 
pressing  formed  (figure  6) .  Cavitation  was  suppressed  during  the 
manufacture  of  the  waffle .  Post  form  heat  treatment  operations  were 
carried  out. 


Time  Profile 


Cost  Analysis 

Having  successfully  demonstrated  the  manufacture  of  a  superplastically 
formed  door  a  comprehensive  exercise  to  identify  the  cost  benefits  of  the 
technology  was  carried  out.  The  cost  of  tooling,  material  and  detail 
manufacture  and  component  assembly  for  both  versions  of  the  door  were 
considered  in  determining  the  final  manufacturing  costs.  Savings  in 
indirect  engineering  costs  are  not  Included.  In  determining  the  material 
costs  all  the  fittings  are  regarded  as  common,  and  therefore  only  the  skin 
and  waffle  are  considered.  Although  the  cost  of  the  8090  alloy  is  about  10 
times  the  cost  of  conventional  aluminium  in  terms  of  the  overall  component 
cost,  the  material  cost  Increase  is  Insignificant  in  this  case. 

The  results  of  this  exercise  are  presented  in  Table  1.  It  is  of  interest 
to  note  that  although  the  number  of  tools  required  for  manufacture  of  the 
SPF  assembly  is  reduced  from  19  to  6  the  overall  tooling  bilj  is  increased 
by  approximately  14%.  This  is  not  as  surprising  as  it  first  appears  given 
the  complexity  of  the  SPF  tool. 
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CONVENTIONAL 

ASSEMBLY 

SUPERPLASTIC 

ASSEMBLY 

TOOLING 

19  tools 

6  tools 

1575  manhours 

1774  manhours 

DETAILS  & 

12  details 

7  details 

ASSEMBLY 

21  hrs  33  min 

6  hrs  40  min 

Table  1  Cost  Comparisons 


The  cost  benefits  of  the  process  are  obviously  associated  with  the  lower 
number  of  details  and  the  simplified  assembly.  In  this  respect  a  cost 
saving  of  66%  Is  recorded  for  the  superplastic  assembly. 


Figure  6  SPF  Cost  New  Project  Figure  7  SPF  Cost  Existing  Project 


The  economic  advantages  of  introducing  the  SPF  technology  into  production 
are  easily  illustrated  by  plotting  the  cumulative  manufacturing  costs,  with 
the  non-recurring  tooling  costs  for  both  versions  of  the  door.  This  has 
been  done  in  figure  6.  Analysis  of  this  graph  shows  that  although  the 
introduction  costs  are  higher,  the  process  becomes  cost  competitive  after 
the  production  of  only  13  assemblies.  In  many  instances  however  on 
established  projects  the  cost  of  existing  tooling  needs  to  be  written  off 
before  the  benefits  of  the  new  technology  can  be  realised.  This  is  shown 
clearly  in  figure  7,  where  it  can  be  seen  that  the  break  even  is  achieved 
after  the  manufacture  of  53  assemblies. 

BAP  SPF  6090  Undercarriage  Door 

One  of  the  aims  of  the  Experimental  Aircraft  Programme  is  to  demonstrate 
advanced  manufacturing  technologies  such  as  CFC,  PEEK,  SPF/DB  titanium  and 
SPF  aluminium.  As  part  of  this  programme  the  EAP  undercarriage  door  was 
selected  to  demonstrate  the  SPF  aluminium  technology.  Confidence  for 
selection  of  this  item  was  gained  from  the  manufacture  of  the  Tornado  door. 
Although  similar  In  concept  this  door  is  far  more  complex  due  to  its  size, 
geometry  and  performance  requirements  and  therefore  the  manufacture  of  this 
door  would  extend  the  technology  significantly. 
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The  conventional  door  is  approximately  lm  x  0.75m  plan  size  of  S-shape 
cross  section  having  both  inner  and  outer  skins  separated  by  numerous  small 
stiffeners.  Generally  the  internal  structure  comprises  fabricated  channels 
and  Z  sections  with  machined  Inserts  at  the  hinges  and  jack  attachment 
brackets.  Cleats  are  required  at  all  the  stiffener  junctions  and  all 
attachments  are  by  mechanical  fasteners . 

The  SPF  structure  comprises  of  a  inner  and  outer  skin  separated  by  a  single 
sheet  waffle  pressing  with  local  cut  outs  and  chemi-etch  pockets  for  weight 
reduction,  which  replaces  all  the  detail  stiffeners.  A  reduction  in  parts 
from  96  to  11  and  in  fasteners  from  1466  to  540  is  achieved  by  the  change 
in  design  to  SPF. 


Figure  6  EAP  Door 


The  SPF  door  with  a  local  skin  cut-away  to  expose  the  waffle  is  shown  in 
figure  8.  The  predicted  cost  saving  was  60%  and  a  mass  saving  of  18%  was 
achieved  compared  with  the  fabricated  door. 

Conclusions 

Components  of  an  acceptable  quality  and  accuracy  to  the  required  design 
have  been  produced  by  using  SPF  technology  with  high  strength  aluminium 
alloys.  The  predicted  cost  benefits  have  been  proven.  In  addition  mass 
savings  have  been  demonstrated. 
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SPF/DB  OH  TOE  HAY  TO  TOE  PRODUCTION  STAGE  FOR  TI  AND  AL 
APPLICATIONS  WITOIN  MILITARY  AND  CIVIL  PROJECTS 

Dr.  H.  E.  Friedrich,  R.  Furlan  und  M.  Kullick 
Messerschmitt  BOlkow  Blohm  GmbH 


Abstract 

The  development  of  new  production  methods  in  the  aerospace  industry  is 
basically  geared  towards  achieving  cost  and  weight  advantages.  Whilst  a 
reduction  in  manufacturing  costs  is  one  of  the  factors  determining  the 
final  price  of  the  aircraft,  reductions  in  weight  permit  more  favourable 
specific  fuel  consiaption  or  higher  payload.  Owing  to  the  highly  struc¬ 
tured  and  complex  component  geometries  of  both  today's  and  future  aircraft 
programs,  the  production  methods  of  superplastic  forming  (SPF)  and  diffusion 
bonding  (DB)  and  in  particular,  a  combination  of  both  methods  (SPF/DB)  have 
secured  themselves  an  important  position  amongst  other  Innovative  technolo¬ 
gies. 

The  SPF  and  SPF/DB  processes  in  particular  can  be  used  to  form  parts  with 
a  reduction  in  material  consumption  or  metal  cutting  and  achieve  a  shape 
similar  to  the  final  contour  (i.e.  largely  corresponding  to  the  final 
dimensions)  and  to  join  them  in  one  operation.  The  development  and  product¬ 
ion  work  conducted  to  date  by  MSB  has  achieved  weight  reductions  of  up  to 
35%  for  SPF  and  for  SPF/DB  titanium  parts.  Overall,  the  activities  relate 
to  titanium  alloys  and  high-strength  aluminium  alloys. 

*1 

Ti  A16  V4  largely  complies  with  the  SPF  Process  requirements  such  as 
fine-grained  structure,  high  structure  stability  in  respect  of  grain  growth 
(in  this  case,  as  high  an  m-value  as  possible  should  be  reached  and  re¬ 
tained  during  the  forming  process  1)  and  high  purity  of  the  structure  (re¬ 
duced  percentage  of  inclusions  in  order  to  guarantee  a  low  sensitivity  to 
pore  formation).  Purity  of  the  contact  surface  and  appropriate  surface 
roughness  are  important  in  respect  of  joining  materials  when  subject  to 
pressure  and  temperature  in  the  DB  process. 

Aluminium  alloys  are  altogether  more  critical  with  regard  to  their  pro¬ 
cessing  parameters. 

Although  it  is  possible  to  achieve  an  adequately  fine-grained  structure  in 
alloy  type  A1  Zn  Mg  Cu  (AA  7475)  by  carring  out  a  special  thermomechanical 
treatment  during  sheet  manufacture,  aluminium  alloys  still  tend  to  suffer 
from  the  fact  that  they  develop  porosity  during  the  forming  process. 

*)  largely  covered  by  the  material  specified  by  "MIL-T-9046F,  Type  III, 
Comp.  C  annealed". 

Superplasticity  and  Superplastic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Paton 
The  Minerals,  Metals  &  Materials  Society,  1988 
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The  formation  of  pores  can  be  attributed  to  the  diffusion  related  agglo¬ 
meration  of  vacancies  and/or  a  plasticity-related  shearing  effect  at  the 
grain  boundaries,  or  more  likely,  at  a  second  phase  or  inhomogeneity  in  the 
structure.  Special  measures  are  necessary  to  achieve  adequate  mechanical 
properties  in  alloys  having  undergone  a  large  degree  of  plastic  deformation. 

Forming  with  a  superimposed  hydrostatic  back-pressure  has  proved  its 
practicality  in  this  case.  Unlike  Titanium  alloys,  the  oxide  layer  on  alu¬ 
minium  alloys  has  proved  to  be  the  barrier  to  the  diffusion  process  necess¬ 
ary  for  the  successful  combination  of  SPF  and  DB.  Methods  of  reducing  or 
removing  this  oxide  layer  are  still  in  the  development  stage. 

The  following  examples  of  SPF  and  SPF/DB  components  ready  for  series  pro¬ 
duction  result  from  combat  aircraft  development,  technology  spin-offs  from 
civilian  aircraft  programs  (Airbus)  and  applications  in  the  automobile  and 
engineering  industries. 

Superplastic  Forming  of  Titanium 

The  Augsburg  plant  of  the  helicopters  and  aircraft  division  is  currently 
engaged  in  series  productions  of  a  family  of  sheet-metal  system  fairleads 
for  the  pressure  bulkhead  of  the  Airbus  A32Q  (Fig.  1)  and  a  maintenance 
panel  which  is  used  as  a  modification  in  the  Airbus  A300/A310. 

Originally,  deep  drawing  of  steel  was  one  of  the  competing  material/process 
combinations  for  the  manufacture  of  the  4  sheet-metal  fairleads.  In  the  end, 
the  superplastic  forming  or  titanium  was  chosen  because  of 

o  the  weight  advantage:  this  method  reduces  the  weight  per  pressure 
bulkhead  by  approx.  1,0  kg  and 

o  design  reasons.  The  difference  in  stiffness  between  the  pressure 
bulkhead  and  the  sheet-metal  “fairleads"  should  be  as  small  as 
possible. 

When  series  production  was  commenced,  no  suitable  hot  press  was  yet 
available  to  the  production  department  in  Augsburg  so  that  development  and 
manufacture  were  conducted  in  parallel  using  furnace  technology  and  jointly 
with  the  MBB  central  laboratory  using  hot  press  techniques.  Furnace  techni¬ 
ques  require 

o  friction- locked  bolted  dies,  made  of  high-temperature-resistant, 
non-scaling  materials  (Fig.  2) 

o  cooling  of  the  die  to  approx.  100  °C,  in  order  to  release  the 
bolted  connection  when  changing  batches;  resulting  in  long  cycle 
times, 

o  2-sheet  technique  for  creating  a  pressure-tight  chamber 

These  facts  make  it  clear  that  the  furnace  technique  was  suitable  only  as  a 
transition  method  while  awaiting  the  installation  of  the  more  attractive 
hot-press  in  the  plant. 

Since  the  component  is  formed  at  925  °C,  the  shape  (male  or  female  tool)  and 
material  of  the  forming  tool  must  be  carefully  chosen  to  prevent  the  compo¬ 
nent  shrinking  on  to  the  tool.  A  steel  tool  (insert  made  from  austenitic 
stainless  steel  in  a  cast  frame  made  of  22-4-91  (similar  to  1 .4875) )  was 
manufactured  to  enable  male  forming  in  either  a  furnace  or  a  hot-press.  The 
male  forming  process  was  chosen  because  of  the  better  final  thickness 
distribution  in  the  component. 
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Fairlead  lor  electric  system  Fairlead  for  electric  system  FaVlead  lor  control  System  Fairlead  lor  tuel  lines 

Flange  diameter  174  mm  Flange  diameter  0156  mm  Flange  120x207  mm  Flange  diameter  0  156  mm 


Fig.  1:  Titanium  system  fairleads  for  the  Airbus  A  320 


Tool,  closed  and  bolted.  Tool,  opened,  with  various  inserts  i.e.  different  superplastically 

lor  Airbus  ‘Fairleads’  formed  ‘Fairleads'  In  TiAI6V4 

•  of  austinitic  stainless  steel  in  cast 
frame  (22-4  9) 


Fig.  2:  Die  for  system  fairleads 


The  pressure  as  a  function  of  time  is  programmed  on  a  mobile  pressure 
control  system.  A  maximum  of  50  individual  steps  permit  pneumatically 
actuated  needle  valves  to  be  controlled  in  such  a  way  as  to  ensure  repro¬ 
ducible  process  parameters. 

Apart  from  the  occasional  modification,  it  was  possible  to  stipulate  the 
series  parameters  for  all  parts  after  a  very  short  development  period. 

Only  the  so-called  "oval"  sheet-metal  "fairlead"  suffered  initially  from  an 
inadmissibly  high  degree  of  thinning  at  exposed  points  and  this  could  only 
be  rectified  by  careful  optimisation  of  the  pressure/time  curve  and  with  a 
larger  aperture  in  the  plate  of  the  series  tool. 

Freedom  from  flaws  was  verified  by  penetrant  crack  testing.  Alpha-case 
layers  with  a  thickness  of  between  50  and  100  urn  were  removed  by  chemical 
milling. 

When  manufacturing  the  A300/A310  maintenance  panel  (Fig.  3  ),  the  weight 
advantage  of  titanium  as  compared  with  steel  was  very  important.  The  weight 
of  the  titanium  component  is  37%  less.  Deep-drawing  in  stainless  steel,  in 
particular  removal  of  the  hinge-pocket  areas  from  the  mould,  was  categorized 
as  difficult.  In  addition,  a  titanium  component  afforded  the  advantage  of 
more  favourable  corrosion  behaviour,  this  being  a  dominant  factor  in  the 
affected  area  of  the  aircraft.  (Fig.  4) 


The  female  forming  process  was  therefore  selected,  especially  since  this 
enabled  maximum  wall  thickness  to  be  obtained  in  the  flange.  For  reasons  of 
component  shrinkage,  a  ceramic  tool  was  selected  for  the  furnace  technique. 


For  the  hot-press  process  where  the  component  is  removed  ( hot-die  technique) 
without  cooling  the  press,  (hotremoval  enabling  more  efficient  processing 
and  resulting  in  higher  component  strength)  a  steel  die  made  of  heat-re¬ 
sistant,  stainless  material  (1.4859)  was  used.  Plasma-sprayed  Y20,  coatings 
were  used  as  diffusion-inhibiting  barrier  layers  for  the  steel  die  and  boron 
nitride  spray  coatings  were  used  for  the  ceramic  die. 


Production  of  the  series  components  for  the  Airbus  is  monitored  by  regular 
type  sample  tests.  The  strength  values  determined  indicate  only  a  slight 
drop  after  SPF,  as  compared  with  the  initial  value,  and  always  lie  above  the 
set  target  values  (Table  1). 


The  Augsburg  plant  has  also  successfully  diversified  the  uses  of  its  inno¬ 
vative  technologies,  moving  into  other  branches  that  are  commercially 
viable.  One  example  of  this  is  the  SPF  titanium  wheel  hub  designed  as  an 
optional  extra  for  high-performance  passenger  cars.  This  part,  made  for  a 
renowned  supplier  of  the  automotive  industry,  enabled  both  a  reduction  in 
un-sprung  weight  and  an  incorporation  of  contemporary  design  to  be  achieved. 
In  this  case,  the  component  was  designed  specially  for  the  SPF  process 
(Fig.  5)  before  entering  the  development  phase. 


Since  this  component  was  destined  from  the  start  for  the  hot-press,  it  was 
possible  to  experiment  with  steel  dies  made  using  the  ceramic  shell  moulding 
technique.  The  availability  of  this  tool  technology  enables  rapid  turn¬ 
around  and  means  cost  efficient  hot  press  and  SPF  moulds. 

Diffusion  Bonding  of  Titanium  in  Combination  with  SPF 

The  fact  that  SPF  forming  represents  a  favourably  priced  production  method 
also  and  particularly  in  combination  with  an  intelligent  joining  technique 
(DB)  is  substantiated  by  one  example  from  the  engineering  field:  Rotation 
shells  made  of  Ti  A16  V4  for  a  high  pressure  centrifuge  (Fig.  6). 
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Fig.  3:  Maintenance  panel  made  of  Ti  A16  V4  for  the  Airbus  A  300  /  310 


Conventional  assembly 


Manufacturing  method  comparison 
*300/310  savvies  pannt 


conv.  SPF 

Number  of 

comparable  parts  4  1 

Weight  (g)  3300  2075 

(without  rivets, 
hinge  and  cover) 


Manufacturing  steps  Superplastic  forming 

conventional  /  9PF 


Fig.  4:  Manufacturing  steps  conventional  assembly  /  Superplastic  forming 
of  maintenance  panel 
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Mechanical  properties  of  TiAI6V4. 

in  each  case  before  SPF  (1.8  mm  sheet  thickness)  and  of  a  sample  after  SPF. 

Comparison  with  specified  values  according  to  material  specification  sheet  and/or  MBB  test  sheet 
for  component  'Fairlead*. 


Table  1:  Strength  values  of  Ti  A16  V4 


Wheel  centre  (TiAI6V4) 

otter  SPF  (above)  and  after  trimming  (below) 

Principle  of  wheel-rim  assembly 


Fig.  5:  Wheel  hub  made  of  Ti  A16  V4 
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Centrifuge  m  T»AI6V4 
3  step  process  DB/SPF/DB 
Outside  diameter  approx  360  mm 


Components  for  a  production  operation 
t)  Upper  dish  made  from  6  mm  sheet 
(after  DB  with  ring). 

.  •  plate  480  mm 

2)  Ring  5  mm  x  .160  mm 

3)  24  stiffeners.  13  mm  thick 


Fig.  6:  Centrifuge  in  a  3-stage  process  DB/SPF/DB 


Upper  and  lower  toot-halves  tor 
oe/SPF/OS  component  "Centrifuge" 
Material  1  4541 


Manufacturing  steps  tor  production  process 
i)  DB:  ring  with  plate  before  forming 
if)  SPF:  dteK 

iii)  DS;  stiffeners  with  formed  plate 


Fig.  7:  Die  halves  and  work  steps  for  centrifuge 


655 


"1 


i 

The  important  operating  requirements  of  the  centrifuge  are  as  follows:  I 

o  high  strength  and  toughness 

o  resistance  to  chemical  substances  j 

(lyes  and  cleaning  agents)  ! 

o  perfect  rotation  alignment 

User  tests  with  one  A1  cast  variant  did  not  produce  satisfactory  service 
lives.  A  steel  version  (deep  drawing)  could  not  be  used  owing  to  reasons  of 

cost.  Redesigning  to  achieve  a  contour  suitable  for  SPF/DB  produced  a  i 

favourably  priced  Ti  A16  V4  version.  Optimum  utilisation  of  material  with 
a  forming  as  close  as  possible  to  the  final  contour  produces  weight  reduc¬ 
tions  of  43%  as  compared  with  a  steel  version. 

The  important  components  of  a  shell  manufactured  in  one  production  process 

are  as  follows.  I 

o  shell  structure  made  of  6.00  mm  plate  (circular  blank),  (1) 

o  ring  (2)  | 

o  24  reinforcing  plates  (3) 

2  shells  were  used  in  each  case  for  one  centrifuge  and  the  “hat"  must  be 
removed  from  the  lower  half. 

A  die  made  of  1.4541  was  manufactured  (Fig.  7)  for  DB/SPF/DB  production.  The 
lower  section  of  the  mould  is  provided  with  recesses  for  the  ring  and  the 
small  reinforcing  plates. 

The  following  work  steps  are  included  in  one  production  process  of  the  hot 
press:  (Fig.  7) 

o  DB  of  ring  and  non-formed  circular  blank  (i)  I 

by  applying  the  press  pressure  at  forming  temperature.  ] 

o  SPF  of  the  circular  blank  (ii)  simultaneously  in  2  directions  i 

o  DB  of  the  small  reinforcing  plates  and  circular  blank  (iii) 

using  pressure  from  the  deforming  plate  during  the  last  work  step. 

Finishing  of  the  formed  and  bonded  components  is  restricted  to  trimming  the 
material  inlet  and  reworking  the  ring  (h  7  fit). 

Using  the  DB/SPF/DB  component  as  an  example  let  us  briefly  discuss  the 
suitability  of  the  material  and  the  component  investigation.  Metallographic 
investigations  on  the  6.0  mm  starting  gauge  material  are  obligatory.  The 

structure  which  is  always  fine-grained  shows  a  partially  "laminar"  struc-  ‘ 

ture  but  this  does  not  appreciably  influence  the  suitability  for  SPF.  To 

supplement  this,  the  m-value  was  determined  in  a  12-stage  speed  controlled 

test  run  an  920°C  under  inert  gas.  At  a  forming  speed  of  6  x  10-4  s~',  max. 

m-values  of  6.0  are  achieved,  thus  identifying  good  material  properties 

(Fig.  8) 

The  component  investigations  are  based  upon  the  numerous  findings  from  the  ) 

basic  programs  which  have  been  conducted  in  the  MBB  central  laboratory. 

Random  samples  on  the  component  permit  the  following  statements  to  be  made: 

o  Grain  coarsening  resulting  from  the  process  occurs  only  to  a  slight 

extent  , 

o  The  drop  in  strength  after  SPF  is  negligible  and  sufficient  for 

component  function  j 

o  The  DB  zone  is  free  of  flaws  (Fig.  9) 

o  The  surface  contamination  is  adequately  eliminated  by  chemical 

milling.  I 
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4  Starting  structure  of  6  mm  thick  TiAI6V4  sheet  (cross- sect  ion) 
for  SPF-forming  'Centrifuge' 


«  Controied  cross-head  speed  m-vakte  test.  Test  temperature 
varies  from  450°C  to  950°C,  on  starting  structure  of  Ti  AI6V4 


’ 


Structure  of  the  DB-join  tine  between  ring  and  disk  (left)-,  structure  of  join  line  between  stiffeners  and  disk  (right) 
for  DB/SPF/DB  component  “Centrifuge* 


Fig.  9:  Resultant  structure  of  OB  or  SPF/SB  on  Ti  A16  V4 
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Superplastic  Forming  on  High-Strength  Aluminium  Alloys 

The  continual  demand  for  greater  performance  and  reduced  weight  forces  those 
who  develop  combat  aircraft  to  produce  complex,  integral  designs  made  of  A1 
and  Al-Li  alloys.  The  aim  is  to  achieve  cost  and  weight  advantages  over 
conventional  design.  SPF  forming  of  high-strength  aluminium  alloys  has  been 
the  subject  of  intensive  research  at  MBB  for  approximately  5  years  now.  We 
shall  show  the  work  involved  in  refinement  for  series  production,  using  the 
example  of  a  shear  wall,  a  typical  combat  aircraft  component  (Fig.  10), 
which  must  possess  high  rigidity  owing  to  the  stresses  to  which  it  is  sub¬ 
jected  and,  at  the  same  time,  serves  as  a  partition  wall  between  tank  com¬ 
partments. 

The  high-strength  alloy  AA  7475  (A1  Zn  Mg  Cu)  and  the  medium- strength 
AA  8090  alloy  (A1  Li  Cu  Mg)  were  selected  for  SPF  manufacture  of  the  shear 
wall.  The  AA  8090  alloy  was  only  able  to  be  purchased  in  standard  quality 
owing  to  availability,  but  had  adequate  SPF  properties  in  this  condition  for 
the  component  (work  conducted  by  the  manufacturers  into  a  specific  quality 
Al-Li  had  not  yet  been  completed  during  the  period  under  review)  to  be  made. 

Development  work  commenced  with  hemispheres  and  components  (400  x  400  mm). 
The  fundamentals  of  the  procedure  elaborated  in  the  laboratory  were  accompa¬ 
nied  by  parallel  production  trials  on  the  hot  press  of  the  production  de¬ 
partment  and  transferred  to  production  (Fig.  11)ready  for  the  full  scale 
component  (900  x  700  mm).  The  dies  were  made  of  heat-treated  steel  (1.1191) 
for  reasons  of  economy/availability. 

In  order  to  obtain  a  structure  which  is  largely  free  of  pores  after  forming, 
a  backpressure  system  was  developed  and  constructed  to  permit  a  quasi-hydro¬ 
static  pressure  to  be  applied  to  the  sheet  metal  panel  and  a  superimposed 
pressure  to  enable  forming.  This  mobile  system  (Fig.  12)  does,  of  course, 
permit  suitable  backpressure/forming/time  sequences  to  be  programmed. 

Comparing  the  process  control  curves  used  for  the  full-scale  component  in 
7475  and  the  8090  available  up  to  now  permits  us  to  state  that  Al-Li  can 
basically  be  formed  at  higher  initial  forming  pressure  but  with  the  same 
time  sequences.  71t.io„gh  8090  was  not  capable  of  such  a  large  elongation  as 
the  7475,  in  this  case,  it  can  be  assumed  that,  since  this  8090  sheet  was 
not  optimised  for  the  SPF  process,  8090  in  general  exhibits  less  tendency 
to  form  pores.  Extensive  material  investigations  were  conducted  in  order  to 
determine  forming  parameters  and  to  qualify  the  procedure.  The  emphasis  was 
on  determining  the  mechanical  properties  of  the  SPF-formed  A1  material.  The 
following  parameters  were  determined  on  specifically  defined  test  specimens: 

o  static  characteristics 
o  dynamic  characteristics  with 

-  various  strains  caused  by  deformation 
(deformation  £=■  50%,  £.  *  100%) 

-  different  Initial  sheet  thickness  and 

-  different  surface  treatments  after  forming,  in  each  case. 

The  influence  of  strain  (up  to  100%)  on  the  fatigue  behaviour  could  not  be 
tested  during  our  investigations,  but  surface  treatment  using  a  high-powered 
spray  containing  small  abrasive  particles  brought  a  marked  improvement 
(Fig.  13). 

The  structure  of  7475,  formed  without  backpressure  is  characterized  by  a 
regular  distribution  of  angular  pores  which  tend  to  be  stretched  in  the 
forming  direction,  over  the  entire  cross-section  of  the  sample.  These  are 
formed  at  the  existing  grain  boundaries  or  grain  boundary  intersections. 
Optimizing  the  pressure/time  characteristic  permits  the  maximum  pore  volume 
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Full  Scale  ShearwaH  - 

Versuchsbauteil  fur  potentielle  Anwendung  im  EFA-Rumpfmittelteil 


Fig.  10:  A1  shear  walls  for  combat  aircraft 


Development  program/trial  components  tor  SPF  in  high-strength  Al  and  Al-Li  alloys 


Fig.  11:  Development  program/test  specimens  for  SPF  components  on  Al 
and  Al-Li  alloys 
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*  Research  apparatus 

with  mobile,  programmable  Circuit  diagram  of  ►a 

back-pressure  control- system  back-pressure  system 

Theoretical  ► 

pressure  time  curve 


Fig.  12:  Experimental  set-up  with  backpressure  system 


Cycles  to  Failure  (N) 


7475  T  762 
zero  strain 

7475  T762 
100  %  SPF 

7475  T  762 
100  %  SPF. 
etched  and 
jet  cleaned 


Fatigue  behaviour  of  7475.  Comparison  of  non- SPF  formed  material.  100  %  SPF  deformation  and  100  %  SPF 
deformation  with  subsequent  iet  cleaning 


Fig.  13:  Fatigue  behaviour  of  SPF  7475 
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percentage  to  be  restricted  to  0,4%  in  the  case  of  hemispheres  with  a  strain 
in  the  thickness  direction  of  Jj  for  instance.  One  further  appreciable  re¬ 
duction  can  be  achieved  by  forming  with  back-pressure,  whereby  a  figure  of 
0,005%-Vol.%  was  detected  (Fig.  14)  with  40  MPa.  In  the  case  of  Al-Li  8090 
we  can  assume  a  smaller  tendency  to  form  pores,  as  a  comparison  of  samples 
made  of  7475  and  8090  formed  with  15  bar  backpressure  and  a  deformation 
strain  of  £  -  100%,  shows  (Fig.  15). 

The  investigations  were  not  pursued  since  the  available  Al-Li  8090  was  not 
in  optimum  SPF  condition.  However,  one  fact  which  must  be  noted  is  a  typical 
formation  of  a  pore-rich  band  close  to  the  component  surface,  occuring  re¬ 
gardless  of  the  deformation  strain  and  which  can  be  explained  by  the  dif¬ 
fusion  of  lithium  (and  magnesium)  or  the  formation  of  brittle  precipitation 
phases  due  to  changed  chemical  composition  (cf.5) 

Micro- structure  investigations  were  carried  out  on  various  components  and  it 
can  be  stated  that  a  percentage  porosity  which,  for  instance,  corresponds 
to  or  is  less  than  the  impurity  content  scheduled  in  the  aerospace  Standard 
specification  sheet  can  be  achieved  with  a  typical  back-pressure  of  15  MPa 
and  optimum  pressure/time  sequences  up  to  a  strain  £  =  100%.  Investigations 
of  the  dependence  of  the  service  life  on  pore  content  established  no 
appreciable  impairment  up  to  a  maximum  pore  percentage  of  2%  but  the  indi¬ 
vidual  values  are,  nevertheless,  subject  to  great  scatter.  Investigations 
into  intercrystaline  corrosion,  stress  corrosion  cracking  and  lamellar 
corrosion  were  conducted  in  order  to  establish  the  corrosion  behaviour  and 
the  behaviour  in  saline  fog  was  also  tested.  At  this  point,  it  must  be 
mentioned  that  fine-grained  A1  7475  is  susceptible  to  intercrystaline  cor¬ 
rosion,  but  in  comparison  with  7075,  is  not  characterized  by  an  increase  in 
SCC  (stress  corrosion  chracking)  in  heat-treatment  condition  T76.  There  is 
only  a  slight  tendency  to  exhibit  exfoliation  or  lamellar  corrosion. 


Diffusion  Bonding  on  A1  and  Al-Li  Alloys 

To  achieve  further  design  advantages  with  conventional  alloys  as  well  as 
Al-Li,  the  SPF  process  requires  an  intelligent  joining  technique  to  com¬ 
pliment  it.  A  study  into  alternative  designs  of  an  air  inlet  duct  for  combat 
aircraft  has  established  that  an  SPF-DB  design  produces  important  weight 
savings  and  primarily,  cost  reductions  of  57%  as  compared  with  a  convent¬ 
ional  design.  This  advantage  is  attributable  to  the  lower  material  consumpt¬ 
ion  and  the  more  favourable  production  structure. 

MBB  is  currently  involved  in  research  into  this  task  with  various  possible 
solution,  this  task,  naturally,  being  made  more  difficult  by  the  resistant 
A1  oxide  layer.  One  promising  approach  would  seem  to  be  the  vacuum  route 
(ion  etching).  This’ cost-competitive  technology  combines  a  good  metallurgical 
base  for  the  diffusion  of  material  with  the  resulting  high  reproducibility 
of  the  obtained  shear  strengths. 

Figure  16  shows  an  A1  7475  sample  after  0B,  the  mechanical  properties  of 
which  (shear  tension)  correspond  to  approx.  180  N/mm1.  Non-destructive 
testing  of  such  joints  generally  consists  of  ultrasonic  pulse  flaw  echo 
testing,  in  an  immersion  tank,  with  a  test  frequency  of  50  MHz.  In  this  case 
results  are  shown  in  C-scan  with  colour  graduation.  An  artificial  flaw  size 
of  0,5  mm  can  be  reliably  detected. 

The  helicopter  and  aircraft  division  at  the  Augsburg  plant  has  two  identical 
hot  presses  with  table  sizes  of  1250  x  1250  mm  and  closing  pressures  of  100 
tonnes  for  development  and  series  production.  An  800  tonne  press  operating 
on  the  shuttle  principle  which  is  currently  been  procured  will  also  permit 
manufacture  of  larger  components:  the  planned  table  area  is  1600  x  1800  mm. 
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Porosity  % 


I  0.2  Vol  -%  ~] 


Process 

pressure 


without  optimisation 


optimised  p/t  curve  [  Back-pressure  10  bar  | 


Back -pressure  40  bar 


Comparison  of  the  microstructures  of  SPF- Hemispheres  in  AA7475  as  a  function  of  the  Time/Pressure  curve 
and  variable  applied  back -pressure.  Equivalent  strain  0,67;  Maximum  forming  pressure  ca.  1,5  bar. 

Forming  time  60  to  90  minutes. 


Fig,  14:  Percentage  porosity  in  SPF  7475  as  a  funktion  of  the 
pressure/time  characteristic  and  backpressure 


7475  E  8090  A 

Porosity  0,025  vol.%  Porosity  0,003  vol.% 


0. 1  mm  0. 1  mm 


Microstructures  after  SPF  of  2  mm  sheet  in  7475  E  and  8090  A.  Each  has  50  %  equivalent  strain  and 
optimised  Pressure/Time  curve.  Back-pressure  15  bar.  Comparison  of  theoretical  Pressure/Time  curves  tor 
7475  E  and  8090  A 


Fig.  15:  Comparison  of  7475  and  Al-Li  8090  A 
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Energy-dispersive  micro-analysis  ol  the  1)  Structure  alter  DB  ot  Cu-coated  AIZnMgCu  (7475) 

DB  zone  m  Ag-coated  (2x1800  A)  2)  C-scan  analysis  using  US-method:  50  mHz 

Al-Li  (2091)  Immersion  technology  using  a  sample  with  artificial  faults 


Fig.  16:  DB  on  Al:  Energy-dispersive  analysis  of  the  DB  zone,  structure 
and  C-scan  evaluation  after  ultrasonic  testing. 
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In  order  to  guarantee  adequate  process  stability  and  regulation  of  tempera¬ 
ture  for  aluminium  alloys  as  well  as  others,  the  lower  and  upper  hot  plates 
are  each  subdivided  into  12  segments.  The  side  heating  surfaces  have  to  be 
divided  in  2  planes,  one  above  the  other,  owing  to  the  opening  height  (max. 
600  im).  The  hot  press  will  be  completely  integrated  into  the  information 
flow  and  logistics  systems  of  non-cutting  operations.  The  main  precondition 
for  this  is  the  existence  of  a  specific  periphery,  specially  designed  for 
the  SPF/DB  production  unit  and  containing  the  areas  Sheet  and  Tool  prepara¬ 
tion,  Preheating  oven.  Hot-press  with  shuttle  and  Cooling  (Fig.  17). 


Sunary: 

To  date  it  has  been  possible  to  achieve  average  weight-reductions  of  up  to 
35*.  Additional  advantages,  such  as  the  possibility  of  using  high  grade 
corrosion  resistant  materials,  the  reduction  in  individual  parts  and  the 
resultant  reduction  in  manufacturing  operations  and  assembly  costs,  are 
considerable  and  will  increase  in  importance. 

In  an  aircraft  assembly  such  as  an  integral  fuselage  fuel  tank,  the  use  of 
SPF/DB  integral  constructions  could  drastically  reduce  the  number  of 
sealing  operations  in  critical  areas.  SPF/DB  provides  a  fast  and  cost-com¬ 
petitive  manufacturing  solution  for  a  whole  family  of  covers  and  doors  as 
sandwich  panel  constructions.  Results  from  tests  on  diffusion-bonded  alumi¬ 
nium  panels  in  7475  and  Al-Li  allow  the  assunption  that  this  joining  method 
has  a  future  with  these  materials  as  well  as  with  Titanium. 

Studies  into  future  applications  describe  reductions  in  component  weight  of 
up  to  50*.  The  described  production  facilities,  in  particular  the  800  tonne 
hot  press  which  will  be  integrated  completely  in  the  informat ion/ logistic 
concept  of  the  non-cutting  production  sector,  will  provide  the  MBB  heli¬ 
copters  and  aircraft  division  with  the  capability  of  providing  a  cost- 
effective  manufacturing  process  for  large  complex  structures  for  the 
requirements  of  the  21st  Century. 
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PRODUCTION  OF  TI6AL4V-C0MP0NENTS  FOR  A  NEV  TURBO- FAN-ENGINE 


R.  Furlan*,  P.-J.  Vinkler*,  D.  Hagg**,  L.  Reisinger** 

*  HBB,  Central  Laboratories,  Munich/FRG 
**HTU,  Development  Manufacturing,  Munich/FRG 


Abstract 

The  nev  turbo-fan  engines  such  as  the  V2500,  are  far  more  economical 
regarding  fuel  consumption.  By  consequently  reducing  the  engine  veight 
using  titanium  instead  of  steel,  the  engine  components  can  be  reduced  in 
veight  up  to  50X. 

The  use  of  the  high-strength  T16A14V  alloy  requires  a  veight  and 
cost-effective  fabrication  technique  such  as  superplastic  forming,  for 
instance. 

This  paper  presents  the  production  development  of  an  air-cooling 
system  for  a  turbo-fan  engine;  six  different  parts  are  produced  by 
superplastic  forming. 

A  development  program  thoroughly  investigated  the  aspects  relevant 
to  cost-optimized  production. 

The  development  Included:  Redesign  and  tooling  for  SPF 
application, "stop-  off"  materials  and  hot  die  technique.  During  component 
qualification,  changes  in  microstructure  and  the  influence  of  SPF  on 
static  and  dynamic  strength  vere  Investigated. 

The  titanium  parts  are  currently  being  qualified  by  test  runs  and 
vill  be  used  for  the  entire  V2500  series. 


8uperplaaticity  and  Superplastic  Forming 
Edited  by  C.H.  Hamilton  and  N.E.  Paton 
The  Mineral,,  Motala  &  Material,  Society,  19S8 
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Introduction 


The  SPF  materials  behavior  has  been  developed  for  T16-4  to  a 
cost-effective  finishing  technique.  Based  on  numerous  fundamental 
investigations  on  superplasticity,  the  transfer  to  production  leads  to 
new  tasks  within  processing. 

A  rational  production  sequence  was  the  basis  for  cost-effective 
application  of  SPF  technology.  Further  cost  reductions  could  be  achieved 
by  minimizing  the  test  effort  and  simplifying  the  materials  incoming 
inspections. 

In  order  to  reduce  the  clearance  losses,  cooling  systems  are  used  in 
engine  design.  The  SPF  production  of  a  Ti6-4  cooling  system  for  the 
V2500  turbine  casing  is  described  in  this  article. 

Cooling  is  achieved  by  forcing  air  around  the  casing  with  a  pressure 
of  0.4  to  0.5  MPa  with  temperatures  less  than  200°C. 

The  unit  consists  of  an  inlet  pipe  made  from  TiCu2,  an  SPF-formed 
distributor  casing  and  subsequently  a  tubing  assembly.  The  air  is 
projected  onto  the  surface  through  defined  boring  within  the  casing  and 
the  tubing  assembly.  The  SPF-formed  single  components  together  with  the 
entire  unit  ready  for  assembly  are  shown  in  Fig.  1. 
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1  +  2  3  + 

1  Elbow,  upper  +  lower  halves 

2  Casing,  upper  part 

3  Elbow  +  casing  upper  part 

4  Casing,  lower  part 

5  Completed  casing  +  elbow 


Figure  1  -  Cooling  case  assembly 


The  components  are  elbow  and  casing  upper  and  lover  halves.  The  die 
insert  to  produce  the  third  part,  a  branching  tube,  is  shown  in  Fig.  2. 


Figure  2  -  Die  insert  branching  tube 
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For  the  first  step  the  elbow  upper  and  lover  halves  are  velded  together 
using  the  VIG  process.  The  casing  underpart  is  then  joined  by  velding 
onto  the  elbow  unit  and  in  a  further  step  the  part  is  completed  by 
■ounting  the  adapting  ring. 

By  a  further  step  the  cold  formed  T16-4  tubes  are  added  (see 
Fig.  3). 


The  assembled  unit  is  shown  in  Fig.  4. 


Figure  4  -  Assembled  condition 
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Equipment  and  tooling 


For  the  forming  processes,  specially  adapted  hot  presses  are  used  to 
achieve  a  forming  temperature  of  920°C.  The  main  functions  of  the  press 
are  applying  a  pressure  to  the  tool  and  tool  heating. 

In  addition,  the  part  can  be  removed  at  forming  temperature  due  to  a 
mobile  press  underpart  (shuttle  technique).  By  inserting  a  new  sheet  the 
process  can  be  continued  after  a  short  reheating  period.  A  specially 
designed  gas -management  system  ensures  a  computer-controlled  forming 
sequence  for  SPF  of  aluminum  and  titanium  parts.  The  process  can  be 
observed  and  controlled  by  using  gas-flov  meters. 

Tooling!  Material  choice 

Due  to  the  relatively  low  number  of  parts,  the  tool  costs  play  a  big 
role  in  the  calculation  of  production  costs.  The  elevated  SPF 
temperatures  demand  the  use  of  oxidation  and  temperature-resistant 
materials.  Three  material  groups  (steels,  ceramics,  carbon  fibre 
reinforced  composites)  vere  investigated  for  tool  construction.  Important 
criteria  for  the  characterization  are  creep  strength,  machining, 
repairing  possibilities  and  material  availability  together  with  costs. 

HI 


For  producing  a  great  number  of  parts,  steel  is  the  best  choice  of 
material.  Tools  made  of  an  inferior  steel  quality  vere  used  for 
preliminary  testing.  Even  vith  this  lov  quality,  steel  parts  for  30 
engines  vere  produced.  For  production  the  use  of  steel  castings  (ESCO 
49M)  has  been  planned  because  of  its  relatively  lov  costs  and  long  life. 
It  has  been  shovn  that  a  suitably  constructed  steel  tool  can  be  used 
vithout  reworking  for  the  overall  production. 

Tooling:  Design  requirements 

One  of  the  most  important  factors  for  successful  application  of  SPF 
is  the  optimization  of  tool  construction.  The  attained  result  is 
influenced  mainly  by  the  tool  geometry  and  process  parameters.  The 
thickness  trends  can  be  Influenced  by  using  either  male  or  female  die 
inserts.  The  result  of  forming  is  also  Influenced  by  the  extent  of 
sloping  and  radii  on  the  tool  edges.  The  number  of  inserts  and  their 
location  vithin  the  tool  are  also  Influential.  Small  radii,  sharp 
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contours  and  acute  angles  must  be  avoided  in  design.  The  production  costs 
are  reduced  and  the  material  efficiency  is  increased  by  using  multiple 
die  inserts.  For  example  four  casing  underparts  can  be  produced  in  one 
SPF  cycle  (see  Fig.  5). 


Figure  5  -  Die  inserts  -  casing  underparts 

"Stop-offs"  are  used  to  avoid  reactions  betveen  steel  die  and  titanium 
sheet  at  high  pressures  and  temperatures.  In  order  to  attain  a  resistant 
separating  layer  the  tool  surface  was  coated  vith  a  ceramic  plasma 
coating  of  good  surface  quality.  By  using  a  nickel  bond  coat  the  bond 
strength  of  the  10  to  50  micron  ceramic  layer  is  increased.  The  most 
successful  ceramic  coating  was  found  to  be  aluminum  oxide.  A  resistant 
coating  vith  a  high-surface-quality  has  been  produced  (see  Fig.  6). 
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Figure  6  -  Aluminum-oxlde-coated  die  inserts 

A  boron  nitride  suspension  is  applied  to  the  die  inserts  in  addition  to 
the  coating  before  the  first  cycle.  For  production,  the  sheets  for 
forming  are  coated  vith  a  thin  boron  nitride  layer. 

Material  qualification 

The  1.27  am  and  1.0  mm  sheets  used  for  forming  undergo  preliminary 
inspection  complying  with  the  HBB  and  MTV  SPF  specification  for  sheet 
material.  These  specifications  have  been  developed  within  a  material 
qualification  program. 

Preliminary  material  testing 

As  a  result  of  discussions  vith  material  suppliers  and  our  own 
experience  it  vas  found  that  for  the  assurance  of  SPF  formabilty  of  sheet 
material  microstructure  testing  is  sufficient.  After  heating  at  920°C  for 
one  hour  the  material  should  shov  a  homogenous  microstructure  vith  a 
grain  size  smaller  than  12  microns.  Inhomogeneities  such  as  a-banding, 
blocky  o,  0-flecks  and  vidmannstfttten  a  are  unacceptable.  In  addition, 
the  regular  testing  methods  for  titanium  sheets  are  carried  out. 
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In  addition  to  the  relatively  simple  aicrostructure  analysis  the 
a-value  testing  shovs  good  possibilities  for  the  determination  of  SPP 
properties.  The  a-value  test  allovs  the  determination  of  the  optimum 
forming  rate  for  a  fixed  temperature.  The  test  results  shoved 
consistently  high  a-values  betveen  0.8  and  0.9.  The  m-value  test  is  only 
used  to  clarify  the  material  quality  if  forming  problems  occur.  Although 
the  material  used  for  development  vork  shoved  some  a-banding,  the  results 
after  forming  vere  acceptable.  The  material  ordered  for  production  vill 
only  be  accepted  vith  a  microstructure  agreeing  vlth  the  specified 
aicrostructure  for  SPF  quality.  (2] 

Quality  control 

The  production  tests  for  the  first  30  engines  shoved  for  all  parts 

2 

strength  values  above  the  specified  limits  of  yield  strength  -  870  N/mm 

2 

and  ultimate  strength  -  920  N/mm  .  To  ensure  that  no  diffusion  zones 
remain  after  chemical  milling  a  cold  bending  test  has  been  found  simple 
and  successful.  Thanks  to  chemical  milling  of  70  microns  on  both  sides,  a 
surface  free  of  embrittlement  vas  achieved  (see  Pig.  7  and  8).  After  the 
process  vas  stabilized  the  amount  of  testing  vas  significantly  reduced. 


Figure  7  -  Microstructure  after  SPF 
a-case  -  70  microns 
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Figure  8  -  Microstructure  after  chem.  milling 
without  ot-case 

The  chemically  milled  part  surfaces  must  be  free  of  diffusion  zones 
because  the  remaining  o-case  leads  to  a  reduction  in  ductility.  Fig.  8 
clearly  shovs  the  influence  on  the  dynamic  properties  with  an  increase 
of  fatigue  strength  after  40-,  70-  and  110-  micron  milling.  [3) 


Process  Parameters 

The  parts  were  formed  within  a  temperature  range  of  920°C  t  10°C. 
The  location  of  the  thermocouples  are  important  because  of  temperature 
gradients  over  the  tool. 

The  reproducibility  of  the  process  is  achieved  by  controlling 
temperature  and  forming  pressure  and  is  documented  for  each  forming 
cycle. 

By  tolerating  temperature  differences  as  mentioned  above  and 
limiting  pressure  differences  to  less  than  0.01  MPa.  The  forming  results 
are  consistent. 


%: 
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Figure  9  -  Fatigue  strength  of  superplastically  formed 
sheet  after  milling  of  •  40 fim  T  70pm  ■  110/ym 


Stop-off"  influences 


Different  agents  can  be  used  for  the  "stop-off"  process.  The  most 
frequently  used  agents  are  "KALGARD"  (graphite  basis),  boron  nitride  and 
yttria  oxide  [4].  The  requirements  of  these  agents  are:  good  anti-bonding 
properties,  the  least  possible  reaction  with  titanium  and  good  adhesion. 
The  extent  of  adsorption  as  regards  reaction  and  diffusion  is 
investigated  both  on  heat-treated  and  SPF-formed  specimens.  The 
"stop-off"-  influenced  zone  is  investigated  by  auger-electron 
spectroscopy.  Fig.  10  shows  the  activity  of  a  graphite  based  "stop-off" 
on  a  cross  section  of  a  specimen  surface.  The  specimen  surface  reveals  a 
graphite  layer  of  0.4  microns  folloved  by  a  reaction  zone  of  titanium 
carbide  with  a  thickness  of  2.5  microns.  As  can  be  seen  from  Pig.  10,  the 
"stop-off"  remnants  are  within  a  range  of  maximally  5  microns.  Therefore 
they  are  removed  by  chemical  milling  as  is  normal  for  SPF  parts.  All 
"stop-off"  agents  have  been  proved  as  non-critical  with  regard  to  surface 
contamination.  The  easy  application  of  boron  nitride  and  the  good 
anti-bonding  properties  make  it  the  best  choice  of  "stop-off". 
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CONCENTRATION  OF 


Figure  10  -  Auger-electron  spectroscopy  of  KALGARD  "stop-off" 
on  as  formed  SPF-material 
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Conclusion 


The  process  development  for  the  production  of  SPF-foraed  engine 
parts  has  been  completed.  It  vas  shown  that  SPF  technology  can  be  applied 
to  the  series  production  of  engine  components. 

The  development  program  shoved  that  the  static  properties  complied 
with  the  requirements  in  the  material  data  sheet  (BL  3.7164.1). 

Due  to  the  good  results,  the  amount  of  testing  has  been 
significantly  reduced,  thus  saving  costs. 

Cost  effective  parts  were  made  after  optimizing  production  sequences 
and  using  multiple  dies. 

The  use  of  ceramic  "stop-off"  material  permits  a  large  number  of 
production  cycles. 

Merely  spot  checks  have  been  made  concerning  the  effects  hot  die 
forming  has  on  the  dynamic  properties.  Initial  test  results  show 
structural  instability  due  to  rapid  cooling,  which  influences  fatigue 
properties. 
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ABSTRACT 

Generally,  the  metal  sheet  parts  by  SPF  and  SPF/DB  are  symmetric  in  sha¬ 
pe,  such  as  spheres  and  hemi-spheres,  cylinder- type  parts,  box-type  parts, 
corrugated  plates  and  panels,  etc..  The  complicated  parts  with  non-symmetric 
shape  are  studied  by  the  authors.  This  paper  describes  the  research  result 
of  Ti-6A1-4V  bulk-head  structure  with  non-symmetric  shape  and  the  notches 
accessed  by  stringers  by  SPF  and  SPF/DB.  The  paper  includes  the  selection  of 
SPF  method;  the  forming  method  and  process;  the  thickness  distribution  of 
parts  and  their  homogeneity;  SPF/DB  method  and  coordination  problems,  and 
finally,  states  the  feasibility  of  producing  the  complicated  structures  with 
non-symmetric  shape  by  SPF  and  SPF/DB. 

The  research  result  has  been  applied  in  aviation  industry. 
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Introduction 


Generally,  the  titanium  alloys  sheet  parts  by  SPF  and  SPF/DB  are  symme¬ 
tric  in  shape,  such  as  spheres  and  hemi-spheres ,  cylinder-type  parts,  box- 
type  parts,  corrugated  plates  and  panels,  etc..  In  fact,  the  authors  have 
also  researched  the  manufacture  technology  about  T1-6AL-4V  bulk-head  struc¬ 
ture  with  non-symmetric  shape.  This  paper  describes  the  research  result  of 
the  bulk-head  structure  with  non-symmetric  shape  and  the  notches  accessed  by 
stringers  by  SPF  and  SPF/DB. 

The  Selection  of  SPF  Schemes 

The  structure  part  with  full  sizes  has  five  notches  accessed  by  the 
stringers  and  a  narrow-long  strengthen  flat,  which  is  non-symmetric  in  shape. 
The  strengthen  flat  is  connected  with  inside  flange  by  DB.  The  notches  ac¬ 
cessed  by  the  stringers  and  other  parts  are  formed  by  SPF.  The  configuration 
sizes  are  about  660  X56  X  19  mm,  as  shown  in  figure  1(a).  The  deformation 
of  all  the  bulk-head  part  has  three  types,  i.e.  bidirectional  stretch,  single 
directional  stretch  and  single  bending.  The  difficult  point  by  SPF  is  that 
"triangle"  area  at  the  notches  accessed  by  the  stringers  has  complicated 
shape  and  is  bidirectional  stretch  with  a  great  deformation  extent.  The  rate 
of  the  area  change  is  up  to  343?. 

For  this  reason,  we  have  to  solve  the  SPF  problems  first. 

To  start  with  the  test  parts  that  are  shown  in  figure  1(b),  in  order  to 
form  the  notches  accessed  by  the  stringers,  three  SPF  schemes  are  considered 
(Fig. 2):  a),  the  female  die  forming;  b).  the  male  die  forming;  c).  the  die 
with  "incline  type”  mould  cavity  forming.  For  the  first  scheme,  the  outside 
surface  sizes  of  the  formed  parts  have  high  precision,  its  configuration  is 
accurate,  save  on  material,  and  because  the  parts  have  thinner  web,  which 
results  in  weight  reduction.  Therefore  this  scheme  is  suitable  for  the  ae¬ 
roplane  structures  that  require  the  accurate  configuration  and  light  in  wei¬ 
ght.  But  to  produce  the  dies  is  somewhat  difficult  and  the  round  angle  area 
of  the  part  bottom  is  thinner.  By  second  scheme,  to  produce  the  dies  is 
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a 

Figure  1-The  bulk-head  structure 
with  non-symmetric  shape. 


f  I. 


Figure  2-The  three 
SPF(SPF/DB)  schemes. 


680 


easier.  But  waste  on  the  blank,  the  web  of  the  part  is  rather  thick,  thus 
the  part  weight  is  increased.  The  third  scheme  may  being  formed  supply  suf¬ 
ficient  materials  when  the  "triangle"  area  is  formed.  But  it  is  rather  dif¬ 
ficult  to  work  the  dies  and  the  widthwise  thickness  of  the  part  is  not  uni¬ 
form.  After  comprehensive  consideration,  the  third  scheme  is  discarded,  we 
have  selected  the  firzt  and  the  second  schemes,  of  which  is  tested  first. 

The  Forming  Metheod  and  Technological  Process 

The  specific  forming  method  is  gas  pressure  forming  by  dies  at  superpla¬ 
stic  forming  temperature  and  protective  gas  against  contamination. 

The  technological  process  flow  diagram  is  shown  as  following: 

Inspection  of  the  materials  —  Cleaning,  Descaling  and  Surface  preparation 

To  weld  the  blank  forms  the  gas  Clear  die, 

bag  and  weld  inflation  tube(TIG)  put  the  gas  bag  in  die 

Put  dies  in  hot  press,  heating,  up  to  Tsp,  Charge  Argon,  pressurize 
after  vacuumed  protected  by  Argon  to  P  ,  keep  the  pressure 

give  out  gas,  cooling  discharge  the  dies Inspection  (nonde- 
”“under  Argon  protection  take  out  the  part  structive  inspection) 


The  forming  parameters  are  mainly  superplastic  temperature,  strain  rate, 
forming  pressure  and  dwell  time. 

Optimum  SPF  temperature  is  925"C.  SPF  is  highly  sensitive  to  the  strain 
rate  £  ,  the  £  is  readjusted  by  control  the  pressure  increasing  velocity,  M- 
0.01-0.04  MPa/m'n  is  selected,  the  relevant  strain  rate  {  =(  1 . 3-1* •  2 )  X10"*  S"1  . 
SPF  pressure  P  =  1.4  MPa,  Pmax=l . 8MPa .  The  dwell  time  is  in  the  range  of  30- 
40  min. 


Thickness  Distribution  and  Uniformity 

The  parts  discussed  in  this  paper  are  non-symmetric  in  shape,  the  con¬ 
figurations  are  complicated  and  with  sudden  change  ("triangle"  area),  thus 
the  deformation  at  different  location  is  greatly  different,  resulting  in  non- 
uniform  thickness  distribution.  It  is  certain  that  the  stretch  deformation 
in  longitudinal  direction  and  transverse  direction  will  cause  the  compression 
deformation  in  thick  direction.  After  the  'non-triangle'  area  of  the  blank 
expands  to  attach  the  tooling  wall,  thin  out  of  the  part  will  be  stopped  im¬ 
mediately.  The  continuous  expansion  will  be  concentrated  on  'triangle'  area 
where  the  blank  does  not  attach  to  the  tooling  wall.  A  large  number  of  tests 
indicate,  that  for  the  blank  with  different  thickness,  the  non-uniformity  has 
somewhat  the  same  trend.  The  thickness  distribution  of  the  test  part  is 
shown  in  Fig. 3,  the  blank  thickness  is  1.0  mm,  which  has  provided  the  valu¬ 
able  and  available  reference  data  for  reasonably  selecting  the  structure 
sizes  and  the  material  thickness. 

SPF/DB  Process  and  Coordination  Problems 


The  test  parts  and  the  full-size  bulk-head  parts  all  done  by  the  SPF/DB 
process  that  is  DB  first  and  SPF  following.  For  the  inside  flange  of  full- 
size  parts,  the  strengthen  flat  is  connected  to  the  SPF  basic  body  by  DB. 
For  DB,  the  difficult  point  in  making  this  structure  is  that  the  narrow-long 
strengthen  flat  with  50:1  of  length/width  will  be  connected  as  one  complete 
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set  on  the  non-symmetric  single-side  according  to  the  technical  requirements 
of  DB. 


The  technological  process  of  SPF/DB  is  shown  as  following  (see  also  the 
above-mentioned  SPF  technological  process  flow  diagram):  (After  blanking  -r 
and  cleaning) — 


the  strengthen  flat  and  the  basic  blank 
—  is  positioned  by  point  welding,  non  DB 
part  is  coated  with  the  stopoff. 


to  seal  bag  by  welding 
to  weld  gas  tube(TIG) 


to  clear  the  tooling,  position 
—  the  sealed  bag{ blank)  on  the 
tooling,  intall  the  tooling 


put  the  die  in  hot  press,  heated  to 
Tsp(DB)  after  vacuumed  protected  Argon 


give  the  mould  cavity 
the  gas( A  ) ,  DB. 


let  the  A  out  the 
mould  cavity,  give  Ar 
in  the  sealed  bag, SPF 


(  following  the  same 
process  as  SPF) 


The  DB  technology  parameters  are  mainly  the  temperature,  pressure  and 
dwell  time. 

Tpg  is  similar  to  Tj*p,the  optimum  T**  is  also  925*C 

P„=l  Mpa ,  PM _ =  1 . 2  MPa; 

The  dwell  time  is  within  1  hour. 

Consideration  of  the  coordination  problems  of  DB  is  very  important.  The 
coordination  method  is  shown  in  Fig. 4.  By  this  method  can  the  desired  re¬ 
sults  be  achieved. 

On  the  fully  test  base  for  of  the  test  parts  and  full-size  test  parts, 
and  to  consult  with  the  design  department,  the  structure  configuration,  the 
structure  sizes,  the  material  (blank)  thickness  etc.  are  modified  suitably, 
and  adopt  the  male  method  to  manufacture  full-size  installed  parts.  The 
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Figure  3-The  variations  of 
relative  thickness  of  the  test 
part . 
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Figure  4-Coordination  mthod  among 
basic  blank-strengthen  flat-tooling 
(SPF/DB). 


results  show  that  the  part  quality  is  superior  and  satisfies  design  requir-' 
ments,  which  have  been  put  in  production  applications. 

It  must  be  emphasized  that  due  to  the  narrow  and  long  full-size  struc¬ 
ture  with  the  notches  accessed  by  the  stringers  distributed  non-uniformly 
(see  Fig.l  (a)  ),  and  bo  the  tooling  material  being  different  from  the  blank 
material,  the  influence  caused  by  high  temperature  must  be  taken  into  consi¬ 
deration.  Thus,  it  is  necessary  to  make  the  shrink  scale  templet  (contour 
templet)  according  to  the  shrink  scale  coefficient,  again  to  make  the  tool¬ 
ing  according  to  the  shrink  scale  templet.  So  the  tooling  employed  by  SPF/ 
DB  is  the  shrink  scale  tooling. 

Conclusions 


a)  .  This  study  indicates  that  even  the  non-symmetric  airplane  bulk¬ 
head  with  the  notches  accessed  by  the  stringers  and  the  narrow-long  streng¬ 
then  flat  can  be  also  manufactured  by  SPF  and  SPF/DB.  But  we  must  point  out 
that  the  above-mentioned  non-symmetric  shape  structure  are  not  the  typical 
structure  which  must  be  done  by  SPF  and  SPF/DB.  It  has  provided  the  valu¬ 
able  experences  to  expand  the  application  of  SPF  and  SPF/DB; 

b) .  In  order  to  manufacture  the  qualified  products,  it  is  necessary 
to  solve  a  series  of  problems .such  as  technology  parameters,  tooling  mate¬ 
rials  and  tooling  design  (including  the  shrink  scale  calculation),  argon 
inlet  and  exhaust  prevention  the  paths  blocking,  environment  protection, 
stop-off,  the  part  separating  from  the  tooling  etc.,  so  it  is  necessary  to 
conduct  a  large  number  of  tests  for  the  test  parts; 

c) .  The  parts  after  SPF  and  SPF/DB  all  satisfy  the  design  and  appli¬ 
cation  requirments  in  the  metallgraphic  structure,  the  oxygen  and  hydrogen 
contents,  the  mechanical  properties  etc.; 

d) .  As  compared  with  the  original  technology,  the  full-size  structure 
by  SPF/DB  reduces  the  part  number  (by  about  12%),  decreases  the  weight  (by 
about  8.8%),  reduces  the  tooling  quantity  (by  about  50%)  etc.,  which  are 
all  obvious  advantages; 

e) .  In  order  to  expand  the  application  of  the  new  technology,  it  is 
important  to  keep  close  contact  with  the  design  department,  the  research 
manufacturing  technology  institute  and  application  department. 
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DB/SPF  COOLER  OUTLET  DUCT  FOR 


AIRCRAFT  APPLICATION 


W.  Beck 

Materials  and  Processes  Development  Department 
MBB-UT,  Bremen,  F.R.  G. 


Abstract 

Different  SPF/DB  methods  have  been  analysed  to  fabricate  a 
cooler  outlet  duct.  The  development  is  succesfully  finished. 
Component  and  DB/SPF  process  are  certified.  Series  production 
has  started.  Cost  and  weight  savings  have  been  realized  as 
predicted. 
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1. 


Introduction 


Titanium  as  a  structural  material  is  used  in  areas 
where  other  materials  show  disadvantages.  The  favourable 
combination  of  good  thermal  strength,  high  specific 
strength  and  outstanding  corrosion  resistance  gives 
titanium  an  advantage  despite  its  costly  processing  with 
conventional  techniques. 

Titanium  today  makes  up  for  about  2  %  to  7  %  of  struc¬ 
tural  weight  in  running  civil  subsonic  projects.  Future 
civil  subsonic  transports  will  have  a  slight  increase  in 
titanium  to  about  9  %.  Titanium  in  military  aircraft, 
e.g.  in  a  European  fighter,  today  has  a  share  of  about 
19  %. 

This  paper  will  show  possibilities  of  introducing  SPF/DB 
components  of  titanium  alloy  Ti6A14V  as  a  replacement 
for  conventionally  formed  titanium  components.  The 
SPF/DB  technology  offers  a  potential  for  cost  and  weight 
decrease . 


2 .  Component  Analysis 

Considering  the  fuselage  and  the  equipment  of  military 
fighter  aircraft,  there  are  a  lot  of  structural  com¬ 
ponents  in  the  engine  area  and  some  components  of  the 
"bleed  air  system"  already  made  of  titanium  sheets.  Fire 
protection  hazards  and  thermal  loads  automatically  led 
to  titanium  materials.  Mainly  commercially  pure  titanium 
(CpTi)  occurs.  This  article  focusses  on  components  of 
the  bleed  air  system  only.  When  looking  for  components 
suitable  to  be  redesigned  for  SPF  and/or  DB  with  the  cim 
of  cost  improvement,  the  relation  of  material  prices  o- 
CpTi  to  Ti6A14V  led  to  the  understanding  that  only 
components  assembled  from  several  parts  with  a  lot  of 
assembly  work  are  worth  to  be  analysed. 

The  bleed  air  system  consists  of  different  tubing, 
branches  and  items  with  specific  functions.  It  is  mainly 
built  out  of  CpTi.  For  assembly  reasons,  the  system  is 
divided  into  several  segments.  Tubes  have  diameters  of 
2.5"  to  about  7".  There  are  also  different  branches  and 
some  complex  components  with  inner  stiffeners.  The  small 
forming  capability  of  CpTi  necessitates  "short"  and 
"simple"  portions.  Conventional  forming  consists  of 
manufacturing  half  shells  by  deep  drawing  or  drop  hammer 
forming  followed  by  a  stress  relieving  operation.  Shells 
are  trimmed  to  shape  and  welded  together  by  TIG.  Produc¬ 
tion  is  costly  due  to  the  amount  of  steps.  A  lot  of  jigs 
and  tools  are  necessary. 


686 


k 

* 


db/spf  db1/spf/db2  db/spf 

3  sheet  sandwich  2  (4)  sheet  4  sheet 


Figure  1:  SPF  and  DB  components  (cross  section) 


Integration  of  as  many  parts  as  possible  into  one 
complex  structure  offers  cost  and  weight  advantages. 

To  demonstrate  this  capabilty  of  SPF  and  DB  processes, 
the  cooler  outlet  was  chosen.  Within  the  analysed 
spectrum  of  components,  it  had  the  best  potential  to 
show  the  advantages  of  manufacturing  an  integral  com¬ 
ponent  with  SPF/DB . 


3 .  Existing  design 

The  cooler  outlet  is  used  as  an  exhaust  duct  to  trans¬ 
fer  hot  and  compressed  air  from  the  heat  exchanger  of 
the  air  conditioning  unit  to  the  outer  skin. 

Picture  2  shows  the  conventional  design.  Design  features 
are  suitable  for  the  SPF  and  DB  process.  An  inner  web  is 
necessary  to  prevent  buckling  due  to  inside  pressure. 
Outer  dimensions  are  1000  x  250  x  120  mm.  The  initial 
sheet  thickness  for  the  conventional  layout  is  1.0  mm. 


4 .  SPF  and  DB  design 

The  test  component  had  to  meet  the  following  require¬ 
ments  : 

-  Full  interchangeability 

-  Identical  design  due  to  matching  areas  and  parts 

-  '-'eight  decrease 

-  Cost  advantage. 

To  meet  these  targets  the  SPF/DB  designs  known  from  (2) 
had  to  be  modified.  Picture  1  shows  typical  sections  of 
SPF/DB  components. 

For  cooler  outlet  development  two  different  SPF/DB 
approaches  have  been  made.  A  "formed  duct"  is  produced 
with  both  alternatives.  With  flanges,  fittings  and 
carriages  welded  on,  the  part  is  completed  to  be  the 
cooler  outlet  component. 

Process  parameters  for  SPF  and  DB  have  already  been 
presented  (3)  and  are  mostly  quite  similar  to  other 
components  (1  +  2). 

4.1  Two-sheet  technology,  DB^-SPF-DB2 

This  two  sheet  technology  is  depicted  in  picture  3. 
Bonded  together  in  the  flange  area  and  the  centreline  at 
first,  the  part  is  superplastically  formed  onto  the  tool 
shape  and  afterwards  diffusion  bonded  for  the  second 
time  to  obtain  an  integral  web. 
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4.2  Four-sheet  technology,  DB-SPF 


The  sketch  in  picture  4  shows  the  fabrication  method 
used.  A  pack  of  four  sheets  is  diffusion  bonded  in  the 
flange  area,  between  the  inner  sheets  in  a  narrow  zone 
and  the  inner  sheets  to  the  outer  ones  at  the  centre¬ 
line.  During  superplastic  forming  of  the  outer  sheets, 
the  web  is  formed  automatically  with  a  "bending"  move¬ 
ment  . 


5 .  Manufacture  of  5PF  and  DB  components 

With  a  hot  working  hydraulic  press  of  200  to  ram  force 
the  components  are  manufactured  in  a  "hot  die"  tech¬ 
nique.  See  picture  5.  Tools  are  heated  up  in  a  pre¬ 
heating  oven.  The  tool  material  is  a  highly  heat  resis¬ 
tant,  scalefree  cast  steel.  The  inner  contour  of  the  die 
describes  the  formed  duct  geometry. 

Commercially  available  titanium  sheet  additionally 
specified  concerning  microstructure  is  cleaned  and  the 
stop-off  applied.  DB  and  SPF  run  automatically.  Tempera¬ 
tures  and  pressures  are  documented  continuously.  When 
taken  out,  the  components  cool  down  in  air.  Mild  chem- 
milling  must  be  carried  out  due  to  -case  layers  on  the 
surfaces . 

Pictures  6  and  7  show  formed  ducts,  the  one  fabricated 
with  DB1-SPF-DB2  and  the  other  with  DB-SPF. 

During  a  preproduction  run  a  number  of  components  of 
both  alternatives  were  produced  to  test  the  processes 
and  fit  of  the  ducts  with  matching  structure  and  to  show 
cost  and  weight  situation. 


6 .  Testing  of  SPF  and  DB  components 

Since  early  results  showed  advantages  of  4-sheet-DB/SPF 
concerning  cost  and  weight  situation,  most  of  the 
testing  was  performed  on  these  components.  During  pro¬ 
duction,  quality  assurance  was  gained  as  follows: 
Accidental  errors  are  checked  by  inspection  operations 
in  sensitive  steps.  Systematical  errors  are  checked  by 
examining  samples  that  have  accompanied  the  component. 
Such  samples  are  easy  to  obtain  from  excess  material. 


Figure  5:  SPF-DB  Press  200  tons 


Figure  6:  Two  sheet  component 
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6.1  Tolerance  accuracy 

The  cooler  outlet  has  the  smallest  allowances  on  the 
exhaust  side  due  to  aerodynamic  tolerances  of  the 
fuselage  skin.  With  the  help  of  a  digital  measuring 
machine  and  by  installation  of  components  in  different 
aircraft,  it  has  been  demonstrated  that  cooler  outlets 
fabricated  with  SPF-DB  fit  well.  Reproducibility  is 
better  than  with  conventional  ducts.  Indeed,  the  allow¬ 
able  variation  of  surrounding  components  requires  minor 
corrective  work  on  the  duct.  Even  the  Ti6A14V-components 
have  sufficient  plasticity  for  these  operations. 


6.2  Static  and  dynamic  strength 

The  cooler  outlet  is  subjected  to  temperature  and 
pressure  loads.  There  are  "no"  dynamic  loads  to  take 
into  account.  The  calculated  minimum  thickness  is  well 
exceeded.  Tensile  samples,  taken  from  the  ducts  both  out 
of  DB  and  SPF  areas,  and  photomicrographs  show  that  the 
material  properties  are  well  beyond  the  specified 
values . 

An  additional  pressurisation  test  of  a  duct  section 
showed  that  the  safety  factor  is  much  higher  than 
required. 

6.3  DB-quality 

DB-quality  depends  on  cleanness  and  care  during  prepara¬ 
tion  and  on  the  correct  process  parameters.  No  problems 
have  occured  with  DB-SPF  4-sheet  components.  Picture  8 
shows  a  typical  photomicrograph  of  the  bonding  zones, 
taken  from  a  cross-section. 

Fabrication  of  the  two-sheet  DB. -SPF-DB.,  is  not  as  easy 
since  contamination  of  bonding  surfaces!  induced  rough¬ 
ness  from  forming  and  grain  growth  trouble  the  second 
diffusion  bonding  process.  (3) .  As  a  result,  bonding 
time  has  to  be  extended  considerably  to  obtain  a  satis¬ 
factory  bonding  quality.  Picture  9  shows  the  photomicro¬ 
graph  of  a  typical  cross-section. 

Satisfactory  bonding  quality  is  so  far  assured  by 
testing  some  accompanying  samples,  by  photomicrographs 
and  by  tensile  specimens  taken  from  the  ends  of  the 
formed  ducts  and  by  inspection  of  selected  preparation 
steps  before  bonding.  The  duct  itself  is  inspected 
additionally  by  penetrant  testing. 

Some  newly  developed  ultrasonic  inspection  techniques 
(4)  allow  detection  of  microfaults  down  to  a  size  of 
15  urn  in  diameter  and  a  width  of  less  than  1  urn.  These 
techniques  are  in  the  testing  stage  and  may  be  intro¬ 
duced  on  future,  higher  loaded  components. 
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7. 


Results 


Both  SPF/DB  fabrication  alternatives  DB./SPF/DB2  and 
DB/SPF  have  been  realized.  The  components  fit  well, 
their  properties  are  reproducible  and  meet  all  require¬ 
ments  . 

Cost  and  weight  data  indicate  that  preference  should  be 
given  to  the  four  sheet  DB/SPF.  Cost  reductions  of  about 
18  %  and  weight  decreases  of  about  24  %  are  achievable 
in  comparison  with  the  conventional  component. 


8.  Conclusions 


Components  of  the  bleed  air  system,  especially  the 
presented  ducts,  can  be  manufactured  by  SPF  and  DB  with 
significant  cost  and  weight  advantages. 

Not  every  SPF/DB  technique  is  equally  suitable.  For 
future  application  preferance  may  be  changing  from  part 
to  part.  Some  questions  are  still  being  worked  on,  e.g. 
NDT  techniques  to  test  bonding  quality  and  strength, 
influences  of  tool  alloy  on  titanium  material  and 
optimisation  of  SPF  process  parameters  concerning  strain 
rate  and  forming  temperature. 

Development  of  DB/SPF  cooler  outlet  duct  has  been 
successfully  finished  with  certification  of  process  and 
component. 

The  experiences  with  the  cooler  outlet  component  showed 
that  further  development  work  is  necessary  to  establish 
more  detailed  data  about  SPF  and  DB  processes.  Applica¬ 
tion  on  other  complex  components  are  being  considered 
and  will  show  superior  capabilities  of  the  SPF/DB 
process. 
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